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ABSTRACT 

Fracture in brittle materials under a macroscopic load, results from the propagation of 

atomic-scale defects/cracks under the influence of a local stress field. These local stress 

fields are significantly higher than the macroscopic stress applied, causing local 

rearrangement of atoms around the crack tip and a consequent straining of atomic bonds 

that ultimately break, leading to separation of the material. The brittle fracture process 

has been a subject of many simulations and experiments, but the exact nature of atomic 

rearrangement that occurs in the regions of high stress has not yet been clearly identified. 

Thus, a primary objective was to accurately characterize the atomic restructuring in these 

critical regions. 

The method of molecular dynamics (MD), a widely used atomistic computation tool, 

was used to study the atomic-scale dynamics that take place during fracture of a typical 

brittle material - amorphous silica (a-SiOi). The interatomic interactions were 

represented by potential functions derived from first-principles. The effects of charge-

transfer and temperature on the fracture process of a-SiOa samples of different densities 

were investigated as a function of uniaxial strain-rates (0.1 /ps - 0.005 /ps). A mechanism 

involving growth and coalescence of voids previously identified to underlie the process 

of brittle fracture was studied in detail in this thesis as a function of interatomic potential 

function, charge transfer and temperature. The regions surrounding these voids were 

found to be characterized by edge-sharing silica tetrahedra, while the rest of the material 

retained the bulk structure (comer-sharing tetrahedra) of silica glass. 



A secondary objective of this research work was to develop multiscale methodologies 

capable of modeling typical 'materials' problems like fracture. A global representation of 

the fracture process needs a seamless coupling of techniques capable of modeling 

different length and time scales. Specifically, far away from the critical regions, where 

the system is in elastic conditions, it is computationally prudent as well as scientifically 

elegant to use continuum-level simulation schemes like finite elements (FE) and finite 

difference time domain methods (FDTD) rather than atomistics, and only use atomistic 

simulations to model the highly strained regions. In this work, a continuum-FDTD region 

was coupled to an atomistic-MD region to study the propagation characteristics of a 

stress wave with broadband spectral features. The 'mismatch' in the coupling was 

quantified by analyzing the amount of reflection of the probing wave from the FDTD-

MD interface. The above described work forms the basis for future fracture studies. 
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1 INTRODUCTION 

Solid-state materials when subjected to an external load tend to deform elastically up 

to a critical (elastic) limit. Within this limit, the stress response of a material can be 

specified completely in terms of characteristic elastic constants; beyond the elastic limit, 

with increasing load, the material weakens and finally fractures. The fracture process 

involves two steps- crack formation and propagation- in response to the external load. 

Around the crack tip, where the local stress-strain relation is highly non-linear, the stress 

is much higher than the applied load and there is a consequent breakage of interatomic 

bonds, leading to a rapid rearrangement of atoms and a possible change in the local 

structure. The path to fracture is varied for different materials. Materials that undergo 

extensive plastic (permanent) deformation before fracture are said to be ductile, while 

brittle materials experience very little permanent deformation before failure. 

In ductile materials, past a certain stress level (yield stress), there is a gradual elastic to 

plastic transition. Plastic deformation is accomplished by means of a process called slip, 

which involves the motion of dislocations. During the ductile fracture process, 

dislocations are emitted from the propagating crack tip. These dislocations propagate 

under the influence of local shear stresses. The crack is stable, proceeds at a decreasing 

rate and approaches a condition of no further extension. When there is an increase in the 

applied stress a condition develops where the crack becomes unstable. Ductility can also 

occur via a viscous flow mechanism in some polymers and ceramics at temperatures 

above the glass-transition temperature. 
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From a macroscopic point of view, the ductile fracture process can be thought of as 

occurring in several stages. Initially, necking occurs, followed by formation of 

microvoids which coalesce to form an elliptical crack, which has its long axis 

perpendicular to the stress direction. The crack continues to grow by a shear deformation 

process finally leading to a 'cup and cone' fracture. Ductile materials are usually 

characterized by their toughness, in other words their ability to absorb large amount of 

'strain' energy before failure. This characteristic makes them very useful engineering 

materials. 

Brittle fracture in contrast is not precisely predictive and the underlying microscopic 

processes have not been well understood. Unlike ductile materials that are capable of 

extensive plastic deformation, brittle materials (for e.g. inorganic glasses and ceramics) 

fracture catastrophically past the elastic limit. The crack propagation in brittle materials is 

very rapid, and the crack is 'unstable' to any perturbation; i.e. once crack propagation is 

initiated, the crack grows spontaneously without an increase in magnitude of the applied 

stress. Brittle materials absorb very little energy before fracture. 

Many research groups have investigated the fracture process in a wide variety of 

materials. One of the distinguishing features between the two types of fracture is the 

existence of a plasticity zone around the crack tip. The extent of this critical region 

(plastic zone) is much localized in brittle materials (of the order of nanometers) while in 
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ductile materials, the dimensions of this zone are much larger (micrometers). In addition, 

the ductile fracture process proceeds much slowly than brittle fracture. Imaging 

techniques like scanning electron microscopy (SEM) and transmission electron 

microscopy (TEM) have been able to characterize the mechanisms (via dislocation 

motion) that drive atomic restructuring in the cohesion zones of ductile materials. On the 

other hand, the exact nature of the atomic rearrangement mechanisms in brittle materials 

is still unknown. In recent times, high-precision experimental techniques like atomic 

force microscopy (AFM) have been used to investigate the nature of the brittle fracture 

process, but a clear picture has not yet emerged. 

In this dissertation, the main focus will be on characterizing the structure of the critical 

region and identifying the mechanisms behind the atomic rearrangement that occur in the 

critical regions. In order to achieve this, molecular dynamics (MD), an atomistic 

computation technique will be used as a probe to study atomic dynamics of fracture in 

typical brittle material-amorphous silica (a-SiOa). In the following sections, a review of 

brittle fracture and the properties of a-Si02 will be presented. Then, in subsequent 

chapters a review of the MD technique and details of previous MD simulations of brittle 

facture of a-Si02 will be critically discussed with an emphasis on gains in understanding 

and shortcomings of past MD models. 
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1.1 Brittle Fracture Models- A continuum approach 

Griffith was the first to recognize the fact that strength of brittle materials was limited 

by flaws, which act as stress concentrators [1]. He assumed that any material would have 

an intrinsic distribution of flaws (cracks) of varying sizes. Based on the work of Inglis 

[2], he considered an isolated crack in a solid, and developed a criterion for its extension, 

when the solid was subjected to an external uniaxial stress. Using the energy theorems of 

classical mechanics and thermodynamics, he calculated the tensile stress that could be 

supported by a sample containing a crack of length c. His calculation was based on the 

assumption that a crack would propagate under an applied stress only when the rate of 

decrease in elastic strain energy during crack propagation was greater than the rate of 

increase in surface energy (y) resulting from the formation of new surfaces. Thus for a 

sheet with an edge crack of length c, elastic modulus E, the critical stress for crack 

propagation (cohesive tensile stress) at the crack tip was calculated to becr^ = . 
V TTC 

(Similar expressions have been derived for various types of crack geometries [3]). Later, 

Griffith realized that his estimation involved only macroscopic thermodynamic quantities 

and did not directly incorporate the effect of the atomic structure. He reasoned that the 

calculated critical stress should correspond to the 'intrinsic bond strength' of the material. 

Irwin et al. [4] built on the work of Griffith and introduced the concept of a 'stress 

intensity factor', which is a measure of the intensity of the stress field near the crack tip. 

The stress intensity factor (K(a)) is a function of the mode of fracture (figure 1.1), and 

equals the toughness of the material at the onset of crack propagation in mode I fracture. 
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According to Irwin, the stress distribution around a crack tip (as shown in figure 1.2) 

could be obtained by the following equation: 

V Zttk 

where the index a represents the mode of fracture and fij is a dimensionless function of 

the angle 6 and the fracture mode. Orowan [6] as well as Irwin noticed a singularity in 

the above equation (for r = 0), and proposed a mathematical contrivance of dividing the 

crack system into two zones; the elastic outer zone that transmits the applied load to a 

one-dimensional inner zone (cohesion zone also referred to as the plastic zone in the 

previous section), where all energy absorption processes operate. In this approach, unlike 

that of Griffith's, the essential elements of nonlinearity and irreversibility (corresponding 

to permanent deformation) were introduced into the linear elastic fracture mechanics 

framework. The essence of bond-rupture and atomic rearrangement was incorporated into 

their approach, in a very naive and an averaged way though. Barenblatt [7] and Dugdale 

[8] improved upon this approach and proposed a larger inner zone which was a two-

dimensional plane rather than a one-dimensional crack front. They could accurately 

calculate the extent of plasticity around the crack tip given the initial conditions (like 

crack shape and size, mode of fracture), and successfully predicted that plasticity in the 

vicinity of the crack tip would lead to crack blunting. 

The above described models laid the foundation for the field of continuum-level 

fracture mechanics. These methods could accurately predict the initiation of fracture as 
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well as calculate the energetics of the process, but lacked the means to account for atomic 

dynamics in high-stress regions. With the advent of powerful computers, high-speed, 

high-resolution atomistic computation techniques like molecular dynamics (MD) became 

the preferred modeling tool of investigators. Initial MD simulations investigated systems 

that were based on network spring or lattice static models and were later extended to 

study 'real' materials [9-19]. They were able to validate many of the above theories. 

Mode 1 Mod© II III 

Mode 
Sli faring 

Mmk' 
Tearing 
Mcwk 

Figure 1.1: Three modes of fracture in materials. 
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Figure 1.2: Two-dimensional representation of the various stress components around the 
crack tip. <Jxx, cfyy, Xxy, and tyx are the normal and shear stress components respectively. 

1.2 Characteristics of a Brittle Material 

As discussed before, brittle materials fracture with very little plastic deformation. This 

would imply that the fracture process is free of crack-tip plasticity, i.e., dislocation 

generation and motion. Given that dislocations are generated and move under the 

influence of shear stresses, one could conclude that the cohesive tensile stress (or the 

critical tensile stress at the crack tip) is much smaller than the critical shear stress (for 

dislocation motion) for brittle materials, and the Griffiths criterion could be used for 

predicting crack propagation. In sharp contrast, in ductile materials, the cohesive tensile 

stress is much greater than the critical shear stress, resulting in emission of dislocations, 

and therefore large energy absorption and consequent crack blunting. This is exactly the 

reason why ductile materials are extremely tough and the propagation of cracks is very 

stable to perturbation. At low temperatures, some metals undergo a ductile-brittle 



transition due to the thermal deactivation of dislocation motion. There are other ways of 

hindering dislocation motion and these methods include strain hardening, grain size 

reduction and solid-solution strengthening. 

From a crystallographic perspective, most ductile materials (e.g metals) have close-

packed structures and an abundance of slip planes are available to aid dislocation motion 

in these structures. In brittle materials, atomic bonding is highly directional; the bonds are 

covalent (or a combination of covalent and ionic) and therefore very rigid. The structure 

is characterized by a lack of close-packing and consequently there is plenty of 'free 

volume' available. Additionally, theoretical calculations have shown that the ratio of the 

critical shear stress to critical tensile stress diminishes as one proceeds from covalent to 

ionic to metallic bonds. For metals, the intrinsic shear strength is so low that flow at 

ambient temperatures is almost inevitable. Conversely for covalently bonded materials, 

the exceptionally rigid bonds would rather extend than shear, when an external load is 

applied. 

During the processing of ceramics and inorganic glasses, which are brittle materials, 

internal as well as surface flaws are introduced. These flaws could be pores, sub-micron 

cracks or impurity inclusions. The presence of these flaws is quite deleterious to the 

strength of materials as they act as stress concentrators and reduce the cross-sectional 

area over which the load is applied. Usually, in glasses, the pores are spherical and are 

less detrimental to the strength. Weibull described the strength of these materials in terms 
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of a statistical distribution of flaws [20]. In his model, it is assumed that the material is 

homogenous, with a single flaw population that does not change with time. Further, it is 

assumed that only one failure mechanism is operative and that defects are randomly 

distributed and small relative to the specimen size. In the literature, there are many 

variants of this model that do an equally good job of describing the strength of materials 

[21]. 

Under tension, most polycrystalline ceramics fracture via inter-granular failure, while 

single crystals fracture via cleavage along preferred directions. The strengths of 

polycrystalline ceramics are much greater than their single crystal counterparts as the 

grain boundaries act as crack deflectors. Inorganic glasses, on the other hand separate in a 

direction normal to the tensile stress. The lack of any long-range order in glasses results 

in an isotropic response to any external load, and rules out any possibility of dislocation 

nucleation around the crack tip. For compressive stresses, there is no stress amplification 

associated with existent flaws in ceramics and glasses. Thus most brittle materials display 

much higher strengths in compression than tension. 

Wiederhom [22, 23] was able to categorize brittle fracture into three regimes; in 

regimes 1 and 2 fracture processes are limited by environmental effects (slow crack-

growth), whereas in type 3 fracture, the material becomes unstable under the applied 

stress without regard to environmental effects and the high crack growth velocities that 

result are limited only by the mechanical properties of the material (sudden fracture). It 
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has been estimated that the maximum crack propagation speed in brittle materials Vc 

equals CVs, where Vs is the speed of sound in the medium and C is a constant between 

0.3 and 0.7. Abraham and co-workers [24] did a computer simulation investigation of 

crack propagation and inferred that the crack tip becomes unstable as the crack velocity 

approaches a limiting speed. They noticed a striking zigzag pattern as the crack 

propagates. In regime 1 and 2, the crack growth phenomena is also referred to as 'static 

fatigue', as usually the applied stresses are static in nature and the system is still in the 

elastic regime. It has been observed that the crack grows via a 'stress-corrosion' process 

occurring at the crack tip in the slow-growth regimes. 

Once separation of the material occurs, the resulting fracture surfaces have four 

distinct regions; the smooth mirror region near the initiating flaw, the rougher mist region 

beyond the mirror region followed by the coarse hackle region, and finally the crack 

branching region extending beyond the hackle to the limits of the fractured sample. As 

discussed before, beyond a critical value of the crack velocity, the crack pattern tends to 

exhibit a wiggle of a characteristic wavelength. Experiments have shown that the velocity 

oscillations can be correlated to the roughness of the crack surface [25], the crack surface 

itself being fractal in nature. Based on their experimental evidence. Gross and co-workers 

[26] concluded that fracture dynamics may be universal, or in other words, the 'dynamics 

are typically material independent'. 



In this work, amorphous siUca was chosen as the 'model' material to be investigated 

since it is a strong glass former and displays almost all characteristics of an 'ideal' brittle 

material. It is a key technological material, finding uses in the photonic, semiconductor 

and geological industries due to its unique physical, optical and chemical properties [27]. 

Extensive simulation as well as experimental data describing its properties is available in 

literature. However, in this work, only the most pertinent properties of a-SiOa will be 

discussed. 

1.3 Amorphous Silica 

Silicon dioxide (SiOa) is a fascinating material, which comes in many polymorphic 

phases that exist over a wide range of pressures and temperatures. The structure and 

properties of these phases are very different from one another, making SiOi one of the 

most scrutinized materials in solid-state sciences [28]. The major crystalline phases of 

silica are a- and p-quartz, a- and P-cristobalite, tridymite, coesite, and stishovite; its 

amorphous state (a-SiOa) is often referred to as vitreous silica. 

Structurally, a-SiOi (and many condensed silica phases) is a three-dimensional open 

network of silica (Si04) tetrahedra (figure 1.3). Each tetrahedron consists of a central 

silicon atom bonded to four oxygen atoms, with each tetrahedron linked to its 

neighboring tetrahedra via comer-sharing bridging oxygen atoms. The interatomic Si-0 

bonds show both ionic and covalent character, and are highly directional and strong. 

There is a -4 charge associated with every silica tetrahedron, since each of the four 
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oxygen atoms require an extra electron to achieve a stable electronic structure. The 

density of a-SiOi is low (2.2 g/cc), a direct consequence of its open structure. The glassy 

structure of a-Si02 lacks long-range order and has a haphazard arrangement of silica 

tetrahedra. The intermediate structure of a-SiOa can be described in terms of a 'ring 

structure'. A ring in a silica structure is a closed loop of adjoining tetrahedra that are 

identified by the number of tetrahedra contained in the ring rather than by the number of 

atoms bonded to form the ring. Works by Marians and Hobbs [29] and Marians and 

Burdett [29] have described the topological constraints on the ring size distributions in 

the condensed phases of silica. Most crystalline phases are composed entirely of even-

membered rings (sixfold or eightfold), which is not the case with a-Si02, where the rings 

can be anywhere from three- to eight-membered (1.4). 

1^0 

Figure 1.3: Two silica tetrahedra connected to each other via a bridging oxygen. 



Figure 1.4: Ring structure in silica: The upper figure represents the orderly arrangement 
of rings in crystalline silica phases, the lower figure represents the ring structure 
arrangement in a-Si02. 

Proctor et al. [30] synthesized nearly flaw-free silica fibers and performed strength 

measurements on these samples. The samples were fractured in liquid nitrogen and the 

measured strengths (~ 18.0 GPa) were two orders of magnitude greater than that of bulk 

silica. A detailed examination of the topography of the fibers revealed that failure was 

initiated from a surface flaw, which in turn was a result of the largest broken ring of silica 

tetrahedra on the surface. A similar measurement was performed in ambient conditions 
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by Kurkjian and Paek [31], and the reported strength was 5.75 GPa. This discrepancy was 

clearly due to the fact that Proctor's measurements were made in a moisture-free 

atmosphere, while the latter case was a classic case of static corrosion as discussed in the 

previous section. 
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2 MOLECULAR DYNAMICS METHODOLOGY 

Molecular dynamics (MD) is a simulation technique for computing the 

thermodynamic as well as kinetic properties of a classical many-body system. In typical 

MD simulations, a set of particles (atoms or molecules) representing the simulated 

system are made to interact, the interactions governed by an interatomic potential. 

Quantum effects are neglected and the nuclear motions of the constituent particles obey 

the laws of classical mechanics. Newton's equation of motion is solved for the system at 

every MD time step, and one has complete information on the position, velocity, and 

acceleration of every atom in the system. An MD simulation can be carried out under a 

variety of constant thermodynamic conditions like total energy E, pressure P, volume V, 

temperature T, number of atoms N or chemical potential |j,. 

Another popular atomistic computation technique is the Monte-Carlo (MC) method. 

Both MD and MC methods find their origin in classical statistical mechanics, but differ in 

their methodologies. MD is a deterministic technique while MC is stochastic. To be more 

specific, consider a one-component macroscopic system, whose thermodynamic state is 

defined by a small set of parameters (such as N,P,T). The positions and momenta of the 

N atoms constitute the 6N-dimensional phase space available to the system as the system 

evolves with time. Assuming that the instantaneous value of some property P (say the 

potential energy) is obtainable at all times, then over a 'long' time period, one could 

calculate the time averaged 'macroscopic' property P by averaging over all the 

instantaneous values. Gibbs in his formulations [32] suggested that the 'long'-time 
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averaged value of P would equal the ensemble average <P>, where the ensemble 

corresponds to a collection of points in phase space (A more detailed discussion is given 

in reference [33]). If one could correlate the above discussed facts to the two kinds of 

simulations, it is obvious that MD uses the concept of time averaging to calculate 

equilibrium properties, while MC relies on statistical averaging. In addition, an MD 

simulation has explicit time dependence, and keeps track of the evolution of the system 

with time. In MC simulations, the sampling of phase space is probabilistic and 

consequently the evolution of the system is random. Thus in order to accurately study the 

dynamics of any process the modeler is better served by employing MD simulations. 

MD simulations are in many respects similar to real experiments. In experiments, a 

material sample is prepared and then the desired property is measured by an instrument, 

the measurement occurring over a time interval, such that the statistical noise is averaged 

out leading to better accuracy. A similar scenario is typical of an MD simulation too. A 

sample of N representative atoms is selected and one waits till equilibrium is reached. 

Once the system is well equilibrated, both static as well as dynamic properties are 

extracted. To measure an observable quantity in an MD simulation, the observable must 

be expressed as a function of the position and momenta of the particles of the system. 

An MD program can be constructed as follows: 
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1. Initialization of the system. This involves specifying the initial positions and 

velocities of the atoms. Further one has to specify the initial thermodynamic 

state of the system. 

2. Computing the forces on all particles (the force on any atom equals the 

negative gradient of the potential energy at the particle coordinates; the 

particles are considered to be 'point particles'). 

3. Integrating Newton's equations of motion using standard finite-difference 

schemes. This step and the previous one make up the core of the simulation. 

They are repeated until we have computed the time evolution of the system for 

the desired length of time. These equations of motions are suitably modified in 

order to keep the specified thermodynamic quantities that have to be kept 

constant. 

The most important aspect of an MD simulation is the choice of the interatomic 

potential. An interatomic potential has to accurately portray the nature of bonding 

existing between atoms. In other words, the form of the interatomic potential will be very 

different for a covalent system than one representing a metallic system. 

2.1 Initialization 

To start the simulation, the initial positions and velocities should be assigned to all 

particles in the simulation system. The particle position should be chosen compatible 

with the structure that has to be simulated. Usually, in order to avoid surface effects. 
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periodic boundary conditions (PBC) are imposed on the system. Typical MD cells 

contain anywhere from few hundred to millions of atoms. 

2.1.1 Periodic Boundary Conditions 

For simulations of bulk materials and their properties, unwanted surface effects are 

removed by using periodic boundary conditions. Periodic boundary conditions are 

imposed so that each atom experiences the force it would have if the simulation box were 

translated in three dimensions, thereby circumventing the need to simulate the bulk. 

Consider a cubic simulation cell of length L containing N particles. By rigid 

translations in the three orthogonal directions the cell is repeated so as to fill the whole 

space. This operation obviously removes to infinity all free surfaces. By construction any 

particle of coordinate r will have an infinite number of images at position r' = r + L 

(l,m,n), where I , m , n are arbitrary positive or negative integers. In principle each 

particle interacts with any other particle in the same cell and with all the other images 

including its own. Considerable simplifications occur if the range of the forces is smaller 

than L/2, since interactions with the closest images need to be considered, hi the case of 

long range forces this procedure may not be applicable and sometimes, depending on the 

range of the force, interactions with all the images have to be taken into account. 

Assuming that the range of forces is smaller than L/2, a simple algorithm to calculate 

the Cartesian coordinates of the nearest image of each neighbor (and hence the distance 

of separation) is as follows: 
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(vik - rj0/(2/L) 

R'jk = [SRjk - 2 Int (SRjk)] /(L/2) 

D  =  ( ' Z  R ' / ) ' "  
k=l,i 

where k  - I  ,2  ,3  denote the Cartesian dimensions of space, 

r,- represents the Cartesian coordinates of atom i, 

rj represents the Cartesian coordinates of atom j, 

R'jk represents coordinate of atom j relative to atom i, 

D = distance between atoms i and j. 

2.1.2 Initial Velocity Distribution 

The initial velocity distribution is chosen to correspond to an already preset 

temperature required by the modeler. A random Maxwell-Boltzmann distribution of 

velocities with temperature To, is given by the following algorithm: 

Vxi = [- 2kTo/m In(Randl)]^^^ cos[2 nRandS] 

Vyi = [- 2kTo/m In(Randl)]'^^ sin[2 nRandS] 

Vzi = [- 2kTo/m ln(Rand2)]'^^ cos[2 7tRand4] 

where 

Vxi, Vyi, Vzi are the components of the velocity of particle i, 

Randl, Rand2, Rand3 and Rand4 are random numbers evenly distributed between 0 

and 1, 

m is the mass of the particle i, 
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To is the temperature corresponding to the velocity distribution, 

and k is the Boltzmann's constant. 

2.2 Interatomic Potentials 

In the nascent stages of MD simulation, a prototypical potential proposed by Lennard-

Jones [34] was widely used to represent soft sphere systems. The Lennard-Jones potential 

assumes the interaction energy among N atoms to be a sum of isolated two-body 

contributions. 

The pair potential is of the form 

(^r) = k s [(cr/r)" -(cr/r)'")] where k = [n/(n-m)J 

and the total potential energy in a pair-wise additive form is 

®('-)=2;s«'s 
i>j  

The Lennard-Jones (LJ) potential accounted both for short-range repulsive forces and 

for longer range, attractive dispersion forces. Short-range repulsive forces prevent the 

substance from collapsing onto itself, while longer range attractions deter disintegration 

of the substance. These forces have range and strength determined by the values assigned 

to the integers n and m {n> m). For m, the common choice is m = 5, primarily because 

the leading terms in London's theory [35] for dispersion varies as 1/r^. The repulsion term 

exponent is often selected according to the size of the atom (borrowed from the Bom 

Potential). The exponent can vary from 5 to 12. The LJ Potential uses n=12. The 
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remaining parameters area; the distance to the zero in ^r), and e, the energy at the 

minimum in ^r)\ see figure 2.1, where r* = r/crand u* (r) = ^(r) /g. 
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Figure 2.1: Variation of the LJ potential with r* 

Though, the Lennard-Jones pair potentials could simulate close packing crystal 

structures very well and were fairly accurate in treating closed shell systems such as rare-

gas atoms, and simple metals, the fact that it was an empirically derived simple 2-body 

potential necessitated the development of more 'realistic potentials. 
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The embedded atom model (EAM) as well the modified-EAM (MEAM) potentials 

have become extremely popular among the 'metals simulating' community. These 

potentials, developed by Daw and Baskes [36], are based on the local density 

approximation [37], where the atoms are assumed to be embedded into a local electron 

density provided by the remaining atoms of the system. The electron density function 

depends on the local environment of each atom, and consequently the potential is many-

bodied. 

Covalent materials require a potential that can represent the strong directionality that 

is typical of covalent bonds. Potentials based on the formulations of Stillinger and Weber 

[38] and Tersoff [39, 40] are very common covalent potentials. The form of such 

potentials consists of a 2-body part (similar to LJ potentials) and an angularly dependent 

3-body term. The 3-body terms take into account the local coordination of every atom 

(i.e. environment dependent). Ionic potentials are generally modeled using a potential that 

incorporates a coulombic term with an exponential repulsive term. Since the coulombic 

term is long-ranged and converges very slowly (the coulombic term varies as 1/r) the 

Ewald summation method [41] is typically used to attain convergence and to prevent 

interaction of an atom with its images (arising due to the PBC). A more detailed 

discussion of the method of Ewald is given below. 
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2.2.1 Ewald Summation 

The Ewald method is used to compute long-range contributions to the potential energy 

of a system with PBC. Consider a system consisting of positively and negatively charged 

particles such that the system is electrically neutral. These particles are assumed to be 

located in a cube with length L and volume {V - L). The coulombic potential energy 

arising due to //point charges is 

^ i=l 

where (/)(ri) is the electrostatic potential at position of ion v. 

J,n Yij + 

where the summation is over all periodic images n and over all particles j, except j = i 

iin-O. Note that it is assumed that any particle interacts with all its periodic images but 

not, of course, with itself. 

The above equation cannot be used to compute the electrostatic energy in a simulation, 

because it contains a poorly converging sum (in fact, the sum is only conditionally 

convergent). In the above representation, the point charges are depicted as 6-functions 

and the contribution to the potential energy due to the point charges decays as 1/r. To 

improve the convergence of the summation, the expression for the charge density as 

written as follows: Assume that each point charge i with charge qi is surrounded by a 

diffuse charge distribution of the opposite sign, such that the total charge of this cloud 
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exactly cancels qi. In that case the electrostatic potential due to the particle i is due 

exclusively to the fraction of qi that is not screened. At large distances this fraction goes 

to zero; how rapidly depends on the functional form of the screening charge distribution. 

If a Gaussian distribution is assumed for the screening charge cloud, then, the 

contribution to the electrostatic potential at point r, due to a set of screened charges can 

be easily computed by direct summation, because the electrostatic potential due to a 

screened charge is a rapidly decaying function of r. In order to correct for the effect of the 

screening cloud charge to every particle, one compensates by adding another charge 

density as shown in the following figure. 

given latt.icc 

lattice I 

lattice 2 

Figure 2.2: One dimensional ion lattice along with the charge distributions. 
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From the above figure, it is clear that we can separate the charge densities as i) point 

charges (given lattice), and ii) the Gaussian charge distribution (lattice 1) and its 

compensating charge distribution (lattice 2). The point charge densities and the Gaussian 

distributions are given by the following equations respectively: 

p\r) = -qjK^ exp(-/r^r^) / 

where k determines the width of the distribution, and r is the is the position relative to 

the center of the distribution. The compensating distribution is summed in reciprocal 

space. In other words, the Fourier transforms of the canceling distribution are added (one 

for each charge), and the total transformed back into real space. In this formulation, one 

has to compensate for the interaction of each canceling term with itself and this self-term 

is subtracted from the total. The final potential energy contains a real space term, a 

reciprocal space term minus a self-term. Thus the final form is given by the following 

equation: 

If AT is chosen to be large enough, then the only terms that contribute to the sum in 

real space is when n = 0. The second term in the above expression corresponds to a 

summation over reciprocal vectors k = A very large value of K would result in 

pir) = qjY,^{r-rj), 

N 

J]qiqj(47r^ / k^)exp(-{k^ 14K^)cos(k.ry))-{k / 7i"^)Y,qf • 
1=1 
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including many terms in reciprocal term summation, which would result in slowing down 

the simulation. Thus one has to be judicious in the choice ofs:. 

2.2.2 Potentials for Silica 

A plethora of interatomic potentials are available to model the different structures of 

silica. Most of them are empirical and are fitted to a wide variety of parameters in order 

to represent silica, hi this manuscript, some of these potential will be discussed, 

especially ones that were used to study the mechanical properties of a-SiOi. 

An essential requirement for a reliable silica potential is to ensure the stability of the 

silica tetrahedron and capture the partial ionic- partial covalent nature of the Si-0 bond. 

In addition, it should satisfactorily model the various polymorphs of silica. Some of the 

successful potentials comprise only 2-body terms, and others use a combination of 2-

body and 3-body terms. Many of these potentials are derived from the functional form of 

the Bom-Mayer-Huggins (BMH) [42]; 

ij 

In the above equation, represents the interaction potential between atom i and j, rij 

equals the separation distance between i and j, qi and qj being the charges on atoms i and 

j. Aij, bij, Cy and Dij correspond to potential parameters. The latter two terms in the above 

equation represent multipole terms and can be neglected if the atoms are not highly 

polarizable- modified BMH potential (mBMH) [43]. 
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Woodcock et al. [44] were among the first to do simulations of silica. They used the 

mBMH potential which was fitted to the experimental radial correlation function of the 

glass. Soules used a similar approach to derive the S-potential, and used a cutoff of 5.5 A. 

The S-potential was successful in its ability to simulate vitreous silica structures with 

approximately the correct density. The simulated pair correlation functions had good 

agreement with experimental neutron diffraction data [45]. Mitra et al. [46-48] also used 

2-body representations in their potential formulation, the potential parameters being fitted 

to the short-range structure and melting temperatures of P-cristobalite. The above 

described potentials (exclusively 2-bodied) were unable to describe the experimental Si-

0-Si angle distribution exactly and yielded distributions much broader than experiment 

[49]. Thus researchers added 3-body terms to existing potentials and were able to force 

the distribution to be more realistic. The Vessal potential [50], the Vashishta (V) potential 

[51] and the Feuston-Garofalini (FG) potential [52] are some of the successful, widely 

used 3-body potentials. 

The functional form of the FG potential uses a combination of the mBMH potential 

and an angle-dependent 3-body term. The FG potential has a weaker repulsion in the Si-

Si and O-O interactions when compared with the S-potential. It has the functional form 

( — )  < 7 , ( 7 r . ,  
= - +^er/c(^) 
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where the first term represents a two-body interaction (LJ like) and the second term 

represents three-body interactions as given in reference [52]. In the above equations, one 

can observe the fact that for a given atom i, its potential energy depends on its neighbors j 

and k via an angular term cosOijk, where Oijk represents the angle between vectors ij and ik. 

The V-potential included the electronic polarizability of the constituent ions in its 

representation. The Vessal potential includes 40 adjustable parameters and claims an 

excellent fit to experimentally measured properties of various phases of silica. Wright 

[53] deduced that the V-potential and the Vessal potential have the best fit to neutron 

diffraction data of any simulated structures at the time of comparison. 

Almost all of the above potentials were empirically derived, the parameters chosen to 

fit experimental data. The effective charges on Si and O were also chosen empirically and 

were based on experimental observations. Tsuneyuki et al. (TTAM) [54] and Van Beest 

et al. (BKS) [55] were the first to use ab initio cluster calculations and independently 

determined the optimal normalized charges on Si and O to be +2.4 and -1.2. Both TTAM 

as well as BKS potentials have been successful in modeling many silica polymorphic 

phases [56, 57]. BKS differs from TTAM in the fact that it ignores the Si-Si short-range 

interactions. Even though both TTAM and BKS are able to represent the equilibrium 

structures of silica, they do not accurately reproduce the vibrational properties of silica 

[58, 59], 
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Once the potential has been chosen, the next step involves initialization of the 

simulation and inputting in the desired 'conditions'. 

2.3 Force Calculation 

The calculation of forces on each particle at each MD step is the most time consuming 

part of all MD simulations. Consider a model system with pairwise additive interactions 

(say an LJ type interaction). Assuming PBC's are imposed, then one has to consider the 

interaction between the given particle and the nearest 'image' of all other particles. Thus, 

theoretically, at every time step, one has to evaluate N(N-l)/2 interactions, where N is the 

total number of particles. Depending on the range of the interaction cutoff, the number of 

'interacting' neighbors of each particle would be much smaller than N-1. Thus, one can 

reduce this computing complexity if the concept of 'neighbor lists' is used. Verlet was 

the first to suggest this technique, where a list of neighbors of each particle is maintained 

and updated only at regular intervals. There are many other available techniques (like the 

linked-list method) that speed up the neighbor calculations and are discussed in detail in 

reference [32]. Once the list of interacting atoms is obtained, the force (F,) on any atom 

is obtained by evaluating the gradient of the potential energy (F,) of atom i. The 

potential energy of any particle is obtained by a simple superposition of the pairwise 

contributions {Vij) due to the '7' neighbors of the given particle as shown in the following 

equation: 
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F , ^ - y v „  

M 

Obviously these calculations are much more complicated for potentials that involve 

many-body terms and a careful approach is required to calculate the appropriate 

gradients. 

2.4 Finite-Difference Methods for Solving the Equations of Motion 

Having obtained the forces (and therefore acceleration) on each atom, one needs to 

integrate the Newton's equations of motion to update the particle positions and its higher 

order derivatives. There are many finite-difference schemes available and the simplest 

finite-difference method that has been widely used in molecular dynamics is a third order 

Stormer algorithm, first used by Verlet [60] and known to simulators as the Verlet's 

method. The algorithm is a combination of two Taylor series expansions, the final form 

given below. 

The position r(t+At) at time t+At is given by: 

r(t+At) = 2 r(t) - r(t-At) +d^r/dt^ At^ +0(At''), 

where At is the size of the simulation time step. 

It has a local truncation error that varies as (At)"^ and hence is correct through third 

order, even though it contains no third-order derivatives. The equation does not involve 

any fiinction of the velocities; the acceleration is obtained from the intermolecular forces 

and Newton's second law as shown in the following equation: 
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acceleration = a(t) = r/dt^ = F/mi^ where mi = mass of the atom i. 

To estimate velocities, Verlet used the first-order central difference estimator: 

v(t) = At[r(t+At) -r(t-At)J/2. 

Verlet's method is a two-step method because it estimates r(t+At) from the current 

position r(t) and the previous position r(t-At). Therefore it is not self-starting; initial 

positions r(0) and velocities v(0) are not sufficient to begin a calculation, and something 

special must be done at t = 0 (say, a backward Euler method) to get r(t-At). 

A variant of the Verlet's method namely the Velocity-Verlet method [61] was able to 

do away with some of the inherent disadvantages of the original Verlet's method. The 

equations are as follows: 

r(t+At) = r(t) + v(t)At + At^ (d^r/dt^)/2, 

v(t-^At) = v(t) + [ a(t+At) + a(t) ] At/2 . 

These equations are superior to the Verlet's method on a computer of finite precision 

and enable the direct calculation of the position and velocity at the end of the time step 

from the position and the velocity at the beginning of the step. In other words, the method 

is therefore self-starting. 

Beeman proposed a modified version of the Verlet's algorithm, and is probably the 

most accurate of the Verlet family of algorithms for the calculation of the velocities [62]. 

Beeman's equations are as follows: 
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r(t+At)=r(t)+v(t) At+2a(t) /3- a(t- At)A^/6, 

v(t+At)=v(t)+a(t+At) At/3+5a(t)At/6- a(t- At)At/6. 

The Verlet algorithm (with its variants) offers the virtue of simplicity and good 

stability for moderately large time steps. In its original form it treated molecular 

velocities as less important than positions - a view in conflict with the attitude that the 

phase-space trajectory depends equally on positions and velocities. The predictor-

corrector method is one such method that puts velocity and position on equal footing. The 

method involves: 

1. Predicting the position r(t+At) and velocity v(t+At) at the end of the next step, from 

the current position r(t) and velocity v(t). 

2. Evaluating the forces at t+At using the predicted position. 

3. Correcting the predictions using some combination of the predicted and previous 

values of position and velocity. Predictor-corrector algorithms were first introduced into 

MD by Rahman [63]. Those commonly used in MD are often taken from the methods 

devised by Gear [64], 

The stability of the above algorithms depends on the size of an MD time step. The size 

of an MD step {At) is an approximation for an infinitesimal amount of time over which 

acceleration of the particle is assumed to be constant. The optimum value of zlMs a 

compromise. It should be large enough to sample as much of phase space as possible and 
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small enough compared to the mean time between particle collisions. Usually in MD 

simulations, J Ms of the order of a femtosecond. 

2.5 MD Ensembles 

The total energy of an MD system can be described via a Hamiltonian that is written 

as the sum of kinetic energy and potential energy functions. The kinetic energy is 

typically a sum of quadratic functions of the particles' momenta. The potential energy is 

usually a fiinction of the particles' coordinates. A simple formulation for the Hamiltonian 

of a system of N interacting identical particles is given by: 

where V  is the potential energy fiinction, {p} and {r} stand for the momenta and 

positions of the N particles in some Cartesian coordinate system. That is, 

{p}={Pi,P2,...,Pn} and {r}={ri,r2,...,rN}. If the above described Hamiltonian is a 

conserved quantity during an MD run, the corresponding MD ensemble is referred to as a 

microcanonical ensemble. These ensembles correspond to isolated systems and are also 

known as NVE ensembles, where N (the number of particles), V (volume of the system) 

and E (the total energy) represent the conserved thermodynamic quantities. An isolated 

system is not experimentally interesting and therefore one works with more 'accessible' 

situations such as systems where the temperature (T) of the system is kept constant. 

Ensembles that are isothermal are known as canonical ensembles (NVT); the total energy 

of such systems is not conserved, while the kinetic energy is a constant of motion. 
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Though conventional MD simulations have constant volume conditions, one can simulate 

conditions such that pressure and not the volume is kept fixed. Typical 'constant-

pressure' MD runs can either be NPH or NPT, where H (=E+PV) refers to the enthalpy of 

the system. In recent times 'grand-canonical' simulations have been carried out [65]; in 

these simulations the chemical potential |a and not N is the conserved quantity. 

2.5.1 Isothermal Simulations 

From statistical mechanics formulations one can relate the temperature of the system 

to the kinetic energy via the equipartition theorem [66]; 

r\ N -pi-

3 N K , ^ 2 m /  

Any isothermal scheme has to satisfy the requirement that a time averaged property 

computed along a trajectory from an isothermal MD must equal its canonical ensemble 

average. There have been many schemes that have varying success in fulfilling the above 

condition, and few of those schemes will be briefly reviewed in this section. In many of 

these schemes, the instantaneous temperature is not necessarily constant, but the time 

averaged temperature is constant. 

The momentum rescaling method is an early primitive thermostat based on the 

equipartition relation and the momenta of all the particles are rescaled at regular interval 

of time by the factor yfrJ/T^ where Td and Ta are the desired and actual temperatures 
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respectively. The momentum rescaling method is a rather 'crude' method of maintaining 

the temperature and does not reproduce the canonical distribution. 

The constraint method is based on non-Newtonian dynamics. The equations of motion 

for a particle "i" takes the form; 

m 

where the dot over a variable indicates differentiation with respect to time. From the 

constraint that the kinetic energy does not fluctuate (i.e. its time derivative is zero) 

follows the damping factor, 

The equilibrium properties of this isothermal system have been shown to be those of 

the canonical ensemble [67]. 

The most common thermostat in MD literature is the Nose-Hoover (NH) thermostat 

[68]. In the NH formulation, each component of the position and momentum vectors 

follows the given set of dynamical equations to ensure that the dynamics match that of a 

canonical ensemble. 

a = 
2 
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P i  =  P i - P i  
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The dynamics of the thermostat degree of freedom, r j ,  is driven by the imbalance 

between the actual kinetic energy and the desired kinetic energy (through the desired 

temperature). Qisa mass associated with the thermostat degree of freedom. 

The Andersen's thermostat is an example of a 'stochastic' thermostat [69]. The 

system is coupled to a heat bath represented by stochastic forces that act on randomly 

selected particles. The collision effectively occurs by drawing new particle velocities 

from a Maxwell-Boltzmann distribution (as discussed before) according to the desired 

temperature. Between collisions the equations of motion are those of a constant energy 

MD simulation. Andersen thermostat produces the canonical distribution. The drawback 

of this method is that the dynamics are not continuous with quantities like energy and 

momentum. 

2.5.2 Isobaric Simulations 

The pressure and the stress tensor of an MD system modeled by pairwise interactions 

are obtained from the virial equation and have the form as shown below. 
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^ /=1 j>i 

J N 

^ Z + Z )' 
1=1 j>i 

where m,n represent cartesian directions, 

P, (J represent the pressure and stress respectively, 

V is the volume of the system, 

Fij is the interatomic force between atoms i and j separated by a distance nj, 

mi,Vi denote the mass and velocity of atom i, and 

(p(rij) represents the potential energy between i and j. 

At constant pressure, the volume of a system of N particles fluctuates while pressure 

remains invariant. Andersen [69] replaced the atomic coordinates by scaled atomic 

coordinates. The scaling factor becomes an additional dynamical degree of freedom. 

Andersen interpreted this scaling factor as the volume of the system. The scaled 

coordinates are then given as the ratio of the coordinates to a length given by the cubic 

root of the volume. A change in volume results into a homogeneous scaling of the 

particle positions. The new degree of freedom is associated with a new momentum and 

kinetic energy with its own mass. This mass is artificial. It is a measure of the inertia of 

the volume and controls its rate of change. The potential energy may be visualized as the 

mechanical work an external pressure would do on the volume. The dynamics of the 

volume is driven by the imbalance between an applied external pressure and the internal 

pressure of the systems. This latter quantity is related to the particles' positions and 
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interatomic forces through the Virial expression [70]. hi absence of thermostats, the 

equations of motion of the particles and of the volume conserve a quantity closely related 

to the enthalpy of the system. 

Parrinello and Rahman [71] extended Andersen's scheme to non-uniform scaling of 

the simulation cell. Here changes in the orientation and length of the edges of the 

simulation cell are possible. This allows fluctuations in the volume but also in the shape 

of the cell enabling the study of crystal structural phase transformations. Nine additional 

degrees of freedom are necessary to describe the dynamical shape and size of a 3-

dimensional simulation cell. Each extra degree of freedom possesses a momentum. The 

inertia of the borders of the simulation cell is therefore characterized by a second rank 

mass tensor. The potential energy associated with the borders of the cell is a measure of 

the elastic energy in the limit of linear elasticity. The dynamics of the cell are driven now 

by the imbalance between an externals stress tensor (with hydrostatic and non-hydrostatic 

components) and the internal stress tensor. Parrinello and Rahman's trajectories conserve 

a generalized enthalpy. Combining isobaric and isothermal conditions was also 

undertaken by Andersen [69], Parrinello and Rahman [71] as well as more recently by 

Tuckerman and Martyna [72]. 

2.6 Simulation Software and Hardware 

Since the focus of this dissertation was to study the fracture dynamics in a-Si02 as 

well as to develop multiscale methodologies, we specifically developed simulation codes 
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in FORTRAN 77 and executed the codes on stand-alone Dell machines running on a Red 

Hat 7.1 Linux platform. The system processor was a 2.4 GHz Intel Pentium 4 processor. 
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3 SIMULATION STUDIES OF THE MECHANICAL PROPERTIES 
OF a-SiOj: A REVIEW 

The mechanical properties of silica have been subject to many MD investigations, 

some of the work involved studying the effects of pressure on silica [73-74]. In this 

dissertation, a review of the studies that have looked at a-SiOi under stress and (or) 

negative pressure will be presented. In addition, quantum mechanical calculations of the 

energetics of the fracture process will also be highlighted. 

3.1 Quantum Mechanical (QM) Calculations of Si-0 Bond Fracture 

Hench and West [75] studied the reaction paths in the fracture of Si-0 bonds in rings 

of various sizes using molecular orbital (MO) calculations. They found that when 

particular bonds of silica rings were strained, the energies required to break the bonds 

were significantly smaller than the expected energy of an 'isolated' Si-0 bond. This 

behavior was attributed to a 'ring contraction' mechanism whereby another tetrahedron 

within the ring approached the oxygen atom of the strained bond, five-coordinating the 

tetrahedron, and weakening the initially strained bond. The authors found that 4-

membered rings were the weakest rings. When water was introduced into the system, the 

various sized rings showed different tendencies for hydrolysis, the critical step in 

environmentally assisted fracture. In this case the authors found that 3-membered rings 

were the easiest to hydrolyze. In both the water-free and water-present cases, the authors 
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concluded that the ring structure influences the fracture process, the effect more 

pronounced when water was present. 

Michalske and Frieman [76] proposed a model in which an environmental molecule 

(such as water) could increase crack growth velocities in silica provided the molecule has 

a nonbonding electron pair and a proton separated by a distance comparable to the Si-0 

bond distance. In a water molecule, the lone electron pair associated with the water O 

atom is attracted to positively charged silica Si atom, and the positively charged water H 

atom gets attracted to the negatively charged silica 0 atom thereby rupturing an Si-0 

bond and causing the formation of non-bridging oxygens. 

Based on the above work, Lindsay et al. [77, 78] carried out MO studies to examine 

the effect of five environmental substances- ammonia, water, formamide, nitrogen, and 

argon on the Si-0 bond in an H6Si207 molecule. The bridging oxygen in the H6Si207 was 

identified as the 'reaction' site, and it was shown that the molecules that most markedly 

weaken the Si-0 bond tend to have the lowest calculated energy increases on 

approaching the Si-O-Si bridge in HeSiaOy. These approach energies are related to the 

average force required to move the molecule against a portion of the potential field about 

the reaction site, suggesting that efficacy of the environmental molecule in weakening the 

Si-O-Si bridge is at least partially controlled by the magnitude of the repulsion between 

the bridge and molecule. Steric hindrance (of comparatively large molecules) was another 

factor that affected the approach. When the Si-0 bond was strained, the approach energy 
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for all molecules becomes much smaller, the gross electron population on the silicon 

atoms decreased and that on the bridging oxygen increased, thereby increasing the 

number of electrons available for interaction with the environmental molecule. 

The above calculations were carried out at 0° K and the energetics of these 

calculations was fairly accurate. But, in QM calculations, thermal effects are ignored, 

which is in fact of significant importance to the dynamics of the fracture process. For 

example, when Lindsay et al. calculated the approach energy of the environmental 

molecules, thermal factors were excluded; these could have had considerable effects in 

overcoming the repulsion between the Si-O-Si bridge and the approaching molecule, and 

therefore have a much greater impact than predicted by the authors. Thus it is imperative 

that thermal (and consequently entropic) effects are included while studying the fracture 

dynamics. MD simulations are therefore well suited for these kinds of investigations. 

3.2 MD and Brittle Fracture in a-Si02 

Generally speaking, classical MD simulations do not explicitly treat electronic effects, 

and therefore cannot adequately handle regime -1 and -2 fracture, where physisorption 

and chemisorption processes control fracture. However, MD is particularly suited to 

study environment independent fast fracture (regime- 3) as it can keep track of the 

extensive atomic rearrangements that occur around the crack tip, without having to 

account for chemical reactions at the crack tip as the crack propagates. Many research 
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groups have studied the atomic dynamics of a-SiOa samples under strain using MD; in 

their studies, the effect of environment was ignored. 

Soules and Busby [10] used MD with the S-potential to look at sodium silicate glass 

under both tension and compression. They studied systems of approximately 1000-2000 

atoms with free surfaces, and subjected them to both uniaxial and biaxial expansions. 

Under biaxial expansion, the sample was drawn thinner, and when the expansion was 

large, the sample failed via cavitation. When the sample was under uniaxial strain, the 

strain applied by displacing the atoms close to the surface, atomic bonds were initially 

elastically stretched, followed by considerable plastic deformation. A flaw was then 

formed, finally resulting in separation. The stress-strain curves showed that fracture was 

brittle as the resisting material tensile stress decreased rapidly past the maximum stress 

point. They compared the behavior of the sample at room temperature as well as 625 K 

and obtained similar results. An introduction of atomic-level defects did not play any role 

in the sample response to both uniaxial and biaxial expansions. 

Keiffer and Angell [79] catastrophically ruptured the a-Si02 structure by the 

application of negative pressure (isotropic expansion) in their MD simulations. This 

caused bond-angle opening without rupture up to a maximum tensile limit. Beyond this 

limit, the structure ruptured in a very specific way, by developing a self-similar void 

structure. This structure was described well by a fractal dimension which changed 
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linearly with density. They chose the BMH functional form to represent atomic 

interactions. 

Ochoa and Simmons [11] were the first to examine the fracture process in a systematic 

way. They applied uniaxial strain at different pull-rates to a glass sample of a few 

thousand atoms and did a detailed analysis of the effect of the strain-rates on the stress-

strain curves. The application of uniaxial strain was uniform throughout the sample, 

unlike the way Soules and Busby applied strain to their samples. Initially, they used the 

S-Potential in their simulations and observed that the fracture strength of the glass 

increased with increasing strain. They attributed this to the fact that at lower strain-rates 

the system has more time to relieve its strain by structural rearrangement of atoms. In 

their stress-strain plots, one could identify four distinct regions; i) the elastic regime 

where stress increased linearly with strain, ii) an yield region where the stress varied very 

slowly with strain, iii) a region where there was a dramatic drop in the stress with 

increasing strain and finally iv) separation of the material corresponding to zero stress. 

Later, Swiler, Ochoa and Simmons [12, 13] extended these results by looking at void 

formation and coalescence and concluded that "at low strain rates, strain added uniformly 

to the structure is allowed to flow from higher density regions to lower density regions. 

This effect leads to coalescence of voids eventually causing fracture propagation through 

the simulated structure". In addition they also estimated the size of a critical void to be 

4.5 A and linked the fracture process to the "availability of free volume". An examination 

of the fractured surface revealed that it was oxygen-rich. In another paper [14], they 
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examined the effect of thermal vibrations and found that through the effects of these 

vibrations, individual tetrahedra were able to rotate and orient along the strain direction. 

In addition, the simulations were repeated using the FG potential; there was no difference 

in the observed behavior of the 'strained' glass samples, leading to an important 

conclusion that the fracture-controlling processes were 'potential independent'. 

Van Brutzel et al. [17] performed multi-million atom simulations on a-SiOi to study 

the propagation of a crack in the medium. They used the V-potential and were able to see 

the growth and coalescence of voids and pores (-50-60 A in radius) near the crack-tip 

due to localization of strain around the crack-tip. In their studies, a V-shaped notch was 

created on one edge of the simulation box and the box was then subjected to an external 

strain by displacing atoms in the top and bottom layers of the box. The effect of 

temperature on crack propagation was studied and it was found that some voids grew 

further away from the crack tip at higher temperatures, leading to secondary crack 

growth. They concluded that at lower temperatures (~ 300 K) the strain energy was 

dissipated along the crack tip, and at higher temperatures (> lOOOK) the strain energy was 

also dissipated in the formation and growth of pores into a secondary crack. Further, 

crack branching was observed and an average crack velocity was also reported. The same 

set of simulations was repeated for nanostructured silica glass and pore formation was 

observed in the intergranular regions. Crack fronts then coalesce with these pores causing 

intergranular failure. 



Zhu et al. [80] using a novel method that integrated elements of ab initio calculations 

with classical MD simulations, studied the fracture characteristics of a-Si02 'nanorods'. 

Their work consisted of using quantum-level MNDO calculations (explained in ref 80) to 

obtain forces on atoms, and MD to solve for the equations of motions of atoms at every 

MD time-step. Though their attempt was unique, the resultant fracture strength was 

grossly overestimated. 

In almost all of the above works that have been reviewed, a common theme has been 

the formation and coalescence of voids and pores that eventually leads to failure of the 

strained glass sample. Recent experimental evidence seems to show that brittle fracture at 

the nanoscale is indeed via formation and coalescence of voids [81, 82]. Thus the above 

agreement between the simulation and experimental results is very significant and in 

particular, is of great importance from a simulation point of view, given the fact that the 

research teams used different simulation procedures. The methods of Simmons et al. and 

Van Brutzen and co-workers were in fact markedly different, the former studying the 

effects of strain on a small sample of few thousand atoms while the latter using more than 

a million atoms to obtain their results. Another important difference was the fact that 

while Simmons and al. were over-constraining their samples by applying uniform strain 

throughout a homogenous sample, Van Brutzen et al. only displaced the boundary atoms 

of a 'pre-cracked' sample. Thus the former were fracturing their samples about 20% 

strain, while the latter were able to rupture the glass at about 6.5 % strain, for a given 

strain rate of 0.01 /ps. Additionally, the potential being employed were also different. 
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Table 3.1 lists the fracture strength and the Young's modulus of silica glass when 

simulated using the various potentials as well as the experimental values. 

System Max. Strength /strain rate 

(GPa) /ps 

Young's 
Modulus (GPa) 

S-potential 24-35 (0.05-0.5) -220 

BMH 30-65 (0.2-8.0) -220 

FG 12-21 (0.05- 0.5) - 125 

BKS 15-22 (0.005- 0.1) - 100 

Experiment 18 71.9 

Table 3.1: Comparison of fracture strengths and Young's modulus of simulated silica 
glasses with experimental values. 

In spite of the fact that a very important issue - that of void coalescence leading to 

failure has been established, other key issues were either neglected or ignored. Though 

Swiler et al. could identify a 'critical void,' a methodical look at the growth of the void 

was not undertaken. The open network structure of a-Si02 gives rise to voids of different 

sizes. Thus a systematic study of the evolution of the void-size distributions as a function 

of strain-rate (and therefore strain) would be extremely beneficial as one could then 

correlate it to the stress-strain curves and characterize the different regions in the stress-

strain plots. In addition, based on the above discussed results, though one could infer that 



voids form due to local strain concentrations, the mechanism behind void growth has not 

yet been identified. This is of enormous significance as then we can clearly characterize 

the extensive atomic rearrangement that takes place around the propagating crack tip. 

Charge-transfer between atoms is also an important aspect that has been ignored by 

previous simulations, hi a-SiOa, where the interatomic bonds between Si-0 are part-

covalent part-ionic, the effective charge on each atom is a function of its local 

environment. When the system is under strain, it is slowly pushed out of equilibrium 

conditions, hi all previous simulations, the charge on each atom was fixed and did not 

change as the Si-0 bonds were strained, hi reality (and QM calculations as shown by 

Lindsay et al), as the interatomic bonds are stretched, electron clouds get localized and 

the net charge on each atom changes. Thus incorporating the effects of charge-transfer is 

critical to studies of systems under strain. 

Swiler et al. inferred that the fracture process was dependent on the availability of 'free 

volume' in the system. Their conclusions were based more on speculation and 'educated' 

guesses than by a systematic examination of the process as a function of system density. 

Documenting the effect of density on the dynamics of fracture would be another major 

step in fully understanding the brittle fracture dynamics. 

Ochoa et al. examined the fractured a-Si02 surface and realized that the surface was 

oxygen rich, with silicon atoms diffusing into the bulk. Despite the above observation, 
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they were unable to characterize the surface structure and shed more light on the surface 

reconstruction process. This aspect would be another candidate for fiirther research. 

The discussion in the above sections has clearly identified the need to 'fill in the 

blanks' in the current models describing atomic level fracture processes in brittle 

materials. Thus in the next chapter, most of these issues would be examined in detail and 

a definite mechanism governing the fracture process in a-Si02 will be proposed. 
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4 FRACTURE SIMULATIONS OF a-SiOj 

The importance of completely documenting the fracture process in a-Si02 was clearly 

stated in the previous chapter. This would enable us to fully understand the atomic 

mechanisms of fracture in a typical brittle material. Additionally, this could be of 

immense value to the glass processing industry, as the information can be used to modify 

current fabrication process to create 'tougher' glasses, hi order to characterize the brittle 

fracture process, previous works were critically analyzed and a 'to do' list was identified. 

The list is as follows: 

1. Identify critical voids and study the evolution of the voids as a function of 

strain. 

2. Characterize the atomic rearrangement process in 'critical' regions. 

3. Incorporate and examine the effect of charge-transfer. 

4. Characterize the extensive surface reconstruction that take place as the material 

fractures. 

5. Re-examine the uniaxial stress-strain dependence, and characterize the 

different regions in a typical 'stress-strain' curve. 

6. Document the effect of temperature on the fracture process. 

7. Study density effects. 

In order to carry out the above stated investigations, MD methods were used with the 

BKS as well as the TTAM potentials chosen to represent the atomic interactions in a-

Si02. The reason for the above choice is due to the fact that both potentials are not 
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empirical in nature, and are derived from first-principles. In addition, they are robust and 

have become the 'accepted' potentials among the simulation community. 

4.1 BKS and TTAM potentials 

The two potentials were derived by different research groups and have been very 

successful in modeling the many polymorphs of silica. The potential parameters are 

based on ab initio calculations and have the same potential form. 

Tsuneyuki et al. derived the TTAM potential by employing the Hartree-Fock self-

consistent field (SCF) method. A detailed review of any of the stated quantum 

mechanical (QM) methods can be found in references [83, 84], The calculation 

considered an Si04'^" cluster, and surrounded the tetrahedra by four point charges to 

ensure charge neutrality. The initial Si-0 distance was set to 1.65 A, close to the usual 

distance of separation in silicates. 

The TTAM potential energy surface generated was obtained by changing the Si-0 

distances as well as varying the O-Si-0 bond angles. The potential parameters were 

chosen to optimize the structure and compressibility of a-quartz. The authors then 

showed that almost all of the common polymorphs of silica were reproduced accurately 

with the TTAM potential. 
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The BKS potential was formulated by van Beest et al. Li a similar fashion to 

Tsuneyuki et al, the BKS potential was derived from SCF cluster calculations. They 

considered a H4Si04 molecule and generated the energy surface by symmetrically 

stretching the Si-0 bond and making the oxygen atoms bend towards each other. They 

started off the optimization by assuming that the Si-0 bond distance was 1.63 A, 0-H 

bond distance was 0.95 A, O-Si-0 bond angle equaled 109.47° and Si-O-H bond angle to 

be 119.52°. 

Both TTAM and BKS used the same functional form as shown in the following 

equation: 

QiQ i Cii 
+4exp(-6,^)-^, 

'ij 

where is the distance of separation between atom i and j. In addition, the net partial 

charges (of +2.4 on Si and -1.2 on 0) on the constituent atoms evaluated by both 

potentials happen to be the same. BKS differs from TTAM in the fact that it ignores the 

Si-Si short-range interactions. 

In our studies, we use a modified BKS/TTAM potential [91] to model the interactions 

between atoms. The modification is necessary to prevent an unphysical divergence at 

very small distances of separation between atoms. Thus the modified BKS/TTAM 

potential has the form 
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where is the potential energy corresponding to an interatomic separation of ry. Ay, 

bij, Cij, Sij and cry are given in Tables 4.1 and 4.2. 

4.1.1 Charge-Transfer Potentials 

The above discussed potentials assume that the effective charges associated with 

silicon and oxygen are fixed and do not vary as a function of their immediate 

environment. This assumption is not necessarily true when systems are far away from 

equilibrium, and could lead to erroneous results while modeling fracture, as the process is 

accompanied by extensive bond breakage and a consequent rearrangement of atoms. 

Alavi and co-workers [85] proposed a scheme to treat the charge transfer processes in an 

explicit way. The scheme used ensures that the charge transfer forces are conservative 

and no numerical instabilities have been observed when used in conjunction with the 

BKS potential. Streitz and Mintmire [86] developed a computational method for MD 

simulations, which explicitly included variable charge transfer between anions and 

cations. This method was developed to study metal oxides and could describe the elastic 

properties, surface energies and surface relaxation of the metal oxides accurately. In this 

method, the effective charge on each atom is chosen such that the total electrostatic 

energy is minimized at each time step of the simulation. Valone and Atlas [87] in a very 

recent paper have devised a new charge-dependent pair potential that uses chemical 

potential equalization to dynamically adjust the charges of constituents, similar in spirit 
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to the method of Streitz and Mintmire, but more self-consistent as pointed out in the 

paper. Huang and Keiffer [59] developed a potential that accounted for explicit charge-

transfer upon breaking and forming chemical bonds. They were able to describe the 

thermally induced a-to P-cristobalite transformation well. 

For our charge-transfer studies, we use the formulation of Alavi et al., in conjunction 

with the modified BKS potential to obtain the 'CTBKS' potential. Net charges on each 

atom are obtained by the following equation: 

M,' 

9,.I," - - tanh(t^)] 

The charge-transfer parameters (listed in Table 4.3) in the above equation are chosen 

so that in the fully coordinated equilibrated state, all Si and O atoms have a net charge 

equaling that prescribed by the BKS potential (+2.4, and -1.2 respectively), and in the 

zero-coordinated state, an Si atom has a charge of +4, and an O atom has a charge of -2. 

The amount of charge transferred from silicon to oxygen as a function of Si-0 distance is 

shown in figure 4.1. 
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Figure 4.1: Amount of charge transferred as a function of Si-0 distance. 

Parameters 

[nteraction 
type 

A.J (eV) b, (A->) Cjj (eV/A6) £,j (eV) (A) 

Si-0 18003.7572 4.8732 133.5381 1.12245 xlO-2 1.3100 

0-0 1388.7730 2.7600 175.0000 3.5653 xlO-4 2.2000 

Si-Si - - - 12.6387 0.4200 

Table 4.1: Parameters used in the modified BKS potential 
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Parameters 

Interaction 
type 

A,j (eV) b, (A-0 Cjj (eV/A6) Sij (eV) <7ij (A) 

Si-0 10.9722x104 4.7959 70.7343 1.12245 x10-2 1.3100 

0-0 1.7569x104 2.8464 214.7360 3.5653 xlO-4 2.2000 

Si-Si 8.7235 xl08 15.2207 23.3000 12.6387 0.4200 

Table 4.2; Parameters used in the modified TTAM potential 

(q;) qo (qj) Aq 

4.0 -2.0 0.4523 1.90 0.29 

Table 4.3: Charge transfer parameters 

4.2 Simulation Details 

In this section, procedural details of the MD simulations will be discussed. The most 

important issue that of 'sample preparation' will be explained in detail and potential 

'pitfalls' that arise in the methods that we adopt will also be pointed out in the next 

subsection. 

4.2.1 MD simulated vitreous silica structures 

Glass structures for our studies were formed based on the 'recipe' proposed by Huff et 

al. [88]. The basic procedure is to simulate a crystal structure (low-cristobalite), melt the 

structure to form a liquid and then quench the liquid to room temperature to form a glass. 

The above description is easier said than done as the whole process is very sensitive to 
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cooling rates, initial configurations of atoms and simulational details. Specifically, it has 

been shown that the resultant glass structures are sensitive to the size of the MD box (and 

consequently number of atoms), the thermostat and barostat that are used to control 

temperature and pressure respectively, and the range of the potential cutoff This is 

because i) if a small box is used and PBC's are imposed, then an artificial 'regularity' is 

imposed on an otherwise disordered system, ii) the thermostats as well as barostats affect 

the dynamics of the system as it evolves in phase space and iii) the cutoffs could 

introduce a long-range correlation if they are large. 

Huff et al. did a thorough analysis of all the above factors and came up with a 

'preparation algorithm'. Low-cristobalite was chosen as the initial crystal as its density is 

very close to experimental glass density (2.2 g/cc). The sample (number of atoms > 

3000) was heated much above 6000 K to remove any 'memory' effects. The temperature 

was then reduced in steps of 100-2000 K performing NVT simulations at each step for 

typically tens of picoseconds until ambient temperatures were reached. At room 

temperature an NPT simulation was performed to ensure zero-pressure conditions. 

Vollmayr et al. [84] studied the effects of the cutoff and found that a cutoff of 6 A was 

required for BKS to ensure a 'stable' glass. 

Following closely the method prescribed by Huff et al, we prepared BKS glass 

samples that had a resultant density close to 2.2 g/cc. Temperature was reduced from 

8000 K to 300 K in steps of 125 K / ps, with the sample equilibrated at every temperature 
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step for 10 ps as shown in figure 4.2(a). The variation of the total energy of the system 

with temperature is shown in figure 4.2(b). In addition, the radial distribution functions 

(RDF) had a good match with experiment. (The concept of RDF's will be discussed in 

subsequent sections). The glass transition temperature or the fictive temperature that was 

obtained was 3125 (± 20) K, approximately three times that of experimentally determined 

glass transition temperatures. This can be attributed to the massive cooling rates (~ lO'^ 

K/s) that were used in MD as opposed to much slower cooling rates (~ 10^ K/s) observed 

in experiments. Given the current computing resources, experimental cooling rates are 

out of reach in MD simulations. Consequently, the onset of 'viscous-driven' flow 

mechanisms in our MD simulations appears only at extremely elevated temperatures and 

thus one has to be judicious while making predictions on the effect of temperature based 

on our MD results. 
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quenched. 



The same 'preparation' procedure was repeated with TTAM as well as the charge-

transfer CTBKS potentials, hi the former case, we obtained samples that were less dense 

than the BKS glasses while the CTBKS glasses were much denser. All three glass 

samples were cubic containing 3528 atoms, and the dimensions of the BKS, TTAM and 

CTBKS glasses were (37 A)^, (37.74 A)^ and (36.34 A)^ respectively. 

All the above prepared samples corresponded to glasses equilibrated at 300 K. Since 

one of the objectives was to study the thermal effects on the fracture process, we prepared 

glass samples at higher temperatures too. The 300 K BKS glass was 'heated' to 1000 K 

and 2000 K and was equilibrated at the above temperatures respectively. The 

equilibration was done such that the density of the samples was maintained at 2.2 g/cc. 

Higher temperature (> 2000K) simulations were not carried out to avoid viscosity-driven 

effects, which could alter the fracture processes. 

In addition, lower-density BKS samples were also prepared, by removal of atoms from 

the parent BKS 300 K sample. Specifically, the glass samples were prepared in two 

different ways; in the first case, we systematically removed atoms from a specific region 

such that samples with a central void were created. The size of the void depended on the 

density of the sample. Equivalently, we also prepared samples that corresponded to the 

atomic density of the 'voided' material, but the atoms were removed in a random fashion. 

Thus we were able to create two different kinds of samples, one with a central void, 

which we will refer to as 'voided sample' (VS), while the second type will be referred to 
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as 'defective sample' (DS). All samples were stoichiometric to ensure charge neutrality. 

(The method by which the DS samples were created resulted in many atoms not being in 

their normal coordination states, hence are referred to as being defective). DS as well as 

VS samples in which 1%, 2%, 5%, 7.5% and 10% of the atoms were removed, were 

prepared and well equilibrated to ensure zero pressure. All the relaxed VS samples had 

negligible internal pressure, while the less dense DS samples could not be equilibrated to 

attain zero pressure due to the relatively large number of under/over-coordinated atoms. 

4.2.2 More MD Information 

In all the simulations, the temperature was controlled by the Nose-Hoover thermostat, 

the 'thermostat mass' equaling 25 KJ/ (mole-ps^). The NPT simulations followed the 

method of Parinello-Rahman with the boundary mass equaling 2.5x10'^ a.m.u. The size 

of the time step equaled 1 femtosecond and the equations of motions of the atoms were 

solved using the Beeman integrator. Ewalds summation was used with K (the 

convergence parameter as discussed in chapter 2) chosen to be 5.721/L, where L 

corresponds to the smallest of the three dimensions of the simulation box ; this choice 

results in making the contribution of the reciprocal space negligible. The samples were 

very well equilibrated before they were subjected to uniaxial strains. 
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4.2.3 Specific MD Properties Measured by the Present Study 

4.2.3.1 Radial Distribution Function (RDF) 

The radial distribution function g(r) measures how atoms organize themselves around 

one another, in other words the RDF keeps track of the local structure. Specifically, it is 

proportional to the probability of finding two atoms separated by a distance between r 

and r ± Ar. It plays a central role in statistical mechanical theories of dense substances, 

and for atomic substances, it can be extracted from x-ray and neutron diffraction 

experiments. Since MD provides positions of individual atoms as functions of time, g(r) 

can be readily computed from MD trajectories. g(r) can also serve as a model for 

obtaining expressions for more complex distribution fiinctions, such as angular pair 

correlation functions in molecular substances and space-time correlation functions. 

g(r) = 2 rii/r) V/(Nij 4 dr), 

where r is the separation distance, 

dr is the resolution of the distribution, 

V is the volume of the cell, 

Hij is the number of pairs found between r and r+dr from the central atom, 

Nij is the number of possible ij pairs in accumulation. 
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4.2.3.2 Bond Angle Distributions (BAD) 

Bond angle distributions are calculated by finding the first-neighbors of each atom and 

then applying the definition of a dot product to find bond angles between central atoms 

and their neighbors. 

-x,XyXi, + y y y,i^ + z  z , ,  
Oijk = cos (-^ ^ 

Vik 

where Oijk is the bond angle, 

i denotes the apex atom, 

j, k denote the end atoms, 

Xij, yij, Zij are the vector components between atoms i and j, 

Xih yth Zik are the vector components between atoms i and k, and 

rij, and r,vt are the distances between atoms i and j and i and k respectively. 

4.2.3.3 Stress-Strain Plots: Application of Uniaxial Strain 

Since the prepared samples consist of a few thousand atoms, dimensions of the 

samples are of the order of nanometers, precluding the presence of pre-simulation 

nanoscale voids and cracks. We follow the procedure of Simmons et al. [11], by 

uniformly applying uniaxial strain throughout the sample at different strain rates and 

noting the stress response as a function of strain. No change in dimensions along the 

directions perpendicular to the straining direction is ensured. A small note on these types 

of simulations; the simulations are examples of non equilibrium MD (NEMD), where the 

system does not attain equilibrium in response to a time-dependent external stimulus, and 



the corresponding value of the instantaneous thermodynamic quantity is not necessarily 

equal to its time-average at the specific value of the external stimulus, hi other words, for 

example, when the system is subjected to a uniaxial strain-rate, at a specific value of 

strain £, the value of the instantaneous uniaxial stress cr would be different from the value 

that is obtained if the system is allowed to equilibrate at the given strain. 

In the present study, strain rates in the interval (0.1 - 0.005 /ps) are applied to the glass 

samples. Since all atomic positions are scaled uniformly, we avoid biasing the system 

towards fracture at a particular location. The range of strain-rates that are applied to the 

samples are limited by the fact that very slow rates are beyond the scope of MD. At the 

same time, for all strain rates, the size of the expansion must be small enough to avoid 

significantly changing the positions of the atoms from their current positions and 

throwing the system far away from equilibrium in a very short interval. These are the 

reasons for the above choice of strain-rates. 

In our studies we report the stress-strain curves at every strain-rate. The timescale of 

the simulations involving high strain-rates ( > 0.05 /ps) are much shorter than the low 

strain-rate cases. For instance, the time to reach a specific value of strain at high strain-

rates would be faster than at lower strain-rates. Thus one has to be careful while 

interpreting the stress-strain curves. Also one can expect the dynamics of fracture to be 

significantly dependant on strain-rates. 
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An important point has to be noted; the reported densities of the above-prepared 

samples are assumed to be uniform at a scale comparable to the dimensions of the 

sample, i.e. at the nanoscale level. This is not necessarily true at the atomic-scale, where 

there could be local density gradients that could cause a region to be favored with respect 

to fracture; the local low density regions could be regarded as 'soft' spots or sub-

nanocracks, which could serve as fracture initiators, similar to the role of cracks serving 

as stress/strain concentrators. We use the method of void analysis to characterize the local 

differences in densities of the various samples at the atomic-scale. A discussion of the 

analysis is given below. 

4.2.3.4 Void Analysis 

Generally speaking, a void can be defined to be a region enclosing empty space. For 

simplicity, in this work, it is assumed that the voids are spherical in shape. Also, we 

assume that the atoms are point particles and therefore do not associate any volume with 

the atoms. The algorithm to compute the void size distribution is as follows: The MD box 

is divided into a very fine grid such that the distance between neighboring grid points is 

much smaller than the typical Si-0 first neighbor distance (~ 1.6 A). At every grid point, 

the distance to the nearest atom is calculated; this signifies the void radius at that given 

grid point. If this is smaller than a cutoff (~1.6 A) then this grid point is automatically 

neglected, otherwise the coordinates of this grid point is retained. Once the entire grid-

space is scanned, the algorithm then checks for overlap of grid points. In other words, if a 

grid point lies within the void radius of another grid point, then the former grid point is 



immediately rejected. This approach automatically allows one to locate the center of the 

biggest void enclosed in that region and therefore a region devoid of atoms and of 

arbitrary shape is represented by a series of non-overlapping spherical voids. 

4.2.3.4.1 Void Size Distributions in the Prepared Glass Samples 

Using the method of void analysis, the various glass samples were characterized. A list 

of the various voids present in each sample was documented as a function of its size (i.e. 

radius of the voids > 2.4 A). Figure 4.3(a) depicts the initial void-size distribution of the 

BKS glasses at the various temperatures (300 K, 1000 K, and 2000 K). The void-size 

distribution of the 300 K and the 1000 K glasses are very similar especially at larger 

radii, with the biggest voids having a radius equaling 3.4 A. The 2000 K glass in contrast, 

has a relatively broader distribution with bigger voids (> 3.4 A) present. Since the volume 

of all three glasses are equal, the fact that there is a predominance of bigger voids in the 

2000 K glass, means that high temperature enables the growth of the bigger voids at the 

expense of smaller voids. 
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Figure 4.3(a): Initial void-size distribution in the BKS glass at different temperatures. 
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Consider figure 4.3(b); the plot depicts the initial void size distribution of the regular 

BKS glass in comparison with two other DS glasses (2 % and 5% less dense glasses). 

The figure clearly indicates that there are much bigger voids present in the less dense DS 

glasses, with the number of bigger voids increasing with decreasing density though the 

number of smaller voids is almost independent of the density (note that in our 

nomenclature, the density of a 1% sample > 2% > 5%). Also, the void distribution in the 

less dense DS glasses is similar to the void distributions in the high temperature glass. In 

the VS glasses, the size of the primary void obviously increases with decreasing density. 

Table 4.4 lists the size of the primary void as a function of density. 

Density 1 % 2% 5% 7.5% 

BV 
Radius (A) 4.781 6.300 7.122 8.132 

Table 4.4: Size of the biggest void as a function of density in the equilibrated VS glasses. 

Analytical mechanics calculations have shown that cracks and voids behave as 

stress/strain concentrators. In our MD formulations, it is difficult to calculate the amount 

of stress or strain in the vicinity of an existing void/crack as defining local stresses and 

strains in MD is a tricky proposition. The method by which we calculate the stress in our 

MD simulations is via the virial equation, which includes the contributions of all possible 

2-body interactions. The virial stress is thus 'global' in nature. The fact that the potentials 
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in use are long-ranged, therefore prevents one to define local stresses. Though defining 

local stresses in our studies was shown to be difficult, it would be fair to assume that the 

voids (especially the bigger voids) behave as stress/strain concentrators. 

4.3 Results and Discussions 

In this section, the effect of uniaxial strain and the interplay of strain-rates, 

temperature and density on the three kinds of glasses (BKS, CTBKS and TTAM) will be 

discussed in detail. Stress-strain curves, void-size distributions, RDF's, BAD's are some 

of the properties that will be examined thoroughly. 

4.3.1 Characterizing the Stress-Strain Curves: 

Before analyzing the stress-strain curves some of the terms that are used in this section 

to describe the fracture process will be defined. In the current work, 'flow' implies the 

amount of strain that the material experiences prior to failure. Thus, a material is defined 

to undergo more flow if it fails at a larger value of strain relative to a material that fails at 

a smaller strain. One has to be careful while trying to grasp this definition, as typically 

one associates flow to be time-dependent; in our case, flow is strictly defined with respect 

to strain and does not have any explicit time dependence. Another important term that 

will be frequently used is 'fracture strength'. It is defined to be the maximum value of 

stress that is attained in the stress-strain curves. 

Figure 4.4(a) represents the 300 K uniaxial stress-strain curves for the BKS glass at 

different strain-rates. The figure clearly indicates the fact that the maximum fracture 
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strength increases with increasing strain-rate as seen by Simmons et al. This could be, as 

pointed out by Simmons et al. [11-15], attributed to the fact that the system, at lower 

strain-rates, has more time respond to and accommodate the external strain, resulting in 

structural rearrangement via thermal vibrations. This scenario is not true for high strain-

rates as the system is highly constrained in the sense that the strain application is so rapid 

that the timescale governing the period of application of the strain is of the order of only 

a few thermal atomic vibrations and therefore the system appears to be thermally frozen. 

The system is unable to relieve the increase in strain via thermal motion of atoms and 

almost all the strain is used to up in just stretching the interatomic bonds. Thus at high 

strain-rates the fracture strength is only a function of the intrinsic bond-strength of the Si-

O bond and consequently higher than the lower strain-rate cases. 
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Figure 4.4(a): Uniaxial Stress-Strain Curves for the BKS glass at 300 K. The 'region' 
labels are specific for the 0.10 /ps case. 

A further examination of 4.4(a) would indicate that the stress-strain curves have four 

distinct regions (as shown in the above figure), in good agreement with past observations, 

where only region I was clearly identified to be due to the elastic deformation of the Si-0 

bonds. As pointed out earlier, one of the many goals of this work was to completely 

characterize the stress-strain curves at various strain-rates. In order to do that, we looked 

at the evolution of 'critical' voids as a function of strain at every strain-rate. 

Figure 4.4(b) shows the radius of the biggest void (BV) as a function of strain for all 

strain-rates for the BKS glass. As previously stated, each stress-strain curve has four 

distinct regions, the final (fourth) region corresponding to an already separated sample 
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(zero-stress region). The more important regions are the first three distinct parts of the 

curve. Consider figure 4.4(b) which depicts the evolution of the size of BV at all strain-

rates. For every strain-rate one can define three distinct regions (I, II and III), very similar 

to the corresponding stress-strain curves. Region I is characterized by a gradual growth in 

the size of BV. In region II, the growth is muted and the increase in size of BV with 

increasing strain is not as noticeable as it is in region 1. This is followed by a rapid 

increase in the size of BV (region III and region IV). The limits of each region (i.e. the 

strain interval over which each region is defined) in both figure 4.4(a) and figure 4.4(b) 

are almost identical and can be easily related to each other. The limits of each region in 

both figures 4.4(a) and 4.4(b) are tabulated in Table 4.5. 
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Figure 4.4(b): Growth of the critical void (BKS) as a function of strain for different 
strain-rates at 300 K. The 'region' labels are specific for the 0.05 /ps case. 

Range of 
Strain 

Strain-Rate 

Region 1 Region II Rqion III Region iV 

0.1 0-0.16 0.16-0.23 0.23-0.50 >0.50 

0.05/jps 0-0.16 0.16-0.22 0.22-0.48 >0.48 

0.01 /ps 0-0.16 0.16-0.20 0.20-0.30 >0.30 

0.005/ps 0-0.15 0.15-0.18 0.18-0.27 >0.27 

Table 4.5; Extent of each 'stress-strain' region for the BKS glass as a function of strain-
rate. 
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The extent of each region for every strain-rate can be related to the 'relative 

brittleness' of the material. In other words, the material fractures in a more brittle fashion 

( or tends to flow less) at low strain-rates as the extent of region II and region III is much 

smaller at low strain-rates, while at higher strain-rates the system tends to 'flow' more 

with increasing strain. 

Figures 4.5 ((a), (b), (c)) represent the Si-0 first neighbor RDF's as a function of 

strain for a representative strain-rate (0.05 /ps). In figure 4.5(a), the Si-0 peak shifts to 

larger distances of separation with increasing strain, corresponding to region I behavior, 

where there is elastic stretching of the Si-0 bonds. Between strains of 0.16 and 0.22 

(region II), the RDF distributions are very similar (as shown in figure 4.5(b)), implying 

that the strain is definitely not used up in extending the Si-0 bonds further. Figure 4.5(c) 

represents the fact that in region III there is 'bulk recovery', as, at a much higher strain 

(0.325), the Si-0 peak shifts back to 1.6 A, corresponding to an unstrained Si-0 bond 

length. The fact there is both bulk recovery as well as a rapid growth in BV in region III 

is something that will be investigated in a later section. 
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Figure 4.5(a): Evolution of the 'BKS' first neighbor Si-0 RDF's in region I as a function 
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Figure 4.5(b): Evolution of the 'BKS' first neighbor Si-0 RDF's in region II as a function 
of strain at a strain-rate = 0.05 /ps. 
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Figure 4.5(c): Evolution of the 'BKS' first neighbor Si-0 RDF's in region III as a 
function of strain at a strain-rate = 0.05 /ps. 

The stress-strain curves show that in region II, the stress does not vary with increasing 

strain. This combined with the fact that the region II Si-0 RDF's are very similar, imply 

that the excess strain in region II is used up in some form of structural rearrangement 

rather than the elastic stretching of Si-0 bonds. If the above were not true, then we 

would have seen a further linear increase of stress with strain as well as a shift to larger 

values of Si-0 separation. In addition, consider figure set 4.6; this signifies the void-size 

distribution for the representative case (strain rate = 0.05 /ps) at different strains. 
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Figure 4.6(a): Evolution of the void-size distribution of the BKS glass as a function of 
strain in region I for strain rate = 0.05 /ps. 
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Figure 4.6(b): Evolution of the size distribution for smaller voids in the BKS glass as a 
function of strain in region II for strain rate = 0.05 /ps. 
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Figure 4.6(c): Evolution of the size distribution for bigger voids in the BKS glass as a 
function of strain in region II for strain rate = 0.05 /ps. 
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Figure 4.6(d): Evolution of the void-size distribution of the BKS glass as a function of 
strain in region III for strain rate = 0.05 /ps. 

Initially, with increasing strains (up to strain = 0.16), there is a steady increase in the 

number of voids of all sizes, with the size of bigger voids (at each strain) becoming larger 

as shovm in figure 4.6(a). One can immediately correlate the above fact to the growth of 

voids via elastic deformation of the Si-0 bonds. In region II, i.e between strains equaling 

0.16 and 0.22, there is initially a slight increase in the number of smaller voids (between 

strains 0.16 and 0.19 as shown in 4.6(b))) and a subsequent decrease at strain = 0.22. 

Also, there is a marginal increase in the number of bigger voids at strain = 0.22 (4.6(c)), 

though the size of the biggest void is almost constant in this interval (as pointed out 

before). This, combined with the fact that the Si-0 RDF's do not change in this interval, 

implies that in region II, there are some smaller voids that combine with some bigger 



voids, to result in a slight increase in the number of bigger voids at strain = 0.22. This 

corresponds to the nature of structural rearrangement as discussed in the previous 

paragraph. Figure 4.6(d) corresponds to region III and points out to the fact there is 

resumption in the growth of the bigger voids, while the number of relatively smaller 

voids (< 4 A) actually decrease with increasing strain. In fact, the number distribution of 

much smaller voids (< 3 A) at high strains (= 0.29) is very similar to that in the 

equilibrated BKS glass at 300 K (figure 4.3(a)), indicating bulk recovery. But, there is a 

rapid increase in the size of the bigger voids. Ultimately, some of these voids 

interconnect to form an extended zigzag crack leading to separation of the material at a 

much higher strain (figure 4.7 (a)) and the formation of two free surfaces (figure 4.7(b)). 
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Figure 4.7(a): Network of voids that interconnect leading to separation of the material; 
the biggest void is colored red. The voids form a network perpendicular to the straining 
direction. 
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Figure 4.7(b); A pictorial representation of the formation of two free surfaces. 

Having identified three distinct regions in figure 4.4(a) and figure 4.4(b) in 

conjunction with figure set 4.5 and figure set 4.6, we can define the size of a 'critical 

void' to be the size of BV at the 'onset' of region III. Onset occurs at strains that increase 

with increasing strain-rate (around 0.18 for 0.005 /ps, all the way to 0.23 for 0.1 /ps). The 

size of the critical voids is also a function of strain-rate, the critical radius being about 4 

A for lower strain-rates (0.005 and 0.01 /ps) and around 4.5 A for the higher strain-rates 

(0.05 and 0.1 /ps). The above definition of the size of a 'critical' void is slightly 

misleading, as, in addition to this primary void, there are other voids that grow as rapidly. 

Since, in the previous paragraph, we had also pointed out that the distribution of small 

voids in region III is similar to that of the unstrained equilibrated BKS glass, it would be 



safe to infer that the almost all the strain applied to the system is concentrated around 

these big voids leading to their rapid growth. Thus, a logical conclusion would be that 

despite the method of applying uniform strain throughout the system, there is flow of 

strain into the 'critical' regions surrounding these big voids. 

In addition to the above data, we also looked at the evolution of the bond angle 

distributions (BAD) as a function of strain for the representative case of strain rate = 0.05 

/ps. Figure set 4.8 illustrate the variation in BAD's (both O-Si-0 and Si-O-Si) with strain. 

A comparison between the set of figures indicates that while the O-Si-0 BAD (figure 

4.8(d)) does not vary much with increasing strain, there is a discemable difference in Si-

O-Si BAD as a function of strain. Specifically, within the elastic region, the Si-O-Si peak 

shifts from about 144° all the way up to 163° (figure 4.8(a)), where it remains static over 

an interval of strain (corresponding to region II- figure 4.8(b)), and then moves back to a 

less-strained bond angle (region III- figure 4.8(c)). 
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Figure 4.8(a); Evolution of the 'BKS' Si-O-Si bond angle distribution (BAD) in region I 
as a function of strain at a strain-rate = 0.05 /ps. 
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Figure 4.8(b): Evolution of the 'BKS' Si-O-Si bond angle distribution (BAD) in region II 
as a function of strain at a strain-rate = 0.05 /ps. 
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Figure 4.8(c): Evolution of the 'BKS' Si-O-Si bond angle distribution (BAD) in region 
III as a function of strain at a strain-rate = 0.05 /ps. 
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Figure 4.8(d); Evolution of the 'BKS' O-Si-0 bond angle distribution (BAD) as a 
function of strain at a strain-rate = 0.05 /ps. 
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Having discussed the BKS fracture process at some length, we now turn our attention 

to the CTBKS as well as the TTAM glasses. Figure 4.9 represents the stress-strain curves 

for the CTBKS glass. A comparison between figures 4.4(a) and 4.9 shows that CTBKS 

glasses are much stronger than the 'normal' BKS glasses but the nature of the stress-

strain curves is identical. 

Strain rate » 0,10/ps —* 
strain rate » 0,05/ps - --
strain rate a 0.02/ps 
strain rate « 0.01/ps — 

O 20 

0 0.1 0.2 0.3 0.4 0.5 0,7 
Strain 

Figure 4.9: Uniaxial Stress-Strain Curves for the CTBKS glass at 300 K. The 'region' 
labels are specific for the 0.01 /ps case. 

The fact that the CTBKS glass is stronger (with respect to the BKS glass) is a direct 

consequence of the way we had set up charge transfer to proceed as we strained the 
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sample. In other words, the system is inherently biased to resist the straining of Si-0 

bonds, as the magnitude of charge increases on both atoms with increasing Si-0 bond 

lengths, thereby making the coulombic term much stronger. Figure 4.10 represents the 

net average charge on the Si sub-lattice- 'qSi' (of CTBKS) as a function of strain (at 

different strain-rates). Figure 4.11 depicts the evolution of BV for the CTBKS glass; the 

evolution of BV's can once again be closely correlated to the stress-strain curves (in a 

similar fashion to BKS). Region II extends over a smaller range of strain, while the onset 

strain occurs at a larger strain with respect to the BKS glass for a given strain-rate. Table 

4.6 lists the range of each region for every strain-rate. 

2,48 
«tfalnrat«*0.10/ps 
$M(i rates 0.0$/ps 
sMtn rates 0.02/ps 
strain rate « OJI^ps 2.46 I 

2.4S 

2.41 

2.4 

2.39 

2.38 

2.37 
0 OJ 0.4 0.5 0.« 0.7 

Strain- : 

Figure 4.10: Variation of the net average charge on the Si sub-lattice (qSi) of CTBKS 
glass as a function of strain at 300 K 
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Figure 4.11: Growth of the critical void (CTBKS) as a function of strain for different 
strain-rates at 300 K. The 'region' labels are specific for the 0.05 /ps case. 

Range of 
Slian 

Stoam-Rate 

Region 1 Region II R^ion III Region IV 

0.1/k}s 0-0.23 0.23-0.27 0.27-0.50 >0.50 

0.057^3 0-0.21 0.21 -0.25 0.25-0.50 >0.50 

0.02 yps 0-0.21 0.21 -0.24 0.24-0.43 >0.43 

0.01 /ps 0-0.18 0.18-0.23 0.23-0.40 >0.40 

Table 4.6: Extent of each 'stress-strain' region for the CTBKS glass as a function of 
strain-rate. 
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From figure 4.10, it is easy to infer that the variation of qSi mimics the variation of 

stress with strain. In addition, the maximum value of qSi increases with increasing strain-

rate. This observation is a direct consequence of the fact that Si-0 bonds are much more 

strained at higher-strain-rates, and, as the charge on a Si/0 atom is simply a function of 

the Si-0 bond distance, its magnitude increases with increasing bond distance. 

It would have been instructive as well as informative to study the charge transfer 

behavior of glasses under strain, where the net charge on an atom goes to zero when all 

atomic bonds are broken for the given atom, but the resulting glasses were very weak and 

their densities were much smaller than the experimental densities. However, the more 

important outcome is the fact that the stress-strain behavior for both CTBKS and BKS 

glasses are similar and only differ in a scaling factor (proportional to the Si-0 bond 

strength). Thus it would be very reasonable to expect that the fracture mechanisms as 

such will not be drastically affected by charge-transfer effects. 

The stress-strain curves for the TTAM glasses are shown in figure 4.12. For every 

strain-rate the maximum fracture strength of the TTAM glass is comparatively smaller 

than the BKS glass. This can be attributed to the fact that the equilibrated TTAM glass 

has a lower density (therefore more free volume is available) and also to the marginal 

differences in the intrinsic Si-0 bond strengths predicted by the respective potentials. 
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But, of significance is the fact that the stress-strain behavior and the grov^h of BV (figure 

4.13) for the TTAM glass is once again similar to the BKS case. 
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Figure 4.12: Uniaxial Stress-Strain Curves for the TTAM glass at 300 K. The 'region' 
labels are specific for the 0.01 /ps case. 
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Figure 4.13: Growth of the critical void (TTAM) as a function of strain for various strain 
rates at 300 K. 

From the above discussions it is clear that the mechanistic behavior of the three 

systems under scrutiny namely BKS, CTBKS and TTAM are qualitatively very similar 

when subjected to uniaxial strains in spite of the differences in fracture strengths. Thus 

needless details pertaining to the evolution of RDF's and BAD's of the CTBKS and the 

TTAM glasses as a function of strain have not been included. 

So far, we have looked at certain 'global' properties of the system and were able to 

identify that up to a certain strain, there was elastic deformation/elongation of the Si-0 

bonds (region 1), and beyond which, over a certain range of strain (region II), the stress 
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did not vary much. We inferred that there was a gradual coalescence of voids in region II, 

and past an onset strain, there was a rapid growth of some big voids leading to the 

separation of the material (regions III and IV) and therefore formation of free surfaces. 

During this process, there were also visible signs of recovery of the original structure in 

the bulk. This analysis was an important exercise to characterize the fracture process; 

nevertheless further analysis was required, in order to identify the exact nature of atomic 

mechanisms that leads to the growth and formation of voids, as well as to describe the 

surface reconstruction process. 

4.3.2 Fracture Surface Structure 

Let us initially focus on characterizing the surface structure of the two free fracture 

surfaces that are formed after separation of the material. Earlier, Simmons et al. [11-15] 

had observed that the fracture surface to be oxygen-rich. In the present case, an 

inspection of all fracture surfaces that were created also revealed the same. This 

information though useful is not complete. Thus we started examining the surface 

structure in little more detail. The fracture surfaces were not very smooth and consisted 

of crests and troughs. The fracture surfaces formed when the strain rate = 0.02 /ps, 0.01 

/ps and 0.005 /ps were relatively smoother than the others. One such surface (0.01 /ps) 

was picked for a closer examination. 

Figure 4.14(a) represents the Si-Si RDF close to the surface (to a depth of 6 A) and 

figure 4.14(b) represents the bulk Si-Si RDF. One can immediately notice that there are 
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additional features (peaks) at around 2.4-2.7 A in the surface Si-Si RDF. This implies that 

the surface structure could be significantly different from the bulk. To further probe the 

apparent difference in these structures, we examined the Si-O-Si BAD for surface oxygen 

atoms. Previously it was pointed out that the unstrained bulk Si-O-Si BAD peaks at 

around 144° and ranges from 130°-160°. In the case of the surface Si-O-Si BAD's, one 

can readily see peaks at around 90° as shown in figure 4.15(a). Also, the O-Si-0 BAD 

close to the surface displays features/peak between 80° and 90°. 
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Figure 4.14(a): Si-Si RDF close to the fractured BKS a-Si02 surface. 
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Figure 4.14(b); Si-Si RDF of bulk a-SiOi. 

Recently, Bromley et al. [89], using first-principle calculations, proposed the existence 

of a new form of silica with edge-sharing silica units connected in a ring or as a chain. 

The basic building block of these rings/chains was a ring consisting of 2 Si and 2 O 

atoms. These two-membered (2-M) rings were also observed on surfaces of amorphous 

and crystalline silica [90, 91]. Specifically, Ceresoli et al. [90] used ab initio MD 

simulations to study the effect of water on a p-cristobalite as well as a-Si02 surface. They 

observed hydroxylation of bridging oxygens, which was accompanied by weak hydrogen 

bonding between neighboring hydroxyls. Upon dehydorxylation, 2-M rings were formed; 

the strain energy associated with these rings being very large. In addition, Ferrari et al. 

[92] and Bunker et al. [93] experimentally determined that the 2-M rings form on silica 
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surfaces at temperatures > 900 K, which could be easily reversibly hydrolyzed. But at 

higher temperature (> 1400-1700 K), in the absence of water, thermodynamic 

rearrangement of the pure silica structure favored the formation of stable 2-M rings. 

Weiss et al. [94] using experimental imaging techniques, also studied the silica surface 

and observed extended 2-M structures that form chains consisting ofN(13<N< 100) 2-

M units. Roder et al. [91] used classical MD simulations with BKS as the interatomic 

potential and were able to notice the presence of 2-M rings on the surface of dry 

amorphous silica. They concluded that the potential well of surface atoms was much 

broader than that of the bulk atoms. 

The above-discussed 2-M ring is represented in figure 4.16(a). As obvious from the 

figure, the Si-O-Si bond angle, as well as the O-Si-0 bond angle is about 90°. This 

structure is much different from the bulk-comer sharing silica tetrahedral structure (figure 

4.16(b)), and is more compact. Obviously, the characteristics of the fractured surfaces 

that we had obtained are very similar to that of the 2-M ring structure, leading to the 

inference that the 2-M ring structure is prevalent on the fractured oxygen-rich silica 

surfaces. Similar to the observation of Weiss et al, the 2-M rings form extended chains 

on the fractured surfaces, the strain energy provided to the system (via the constant 

strain-rates) enough to overcome to mutual steric repulsion between neighboring 2-M 

units. This result is not too surprising though, as one would expect a more planar network 

structure consisting of edge-sharing tetrahedra on a 2-D surface rather than the bulk 3-D 

comer-sharing stracture. 
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Figure 4.15(a): Si-O-Si BAD close to the fractured BKS a-Si02 surface 
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Figure 4.15(b): O-Si-0 BAD close to the fractured BKS a-SiOa surface 
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Figure 4.16; The 2-M edge sharing structure is depicted in 16(a), and the bulk comer-
sharing structure is illustrated in 16(b). 

4.3.3 Atomic Rearrangement Mechanisms and Surface Reconstruction 

In the previous section we were able to identify the differences in the surface and the 

bulk structure. In order to establish the actual nature and amount of transformation 

occurring from the comer-sharing stmcture to the 2-M planar stmcture while the material 

is strained that ultimately results in the surface reconstmction process, we examined the 

evolution of the number of 2-M rings with increasing strain as shovm in figure 4.17 for 

two representative cases (0.01 /ps and 0.05 /ps). 
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Figure 4.17: Number distribution of the 2-M rings as a function of strain for the BKS 
glass at two different strain rates (0.01 /ps and 0.05 /ps). 

From figure 4.17, it is evident that there are very few 2-M rings in region I and II and 

past region II (beyond the onset strain), there is a dreimatic increase in the number of 2-M 

rings. Also, once the material separates (region IV), there is a clear saturation in the 

abundance of the 2-M rings. Figure set 4.18 depicts the location (projected on to a 2-D 

plot) of the 2-M rings at different strains (corresponding to the 4 regions identified in the 

stress-strain curves) for a strain rate = 0.01 /ps. One can immediately see that beyond the 

onset strain (figure 4.18(b)), most of the 2-M rings are located close to big voids (BV). 

Also, in region IV, the structure close to the surface predominantly consists of 2-M rings, 

especially for the surface on the left (figure 4.18(c)). 
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Figure 4.18: The distribution of the 2-M rings as a function of strain in a BKS sample 
under a strain rate of 0.01 /ps. (a) represents the distribution before onset (in region I an 
II), (b) represents the distribution in region III (strain = 0.26) and (c) depicts the 
distribution once a fracture surface is formed (region IV). 

Keeping in mind that the size of BV's also increases much faster past the onset strain, 

one can draw a logical conclusion that past a critical size of BV (i.e beyond the onset 

strain), BV behaves as a strain concentrator and the BV's surface becomes a virtual free 

surface, thereby hastening the formation of the 2-M structures. Also, given the fact that 
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edge-sharing 2-M structures are much more compact than the open comer-sharing bulk 

silica structure, we can also conclude that around the critical voids, atomic rearrangement 

occurs via local transformation from a comer-sharing to an edge-sharing stmcture. As 

this transformation proceeds in the critical regions (around the voids), the system is able 

to reject the excess free volume (that results from the difference in the two structures) 

into the voids, or in neighboring regions that result in the growth of 'satellite' voids. Thus 

the 'parent' void grows via the rejection of free volume into it, or by coalescing with its 

neighboring voids. Thus the fracture process in the critical regions proceeds via a two-

step feedback mechanism, which consists of i) atomic rearrangement and restmcturing on 

and around a void's surface area, and ii) growth of the void via rejection of volume that 

occurs due to the restructuring of the 'local' stmcture. Simultaneously, past the onset 

strain, there is bulk recovery in rest of the material. Finally, the material separates when 

critical voids form an interconnected network or a single critical void grows, such that the 

length of the void(s) extends across the dimensions that are perpendicular to the uniaxial 

strain direction of the material. This leads to the formation of two sub-materials, whose 

surface stmcture is vastly different from the bulk stmcture. 

4.3.3.1 Illustration of a comer-sharing to an edge-sharing transformation 

The following set of figures- 4.19 (a), (b), and (c) show the evolution of local stmcture 

in BKS glass when subjected to a strain rate = 0.01 /ps. Specifically, we track two 

neighboring silica tetrahedra that initially share a common oxygen atom and later form a 

2-M ring. 
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Figure 4.19(a) shows two Si atoms- 1 and 2 (as indicated in the figure) that share a 

common comer-sharing oxygen atom (Oc). As the material is strained, one of the oxygen 

neighbors (Oi) of Si (1) ceases to be a neighbor as shown in figure 4.19(b) (we define a 

Si atom and an oxygen atom to be neighbors if their distance of separation is < 2 A), and 

Si (1) becomes 3-coordinated, while Oi becomes 1-coordinated . At a slightly higher 

strain, Si (1) acquires a new neighbor (O2), which results in the formation of the 2-M ring 

(figure 4.19(c)). 

A more detailed examination of the process indicates that the transformation is rapid; 

within a strain increment of 0.01, the bond distance between Si (1) and Oi goes from 1.78 

A to 2.23 A, and then within the next successive 0.01 strain increment, the distance of 

separation becomes > 3.5 A. hi this process both atoms acquire a great amount of 

velocity resulting in rapid motion of the two atoms. This results in Si (1) atom being 3-

coordinated temporarily till it acquires O2 as a neighbor to make it 4-coordinated. During 

the period that Si (1) is 3-coordinated, Si (1) and its three oxygen neighbors form an 

almost planar structure. Once Si (1) becomes 4-coordinated, there is an inversion in the 

corresponding tetrahedron's orientation. As the 2-M ring is formed, O2 becomes 3-

coordinated, with its neighbors being Si (1), Si (2) and Sin, as shown in figure 4.19(c). 

Before the formation of the 2-M ring, O2 was coordinated only to Sin and Si (2). 
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Figure 4.19 (a), (b), and (c): Snapshot of the 'local' structure of the 'BKS' glass when 
subjected to a strain rate = 0.01 /ps. The red atoms are oxygens and blue indicates silicon 
atoms. 
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Though we discussed a very specific case to illustrate the formation of a 2-M ring, in 

general, the formation of all 2-M rings with increasing strain can be represented by the 

above discussed mechanism that involves forming 1-coordinated oxygen atoms (1-C O), 

3-coordinated silicon atoms (3-C Si) and then 3-coordinated oxygen atoms (3-C O) as 

seen in the following figures. 
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Figure 4.19(d): Variation of the number of 2-M rings and the number of non-regular 
coordinated atoms as a function of strain at a strain rate = 0.01 /ps. 
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Figure 4.19(e): Variation of the number of 2-M rings and the number of non-regular 
coordinated atoms as a function of strain at a strain rate = 0.05 /ps. 
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Figures 4.19(d) and 4.19(e) represent the number distribution of the 2-M rings and the 

number of non-regular coordination states of the atoms as a function of strain at 0.01 /ps 

and 0.05 /ps respectively. By 'non-regular' we refer to the silicon and oxygen atoms that 
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are not in their normal coordination states (4 and 2 are the normal coordination states of 

silicon and oxygen respectively). From the two figures it is clear that the number of 1-C 

oxygen atoms and 3-C silicon atoms increases rapidly between the onsets of region II and 

region III. This corresponds to the fact that some Si-0 bonds are broken leading to the 

change in the coordination of the respective atoms. The fact that the number of 1-C 

oxygen atoms is greater than the number of 3-C silicon atoms is because some of the 

silicon atoms that lost an oxygen neighbor were already 5-coordinated. In addition, some 

of the 3-C silicon atoms rearranged rapidly to become 4-coordinated once again, with a 

fraction of these atoms forming 2-M rings (corresponding to a small increase in the 

number of 2-M rings between region II and region III). 

Past the onset of region III, the number of 2-M rings and the number of 3-C oxygen 

atoms increase rapidly. As shown previously in figures 4.19(a), 4.19(b) and 4.19(c), this 

corresponds to the fact that the 3-C silicon atoms become 4-coordinated once again by 

forming 2-M rings. This results in one of the oxygen atoms (belonging to the 2-M ring) 

becoming 3-coordinated. Also, not all 3-C silicon atoms get converted to 2-M rings. In 

region IV, the number of 2-M rings and the number of 3-C oxygen atoms saturate. 

Just beyond the onset of region III, the number of 1-C oxygen atoms and the number 

of 3-C silicon atoms reach a maximum. Then, there is a subsequent decrease with the 

number distribution saturating in region IV. Interestingly, the number of 1-C oxygen 

atoms is almost identical to the number of 2-M rings in region IV. This implies that only 
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some 1-C oxygen atoms rearrange to become 2-coordinated, while the majority (initially 

coordinated to silicon atoms that subsequently form 2-M rings) remains the same. Almost 

all of these 1-C oxygen atoms are found close to the fracture surfaces. The 1-C oxygen 

atoms that rearrange coordinate with either 4-coordinated silicon atoms (resulting in an 

increase in 5-C Si) or with some of the 'unconverted' 3-C silicon atoms (resulting in a 

decrease in the 3-C Si). 

A comparison between the number of 3-C silicon atoms at 0.01 /ps and 0.05 /ps as a 

function of strain shows that the maximum number of 3-C silicon atoms at 0.05 /ps is 

much larger. This is due to the fact that at smaller strain-rates, more 3-C silicon atoms 

(with respect to 0.05 /ps) are able to rearrange to become 4-coordinated once again. In 

contrast, in the later stages of fracture (region IV), the number of remaining 

'unconverted' 3-M silicon atoms is slightly larger at 0.01 /ps. This can be attributed to 

the fact that at lower strain-rates, some 3-C oxygen atoms (belonging to 2-M rings) relax 

structurally to 'break away' from the neighboring silicon that is not associated with the 2-

M ring. This leads to the creation of 3-C silicon atoms and a decrease in the number of 3-

C oxygen atoms (the 3-C O becomes 2-coordinated). Thus, the number of 3-C oxygen 

atoms at the lower strain-rate is smaller than the number of 2-M rings. At 0.05 /ps, the 

number of 3-C oxygen atoms is identical to the number of 2-M rings up to region IV. In 

region IV, initially the number distributions are similar, while later, the number of 3-C 

oxygen atoms slightly increase. The additional number of 3-C oxygen atoms corresponds 

to the relatively large (compared to 0.01 /ps) increase in the number of 5-C silicon atoms 
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signifying that some of the 2-C oxygen atoms in the bulk acquire an additional silicon 

neighbor leading to an increase to an increase in 3-C oxygen and 5-C silicon atoms, hi 

fact, the number of 5-C silicon atoms becomes larger than the number of 3-C silicon 

atoms. 

Also, the maximum number of 2-M rings in both cases is almost identical, meaning 

that the 'efficiency' of conversion of 3-C silicon atoms to 2-M rings is much higher at 

lower strain-rates. The fact that the number of 2-M rings in both cases is comparable in 

region IV indicates that the nature of the fracture surfaces formed is similar at the two 

strain-rates, as the 2-M rings are found predominantly close to the fracture surface. 

A detailed analysis of the various simulation results indicated that no silicon atom was 

part of two (or more) 2-M rings. This observation has an interesting implication; the 

silicon atoms of a 3-membered silicon ring cannot directly form two 2-M rings that 

would include all of the constituent silicon atoms. The following sequence of illustrations 

(figure 4.19(f)) will help shed more light on the above observation. 
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Figure 4.19(f): An illustration of the comer-sharing to an edge-sharing transformation 
process involving a 3-membered ring. 

As evident from the above figure, the 3-membered ring could potentially transform to 

form two 2-M rings involving the three silicon atoms. Such an event is not observed in 

our simulation studies. Thus if one of the Si-0 bonds of the silicon atoms belonging to 

the 3-membered ring is broken, this would result in either the creation of a 3-C silicon 

atom that would be unable to form 2-M rings (which in turn can be correlated to the 

existence of 'unconverted 3-C silicon atoms), or the formation of a single 2-M ring 

between two of the three constituent silicon atoms such that the two silicon atoms are part 

of a larger ring. Thus the transformation would have to involve larger rings. This is 

extremely consistent with our past observations that show atomic rearrangements 
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involving the formation of 2-M rings occur around big voids. Obviously, the space 

enclosed within a 3-membered ring is much smaller than the space within a higher order 

ring. Figure 4.19(g) is an illustration of a typical transformation process that involves 

three comer-sharing tetrahedra that do not constituent a 3-membered ring. 
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Figure 4.19(g): An illustration of the corner-sharing to an edge-sharing transformation 
process. 

Thus, so far, we have been able to identify the critical regions- regions surrounding 

critical voids, and the atomic rearrangement that occur in the critical regions that result in 

the ultimate separation of the material. In the following sections, we will discuss the 

effect of density and temperature on the fracture process and point out differences if any. 
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4.3.4 Effect of Density on the Fracture Process 

In order to document the effect of density, the various DS and VS glass samples were 

strained at the different strain-rates. The number of different samples prepared equals ten, 

and therefore illustrating the behavior of each sample at every strain-rate is a rather 

cumbersome exercise; thus we will discuss only select, pertinent simulation runs (at 300 

K) that can state clearly the effects of density. 4.20(a), and 4.20(b) depict the behavior of 

the different VS glasses at strain-rate equaling 0.05 /ps and 0.01 /ps respectively, while 

figures 4.21(a) and 4.21(b) represent the behavior of the DS glasses at the above given 

strain-rates. 
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Figure 4.20(a): Uniaxial Stress-Strain Curves (at 0.05 /ps) for select VS glasses at 300 K 
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Figure 4.20(b): Uniaxial Stress-Strain Curves (at 0.01 /ps) for select VS glasses at 300 K. 
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Figure 4.21(a): Uniaxial Stress-Strain Curves (at 0.05 /ps) for select DS glasses at 300 K 
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Figure 4.21(b): Uniaxial Stress-Strain Curves (at 0.01 /ps) for select DS glasses at 300 K 

Consider the two pairs of figures- 4.20(a, b) and 4.21 (a, b); for both types of the 

samples (VS and DS), and at each concentration, the fracture strength is higher at the 

higher strain-rate (0.05 /ps) and at a given strain-rate, the fracture strength decreases with 

decreasing density. In addition, the less dense DS samples typically tend to flow more at 

a given strain-rate, while the opposite is true for the VS glasses. 

The fact that lower-density VS glasses tend to be more brittle, is because the central 

void is larger in the lower density VS glasses. This is akin to having a predetermined flaw 

in the sample, which behaves as a stress/strain concentrator. Since the central voids are 
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bigger in the low-density VS samples, there is a larger surface area for atomic 

rearrangement to take place past the elastic regime. This leads to the external strain being 

concentrated in these critical regions, and a faster and relatively sudden separation of the 

material. 

Though the above plots were useful in providing some elementary information on the 

effect of density, a more valuable and interesting plot would be one that compares the 

behavior of different types of samples, namely the regular BKS glass, the DS, and the VS 

glass at a given strain rate as shown in figure 4.22. Specifically, we compare 5% glasses 

(DS and VS) with the regular glass at a strain-rate of 0.01 /ps. 
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Figure 4.22: Comparison of the Uniaxial Stress-Strain Curves (at 0.01 /ps) for regular 
BKS glass, DS (5%) glass and VS (5%) glass at 300 K. 
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From the above figure, it is clear that among the three types of glasses, the VS glass 

demonstrates the most brittle characteristics, while the DS glass has the most flow. Also, 

one would notice that region II in the VS glass does not correspond to saturation in stress 

with increase in strain, but instead a continued increase in stress with increasing strain. 

The other noticeable feature of the above plot is the fact that initial elastic region in the 

VS and the regular glasses overlap. This elastic region is different in the DS glass, as the 

initial internal stress in the material is non-zero, meaning that the material is already in a 

strained state prior to the application of the uniaxial strain, leading to a different response 

to the applied strain. 

Consider figure 4.23(a); the growth of BV in the VS glass is initially gradual and then 

much faster. There is a clear absence of saturation in growth of BV, indicating that region 

II is an extension of region I. This is because the VS glass has a big central void whose 

surrounding atoms had already rearranged to form the 2-M structure even before the 

external strain was applied. This is shown in figure 4.24(a) depicting the Si-O-Si BAD of 

atoms close to the void, which is characteristic of the 2-M structure, as well as in figure 

4.24(b), which illustrates the distribution of the 2-M rings around the central void. As the 

external strain is applied, it is initially used in stretching the voids elastically. Past the 

elastic limit, the presence of the 2-M structures enables the rapid and direct growth of 

voids via the 2-step feedback process. 
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If one looks at the initial size-distribution of the voids in the regular glass and the DS 

glasses (figure 4.3), the size of the biggest voids in DS are relatively larger. In addition, 

the initial growth of BV in the DS sample is not as conspicuous as in the other two 

glasses (figures 4.23(a) and 4.23(b)). This is due to the fact that each of these big voids 

acts as a local strain concentrator, meaning that the applied strain gets distributed among 

these voids. This results in a relative slower growth of these voids with increasing 

external strain, meaning that criticality is achieved only at higher values of strain (relative 

to say the regular BKS glass at the same strain-rate). This results in more flow in the case 

of the DS glasses. 

Thus the initial size-distribution of voids plays a crucial role in the amount of flow that 

a material undergoes before separation. A similar argument holds true for behavior of 

even a regular glass at high strain-rates, where the combined effect of the short timescale 

of the simulation and the uniform application of the external strain, results in the 

distribution of the applied strain throughout the material, and therefore a slower growth 

of these local voids (with respect to increase in strain). Consequently there is more flow 

before the material ultimately breaks. In contrast, when the material is strained at a much 

slower strain-rate, the strain is able to concentrate in critical regions (due to the longer 

timescale of the simulations), leading to quicker growth (with respect to increasing strain) 

of critical voids, resulting in less flow, and fracture in a more brittle fashion. 
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Though the above discussions hold true in general, an interesting counter-example will 

now be described to show that there is a critical interplay between the void-size 

distribution and the uniaxial strain-rate especially in the case of the DS glass. In the 

previous paragraph, part of the discussion centered on the fact that at high strain-rates, 

more flow is observed due to the fact the bigger voids grow much slower (with respect to 

increase in strain) and that the initial size distribution of the voids plays a major role in 

controlling the amount of flow in the fracture process. Now, consider figure 4.25, which 

is in direct contradiction to what was just discussed. Clearly there is more flow when the 

DS (5%) sample is strained at a lower strain-rate (0.05 /ps) than at a higher strain-rate 

(0.075 /ps). An explanation of this apparent paradox is as follows: Past a certain critical 

strain-rate and beyond the elastic regime, the bigger voids are frozen out, and the system 

reacts to the instantaneous applied strain as if the biggest voids did not exist. Thus in this 

scenario, the process is not determined by the presence of the biggest void(s), instead, the 

smaller voids control the fracture process. This is because, in the timescale of the high 

strain-rate simulations, strain is unable to flow into the vicinity of the bigger voids, which 

are therefore unable to function as stress/strain concentrators. 

In addition, the fracture strength of the regular glass is higher than the other two. This 

is due to the fact that some silicon and oxygen atoms in the DS and VS glasses are not in 

their normal coordination states (neighboring oxygen and silicon atoms are defined to be 

coordinated to each other if their distance of separation < 2.0 A). In fact, there is an 

abundance of these atoms in the DS glass, hence its fracture strength is lowest among the 
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three (as shown in Table 4.7). The abundance of these atoms also results in a slower 

growth of voids in DS, as atomic rearrangement around the voids becomes much more 

difficult. This is because the atoms have to be in their right coordination states for the 

restructuring to proceed smoothly. 
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Figure 4.23(a): Growth of the critical void for the VS glass as a function of strain for 
strain-rate = 0.01 /ps at 300 K 
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Figure 4.23(b): Growth of the critical void for the regular and the DS glass as a function 
of strain for strain-rate = 0.01 /ps at 300 K. 
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Figure 4.24(a): Initial Si-O-Si BAD of atoms in close proximity to the central BV in the 
VS glass. 



Figure 4.24(b); Initial 2-M ring distribution around the central BV in the VS glass. 
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Figure 4.25; Uniaxial Stress-Strain Curves for DS (5%) at select strain-rates at 300 K 
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Glass type 

'̂-"'Coonlination % 

Ovenfunder-
oxxdinated O atoms 

Overiunder-
coonfinated Si atoms Glass type 

'̂-"'Coonlination % 
1-cooid 3-cooid S-cooid 5-coonl 

Regular BKS glass 
0.01 % 0.21% 0.00% 0.17% 

5 % VS glass 

0.58% 0.98% 0.26% 1.08% 

5 % DS glass 

1.84% 2.46% 0.98% 2.24% 

Table 4.7: Tabulation of the number of under/over- coordinated atoms in the different 
types of glasses. 

4.3.5 Effect of Temperature on the Fracture Process 

In this section, we attempt to completely characterize the role of thermal effects on 

fracture. In previous sections, we had documented the behavior of the regular BKS glass 

only at room temperature (300 K), and so the fracture process of the BKS glass will be 

studied at two other temperatures (1000 K, and 2000 K). Higher temperature (> 2000K) 

simulations were not carried out to avoid viscosity-driven fracture mechanisms. At the 

above two temperatures, the BKS glass was well equilibrated in a NVT simulation to 

maintain the room-temperature experimental density of 2.2 g/cc. Thermal expansion 

effects were neglected as the thermal expansion coefficient is very small for the silica 

glass. 



As before, the BKS glass at three different temperatures, was subjected to a range of 

strain-rates (0.005 /ps - 0.1 /ps). Some select results will be presented to highlight 

thermal effects on fracture. Figures 4.26(a) and 4.26(b) represent the variation of uniaxial 

stress with strain at 1000 K and 2000 K respectively. As expected, at a given temperature, 

the fracture strength increases with increasing strain-rate, while for a given strain-rate, the 

fracture strength decreases with increasing temperature. The decrease in fracture strength 

with temperature can be related to the fact that the interatomic bonds get weaker as 

temperature increases. This fact is highlighted by figure 4.27, where the first-neighbor Si-

O RDF's of the three glasses is represented (before the systems are strained). As clear 

from the figure, the distribution gets much broader with increasing temperature, meaning 

that on an average, the Si-0 bond is much more strained (and therefore weaker) at higher 

temperatures. Additionally, the 2000 K glass has some under-coordinated silicon and 

oxygen atoms, similar to the DS glasses of the previous section. This makes the 2000 K 

glass inherently weaker. 
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Figure 4.26(a): Uniaxial Stress-Strain curves for the BKS glass at different temperatures 
with strain-rate = 0.05 /ps 
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Figure 4.26(b): Uniaxial Stress-Strain curves for the BKS glass at different temperatures 
with strain-rate = 0.005 /ps. 
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Figure 4.27: First neighbor Si-0 RDF's at different temperatures. 

A comparison of figures 4.26(a) and 4.26(b) would indicate that the material that 

flows the most is the 2000 K glass at the higher strain-rate (0.05 /ps), and the 300 K glass 

at 0.005 /ps. At the lower strain-rate (0.005 /ps), the amount of flow in the 1000 K and 

the 2000 K glasses is very similar. Also, the onset strain in the 1000 K glasses occurs at a 

lower value of strain with respect to the 300 K and the 2000 K glasses. The above 

behavior can be explained on the basis of the void-size distribution among the three 

glasses. As pointed out earlier in a previous section, the 2000 K has a broader distribution 

of void-size and the size of the biggest voids is much larger than in the 300 K and 1000 K 

glasses, with the void-size distribution in the 300 K and the 1000 K being very similar. 
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Consider the high-strain rate case; The fact that the 1000 K glass is much more brittle 

than the 300 K glass and the fact that its initial void-size distribution is similar to the 300 

K glass, means that the growth of voids is greatly enhanced at higher temperatures (1000 

K with respect to 300 K) when the external strain increases, as shown in figures 4.28(a) 

and 28(b). The growth of BV in the 300 K glass is not as much as it is in the 1000 K 

glass. This implies that flow of strain (strain concentration) around the big voids is much 

larger in the 1000 K glass and is therefore enhanced by the increase in temperature. A 

logical extension of the above fact would imply that the 2000 K glass should have 

exhibited the most brittle behavior at all strain-rates. But obviously this is not true. This 

can be attributed to the fact the initial void-size distribution in the high-temperature 2000 

K glass is much broader with much bigger voids present. This leads to a greater 

distribution of strain in the 2000 K glass with increasing external strain, and since the 

timescale of the high strain-rate simulation is short, the increase in flow of strain due to 

high temperature is not enough to offset the strain distribution occurring due to the 

presence of some big voids, resulting in more flow in the 2000 K glass. 

At low strain-rates, the flow in the 2000 K and the 1000 K glass is very similar, and 

the above glasses are more brittle than the 300 K glass. The timescale involving the 0.005 

/ps simulations is much longer, and therefore the enhancement of flow of strain due to 

elevated temperatures is enough to overcome the effect of large voids, making the flow in 

the 2000 K glass comparable to that in the 1000 K glass, and much less with respect to 

the 300 K glass. 
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Figure 4.28(a): Evolution of the biggest void (BV) as a function of strain for a given 
strain-rate = 0.05 /ps for the BKS glass at different temperatures 
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Figure 4.28(b): Evolution of the biggest void (BV) as a function of strain for a given 
strain-rate = 0.005 /ps for the BKS glass at different temperatures. 

4.4 Chapter Summary 

The BKS, CTBKS and the TTAM glasses showed similar responses when strained 

uniaxially at different pull-rates. The stress-strain curves (at various strain-rates) were 

characterized with respect to the growth of voids. The observed flow in the fracture 

process was due to growth of voids resulting from transformation in the local structure, 

which in turn led to rejection of free volume into the parent void or the surrounding 

satellite voids. (This mechanism also results in the strain being able to flow into these 

regions). At high strain-rates, the regular glasses tended to flow more than they did at 

lower strain-rates. 
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The structural transformation taking place in 'critical' regions is rapid and involves the 

formation of 3-C Si atoms. Specifically, as strain is increased, some Si-0 bonds become 

more strained and eventually the bond snaps, leading to rapid motion of the silicon and 

the oxygen atoms. The under-coordinated silicon atoms then rearrange such that the 

corresponding silicon tetrahedron shares a 0-0 edge with a neighboring tetrahedron, 

rather the tetrahedra sharing a common oxygen atom (comer-sharing). This 

transformation leads to a local compaction in the structure and consequently there is more 

free volume that is rejected into the surrounding voids. 

The effect of changing the density of the material on the fi-acture process was 

significant. Specifically, the method by which the DS glasses were formed determined 

the relative brittleness of the material. Since some atoms were randomly removed from 

the regular glass to form the DS glasses, a number of defects (under/over-coordinated 

atoms) were created in the structure. Equilibration of this sample led to formation of 

voids around the defect sites. 

For the DS glasses, there was a critical interplay between the strain-rate and the void-

size distribution. In the DS glasses, at high strain-rates, the system was 'oblivious' to the 

biggest voids, and consequently less flow was observed. This behavior was not apparent 

in the regular glasses. The above differences in behavior can be attributed to the fact that 

at high strain-rates, the growth of the biggest voids in the DS glass was inhibited by the 
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inability of the surrounding atoms to suitably rearrange as some of the atoms were not in 

the right coordination state. Thus in the timescale of higher strain-rates, some smaller 

voids (surrounded by atoms in the regular coordination state) were able to grow, while 

the bigger voids were frozen out. Systems with just one big void (VS glasses) showed the 

most brittle behavior. The external strain gets concentrated around these voids resulting 

in a relatively fast and sudden fracture behavior. 

Fracture simulations were also carried out at 1000 K and 2000 K, to characterize the 

role of thermal effects. The BKS glass was equilibrated at the above temperatures to 

ensure zero pressure, though the density of the glass was held fixed. The initial void-size 

distributions in the 300 K and the 1000 K glass were very similar, while the 2000 K glass 

had a broader distribution, with larger voids present. Thus, high temperatures enhanced 

the formation of larger voids. The 1000 K glasses, in general were more brittle than the 

300 K and the 2000 K glasses. At low strain-rates, the 2000 K glass had less flow when 

compared to the 300 K glass, while the reverse was true at very high strain-rates. 
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5 MULTISCALE METHODOLOGIES TO REPRESENT 
FRACTURE IN BRITTLE MATERIALS 

A material undergoing brittle fracture can be thought of consisting of two principal 

regions; the region in and around the crack-tip , and the far-field equilibrium region, 

where the material is in the elastic regime, i.e the atoms are essentially in their 

equilibrium positions. So far, in this dissertation, the focus had been on modeling and 

characterizing the atomic processes taking place around the crack-tip or equivalently in 

regions of high-stress, where the stress-strain relationship is highly non-linear, while 

ignoring the far-field region. But, a complete representation of the brittle fracture process 

has to consider both regions. A technique like MD, in principle can be used to model the 

whole fracture process, but this is computationally very expensive. Specifically, consider 

a tiny l|am^ model material with a propagating crack. This is equivalent to at least lO" 

atoms. If one has to use MD as the modeling tool, then at every MD time step, one has to 

account for all atomic degrees of freedom, a computational nightmare. A more prudent 

and an elegant way of treating the problem is to model the two regions separately and to 

couple them without any loss of information. 

The region far away from the crack tip is in elastic conditions and therefore can be 

treated using continuum elastic theory (simulation techniques like finite elements), while 

region II can be represented by atomistic computations like MD. Thus, a complete model 

of brittle fracture would involve coupling an atomistic simulation (around the crack tip) 

and a continuum simulation (representing the far-field elastic region). In order to achieve 
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this successfully, there should be no loss of information at the interface of the two 

regions, and the total energy of the system should be conserved. This can be achieved by 

implementing multiscale methodologies that can bridge the two scales under study. 

Successful multiscale methodologies rely on a seamless coupling of length and time 

scales of the various simulation techniques that address the different scales. 

Many 'materials' problems like crack propagation, shock-wave propagation, and creep 

require a multiscale representation in order to model the governing processes accurately. 

Already, many past efforts have been undertaken by various research groups to model the 

above problems. In the following section, the various methodologies that have been used 

to model the 'multiscale' problems will be discussed and possible shortcomings in the 

above models will be analyzed. Since the focus of this dissertation has been on 

developing models to represent the fracture process in materials, special emphasis will be 

placed on developing new multiscale methodologies that are capable of modeling 

fracture. 

5.1 Multiscale Methodologies 

Multiscaling has recently received much attention in several branches of physical 

sciences. In materials, a large part of the work is devoted to modem simulation methods 

involving coupling of length scales and sometimes time scales; they can be characterized 

as serial or concurrent. In serial methods a set of calculations at a fundamental level 

(small length scale) is used to evaluate parameters for use in a more phenomenological 
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model that describes a phenomenon of interest at longer length scales. For example, 

atomistic simulations can be used to obtain the constitutive behavior of finite elements, 

which are then used to simulate larger scale problems [95]. Several research groups are 

presently working productively on such methods, and several applications can be found 

[96, 97]. Another relevant example would be the development of interatomic potentials 

from first principles calculations, which are then used to model atomic-level processes; 

BKS and TTAM potentials are prime examples of such potentials. 

Concurrent methods rely on coupling seamlessly different computational 

methodologies applied to different regions of the material. Mullins and Dokanish [95] 

were among the first to propose a concurrent coupling scheme. The idea was to embed 

pseudo-atoms in a finite element region and let these atoms interact with the Molecular 

Dynamics (MD) atoms through the MD interatomic potential. Tadmor, Ortiz and Phillips 

[96] combined finite elements with atomistics in order to embed a defective system (such 

as a crack) within a continuum. Their approach, a zero temperature relaxation technique, 

consisted of a finite element mesh, with an underlying atomistic Hamiltonian to calculate 

the energy density of each cell. The distinguishing feature fi"om the 'run of the mill' 

continuum schemes was the fact that though all approximations were strictly kinematic in 

nature, all input into the system concerning material behavior was atomistic. Rafii-Tabar 

[98] and co-workers implemented a stochastic coupling scheme to bridge a molecular-

dynamics region to a finite element region. The system consisted of a crack in a two-

dimensional silver plate and was propagated in time using a stochastic differential 
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equation. The dynamics of the system resembled 'Brownian' dynamics. Rudd and 

Broughton [99] developed a technique for the simulation of the mechanics of micron-

scale solid systems. The technique also known as 'Coarse Grained Molecular Dynamics 

(CGMD)' captures the important atomistic effects without the computational cost of 

conventional atomistic simulations. The CGMD equations of motion were derived 

directly from finite temperature molecular dynamics (MD) through a statistical coarse 

graining procedure. The derived equations allow a seamless coupling of the various 

length scales. The proposed scheme involves a finite element (FE) region, which is 

atomic sized in some regions. 

Broughton and co-workers [100] proposed an algorithm involving hand shaking 

between Finite Elements (FE), MD and semi-empirical Tight-Binding (TB) regions. TB 

simulations incorporate electronic level calculations in an average way. Hence the above 

methodology is an example of multiscaling done at three different scales. Their algorithm 

was able to dynamically track a crack propagating through a medium (silicon). The 

system consisted of a silicon slab flawed by a microcrack at its center and the system 

subjected to a uniaxial tension. The handshaking between the MD and FE regions was 

achieved by drawing an imaginary surface between the MD and the FE regions. Within 

the range of the MD interatomic potential from this surface, FE mesh points were located 

at equilibrium atomic sites. Moving away from this handshake region into the FE region, 

the mesh spacing was made larger. A conservative Hamiltonian was defined to ensure the 

right time evolution of the atomic and displacement trajectories within the handshake 



region. The Hamiltonian as defined by them could be conceptualized as follows: imagine 

two different materials sitting on either side of the interface; in one case it is the FE 

material and the other, an MD material. Any FE element that crosses over contributes 

half its weight to the Hamiltonian. Similarly any MD interaction that crosses the 

interface, contributes half its weight. In their implementation, the FE region was 2D and 

the MD region was 3D, the third dimension of the FE region treated in mean field. The 

coupling of the TB and the MD region was also concurrent and it involved the 'dangling' 

bonds being 'tied off with univalent atoms. In other words, the region chosen for TB 

description was terminated with univalent atoms. The pair potential that couples these 

atoms to the interior TB atoms was chosen to maintain charge neutrality, provide bond 

energy equal to a Si-Si bond and provide a longitudinal force constant equal to that of 

silicon. The inherent larger size of the mesh in the FE region results in the FE region 

being unable to handle the short wavelength modes. Hence the FE degrees of freedom 

were coupled to a Langevin thermostat to thermalize the short wavelength modes of the 

stress waves. 

Kohlhoff, Gumbsch, and Fischmeister [101] introduced a transition region between 

the two regions and scaled down the finite element size to the atomic scale in the 

transition region. Unlike the previous case, the interface was of finite size and not sharp. 

Abraham et al. [102] combined the above two techniques by constructing an explicit 

Hamiltonian for the atoms and the FE nodes in the transition region by weighing their 

contributions with respect to their distance away from the middle of the interface. Ogata 
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and co-workers [103] used a similar algorithm to study chemical reactions and its 

interplay with mechanical phenomena in materials. They were able to model with a fair 

amount of success, the oxidation of a Si (111) surface. The quasicontinuum method 

formulated by Shenoy et al. [104], links atomistic and continuum models through a 

reduction of the full set of atomistic degrees of freedom, to model crystals with more than 

one grain, grain boundary structures and their energetics, hi this method, the total energy 

of the system is expressed as a weighted sum of contributions of representative atoms. 

The local environment of atoms is taken into account, and depending on the local 

deformation gradient, the atomic energies are calculated. 

In linear elasticity the fundamental properties such as stress, strain, and moduli are 

thermo-mechanical quantities. These quantities are defined such that they satisfy the 

thermodynamic and the long time limit. That is, these quantities represent averages over 

a large enough number of microscopic constituents and nearly infinite time. Calculating 

some of these quantities from atomistic models does not present significant difficulties as 

long as large enough systems and long enough times are used. This constitutes the basis 

for the coarse graining model (discussed above) that enables the extension of atomistic 

systems into the realm of continuous models with seamless coupling between length 

scales. Problems in bridging continuum (e.g. FE) and atomistic regions may arise when 

the continuum or part of the continuum region is pushed outside the thermodynamic and 

long time limit. This is the case in many of the methodologies briefly reviewed above 

where the finite elements coupled to an MD region are reduced to "atomic" dimensions. 
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The spatial coupling between unphysically small FE and atoms implies also that the long 

time limit may not be satisfied. In addition, an elastic continuum does not obey the same 

physics over all possible wavelengths as that of a discrete atomic system. This physical 

mismatch is easily noted in the dispersion relations of both systems that overlap only in 

the long wavelength limit [105]. Based on the above observations, one can expect an 

elastic impedance mismatch between a continuum and atomic simulation when an 

attempt is made to couple them. 

Having identified the potential shortcomings that one encounters while bridging 

continuum simulations to atomistic simulations using the above discussed techniques, we 

propose to examine and quantify the impedance mismatch between an elastic continuum 

and an atomistic region as the continuum spatial and temporal scales are forced toward 

atomic scales. In order to achieve this, we have coupled dynamically an elastic 

continuum modeled with the finite difference time domain (FDTD) method and an 

atomistic system modeled with MD. The impedance mismatch at the interface between 

the MD and the FDTD systems is probed with an incoming elastic wave packet with 

broadband spectral characteristics centered on a predetermined central frequency. 

Reflection of part of the probe wave packet is a sign of impedance mismatch between the 

two systems. This reflection is characterized in the time and frequency domains over 

spatial and time scales ranging from atomic scales to the thermodynamic/long time limit 

scales. Once this is achieved, the efficacy of our methodology to model fracture will also 

be discussed. In the following sections, a brief overview of the FDTD method will be 
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presented, followed by a discussion focusing on the nature of coupling between the 

FDTD and MD regions. Results and its implications will then be presented. 

5.1.1 Finite Difference Time Domain Method 

The finite difference method in general is a time-tested robust method to solve 

differential equations by replacing differentials with finite differences. When applied 

specifically to solve time dependent differential equations, it is referred to as finite 

difference time domain method (FDTD). FDTD methods have been successfiilly used to 

study wave propagation in inhomogeneous media. Sigilas and Garcia [106] used FDTD 

for the integration of a fiill three-dimensional elastic wave equation in a non-

homogeneous media for understanding the propagation and gap existence in these media. 

These methods were found to be superior to plane wave expansion (PWE) methods while 

dealing with inhomogeneties in solids and the authors reported very good convergence in 

their simulations. FDTD is a much simpler scheme to implement than FE and is 

inherently well suited to study wave propagation. Additionally, imposing boundary 

conditions is much easier in FDTD methods. 

The FDTD scheme discretizes the wave equation ^ in both the spatial and 
dt  p  dXj  

time domains and explicitly calculates the evolution of 'u' in the time domain. {Tij is the 

stress tensor, p is the density, w, is the i"" component of the displacement vector u(r). The 

FDTD region is discretized into N 1-D elements. We assume that the FDTD region to be 

infinitely stiff in the other two directions. The elastic wave equations are approximated 
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using center differences in both time and space. The displacement of any element n at 

each time step is a function of the stress gradient CT„ across that element. The 

displacement and the stress evolution of the system is given by 

Ax 
cr„(  ̂+ AO = Ci,„ff„(  ̂+ AO, 

Ax 
A^2 

u„ ( t  + At)  = 2u„ i t )  -u„{t -  At)  + —— [(T^ '  ( f ) l  
Pniir  ^ 

where Ax is the length of each element, At  is the size of the FDTD time step, and , 

Ci,„, and are the strain, stiffness and the density of the n"' element. Thus in this 

technique we can predict the displacement of every element knowing the stress on that 

element. We assume that the stress on any element is uniform. Absorbing boundary 

conditions [107] are implemented in order to prevent reflection from the end elements of 

the FDTD mesh. The following relations denote the boundary conditions; 

where and corresponds to the longitudinal velocity of the elastic wave 
\P  

through the medium. 

5.1.2 Model System 

The elastic system to be probed is chosen to be Argon. The elastic constant Cn was 

found from a series of MD simulations carried out under the conditions of constant strain, 

number of molecules and temperature. The model for the atomic system was a three-
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dimensional face centered cubic (FCC) crystal with periodic boundary conditions 

containing 500 particles interacting through a 6-12 Lennard-Jones potential with 

parameters chosen to simulate argon. The interatomic potential was truncated at a 

distance of 8.51 A. The uniaxial long-time limit stress (o") - strain (s) curve for that 

crystal (figure 5.1) was obtained at 46 ° K with the temperature maintained via a velocity-

rescaling scheme. The MD system was propagated through phase space by solving the 

equations of motion at each time step using the Verlet integrator. 

For these calculations, a strain was applied in one direction while maintaining the 

length of the other edges of the simulation cell rigid. The strain was applied in 

increments of 2x10"'^ in the interval [-0.1 to 0.1] and the resulting stress was then 

calculated from a virial-like equation by averaging over 5000 MD time steps. An MD 

time step (dt) equals 10.0394 fsec. The curve was then fit to a third degree polynomial 

given below: 

o- = 4.304x10'"^' - 1.54x10'V' + 3.045x10' e  
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Figure 5.1: Uniaxial stress vs. strain curve for the LJ-MD system. 

5.2 FDTD/MD Coupling 

An adaptive mesh and algorithm method (AMAR) developed by Garcia et al. involved 

embedding a direct simulation Monte Carlo (DSMC) particle method within a Navier-

Stokes continuum method solver at the level of an adaptive mesh refinement (AMR) 

hierarchy [108]. In AMAR, the DSMC region uses a time step that is comparable to that 

of the finest continuum grid. This is extremely useful for problems that span many time 

scales because a small time step is used in regions that require high resolution and this 

method has been successfully used to study the flow of a fluid past a sphere, and the 
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compression of gases by a movable piston. The concept of using different time steps to 

address different length scales has been the idea behind the 'time scaling' involved in our 

simulations. 

The handshaking (coupling) is handled by replacing one FDTD element by a 3-D MD 

cell, the MD cell parameters chosen to exactly match the 'model MD system'. As shown 

in the above equations, the equations of motion for the propagation of the wave through 

the medium involves solving for the displacement as well as the stress fields for every 

FDTD element at every FDTD time step. The stress and the strain for every element are 

assumed to be uniform over its length. Thus, when an FDTD element is replaced by an 

MD cell, the equivalent displacement and stress for the element is calculated by 

uniaxially straining the MD cell along the direction of the wave propagation (the strain is 

obtained from the above equation). The condition of rigidity in the other two directions is 

satisfied by keeping the length of the edges of the MD cell constant in these directions. 

The average value of the MD stress is evaluated for every FDTD time step with the final 

configuration of the MD atoms obtained at the previous FDTD time step serving as the 

initial state for the current MD calculation. 

Since the continuum is assumed to be perfectly elastic, the elastic constant (C/;) of the 

FDTD region was chosen to be 3.045 GPa, which corresponds to the linear term of the 

stress-strain equation. This ensures a coarse serial coupling between the MD and FDTD 

region. 
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5.2.1 Time scaling: 

A preliminary study of the wave propagation characteristics indicated that the FDTD 

time step (/Itent) had to be smaller than (Ax/2c„) for a stable algorithm. At every FDTD 

time step, the MD stress is calculated by averaging over {= LtIdt) time steps, with 

Af < . A reduction in At automatically leads to a decrease in the number of MD time 

steps over which stress is averaged (for every FDTD time step). It is therefore possible to 

push the time coupling between the two simulation techniques in such a way that one 

achieves in the smallest limit, a one to one correspondence between the two time steps. 

The FDTD/MD hybrid method, therefore, allows us to test a range of time scaling 

conditions from coarse graining to time matching between a continuum and an atomic 

system. 

5.2.2 Spatial coupling 

The number of FDTD elements is chosen to be 10000. The length of each FDTD 

element (Ax) was chosen to equal the zero pressure box length of the MD cell (26.67 A). 

The central wavelength of the wave packet was chosen to be an integral multiple of Ax, 

to ensure stability of the FDTD algorithm. 
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5.2.3 Probing signal 

The probing wave packet is a one-dimensional wave packet and is of the 

form cos(-fcc) exp( )), where k is the wave vector, and ao the maximum amplitude 

of the wave. The wave is propagated through the medium with an initial longitudinal 

velocity CQ. The signal's frequency spectrum is broadband and the central frequency of 

the wave packet v equals c^k. 

5.3 Results 

5.3.1 Simulation Parameters and System Setup 

The impedance mismatch between the two systems (FDTD and MD) was probed as a 

function of the central frequency of the wave packet (v). Simulations were carried out 

for two values of v namely 0.393 GHz and 3.93 GHz with ao equaling 50 A and 5 A 

respectively. Though, the maximum displacement ao equals 50 A (which is greater than 

the length of the FDTD element), the strain on any element is only a fraction of its length 

(refer  the  def in i t ion of  s t ra in) .  At  every  f requency,  the  s ize  of  the  FDTD t ime s tep  (At)  

was systematically decreased, and the impedance mismatch was studied as a fiinction of 

, with equaling (94,47,23,12,8,4). 

The signal is initially centered about the 5000"^ element and is propagated along the 

positive X direction. The MD cell is located at element # 6000 (refer figure 5.2). The 

coupling is examined by analyzing the reflected signal at an element some distance away 
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from the MD cell. This signal is compared and contrasted with the signal that is reflected 

in the case when the MD cell behaves as an FDTD element with a non-linear C// as 

determined previously from the third-order (c) vs. (£•) relationship. The latter case will 

be referred to as the 'pseudo MD-FDTD coupling (PC)' while the former will be referred 

to as the 'real-time MD-FDTD coupling (RTC)'. Discrete fast Fourier transforms (FFT) 

[109] are used in obtaining the frequency spectrum of all the signals. 

10000 

MD Ce:il 

Figure 5.2: An illustrative representation of the system consisting of 10000 elements; the 
open boxes represent FDTD elements and the darkened box corresponds to the MD cell. 



5.3.2 Case l:(v-0.393 GHz) 

Figure 5.3 represents the signal as it propagates (for the case when = 94) as well 

as its frequency spectrum. Even though a cursory glance at figure 5.3 may appear to 

indicate to the naked eye that the signal propagates through the medium without any loss, 

there is a fraction of the initial signal that is reflected from the MD-FDTD interface. The 

reflected signals (both RTC and PC) were obtained as a function of (figure 5.4). The 

magnitude of the reflected signals does not change significantly as a function of . 

Therefore in this work we discuss the signals for some representative cases (=94, 47, 

23 and 4). As obvious from figure 5.4, the magnitude of the 'PC signal is always smaller 

than the 'RTC signal, though the general shapes of the signals are identical. 
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Figure 5.3: (a) Time evolution of the wave packet @ 0.393 GHz for Nmd = 94, (b) 
Frequency Spectrum of the wave packet. 



-0.015 

0.025 

0.02 

0.015 

0.01 

0.D05 

-O.OOS 

.̂01 

-0.015 

6.5 7.5 8 8.5 9 

Time (nanoseel 

9.5 10 10.5 11 

7.5 8 8,5 £ 

Time (nanosec) 

10.5 11 



164 

-0.005 

6 6.5 7 7.5 8 8.5 9 9.5 10 1Q.5 11 

Time (nanosec) 

(d) 
RTC 

PC 
0.02 

0.015 

to U'f  0.01 

c 

E 0.005 

LL 
b 

-0.005 

-0.01 

-0.015 
7 7.5 9.5 10 6 8 8.5 9 10.5 11 

Time (nanoseo) 

Figure 5.4: Amplitude of the reflected signals @ 0.393 GHz when Nmd - a) 94, b) 47, c) 
23, d) 4. 
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The frequency spectra of these signals are shown in figure 5.5. One notices the fact 

that for every value of Nmd, the lower end of the frequency spectrum for both the 'RTC 

and the 'PC signals are pretty similar, with the number of features (humps) in the signals 

increasing with decreasing Nmd- hi addition, for every Nmd, the 'PC signal has an upper 

cutoff at around 3 GHz, while the 'RTC signal has a cutoff at around 150 GHz. 

5.3.3 Case 2: (v= 3.930 GHz) 

As in the previous case, though the signal appears to propagate without any visible 

loss (figure 5.6), there is a small amount of reflection. Similar to the previous case, the 

amount of reflection does not depend significantly on Nmd- But unlike the previous case, 

the 'RTC signals are not similar to the 'PC signals. There is a clear mismatch in the 

frequency spectrum of the two signals, with the intensity of the frequencies being 

significantly higher for the 'RTC signals (figure 5.7). The cutoff for the 'PC signals 

(figure 5.8) is around 30 GHz, which is an order of magnitude greater than the cutoff for 

case 1. This corresponds exactly to the fact that v for case 2 is an order of magnitude 

greater than v for case 1. hiterestingly, the cutoff for the 'RTC signals is still around 150 

GHz. 
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Figure 5.5 (a) and (b): Frequency spectrum of the reflected signals @ 0.393 GHz; (a) 
Nmd = 94, (b) Nmd = 47. For each case the figure on the left represents the low 
frequency range of the signal, while the figure on the right represents the high frequency 
range of the signal. 
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Figure 5.5 (c), and (d): Frequency spectrum of the reflected signals @ 0.393 GHz; (c) 
Nmd = 23, (d) Nmd = 4. For each case the figure on the left represents the low frequency 
range of the signal, while the figure on the right represents the high frequency range of 
the signal. 
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Figure 5.6: Time evolution of the wave packet @ 3.930 GHz for Nmd = 94. 
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Figure 5.7: Frequency spectrum of the reflected signals @ 3.930 GHz; a) N^d = 94, b) 
Nmd - 23. For a) and b) the figure on the left represents the low frequency range of the 
signal, while the figure on the right represents the high frequency range of the signal. 
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Figure 5.8 The complete 'PC frequency spectrum of the reflected signal @ 3.930 GHz 
for Nmd = 94. 'PC corresponds to a pseudo coupling between the FDTD and the MD 
regions. Since the 'PC signals for every Nmd are very similar, only a representative 
case is shown. 

5.4 Discussion 

The previous section clearly showed the following: 

The amount of reflection (of both RTC and PC signals) was extremely small and 

independent of Nmd- The 'PC and the 'RTC spectra were comparable at the lower 

probing frequency, and the mismatch greatly increased for the higher probing frequency. 

The 'RTC and the 'PC signals had distinct cutoffs, with the cutoff for the 'PC signals 

being much smaller than that of the 'RTC signals. This can be explained on the basis 
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that the 'PC signal represents the long-time limit of the coupling, where the high 

frequency (short wavelength) modes are averaged out, while the abrupt cutoff for the 

'RTC signal represents an upper-limit in the frequencies that can be supported by the 

FDTD system. The discretization of the continuum into small elements modifies its 

dispersion relation by introducing an upper limit on the frequencies (a Debye-like 

frequency) that can be resolved. This upper limit on frequency for traveling waves 

depends on the extent of discretization of the continuum i.e. the size of the element. The 

effect of this frequency cut-off will be illustrated further below. 

5.4.1 FDTD/MD coupling with no Probing Signal 

Consider the case of a stand-alone MD simulation at zero external pressure. The 

internal stress of the MD cell will typically oscillate about zero such that the average 

stress equals zero if the simulation is run for many MD time steps. The frequency 

spectrum of the stress for the model stand-alone MD system used in our simulations was 

determined and is shown in figure 5.9. The frequency spectrum of the stand-alone MD 

cell spans frequencies up to several lO'^ Hz. As a next step we carried out an FDTD-MD 

multiscale simulation (with the same conditions used for the wave propagation studies 

when Nmd = 4), except for the fact that there was no probing wave packet. The frequency 

spectrum of the coupled MD cell was obtained and is shown in figure 5.10. The spectrum 

shows a distinct peak at 160 GHz; this mode of vibration associated with a feedback 

resonance between the thermalized MD and the FDTD region. This resonant mode of 

vibration arises because of the way the two regions are coupled (refer to the definition of 
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strain and stress on any element). Here the FDTD cells neighboring the MD cell respond 

to its stress fluctuation in the form of a non-zero displacement; this displacement in turn 

strains the MD cell with a subsequent change in internal stress. The resonant frequency is 

a characteristic of the size of the MD cell and corresponds to a wavelength of about 80 A, 

which is about three times the size of an FDTD element. In addition, frequency spectra of 

the displacements of elements away from the MD cell were also obtained (figure 5.10). 

Figure 5.10 clearly shows the fact that as one moves away from the MD cell, the cut-off 

moves to lower frequencies suggesting that the discretized FDTD system possesses a 

Debye-like frequency below 160 GHz. The resonant FDTD-MD vibrational mode 

appears therefore as a 'localized' mode in the vicinity of the MD cell, with the amplitude 

decaying as one moves away from the MD cell. The above fact combined with the 

knowledge that the MD cell fransmits additional thermalized energy (corresponding to 

the higher frequency modes present in the RTC signals) makes the current multiscale 

system non-conservative. Thus defining a 'reflection coefficient' for this system becomes 

a difficult proposition, as in addition to the system being non-conservative, one has to 

separate the MD transmitted energy from the 'pure' reflected energy arising from the 

coupling. 
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Figure 5.9: Frequency spectrum of the stress for the model stand-alone MD system. 
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Figure 5.10: a) Frequency spectrum of the MD cell (element # 6000) when coupled with 
FDTD elements, b) Frequency spectra of FDTD elements at various distances away from 
the MD cell. The inset of the respective figures refers to the location of the elements. 
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5.5 Significance of the Above Study 

The above work, involving the coupling of two different simulation techniques namely 

FDTD and MD, is significantly different than previously developed multiscale 

methodologies capable of modeling fracture in materials. Previous works, which involved 

coupling FE simulations with MD computations, had a well-defined transition zone 

demarcating two different regions that were represented by the two different simulation 

techniques. Very close to the transition zone, the dimensions of the finite elements were 

reduced to almost atomic dimensions in order to calculate local strains and stresses for 

each element. Stresses and strains are quantities that are defined only in the 

thermodynamic limit, hence the above methods are not physically very sound. Further, in 

these methods, the whole system (i.e the FE region and the MD region) are propagated at 

every MD time step. 

In the current FDTD-MD methodology, coupling of the two regions is much more 

subtle. The exchange of 'information' between the two regions does not take place across 

a limited transition region; rather, there is a collective response of the atomistic system 

due to a uniform stimulus provided by the continuum region, which is fed back into the 

continuum region. This method gets rid of the concept of reducing finite elements to 

atomic dimensions. In addition, the two simulations are propagated at different time 

steps, thereby reducing needless computation of the continuum simulation at every MD 

time step. 
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While developing multiscale methodologies that couple simulations addressing 

different length scales, one has to be careful while implementing these techniques to 

study mechanical properties of materials. This is because the dispersion relation for an 

elastic continuum is much different than an atomistic system and there is thus an elastic 

impedance mismatch between the two regions. Li the current study we probed the 

impedance mismatch by an elastic wave with broadband spectral features. The mismatch 

between the two regions was studied by analyzing the reflection (of the probing wave) at 

the interface as a function of the central frequency (v) of the probing elastic wave under 

two conditions: 1) A real time coupling between the MD and FDTD regions (RTC); 2) 

The MD cell being replaced by an FDTD element such that the elastic constant of the 

FDTD element equal the long-time limit value, hi other words, the FDTD element 

behaves as a pseudo MD cell (PC). 

The lower end of the frequency spectrum of both the 'PC and 'RTC signals were 

similar for v=0.393 GHz, though there was a significant mismatch when v=3.930 GHz. 

The cutoffs for the RTC and the PC signals were at totally different frequencies, with the 

cutoff for the RTC signal corresponding to a resonant feedback mode between the FDTD 

and the MD regions. The extent of discretization of the continuum imposed a Debye-like 

limit on the frequency propagation characteristics of the discretized continuum leading to 

the localization of the resonant mode in the vicinity of the MD cell. 
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There was no significant difference in the magnitude of the reflection as the time steps 

of the two simulations (FDTD and MD) were pushed closer to each other (i.e. as we 

decrease Nm^- However at every Nmd, the 'PC signal (representing the long-time limit) 

was significantly smaller. 

The FDTD-MD system as a whole is not conservative. The discretization of the FDTD 

region leads to attenuation of very high frequencies and therefore a loss in any 

propagating 'signal'. Also, the MD cell generates additional energy into the system due 

to the fact that it is thermalized, while the FDTD region is not. A possible solution to 

compensate for the additional energy pumped into the system by the MD cell is to link 

the FDTD degrees of freedom to a thermostat (similar to the ones discussed in chapter 2). 

Though, in this dissertation, an effort at multiscale modeling of the complete brittle 

fracture process will not be attempted, the ability of the above developed FDTD-MD 

method to represent brittle fracture will be discussed. Consider figure 5.11, where there 

is a crack present in the sample. Let a uniaxial strain rate equaling ds/dt be applied to 

two opposite edges of the material. In order to calculate the stress/strain distribution 

throughout the material, it will be convenient to divide the material into two regions; the 

region surrounding the crack and the far-field region. The far-field region can be 

represented by a series of 3-D FDTD cells, while MD can be used to represent the region 

surrounding the crack. A couple of important points have to be noted; i) solving the 3-D 

FDTD equations is a logical extension of the 1-D equations, so does not pose a 
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computational problem, and ii) choosing MD to represent the region surrounding the 

crack is under the assumption that the crack behaves as a stress concentrator, leading to 

large-scale atomic rearrangement around it. 

FDTD Region 
crack 

ds/dt 

FDTD Region 

00000000000000000000 
00000000000000000000 

00000000000000000000 
00000000000000000000 

>  M D  C e l l s '  

Figure 5.11: Schematic to represent the brittle fracture process using the FDTD-MD 
methodology. 

Since, in the above paragraph, only a qualitative discussion of the relevance of the 

FDTD-MD method to the brittle fracture process was given, a more detailed discussion 

will now be presented in the following section. 

5.5.1 FDTD-MD Methodology and Brittle Fracture 

As the material (as shown in figure 5.11) is pulled at a constant strain-rate, in order to 

study the fracture process, one has to get an accurate map of the stress and strain across 
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the material. If the material were only represented by a series of 3-D FDTD cells, then 

calculating the stress as a function of the increasing strain becomes trivial. All one has to 

do is to solve for the FDTD equations at all strains. Obviously, this 'continuum' approach 

would be incapable of capturing the physics controlling the fracture process and one has 

to represent the critical regions (surrounding the crack) by MD rather than FDTD cells. 

Let us assume that the size of the crack is around lOnm, and the dimensions of the 

material are 1x1x1 |am . An extended zone around the crack as shown in figure 5.11 

comprises the atomistic region. This zone is divided into many smaller MD cells, such 

that the some of the MD cells would border the crack. This would result in many of the 

MD cells surrounding the crack having many under-coordinated and a few over-

coordinated atoms (as some atoms will be removed to form the crack leading to a 

subsequent rearrangement). The crack in turn is made of FDTD cells, with the moduli of 

these cells set to zero. Thus the whole material can be thought of comprising of many 

FDTD as well as MD cells, in contrast to a single MD cell that was used in previous 

sections. 

Following closely the principles that were adopted while studying the propagation 

characteristics of an elastic wave through a FDTD-MD coupled medium, the stress and 

strain on any cell (FDTD or MD) is calculated via the 'inputs' from its neighboring cells 

(in 3-D). Appropriate conditions are applied on the boundary elements (i.e the FDTD 

elements on the faces of the material). In other words, while strain on the elements 
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comprising the two faces perpendicular to the direction of the applied strain at any given 

time equals the instantaneous external strain, the elements on the other four faces can 

either be subjected to a condition of rigidity (meaning that elements experience no 

displacement from their original positions), or experience a strain corresponding to the 

Poisson's ratio specific to the material. Also, since the time step of the FDTD simulation 

is larger than the MD time step, the external strain can be incremented for every FDTD 

time step as per the corresponding strain-rate. 

Rather than treating the atomistic region as a single unit, it was proposed that many 

MD cells would comprise the atomistic region. This would avoid applying the external 

strain (that is transmitted to the atomistic region via the FDTD cells) uniformly across a 

single MD cell, as this would result in over-constraining the system. Also, smaller MD 

cells will be tailor-made for a parallelized simulation code, hi spite of the 'discretization' 

of the atomistic region, atoms in each MD cell do interact with neighboring cell atoms. 

For atoms in the MD cells close to the FDTD interface, 'ghost atoms' are introduced to 

compensate for the lack of neighbors. Specifically, these ghost atoms are embedded in 

the FDTD region to provide the right coordination for the 'interface' atoms. While 

calculating the stress/strain on every MD element, contributions of these atoms to the 

virial summation are neglected. This does not provide a conceptual problem as such if 

one uses a short-ranged potential (like a Stillinger-Weber), where each atom only 

'interacts' with its nearest neighbors. Hence one has to take care in the choice of 

potentials. Once the simulation proceeds and there is a consequent growth in the size of 
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the primary crack, the size of the atomistic region can be suitably scaled by replacing the 

relevant FDTD elements by MD cells. Even though this would lead to an increase in the 

computing, the fact that the crack becomes larger would also mean that some original 

MD cells close to the initial crack would be replaced by the zero-moduli FDTD cells, 

thereby offsetting, at least partially, the need for more computing. Up to now, the extent 

of the atomistic region has not been discussed. Physically, the size of this region 

corresponds to extent of the plasticity zone, where the stress-strain relationship is highly 

non-linear. Since, in the present FDTD-MD methodology, the size of the MD region has 

to be defined beforehand, one can use the concepts of Barenblatt (as discussed in chapter 

1), to predict the range of plasticity, given the shape and size of the crack, and the mode 

of fracture. In order to calculate the size and shape of the crack with increasing strain, 

methods very similar to those employed to calculate the void-size distribution in the MD 

studies of silica fracture (previous chapter) can be used. 

Thus, in this chapter, a multiscale methodology has been developed, which could be 

used to model the complete fracture process in a brittle material. Further, the salient 

features of the above developed technique were also highlighted. 
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6 DISSERTATION SUMMARY, CONCLUSIONS AND FUTURE 
WORK 

Fracture in brittle materials proceeds via the swift and the rapid propagation of sub-

micron cracks. Under an external load, these cracks grow catastrophically leading to the 

eventful separation of the material. The crack-tips behave as stress concentrators and 

consequently there is extreme localization of the applied stress near the crack-tip. This 

leads to large scale atomic rearrangement about the crack-tip to reduce the strain energy. 

Many experimental as well as simulational investigations have been undertaken 

previously to characterize the local structure around the crack-tip due to the atomic 

rearrangements that take place as a result of stress concentration. These works have 

indicated the presence and growth of nanoscale voids in front of the crack-tip that 

eventually coalesce, but have failed to pinpoint the exact nature of atomic rearrangement 

around the crack-tip as well as the atomic mechanisms that govern the growth of these 

voids. Thus the primary aim of this dissertation was to characterize accurately the atomic 

rearrangement mechanisms around a propagating crack-tip or equivalently in regions of 

high-stress in brittle materials under an external load. In order to carry out the 

investigations, amorphous silica (a-Si02) was chosen as the 'model' material. 

6.1 Summary and Conclusions 

Molecular dynamics (MD) simulations of the fracture process in a-Si02 were carried 

out by subjecting the material comprising of 3528 atoms to different uniaxial strain-rates 

ranging from 0.1 ps to 0.005 /ps. hiteratomic interactions were represented by the BKS 
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and the TTAM potentials that were derived from first-principles. The a-Si02 glass 

samples were prepared by quenching low-cristobalite samples from the melt. The BKS 

glass had a resultant density that was close to experimentally determined densities (~ 2.2 

g/cc), while the TTAM glass was less denser (~ 2.06 g/cc). Additionally, two more kinds 

of materials were prepared by selective removal of atoms from the parent BKS sample. 

The first kind 'VS' was formed by removing atoms in a specific region such that a central 

void was formed in the material, while the second kind namely 'DS', was created by 

random removal of atoms in the parent sample. Both DS and the VS samples were 

stoichiometric and a series of these samples of various concentrations were prepared, 

such that 1 %, 2 %, 5 %, 7.5 %, and 10 % of the atoms were removed to form the DS and 

VS samples. 

The method of void analysis was used to characterize the various samples, which were 

equilibrated at 300 K. The size of the biggest void in the equilibrated TTAM sample was 

bigger than the biggest void in the BKS sample. In the DS and the VS samples, the size 

of the biggest void depended on the number of atoms removed, with the size increasing 

with an increase in the number of atoms removed. Obviously, the size of the biggest void 

was much bigger in the VS sample with respect to the DS sample, for a given number of 

atoms removed. 

In order to investigate the behavior of the BKS sample at higher temperatures, the 

material was equilibrated at 1000 K and 2000 K at constant volume conditions (the 



volume equaling the 300 K volume). Void analysis of the 300 K, 1000 K, and 2000 K 

BKS samples revealed that void-size distribution was very similar for the 300 K and the 

1000 K samples, while the 2000 K sample had a much broader distribution, with a larger 

number of bigger voids present. 

When the BKS sample was pulled at the various strain-rates, the resulting stress-strain 

curves indicated that the fracture strength of the material decreased with decreasing 

strain-rate. At every strain-rate, the stress-strain curve was characterized by four distinct 

regions, which in turn was related to the growth of the biggest void. Region I in the 

stress-strain curve was related to a gradual increase in the size of the biggest void and an 

elastic stretching of the Si-0 bonds, region II was characterized by a relative saturation in 

the growth of the biggest void as well as in the stretching of the Si-0 bonds, while region 

III was characterized by a rapid growth in the size of the biggest void and a gradual 

recovery in the bulk Si-0 bond length. Region IV corresponded to the complete 

separation of the material. The size of the biggest void at the strain corresponding to the 

onset of region III was defined to be 'critical' void radius and this radius increased with 

increasing strain-rate (so did the onset strain). Also, very similar behavior was observed 

for the TTAM glass, though the BKS glass was stronger. 

The atomic mechanisms governing the fracture process were also identified. The 

structure of a-SiOi consists of comer sharing silica tetrahedra, with these tetrahedra being 

randomly oriented leading to a very open silica network structure. With increasing strain 
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throughout the material, the existing voids deform elastically. Once some voids attain 

'criticality', there is a change in local structure around these voids, characterized by an 

abundance of edge-sharing rather than comer-sharing tetrahedra. Now, the growth of 

critical voids becomes a 2-step feedback process, such that, as and when the 

transformation from comer-sharing to a more compact edge-sharing stmcture takes place, 

the difference in the two stmctures manifests as rejection of free volume into the voids 

(or into neighboring satellite voids), resulting in growth of voids. As the size of these 

critical voids grows, there is a consequent increase in the amount of transformation on the 

surface of these voids, which in tum leads to further growth of voids either via direct 

rejection of free volume, or merging with the satellite voids. This ultimately leads to the 

separation of the sample. The stmcture of the two (or more) free surfaces that are created 

consists of a series of edge-sharing tetrahedra, with the surfaces being oxygen-rich. This 

result is not too surprising though, as one would expect a planar network stmcture 

consisting of edge-sharing tetrahedra on a 2-D surface rather than the bulk 3-D comer-

sharing stmcture. 

In order to investigate the effects of temperature, the material was subjected to the 

various strain-rates at 300 K, 1000 K and 2000 K. Generally, the 1000 K BKS glass 

fractured with the least flow, while the 2000 K and the 300 K glass fractured with the 

most flow at higher strain-rates (> 0.01 /ps) and lower strain rates respectively. Given that 

the initial void-size distribution of the 300 K and the 1000 K glass were very similar, the 

fact that 1000 K fractured with the least flow (and at a lower strain), meant that the 
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growth of voids was enhanced at higher temperatures, leading to faster coalescence and 

eventually separation. Based on the above observation, one would expect the 2000 K 

glass to be the most brittle at all strain-rates and the 300 K glass to have the most flow at 

all strain-rates, but as pointed out above, this was not universally true. In order to explain 

the above discrepancy, consider the initial void-size distribution of the 2000 K glass. The 

distribution is much broader relative to the 1000 K and the 300 K glasses, with relatively 

bigger voids present. For higher strain-rates, with increasing external strain, the strain got 

distributed throughout the 2000 K glass due to the presence of bigger voids. This resulted 

in a slower growth of the voids towards criticality and consequently, made the material 

flow much more with increasing strain. However, at lower strain-rates, though there was 

strain distribution among the various big voids, the timescale of the simulation allowed 

the bigger voids to coalesce at lower values of strains, given the fact that the growth of 

voids is enhanced at higher temperatures. This resulted in less flow of the 2000 K glass 

relative to the 300 K glass at the lower strain-rates, but the enhancement in the growth of 

the voids due to thermal effects was not enough to offset the slower growth of voids due 

to the extensive strain distribution throughout the material, to make the 2000 K sample 

more brittle than the 1000 K glass at lower strain-rates. 

The stress-strain curves of the DS and the VS glasses were a study in contrast. For a 

given number of atoms removed, the VS sample was much more brittle compared to the 

DS glass. This was due to the fact that the central void present in the VS samples behaved 

as a strain concentrator, thereby hastening the fracture process via extensive atomic 



187 

reconstruction near the void, hi comparison, the DS sample behaved in a fashion very 

similar to the high-temperature glass, where there were more voids (smaller with respect 

to the central void in the VS glass) present in the equilibrated sample. This lead to more 

flow when the DS samples were subjected to uniaxial strain. 

In the above simulations, the interatomic potentials used namely the TTAM and the 

BKS potentials assumed a fixed charge on the silicon and oxygen atoms. This is not 

always the case, especially when the Si-0 bonds are stretched well beyond the 

equilibrium distance. Under those conditions, there is a significant amount of charge 

transfer that occurs between the Si and the O atoms. In order to account for charge 

transfer in the fracture simulations, an empirical charge-transfer function was 

incorporated in conjunction with the BKS potential (CTBKS) as the material was 

subjected to the different uniaxial strains. The charge-transfer function was set up such 

that when any Si atom (or an O atom) was in a completely uncoordinated state then the 

net normalized charge on it was +4 (-2), while when the Si (or O) atom was in its full 

coordination state with the Si-0 distances equaling the equilibrium distance, then the 

charge on the Si atom (or O atom) equaled +2.4 (-1.2) the same as prescribed by the BKS 

and the TTAM potentials. When charge-transfer was switched on, the resultant stress-

strain curves were very similar to the BKS and TTAM cases. The only difference was 

that the charge-transfer glasses were much stronger and denser (~ 2.3 g/cc). 
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A secondary objective of this dissertation was to develop multiscale methodologies 

which could, in principle, be used to represent the complete fracture process in materials. 

The above MD simulations were performed on systems without any cracks or flaws and 

consisting of only 3528 atoms. This is not the case in all materials, as there is a statistical 

distribution of flaws. In order to include the presence of even sub-micron level cracks one 

has to use systems that are at least Ij^m in volume, meaning that one has to account for 

at least 10^^ atoms, a computational nightmare. Keeping in mind the facts that during the 

fracture process, there is extensive rearrangement of atoms only around a propagating 

crack-tip, while far away from the crack-tip, the system is in elastic conditions, one can 

use atomistic techniques to model the crack-tip regions, while using other 

computationally less expensive simulation techniques like finite elements or finite 

differences that can only represent length scales much bigger than the atomic scale, to 

model the elastic regions. This provides a conceptual challenge as one has to devise 

methods to pass on information between the two kinds of simulations without losing any 

information. This task is not trivial as the dispersion relation of an elastic medium is 

significantly different than the dispersion relation of an atomic system, hi order to 

quantify this mismatch between a typical continuum-level simulation and an atomistic 

computational tool like MD, a coupled medium that consisted of an elastic continuum 

represented by a finite difference time domain method (FDTD) and an atomistic system 

represented by MD was devised. A 1-D elastic wave packet with a broadband frequency 

spectrum was propagated across the coupled medium and the impedance mismatch 

between the two systems was investigated as a function of the central frequency of the 
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wave packet. For two given central frequencies (v = 0.393 and 3.93 GHz), the mismatch 

was studied; the wave packet propagated without any significant attenuation at both 

frequencies, while additional energy was pumped into the medium by the MD system due 

to thermalization. Having analyzed the FDTD-MD coupling, an algorithm to represent 

the entire fracture process using the above method was proposed. This proposed 

algorithm was compared with other existing multiscale methodologies and the advantages 

of using this algorithm were also discussed. 

6.2 Future Research Directions 

The most crucial aspect of this dissertation was the identification of key atomic 

rearrangement mechanisms that governed the fracture process in a typical brittle material 

namely a-Si02. Specifically, the transformation from a comer-sharing tetrahedral 

network to a more compact edge-sharing network structure in and around the voids was 

clearly recognized to be the main reason for the fracture to proceed via void growth and 

coalescence. The driving force for the transformation was provided by the strain energy 

introduced into the system by the external strain. Additionally, it was also observed that 

the edge-sharing structures were predominant on the fracture surfaces. Therefore, one 

could also infer that the edge-sharing structures were preferred on free surfaces in order 

to minimize the surface free energy. 

In the above simulations, it was assumed that the critical voids acted as strain 

concentrators leading to structural transformation. But, the amount of strain concentration 
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could not be estimated due to the fact that defining local strains/stresses for a few tens of 

atoms is something that has not been resolved as of yet, especially for long-range 

potentials [110]. This made estimating the exact energy landscape of the transformation 

process difficult. Thus it would be extremely important to calculate the energetics of the 

whole transformation process as well as account for the exact kinetics of the 

transformation process. An accurate calculation of the transformation energetics would 

also give the entropic differences between the two network structures. One can use ab-

initio calculations to estimate the energy differences between the two structures, but this 

corresponds to a 0 K calculation. Thus one has to use methods like adiabatic switching 

[111] in tandem with MD to estimate the free energy differences between the two 

structures. 

By applying uniform strain throughout the material in all the MD simulations, the 

system was being over-constrained. This resulted in the material separating at strains that 

were much higher than the values of typical brittle materials. In order to avoid this, the 

strain should only be applied to the boundary atoms. But, this means that the system 

should be large enough for one to define a finite boundary, so that the effect of the 

external strain is transmitted to the material. Thus one has to work with systems much 

larger than the present systems. A further improvement would be to use the proposed 

FDTD-MD multiscale methodology to study the brittle fracture process. 
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The charge-transfer function used in the present studies was empirically derived and 

no specific 'physics' could be attached to it. Thus, a more rigorous charge-transfer 

function derived from first-principles needs to be developed to get a more accurate 

picture of the role that charge-transfer plays in the fracture process. In addition, the 

studies were carried out such that in the isolated state, the Si and the O atoms were in a 

fully ionic state. A more reasonable study would be such that when the atoms are 

completely isolated, they become charge neutral. 

The silica glasses that were prepared had a Active (or glass transition) temperature that 

was at least three times that of experimental glasses. This means that there is always an 

element of doubt in our interpretation of the results. Therefore one has to either devise a 

procedure where all the thermodynamic quantities obtained are suitably scaled via a 

normalization involving the simulation and the experimental Active temperatures, or 

develop quenching procedures where the glasses are cooled at rates much smaller than 

the cooling rates used in our simulations. 
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