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ABSTRACT 

In this investigation, controlled thermal annealing and oxida

tion treatments were carried out on wafers obtained from seed-end and 

tang-end regions of (lOO)-oriented, 75 mm-diameter, Czochralski-grown, 

"typical" silicon single crystals. The radial variation of resistivity 

was characterized with four-point probe and spreading resistance probe 

measurements. The defects were studied by preferential etching and 

optical microscopy, using Wright etch for characterizing the individual 

etch figures, whereas the overall distribution of defects was obtained 

by using ,a modified form of Sirtl etch. The preferential etching was 

carried out in a Teflon barrel under controlled conditions. Trans

mission electron microscopy (TEM) was carried out on selected samples 

to study the defect structure in the as-grown crystal as well as after 

specific thermal treatments. 

In the p-type as well as n-type crystals studied in this work, 

the relative radial gradient as well as the magnitude of resistivity 

are greater at the seed-end than at the tang-end. An annealing treat

ment at 650"C for 100 min on seed-end wafers stabilized the resistivity 

by destroying oxygen-donor complexes. Such an annealing treatment on 

tang-end wafers has a minor effect on the resistivity of the sample, 

which was uniform initially. 

The "swirl" patterns, as rev,ealed by preferential etching, 

showed that they are more pronounced in seed-end wafers and are almost 

xvi 



absent in tang-end wafers. A pre-nnnealing treatment at 650°C in 

argon for 100 min followed by a high-temperature (-800°C) treatment 

precipitates the swirl pattern much more intensely, in comparison to 

just the high temperature treatment without any preanneal at 650°C. 

For comparable oxide thicknesses (0.5um) for thermal oxidation 

in steam at three different temperatures (900°C, lOSO^C, 1200°C)', it 

was found that the swirl pattern was most severe at 900°C and the 

dissolution of the defect structure progressively increased with 

increasing temperature. 

It was found in this investigation that bulk-type stacking 

faults are generated after argon annealing at 1050°C. This is in 

contrast to the generally prevailing confusion that thermal oxidation 

is essential for generation of stacking faults in silicon. It must be 

distinguished here that the formation of surface-type stacking faults 

requires thermal oxidation, whereas bulk-type stacking faults nucleate 

at individual swirl defects due to precipitation of dissolved oxygen. 

TEH work done in this investigation showed that as-grown CZ 

silicon defect structure consists of an assortment of precipitates, 

Email dislocation lines, and a helical type of long (~24ym) dislocation 

line, and another long linear defect with periodically spaced nodes. 

The annealing treatment at 650°C as well as thermal oxidation at 900°C 

produce a spectrum of precipitates and small dislocations. 

xvii 



CHAPTER 1 

INTRODUCTION 

The study of defects in silicon derives from the fundamental 

science of crystallographic defects in solids and combines unusual with 

conventional experimental techniques. The object is to correlate 

particular electrical phenomena with specific defects in the solid. In 

particular, much interest has arisen recently on the "metamorphosis" of 

these defects under the action of various processing operations, effects 

of vital concern to the manufacturers of integrated circuits, as 

performance-limiting and yield-limiting phenomena are known to arise 

from the presence of these defects (Ravi and Pickar, 1977). In addition, 

as other yield-reducing steps are improved in the integrated circuit 

fabrication process (e.g., lithography), the relative importance of 

materials-related defect problems increases. This in turn leads to 

greater efforts expended on defect research which has been rewarded by 

an increased knowledge of the basic as-grown silicon materials problems, 

a greater understanding of process interactions, and an improved 

correlation between electrical behavior and specific defect observations. 

Over the past few years, significant new information on the 

nature of microdefects which constitute "swirl" defects in silicon has 

been generated. Early models invoked the association between silicon 

vacancies and oxygen atoms to account for the formation of the "swirl". 

1 
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defects in the as-grown silicon crystal. Recent evidence suggests that 

silicon self-interstitials rather than vacancies appear to be the primary 

lattice defects responsible for swirl formation. Foil, Gosele, and 

Kolbesen (1977) have shown that A-type swirl defects are made up of 

interstitial dislocation loops. In addition, they demonstrated a strong 

correlation between the densities of swirl defects and the carbon 

content of the crystals. Thus, carbon-silicon interstitial associates 

rather than oxygen-vacancy associates are suggested as being the basic 

"native" defects in silicon. 

Process-induced modifications of the defect structure in silicon 

play an important role in converting electrically harmless imperfections 

into defects which induce a variety of electrical aberrations in devices 

and circuits. Pearce and Rozgonyi (1977) showed that a direct correla

tion exists between the interstitial oxygen content, precipitates, and 

other oxygen-related features and the presence and density of oxidation-

induced stacking faults. They showed that process steps can be modified 

(e.g., HC1 oxidation) to reduce the density of oxidation-induced 

stacking faults. 

The need to develop new techniques or adopt conventional tech

niques in the appropriate sequence to characterize crystal defects both 

in terms of their cryBtallographic and electrical nature has resulted in 

the use of a variety of instrumental methods such as the infrared 

absorption technique, the electron-beam-induced-current (EBIC) mode of 

operation of the SEM, and transmission electron microscopy, to name a 
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few of the more prominent techniques. Foil et al. (1977) demonstrated 

the utility of high voltage TEM for studying defects in relatively thick 

(2-5 um) foils of. silicon. Thus, the whole active region for many 

devices can be examined. In addition, for MOS (metal-oxide-semiconductor) 

configurations, the gate oxide can be retained as the higher energy 

electrons are less perturbed by the "amorphous" layers. 

Many of the defects and deep level impurities which may be 

unintentionally introduced or insufficiently annealed out during various 

processing steps have been found to lower the electron-hole recombination 

and generation lifetimes in the base, emitter, and collector regions of 

a bipolar transistor as well as the electron-hole generation lifetime in 

the drain junction of field-effect transistors. Low lifetime would 

increase junction leakage current and power dissipation and also reduce 

the emitter junction efficiency, the base transport of minority carriers, 

and bipolar transistor current gain. The use of test patterns on silicon 

integrated circuit slices has been popular among many manufacturers 

recently. The electrical characteristics of these test patterns can be 

accurately measured between the fabrication steps to give quantitative 

indication of the control of high temperature device fabrication pro

cesses. One of the simplest test patterns, which has extremely high 

sensitivity to detect minute changes of the electron-hole recombination 

and generation properties of a processed silicon slice, makes use of a 

depleted space charge layer (Sah, 1977). Charges trapped at the impurity 

and defect centers in this layer can be accurately measured by observing 
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the steady-state and transient capacitance or current as a function of 

the d.c. applied voltage and sample temperature. The depleted space . 

charge layer can come from a p-n junction, a Schottky barrier, or an 

MOS capacitor in the test pattern. 

An interesting undercurrent running through the research 

community involved in silicon materials science is the apparent new 

recognition of the importance of carbon in silicon. Carbon has been 

implicated in influencing the distribution of Au in silicon, in partici

pating in the phenomenon of thermal donors, and as being one of the basic 

elements required to form native defects associated with swirls in 

as-grown crystals. 

It is well known that Czochralski-grown silicon crystals contain 

large amounts of oxygen, which derives from the reaction of molten 

silicon with the quartz crucible. The oxygen distribution is character

istically inhomogeneous, both radially as well as along the length of 

the crystal. In addition, it is an unquestionable fact that the 

peculiar phenomenon of thermal donors in Czochralski-grown silicon is 

due to the electrical behavior of oxygen during lower-temperature anneal

ing treatments. The supersaturatlon of oxygen in such crystals also 

leads to precipitation of oxygen in the silicon lattice during relatively 

higher-temperature thermal treatments. 

A highly useful result derived from several papers published 

recently (Claeys, Laes, Declerck and van Overstraeten, 1977; Hattori, 

1976 & 1977; Shiraki, 1976a & 1976b; Singh and Balk, 1978) concerns the 

efficiency of chlorine and chlorine-containing compounds (as in-process 



gettering agents during thermal oxidation) in suppressing the formation 

of oxidation-Induced stacking faults. The elimination or shrinkage of 

stacking faults which vere already present has also been realized. 

Substantial reductions in the silicon minority carrier generation rates 

have also been noted after HC1 oxidation or Cl^ gettering of fast-

diffusing metallic Impurities from the silicon. Gettering is generally 

believed to be partially responsible, at least for the beneficial 

effects, wherein metal contaminants are removed (as volatile halides) 

from the oxide or underlying silicon. In addition, research on high-

pressure lower-temperature oxidation which has been reported recently, 

indicates that thick oxides can be thermally grown at high pressures in 

an accelerated manner. Such oxides are at least as clean as the conven

tional thermal oxides grown at atmospheric pressure. In addition, the 

oxidation-induced defects are reduced or completely suppressed during 

high-pressure oxidation. 

Another very important aspect of thermal oxidation of silicon is 

the fact that there are two electrically active centers located at the 

Si-SiC^ interface which can affect the performance and stability of 

MOSFET's (metal-oxide-semlconductor field effect transistors) and bipolar 

transistors used in silicon integrated circuits (see for example: 

Nicollian, 1977; Raider and Berman, 1978). These centers are interface 

traps and fixed charges, distinguished operationally by the fact that 

interface traps change occupancy when the bias on the gate of an MOS 

(metal-oxide-semiconductor) capacitor is changed, while occupancy of fixed 

charge remains unchanged. Both types of center are immobile under 
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bias-temperature aging in contrast to species such as alkali metals 

which can exist as mobile ions in SiC^. 

In Chapter 3 of this dissertation, an attempt is made to 

systematically present the various concepts related to silicon crystal 

growth, with particular emphasis on the Czochralski technique as 

practiced in modern times. The equilibrium .distribution coefficient in 

normal solidification of alloys is defined initially, and the modifica

tion due to convection of the melt are presented, leading to a 

definition of the "effective distribution coefficient" which involves the 

very important concept of a diffusion boundary layer. The effective 

distribution coefficient is a parameter which is affected by crystal 

growth conditions. The growth striatlons or dopant inhomogeneities 

observed in CZ crystals are due to variations in the microscopic rate of 

growth, which may be quite different from the pulling rate at which the 

crystal is grown. 

In addition, Chapter 3 contains a presentation of the constitu

tional supercooling and interface stability theories of solidification, 

and heat and melt flow dynamics during CZ crystal growth. This includes 

a description of the Taylor-Proudman cell shapes and the Kobayashi-

Arizumi model of melt flow. Oxygen precipitation and the phenomenon of 

thermal donors in CZ silicon, and the role of carbon in silicon are also 

summarized. Thermal oxidation kinetics, fixed oxide charge and mobile 

ion contamination in the oxide and their implications on device perform

ance are then briefly reviewed. The literature on striatlons, swirl 
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defects, the occurrence and elimination of stacking faults in silicon 

crystals, and the potential benefits of high-pressure oxidation in 

reducing oxidation-induced defects are also brought into a proper 

perspective to obtain a cohesive theoretical background summary of 

silicon materials' science. 

The specific objectives of this investigation are outlined in 

Chapter 2, and the experimental procedures are described in Chapter 4. 

The results obtained in this work are presented and discussed in 

Chapter 5. Finally, Chapter 6 contains a summary of major findings and 

conclusions of this dissertation, along with suggestions for further 

study. 



CHAPTER 2 

OBJECTIVES 

The specific objectives of this study have been as follows: 

To summarize the published literature on silicon materials 

science, in the areas of Czochralski crys.tal growth and thermal 

oxidation, with particular emphasis on impurity inhomogeneities 

and defects in the as-grown crystal and their morphological 

transformations during subsequent device processing. 

To characterize, using preferential etching techniques, the 

macroscopic "swirl" patterns in wafers obtained from seed-end 

and tang-end regions of silicon crystals grown under "typical" 

conditions with the Czochralski technique. 

To investigate whether the macroscopic "swirl" patterns (in 

wafers obtained from Czochralski-grown silicon crystals) can be 

easily revealed with preferential etching techniques, after 

annealing in inert atmosphere only, without the requirement of 

thermal oxidation. In addition, it was intended to characterize 

the individual etch figures after preferential etching, to 

determine whether bulk-type stacking faults are generated as a 

result of high-temperature (5- 800°C) annealing in an inert gas. 

This would help alleviate the prevailing confusion that thermal 

oxidation is a pre-condition to generate bulk-type stacking 

faults in silicon. 

8 
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d. To investigate any possible effects of pre-treatments at 650°C 

in an inert atmosphere, on the formation of secondary crystal 

defects generated during subsequent thermal oxidation or high-

temperature (5- 800°C) annealing treatments. The wafers for all 

experiments were to be obtained from Czochralski-grown silicon 

crystals known to have "swirl" patterns. It was intended to 

use high-resolution transmission electron microscopy to study 

the crystal defects in the as-grown state, and after annealing 

in inert gas at 650°C, and finally after a high-temperature 

annealing or thermal oxidation treatment, in wafers obtained 

from the same general region of a crystal. Such careful proce

dures would help one to study the progressive morphological 

transformation of crystal defects in silicon wafers during 

various device processing steps, 

e. To process additional wafers, obtained from the seed-end, mid

section, and tang-end regions of the same crystal ingots, 

through thermal treatments as used for the above investigations. 

These wafers will be used subsequently in a continuation of this 

work, for fabricating p-n junction devices and MOS devices, and 

the electrical characteristics of the defects will be evaluated. 

In addition, high-resolution transmission electron microscopy 

techniques will be used for arriving at structural information 

on individual defects in these wafers. This phase of research 

is presently being carried out at The University of Arizona, in 



collaboration with Motorola Semiconductor Group, under the 

sponsorship of the National Science Foundation. 



CHAPTER 3 

THEORETICAL TREATMENT 

Silicon Crystal Growth Methods 

Matlock (1979) has reviewed the state-of-the-art of silicon 

single-crystal growth for the semiconductor industry. The float-zone 

(FZ) and Czochralski (CZ) techniques still predominate, but great 

improvements in the macroscopic and microscopic characteristics of 

these crystals have been obtained. The basic Czochralski and float-zone 

methods have been described in the past by Runyan (1965). For conti

nuity of discussion, however, we shall briefly review them here again, 

and also include some important comments of Matlock (1977, 1979). 

Czochralski Technique 

The Czochralski (CZ) technique is the most widely used method of 

silicon crystal growth today. The basic CZ method is shown in Fig. 1. 

Raw semiconductor-grade polycrystalline silicon is placed into a fused 

silica quartz crucible, which is in turn set into a carbon susceptor. 

This configuration is then heated in a furnace in a protective atmosphere 

until the silicon is molten. Early crystal pullers utilized radio 

frequency (RF) heating, but more recently resistance heating has been 

much more popular. A seed of desired crystallographic orientation is 

dipped into the melt. The seed and the melt are generally rotated in 

opposite directions, and the seed is then slowly withdrawn. The 

11 
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Fig. 1. "Typical" Czochralski Crystal Puller 

(From Runyan, 1965.) 
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temperature of the melt is controlled to allow the crystal to grow to 

the desired diameter, after which this temperature is maintained to ob

tain a uniform diameter as the crystal is gradually withdrawn. Three-

inch (75 mm) diameter crystals currently represent the majority of CZ 

crystals grown. However, four-inch (100 mm) crystals are grown routinely 

for those who desire wafers of this size and the new generation of 

pullers have been demonstrated to pull crystals of five inches (125 "mm) 

to six inches (150 mm) in size. Ten-inch diameter crucibles are current

ly being utilized, which allow charge sizes from 10-14 kilograms. A 

typical three-inch crystal would be over three feet long. 

Essentially all CZ silicon crystals grown today are produced 

free of dislocations by using a technique first proposed by Dash (1959). 

This method might typically start with a seed crystal 5-8 nan in diam

eter. After the seed is dipped into the melt, the seed diameter is 

reduced slightly for a short section and then is increased again to start 

the crystal. This "necking" allows any dislocations to grow out and 

start the crystal free of them. When all of the dislocations have been 

eliminated from the crystal, it is somewhat easier to maintain a condi

tion of zero dislocations, as opposed to one of a finite low level. A 

sort of potential barrier is created which makes it more difficult to 

generate new dislocations. This is especially important at the very 

large diameters as power fluctuations or mechanical vibrations are magni

fied greatly in such cases. The termination of crystal growth is also 

Important. Slow cool-downs and terminations of the growth by necking may 

be required to reduce the amount of thermal shock sustained by the crystal. 

I 
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Float-Zone Technique 

The float-zone (FZ) technique is second only to the CZ method in 

volume and the only other method used for large-scale silicon crystal 

production as of today. Figure 2 is a sketch of the basic float-zone 

process. A polycrystalline rod of silicon 50 to 100 cm long is set up in 

a chamber under vacuum or inert atmosphere. The vast majority of today's 

crystals are grown under inert atmosphere, with argon usually the choice. 

An RF heating coil is wound closely around the silicon rod. When current 

is applied to the coil, a molten zone about 2 cm in length is established 

on the silicon rod. This zone is moved along the rod to purify it and 

establish the crystal structure. The zone may be moved up or down the 

rod, but the predominant method used is for the zone to move up the rod 

from the bottom. This can be accomplished either by driving the silicon 

rod down through a stationary coil or passing the coil up a stationary 

rod. The polycrystalline rod is affixed to a chuck attached to a shaft 

coming down from the top of the chamber. The seed crystal is attached to 

another chuck held by a shaft coming up from the bottom of the chamber. 

The starting of a float-zone refined crystal is similar to that of a CZ 

crystal except that the taper is formed in the FZ process by adjusting 

the relative drive rates of the top and bottom shafts, rather than by 

temperature control. The RF heating coil is used to form a molten drop 

at the bottom of the polycrystalline feed rod. The seed is brought up in 

contact with the molten drop. By individually controlling the rate at 

which the product rod is pulled away from the coil, a taper is estab

lished on the rod gradually increasing to the desired diameter. 
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Fig. 2. The Float-Zone ~ethod of Crystal Growth 
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Whereas the CZ puller can be heated by either RF or resistance 

heating, the RF coil is necessary in FZ process because of its levita-

tion effect. The RF field supports a much larger, molten zone than could 

reasonably be maintained by surface tension alone. Without levitation, 

it would not'be expected that a silicon crystal of more than about 

12.5 - 25 mm in diameter could be grown. FZ crystals of 75 mm-diameter 

are now routinely grown, with larger crystals obtained experimentally. 

However, a large portion of the FZ material being used today is still at 

diameters of 50 mm or less. 

• The same basic zero-dislocation process described for CZ pulling 

is used on almost all FZ material commercially produced now. Even more 

for FZ than for CZ, the introduction of a 2ero-dislocation process has 

allowed for the great increases in diameter. When dislocated, FZ crys

tals only up to about 25 mm in diameter can be obtained before the struc

ture degrades to a point of being totally unacceptable. Where 

dislocation-free FZ crystals can be grown greater than 75 mm in diam

eter, when even a few dislocations are left in the neck of an FZ seed, 

these will soon multiply into many in the taper. When a shock violent 

enough to destroy the zero-dislocation structure of a large-diameter rod 

does occur, the structure is totally destroyed and the run is terminated. 

Only the already grown crystal is utilized. 

Comparison of CZ and FZ Techniques 

The diameters available continue to be generally larger for CZ 

than for FZ. If the users of silicon continue to demand increases in 



diameter, it is likely that the CZ process will continue to provide the 

large diameters first. The power requirements to make the increases in 

FZ refiners are much more formidable. Both CZ and FZ crystals are now 

routinely available in both {100} and {111} crystaliographic orientations. 

The prime advantage of FZ material is its higher purity. While 

the crystal is being grown, the molten zone does not come into contact 

with anything other than the inert atmosphere. Whereas CZ material 

derives a large amount of impurities (particularly oxygen) from the 

crucible, the FZ material has impurities at much lower levels. Typical 

oxygen values for FZ crystals are 0.1 to 0.3 ppm; the oxygen content of 

CZ material is about 100 times that for FZ material. There are also 

considerable amounts of carbon and metallic impurities persisting in both 

CZ as well as FZ crystals grown commercially. FZ material does exhibit 

a much higher minority carrier lifetime. 

FZ crystals still remain the required material, for high-power 

rectifiers and thyristors where high resistivity material is necessary. 

CZ crystals are correspondingly the predominant choice for integrated 

circuits and other low-power, complex-system applications. However, a 

fair amount of FZ material has been used to prepare IC's, and disagree

ment exists as to whether there is a significant difference in the 

performance of the two, and if there is, in which direction the differ

ence lies. 
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Phenotnenologlcal Description of CZ 
Silicon Crystal Growth 

The incorporation of impurities in silicon crystals grown from 

the melt is controlled by their concentration in the liquid layer at the 

solid-liquid interface, and by their distribution coefficient. This 

subject is of particular importance since most impurities deliberately 

introduced are for the purpose of controlling resistivity, and usually 

there are narrow limits imposed on tolerable macroscale as well as 

microscale resistivity variations within the crystals. Growth rate 

fluctuations in both CZ and FZ crystal growth lead to solute nonuniformi-

ties on a microscale with dopant, carbon, and metallic impurities 

concentrated into areas of silicon crystals separate from oxygen-rich 

bands (Wakefield, 1978). F811 et al. (1977) implicate carbon and oxygen 

in the formation of swirl defects. Capper, Jones, Wallhouse and Wilkes 

(1977) postulate carbon interacting in a complex manner to produce 

anomalies in oxygen donor annealing experiments. Thus, carbon in 

commercial silicon crystals takes on a new significance. The mechanism 

of incorporation of carbon into the melt in CZ growth is still undefined. 

It is known that the concentration of carbon in crystal is higher than 

that in starting polycrystalline silicon. 

An attempt is made in this section to systematically present the 

maiii aspects of Czochralski growth of silicon crystals, based on theo

retical considerations of equilibrium and effective distribution coeffi

cients, along with a discussion of the microscopic growth rate. The dis

cussion also includes a review of literature summarizing the present level 
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of understanding of impurity striations and swirl defect formation in CZ 

silicon crystals. It is not the purpose of this dissertation to simi

larly discuss the float-zone process, but only a very limited discussion 

of the FZ process is made wherever appropriate. 

Equilibrium Distribution Coefficient 

Controlled* plane-front solidification of alloys is used in 

practice to grow single crystals, refine materials (e.g., "zone refining"), 

and obtain controlled uniform or nonuniform composition within the 

material grown. The most important commercial applications of this type 

of solidification are for growth of crystals for semiconductors. Another 

important application is in growth of crystals of oxides for laser sys

tems and other optical applications. 

Solidification of most metals and inorganic nonmetals from their 

melts is closely approximated by the assumption of equilibrium at the 

interface during growth. That is, there may be large concentration 

gradients in the solid and liquid during solidification, but there is 

only a negligible barrier to transport of atoms across the interface. 

Consider a single crystal of alloy C^ (Pig. 3a), growing with a plane 

front. Equilibrium at the solid-liquid interface can be attained at 

temperatures below the liquidus temperature, T_. If solidification is IJ 

:k  
occurring at temperature T , the condition of equilibrium at the inter

face requires that the liquid and solid compositions at the interface, 

: t o  i f  
CT and C , respectively, be fixed by the phase diagram. Conditions of 
L S 

ie "k & 
equilibrium at the interface require that if either T , C^, or Cg is 

specified, the other two are fixed by the phase diagram. 
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(d) composition profile across the interface ( k > 1). 
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In describing solification under these conditions, it is 

convenient to define an "equilibrium distribution coefficient" (also 

known as segregation coefficient or partition function), k , where 

* 
a s 

k = £ , (for ideal solutions) (la) 

"L 

or. * 
C 
s (for dilute solutions) (lb) 
* 
CL 

where ag and a^ are the equilibrium activities at the interface, and 

& £ 
C and C are the equilibrium concentrations at the interface, for the 

S L 

impurity in the solid and liquid phases, respectively. For k to be a 

true equilibrium value the crystal should neither be growing nor dissolv

ing. Usually at slow growth rates k » where ke££ is the 

"effective distribution coefficient" given by 

C (act) 
k „ S , Clc) 
eff _ , . CL(act) 

where C (act) and CT(act) are the actual concentrations of the impurity in s L 

the solid and liquid phases, respectively. C^(act) is the "bulk" concen

tration in the liquid far enough from the growing interface that 

concentration gradients are negligible. A detailed discussion of is 

presented in a later section, with particular reference to Czochralski 

silicon crystal growth. 
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It is assumed for mathematical simplicity that the liquidus and 

solidus lines emanating from the composition of the pure solvent are 

straight lines as shown in Fig. 3 so that k may be considered unchanged 

within the small range of the relevant silicon-impurity phase diagram, 

since it is a thermodynamic parameter relating the activity of the 

impurity in the solid and liquid phases. When k varies significantly, 

solutions to the various differential expressions given are readily 

obtained by numerical methods. Further, in most of the following dis

cussion, k is assumed to be less than unity; that is, the phase diagram 

is as in Fig. 3a with liquidus and solidus sloping downward. However, 

the expressions are valid for alloys in which k is greater than unity 

(Fig. 3c). Solutes having k < 1 lower the melting point of the solvent, 

whereas solutes with k > 1 raise the melting point, as schematically 

illustrated in Figs. 3a and 3c, respectively. 

For an ideal (dilute) solution of A and B, the chemical poten

tials of both the solid and liquid phases can be written as (Flemings, 

1974): 

A 
\ ' 

A 
WO + < AT4 + RT An(l-C*) (2a) 

A 
VS " 

A 
^O + < A^ + RT Jin (1-CG) (2b) 

B 
VL " 

B 
^0 + •J ATB + RT £NC* 

(2c) 

B 
VS = 

B 
UO + 4  ATB 

ft 
+ RT INCG (2d) 

where C is composition (mole fraction B). y^ and yB are constants, the 
o o 

chemical potentials of the pure components. AT^ and AT5 are the 

A B reference temperature of yQ and yQ minus the actual temperature T. 
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At two-phase equilibrium, and u? • Thus, we can Lt S Id S 

equate Eqs. (2c) and (2d), taking the melting point of the pure solute 

B as the temperature of the standard state. The result, for a solution 

dilute in B, is the equilibrium distribution coefficient 

* 
Cs 
— = exP 
CL 

AH' (T£ - TH> 

R T £ T M  

(3) 

B A B 
where AH is the heat of fusion of pure solute B. and TM are the 

melting points of pure A and B, respectively. Equation (3) is valid for 

both dilute ideal and dilute real solutions. It is seen from Eq. (3) that 

k depends only on thermodynamic quantities. As solutions deviate from . 

ideal, however, the result is a wide range of complex phase diagrams, in 

contrast to the ideal phase diagrams shown in Fig. 3. Ideal solutions 

are characterized by zero heat of mixing. Negative heats of mixing 

result in a liquidus maximum and compound formation. Positive heats of 

mixing result in a liquidus minimum and eutectic formation. Most impuri

ties of Interest in silicon result in complex phase diagrams; thus 

Eq. (3) has limited applicability. 

Trumbore (1960) attempted to relate the ideal segregation coeffi

cient k to the tetrahedral covalent radii (r ) and the atomic sublimation tet 

enthalpy of various elements. Thus the concentration of the various 

atoms can be regarded as an expression of the expected lattice deforma

tion in direct relationship to the limiting value of solubility. When 

k is plotted as a function of rtet» the positions of the various points 
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can be understood in a way that the isoelectrically incorporated elements 

can be arranged on a curve depending upon the group in the periodic 

system, where the element with the smallest radius has the largest 

distribution coefficient (see also Sirtl, 1973). 

Table I lists the experimentally determined values of k , and 

diffusion coefficient D, for some of the most important impurities in 

silicon. In the case of carbon, the prediction of Trumbore (1960) for 

k is greater than 1, whereas the actual experimentally measured value 

with sufficient accuracy is 0.05 - 0.10. However, such correlations of 

k versus * t require supplementation by considering chemical bond and 

lattice strain energies similar to the approach of Weiser (1958). 

Attempts to correlate k of an impurity with its Tnaxlnrnrn solid 

solubility in silicon leads to a linear relationship, as discovered 

empirically by Fischler (1962), and can be applied to most impurities 

dissolved in germanium and silicon. However, this approach fails with 

the elements of the second series of the periodic table (e.g., B,C,0). 

The elements B,C,0 have the following in common: 

1. The tetrahedral covalent radius is smaller than that of silicon. 

2. In the corresponding binary system, at least one phase with a 

higher melting point than that of silicon exists. 

3. There is a degenerated eutectic very close to the silicon-rich 

side of the phase diagram. 

In the following sections, solute redistribution in "normal 

solidification" is described first. Normal solidification is the term 
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TABLE I 

Equilibrium Distribution Coefficients and Diffusion Coefficients 
of Some Impurities in Silicon* 

Impurity k D(10 cm /sec) 

Boron 0.8 2.4 

Phosphorus 0.35 5 

Antimony 0.023 1.5 

A ̂  
Oxygen 1.25 1 

Carbon 0.07 0.485 

Iron ' 8 x 10 ® 2 

Aluminum 0.002 7 

Copper 4 x 10 2 

*(From Wakefield, 1978 & 1980.) 

(for diffusion in solid near the melting point) 

Contrary to the previously accepted value of k B 1 for oxygen (assumed 

by Kaiser and Keck, 1957, the value of k - 1.25 was experimentally 

determined by charged particle activation analysis (Yatsurugi, 

Akiyama, Endo, and Nozakl, 1973). 
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used to describe solidification when an entire charge is melted and 

solidified with plane front from one end. Solute redistribution in 

Czochralski crystal pulling is then considered. All of the quantitative 

treatments given employ the assumptions of equilibrium at the solid-

liquid interface and no significant undercooling before nucleation or 

from effect of curvature of the solid-liquid interface. 

Normal Solidification: No Solid Diffusion 

Solidification in crystal growth is almost never slow enough to 

approach equilibrium. In addition to the assumptions given above, those 

of normal solidification are simply complete diffusion in the liquid state 

and no diffusion at all in the solid state. Consider a crucible contain

ing a liquid alloy of length L and initial composition freezing from one 

end. The first small amount of solid to form is of composition k C^, at 

temperature (Fig. 4). 

During subsequent cooling and solidification, the liquid becomes 

richer in solute and so the solid that forms is of higher solute content 

at later stages of solidification. However, since there is no diffusion 

in the solid state, the composition of the solid formed in the initial 

it 
stages of freezing remains unchanged. At temperature T , solid of 

^ A 
composition Cg is freezing from liquid of composition and the solute 

distribution along the length of the growing crystal is as in Fig. 4. A 

quantitative expression is easily obtained by equating the solute rejected 

when a small amount of solid forms with the resulting solute increase in 

the liquid. The balance is : 
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(CL - C*)dg - (l-g)dCL , (4) 

where g = fraction solidified, and (1-g) is the fraction remaining as 

liquid. Now, substituting the equilibrium distribution coefficient and 

* 
integrating from Cg »= k CQ at g = 0 yields the composition of the solid 

* 
at the solid-liquid interface Cg as a function of fraction solid 

C*-kC0(l-g)(k "1}, (5a) 

or, in terms of liquid composition and fraction liquid, 

CL - CQ(1-g)(k _1) . (5b) 

Equations (4) and (5) have been derived repeatedly, for example, 

by Gulliver (1922), Scheil (1942), and Pfann (1952), and are termed the 

"nonequilibrium lever rule", or the "Scheil equation". These equations 

closely describe solute redistribution in crystal growth under a wide 

range of experimental conditions. From Eq. (5) it can be seen that it is 

impossible to grow crystals with a uniform longitudinal impurity distri

bution unless the distribution coefficient of the impurity is equal to 

unity. For doping impurities whose k values are other than unity, the 

extent of deviation from unity determines the magnitude of variation of 

impurity concentrations along the length of the grown crystals. 
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Normal Solidification; Limited Liquid Diffusion, No Convection 

Another practically Important limiting case of normal solidifi

cation occurs when all the assumptions of the preceding case apply 

except that diffusion is limited in the liquid and there is no convec

tion. Here, solidification begins exactly as in the previous example, 

with the initial solid forming of composition k C . The solute rejected 

into the liquid is transported only by diffusion and so an enriched 

"solute boundary layer" forms and gradually increases in solute. If the 

crystal is sufficiently long, a "steady state" is approached, which is 

sketched in Fig. 5a. At this steady state, the composition of the solid 

forming is exactly the overall alloy composition Cq. Equilibrium at the 

interface then requires that the composition in the liquid at the inter

face be CQ/k and that solidification be occurring at the solidus 

temperature Tg. The solute distribution in the boundary layer in the 

steady-state region is given by the differential equation 

where x1 is distance from interface, is diffusion coefficient of solute 

in the liquid, and R is rate of movement of interface. Boundary condi

tions are that C_ • C /k at x' » CL and CT = C at x' • ®. Also, the 
L o ' L o 

requirement of solute conservation at the interface gives directly the 

gradient of composition in the liquid at the interface: 

o 

( 6 )  

R C*(l-k ) (7) 
dx' 



30 

COVfcJ 

» r 
5 

S c0 

SOLID -i<4 LIQUID" 

OlSTflNCE 

(al ST£40Y STATE 

c.-i 
f 
c> 

INITIAL 
! TRANSIENT 

T" 
O <-sM U , 

FINAL—^ 
TRANSIENT ?\ 

i  
-STEAOY STATE «H 

OISTANCE — 

Ibl AFTER SOLIDIFICATION 

LIQUID 

C»M Cg 
COMPOSITION •*• 

I t )  

Fig. 5. Solute Redistribution in Solidification with Limited Liquid 
Diffusion and No Convection 

(a) Composition profile during steady-state solidification; 
(b) composition profile after solidification; 
(c) phase diagram. 

(From Flemings, 1974.) 



31 

The solution to Eq. (6), as given by Tiller, Jackson, Rutter, and 

Chalmers (1953) and as readily obtained with the aid of Eq. (7), is 

C. - C 
L o 

1-k -(R/D_)x* 
1 + e L (8)  

The quantity DT/R may be considered a "characteristic distance", the 
* Li 

distance at which the quantity (CT - C ) falls to 1/e of the maximum L 0 

(C /k - C ). Note that this characteristic distance is dependent only o o 

on D. and R. Equation (8) applies in many real cases of single crystal 
Li 

growth even though some convection is present. The requirement for its 

applicability is that the characteristic distance D^/R must be small com

pared with the momentum boundary layer. 

This type of solidification results in a crystal of nearly 

uniform composition except for the initial and final transients, as 

shown in Fig. 5b. The initial transient is formed while the solute 

boundary layer builds up to its maximum steady-state value. Calculation 

of solute redistribution during this period is done using the time-

dependent form of Eq. (6): 

8CL . . . 3CL U f + R , (9) 
3 t  L  6x , Z  3x '  

where t B time. The solute conservation> Eq. (7), applies here as in 

steady-state solidification, and boundary conditions for the initial 

transient are CT • C at t»0 for x' > 0, and C. = C at x' • 00 for t > 0. 
L O L O 

A rigorous solution for this case has been obtained by Smith, Tiller and 
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Rutter (1955), which is rather cumbersome, however. For small values 

of k , this equation reduces to (Pohl, 1954): 

Results of the analysis of Smith et al. (1955) are plotted in Fig. 6, 

and it can be shown these are closely similar to those that would be 

obtained from Eq. (10). Solute content in the solid builds up gradually 

distance x required to reach essentially the steady-state value depends 

on R/Dl and k . From Eq. (10), it is seen that for small k a 

characteristic distance for the length of this transient is D^/Rk . At 

this distance, the composition of the solid forming has risen to 

1 - (1/e) of its maximum (that is, 67% of its steady-state value). 

since it results simply from impingement of the solute boundary layer on 

the extremity of the crucible. Thus, its length is of the order of the 

characteristic distance of the solute boundary layer, or D^/R. An exact 

solution for this case is given by Smith et al. (1955). Figure 5b shows 

a schematic representation of this final transient for the alloy used as 

example. Solute concentration in the final transient increases continu

ously from C to C_ at the ingot end. At solute concentration greater 
O £> 

than some Cg^ (as determined by the phase diagram for the system in 

consideration), the ingot is two-phase. 

(10) 

to its steady-state value (Cg/CQ) • 1 as solidification proceeds. The 

The final transient is much smaller than the initial transient 
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Another type of transient, which is of particular importance in 

silicon crystal growth, is that resulting when interface velocity 

changes during solidification. This is shown schematically in Fig. 7 for 

a sudden increase in growth velocity from R^ to R^. The steady-state 

profiles of solute distribution in the liquid are different for R^ and R^ 

only in that the characteristic distance is less for than for R^. 

Thus, the excess solute that was initially in the boundary layer must 

appear as a solute-rich "band" or "striation" in the vicinity of Che 

region where the velocity change occurred- Smith et al. (1955) have again 

obtained an exact solution for this case using the differential equation 

(9) and with the steady-state solute distribution at R^ as initial 

boundary condition. Results are given in Fig. 8 for several values of 

R^/R-^ and k . As in the initial transient, the characteristic length of 

the perturbations that form is much greater than DT/R for small k and 

increases with decreasing k. Also, as would be expected intuitively, 

the maximum solute content in the banded region increases with increasing 

velocity change. Similar plots for a sudden decrease in velocity 

(R^/R^ <1), of course, would show a solute-poor band. 

Effective Distribution Coefficient: Thermal Convection in Melt 

Most semiconductor crystals are made, not by normal solidification, 

but by Czochralski growth. Crystal growth in the Czochralski technique 

does not proceed at equilibrium because some convection is always 

present. Thus, the impurity distributions of the CZ grown silicon are 

somewhat different from the curves predicted by equations for normal 



35 

, .••..SOLID: •. LIQUID 

<z5CLlDZ LIQUID 

OlSTANCE,« 
(0) ftfl. STEADY STATE AT GROWTH 

RATE 9) SATE NOW INCREASED TO =?,. 

DlSIAUCE, • 

;&l LATER TIME,GROWTH 
RATE CONSTANT AT R2. 

• SOLID •: 
Lo/kf 

c0r" 

LlO'JlD 

DISTANCE, < 

!cl LATER TIME, STEADY STATE AljAIN 
REACHED (NOW AT FJ-.I 

Fig. 7. Solute-Rich Band Resulting from Increase in Solidification 
Velocity 

(From Flemings, 1974.) 



36 

4 

rJ5 
Co 

8 r a 
= 10 

<e)  k  a  0 .01  

Fig. 8. Transient Solute Distribution in Solid Resulting from Instantan
eous Change in Growth Velocity from R^ to at Location 

(After Smith, Tiller, and Rutter, 1955.) 



segregation. The equilibrium distri' 

37 

jution coefficient is then not 

applicable and the effective distribution coefficient (k ,.,.) has been 
ert 

introduced (Burton, Prim,and Slichter,1953; Wagner, 1954; Thurmond,1959). 

The following analysis is after Burton, Prim.and Slichter (BPS). A 

diffusion boundary layer of thickness 6 is assumed, outside of which the 

liquid composition is maintained uniform by convection and inside of 
! 

which mass transport is by diffusion only (see Fig. 11). If solidification 

is taking place in a very large liquid bath, the bulk liquid composition 

is not altered by the solid forming and remains constant at Cq. After 

steady state is reached, differential equation (6) applies with the 
& I 

boundary conditions that C. = CT at the liquid-solid interface (at x1 = 0), h Lf 

and that CT » C at x* • 6. The solution is: L o 

C - C 

C - C 

R6/DT 
(11) 

The effective distribution coefficient, ke£fi is defined as the 

solid composition forming Cg divided by the bulk liquid composition 

C_("C ). Then substituting in Eq. (11), 
L O 

eff k + 

(12) 

(1-k ) e-R(4'V 

This expression is of considerable engineering usefulness because it 

relates the composition of the solid forming in crystal growth to alloy 
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composition and growth conditions. It can be used to describe solute 

redistribution in crucibles of finite extent provided only that the 

thickness o of the boundary layer is small compared with the length of 

the crucible. When this is true, a dynamic equilibrium is attained 

between the bulk melt and growing solid, and equations identical to 

Eqs. (5) are readily derived, except that the equilibrium partition 

ratio k Is replaced by the effective partition ration 

Cs = keff C0(l-S)(keff_1) ' <13a) 

CT - C (1-g)(keff_1) • (13b) 
L O 

Here, is the bulk liquid composition and êf£ = /C^; Eqs. (13a) or 

(13b) constitute a modified "normal segregation equation". 

Figure 9 shows some calculated distributions of solute for the 

alloy of the preceding examples, taking equal to k , unity, and an 

arbitrary value between the minimum (k ) and the maximum (unity). As 

seen from Eq. (11), the mini mini value occurs when « 1, that is, 

at slow growth rate, high liquid diffusivity, and maximum stirring, and 

so 6 is a minimum. At this limit, solute distribution is described by 

the special case given earlier where infinite diffusivity in the liquid 

was assumed. The maximum value of (equal to unity) is obtained for 

R6/D- >> 1. Under these conditions, any convection present has negligible 
Lt 

effect on solute distribution and this limit is therefore described by 

the special case (given earlier) of negligible liquid convection. 
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Equations (13a) and (13b) apply only in the region of single-phase growth 

and exclude initial and final transients. When • k , bulk liquid 

composition reaches the eutectic, C„> when solid composition reaches its 
L 

maximum,C_„. Thereafter, solid forming is of uniform composition C_. 
&rl 

For k < k ff < 1, a region of two-phase solid of continuously varying 
ef 

composition forms at the end of solidification. 

The curves in Fig. 9 are drawn such that the initial composition 

to form is k ,, C ; that is, the initial transient where the solute eff o 

builds up from k C to k ,, C is omitted. For usual conditions of r o eff o 

crystal growth, this transient is small compared with the length L of the 

crystal to be grown. It can be seen from Eqs. (11) and (12) that changes 

in growth velocity R or solute boundary layer 6 will have a marked 

* 
influence on solute distribution of the growing crystal; C increases 

s 

with increasing R and 6. This problem has been treated by Hurle, 

Jakeman, and Pike (1968). When the perturbation occurs over a distance 

which is large compared with the boundary layer 6, the problem is 

treated simply by using Eq. (12) if R and 6 are known as a function of 

position. 

The effective distribution coefficient is a variable affected by 

crystal growth parameters, i.e., pull rate, seed spin rate and crucible 

rotation rate. When pull rate R is very small, ̂ eff will approach k . 

If pull rate is increased to a very large value so that the product of R 

and (6/D) becomes much greater than 1, k^^ will increase and ultimately 

approach 1. On the other hand, when the rotation rates of crystal or 

crucible are very high, (<S/D) will become so small that would be 
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equal to k . If rotation rates are decreased, would increase. 

Kodera (1963) experimentally determined data for the variation of 

with spin and growth rates, for commonly used dopants in silicon. These 

are presented in Fig. 10. Table II lists the values of o/D and D calcu

lated by Kodera (1963) from the data shown in Fig. 10 and by use of 

Eq. (12). 

The growth rate of a crystal which is pulled from the melt may 

fluctuate with time (Carruthers and Witt, 1975). There may even be periods 

of remelt. These fluctuations lead to inhomogeneous compositional 

distributions in the crystal. The Burton, Prim, and Slichter (BPS) model 

concerns steady state conditions and is applicable only when the growth 

rate is constant (see Wilson, 19?8b). When the crystal growth rate flucu-

ates, however, it is necessary to consider the entire system of time-

dependent Navier-Stokes equations for the flow in the melt, since it is by 

no means clear what approximations can be made. 

The development of a technique (Lichtensteiger, Witt, and Gatos, 

1971) to determine the microscopic growth rate in a CZ puller enabled 

analysis of actual interface dynamics. The measured dopant variations 

were found to follow the general shape of the microscopic growth rate 

curve. Analysis of the data was done using the following form of the BPS 

model; 

kCL 
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Fig. 10. Dependence of Effective Segregation Coefficients on Growth Rates 
and Rotation Rates 

(a) Boron, (b) aluminum, (c) gallium, (d) indium, 
(e) phosphorus, (£) arsenic, (g) antimony. (From Kodera, 1963. ) 
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Table II 

* 
Values of 6/D^ for Some Impurities in Silicon 

Impurity 
element 

Rotation 
rate rpm 

6/D, s/cm Diffusion 
coefficient 

2, D,, cm I s  

B 10 170 ± 19 (2.4 ± °-7> x 10"4 

60 84 ± 37 (2.4 + 0.7) x 10"* 

200 43 ± 18 (2.4 + 0.7) x 10~4 

A1 10 86 + 34 (7.0 + 3.1) x 10 4 

60 40 ± 17 (7.0 + 3.1) x 10"4 

Ga 5 144 + 54 C4.8 + 1.5) x 10 4 

55 71 + 26 (4.8 + 1.5) x 10~4 

200 24 + 8 (4.8 + 1.5) x 10"4 

In 10 84 + 15 (6.9 + 1.2) x 10"4 

• 60 43 ± 5 C6.9 + 1.2) x 10"4 

P 5 127 + 36 (5.1 + 1.7) x 10 4 

55 60 ± M (5.1 + 1.7) H
* 

O
 •P
" 

As 5 190 ± 53 (3.3 + 0.9) x 10 4 

55 79 + 16 (3.3 + 0.9) x 10~4 

Sb 5 283 + 55 (1.5 + 0.5) x 10~4 

55 157 + 57 (1.5 + 0.5) x 10~4 

200 62 ± 37 CI. 5 + 0.5) x 10~4 

(7rom Kodera, 1963). 
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where C Is the solute concentration in the bulk liquid and v is the 
Ju 

microscopic growth rate obtained from constant time marks. The tech

nique of determining microscopic growth rate aided significantly to 

understanding actual CZ crystal growth. Several works (Carruthers, Witt, 

and Reusser, 1977; Murgal, Gatos, and Witt, 1977a & b; Murgai and Westdorp, 

1977) support the concept that the cause of microscopic growth rate 

changes are due to thermal convection currents within the melt. 

The diffusion of the impurity within the melt depends upon the 

flow of the melt. Effective use of Eq. (12) requires specification of 

6 in terms of the degree of motion in the melt. In the case of flow 

caused by the rotating crystal, Burton et al. (1953) used the Cochran 

(1934) and von Karman (1921) treatments of flow at a rotating disc to 

show that: 

6 - 1*6 S"1/3(v/aj)1/2 , (15) 

where S * v/D (Schmidt number), v is the kinematic viscocity and id the 
L 

angular velocity of the crystal. In the general case, 6 is expressed 

in terms of a characteristic dimension and some powers of the Schmidt and 

Reynolds numbers for the flow. For convective flow, the Reynolds number 

will be related to the Rayleigh number (non-dimensional temperature 

gradient). 

Wilson (1978a) proposes an alternate definition 6 for the 

diffusion boundary layer thickness in the BPS model. S and 6 are in 

agreement at very small growth rates, but differ considerably at larger 

growth rates. Use of the new definition 6 in no way alters the BPS basic 
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results for the quantity of primary interest: the effective distribution 

coefficient. The concentration profile in the melt decays with distance 

away from the crystal/melt interface approximately in an exponential 

fashion. The concentration is given by C at the interface and by CT O «L 

far away from it. Wilson (1978a) defines the boundary layer thickness 

by: 

* 

- CL " CL <5 = — — , (16) 

. "dC:/dxlx=o 

as is shown in Fig. 11. This particular definition has the advantage of 

being easy to evaluate. Wilson (1978a) cautions against the common 

tendency to misinterpret 6 as the boundary layer thickness. There has 

been a tendency in the past to believe that diffusion takes place only 

within a distance 5 of the crystal/melt interface, and that the flow due 

to the rotating disc keeps the concentration equal to when x $• 6. 

The Microscopic Growth Rate 

In Czochralski-pulled crystals, grown under seed rotation, the 

microscopic rate of growth cannot be the same as the pulling rate 

(Morizane, Witt>and Gatos, 1967). It must vary sinusoldally when the 

thermal axis of the isotherm at the growth interface does not coincide 

with the axis of rotation, i.e., due to thermal asymmetry in the melt, 

the microscopic growth rate must gradually increase from a' minimum to a 

maximum and then decrease again to a minimum within each rotational cycle. 

Thus, the portion of the crystal grown under increased rate is larger 
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Fig. 11. Definition of the Boundary Layer Thickness 

(After Wilson, 1978b.) 
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than the corresponding portion grown under decreased rate within a given 

cycle. Consequently, a greater dopant concentration (for a distribution 

coefficient smaller than one) is expected in the portion grown at an 

increased rate than in :he portion grown at a decreased rate. Thus, a 

crystal grown under rotation should exhibit impurity inhomogeneities 

consisting of alternating broad and narrow bands. The narrow bands whose 

width becomes very small, depending on the extent of thermal asymmetry, 

constitute the rotational striations. This important discovery was made 

by Kenji Morizane of MIT. The Morizane model further predicted that 
I 

under pronounced thermaj asymmetry the microscopic growth rate should 

assume negative values, i.e., back-melting should take place within each 

rotational cycle. 
! 

To pursue the study of dopant inhomogeneities in semiconductor 

crystals, it is thus essential to determine the microscopic growth rate 

since the pulling rate vas shown by Morizane to be of little relevance; 

it is also essential to know the dopant concentration on a mlcroscale. 

ers at MIT made an important discovery. They 

vibration of known frequency into the melt (by 

coupling a vibrator to tihe crucible) and found that each individual vibra

tion could be identified in the grown crystal as a dopant striation; the 

normal growth process was not affected. An experimental method for 

growth rates was now at hand. From the known 

frequency of the vibration and the separation of the resulting striations 

in the crystal, these workers could determine the microscopic growth rate 

throughout the crystal growth process. 

Gatos (1975) and co-worl 

introduced a mechanical 

determining microscopic 
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It was thus demonstrated that the microscopic growth rate is not 

the same as the pulling rate and that* in fact* it varies significantly 

depending on the thermal conditions prevailing during growth. Later on, 

the MIT group discovered that intentional vibrations could be introduced 

into the grown crystals, far more advantageously, by transmitting 

current pulses of known frequency across the growth interface 

(Lichtenstelger et al., 1971). Each current pulse, depending on its 

polarity, causes Peltier cooling or heating at the growth interface. The 

growth rate is thus suddenly increased or decreased for the duration of 

the pulse (of the order of 30 msec), and a striation is formed in the 

crystal. The characteristics of the pulse (rise time, duration, and 

shape) are precisely reflected in the induced striations. 

The delineation of the growth interface into the crystal by 

current pulses provided a new technique for pursuing crystal growth and 

segregation. The MIT group called this technique "interface demarcation". 

Without interfering with the overall growth process, the current-induced 

striations permit not only the determination of the microscopic growth 

rates, but also they delineate into the crystal the exact morphology of 

the growth interface at precisely known instances in time. They serve, 

thus, as time markers for establishing directly cause and effect relation

ships, in absolute time, between the prevailing growth conditions and the 

characteristics of the resulting crystal. 

In combination with the interface demarcation technique for 

measuring the microscopic growth rate, the MIT group used preferential 
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etching and spreading resistance measurements (for compositional micro-

profiling) and investigated growth and segregation phenomena in CZ 

crystal growth of semiconductors (see for example: Murgai, Witt, and 

Gatos, 1975; Carruthers, Witt, and Reusser, 1977; Murgai, Gatos, and 

Witt, 1977b; Kim, Witt, Lichtensteiger, and Gatos, 1978). They were 

thus able to quantitatively analyze microsegregation- phenomena in semi

conductor crystals. A start was thus made in bridging the gap between 

theory and experiment. 

Growth Striations 

During crystal growth from the melt by CZ or FZ techniques, 

temperature variations near the solid-liquid interface occur. These 

are predominantly due to crystal rotation in an asymmetric thermal en

vironment or to thermal convection currents in the melt. The temperature 

fluctuations cause variations in the microscopic growth rate, as a 

result of which impurities with equilibrium distribution coefficients 

differing from unity are inhoraogeneously incorporated into the growing 

crystal (Burton et al., 1953; Witt and Gatos, 1969; de Kock, Roksnoer, 

and Boonen, 1975). This is also evident from Eq. (14), which shows the 

dependence of on v, the microscopic growth rate. The resulting 

helical distributions are generally referred to as "growth striations" 

or simply "striations", concerned with both intentionally added dopants 

as well as unwanted impurities such as oxygen and carbon. As pointed 

out by Wakefield (1978' & 1980),-oxygen concentrates into separate bands 

distinct from other impurities, because of k > 1 for oxygen, in contrast 
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to k < 1 for carhan, dopant, and metallic impurities in silicon. 

Striations are of great concern because they adversely affect the elec

trical homogeneity of material. Striations produced by crystal rotation 

are periodic in appearance, with period v/w (de Rock., Roksnoer, and 

Boonen, 1974), where v is the crystal pulling rate, and w is the angular 

velocity. Other growth disturbances, such as melt convection, cause 

randomly distributed striations (de Kock et al., 1974). The striation 

morphology reflects the shape of the solid-liquid interface present 

during growth.. 

For a crystal rotating in an asymmetric thermal environment, the 

instantaneous microscopic growth rate, f, can be approximated by 

(Morizane et al., 1967); 

where AT is the temperature variation that a given point at the solid-

liquid interface undergoes during one crystal revolution, G^, is the 

temperature gradient in the melt adj'acent to the growing interface, and 

t is the time period to make one complete revolution. The periodic 

variation of f gives rise to the formation of rotational striations. For 

a > 1, remelt will take place during part of the crystal revolution 

(f < 0). Superimposed on the rotational striations are those due to 

fluctuations in v caused by melt convection. 

f = v[l - ocos(27rRt) ], (17) 

with 

2irwAT 
(18) 
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Low cooling rates produce favorable conditions for a reduction 

of the amplitude of dopant striations via solid-state diffusion 

(Roksnoer, Bartels, and Bulle, 1976). The following calculation shows 

that complete homogeneity via solid-state diffusion can be achieved. A 

sinusoidally varying dopant concentration (^starting amplitude Cq) is 

assumed. Due to diffusion at temperature T, this amplitude will diminish 

to (Dannhauser, Krausse, and Mayer, 1972): 

C =• Cq exp [- (2TT/\)2 D(T)t] , (19) 

where D(T) = diffusion coefficient at temperature T, 

t = time during which diffusion takes place, and 

X = spacing of the striations. 

It is obvious from Eq. (19) that the striation amplitude is reduced sig

nificantly if \ is made sufficiently small. For instance, if we apply 

a rotation speed of 50 rpm and a pulling rate of 0.2 mm/min, we obtain: 

\ = 4 x 10 cm. 

The temperature interval 1420 to 1300°C, corresponding to a crystal 

length of 4 mm, will be passed in 20 min. For phosphorus as the dopant, 

the average value of the diffusion coefficient in that temperature inter-

-11 2 -1 val is 2 x 10 cm sec . So, the striation amplitude becomes: 

C =* 2.7 x 10~3 C . 
o 

Dopant striations in silicon have been observed by means of 

techniques such as preferential etching using Sirtl etch (Edwards, 1960; 
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Rai-Choudhury, 1971; Dannhauser et al., 1972; Muhlbauer, 1973; Ravi and 

Varker, 1973; Abe, 1974; de Kock et al., 1974; Gatos, 1975), and X-ray 

topography using the Lang method (Schwuttke, 1963; de Kock, 1973; Abe, 

Abe, and Chikawa, 1973; Abe, 1974). 

Growth striations have also been revealed in undoped dislocation-

free CZ material with various X-ray topographic techniques (Borrman and 

Lehmann, 1962; Schwuttke, 1962 a, b, & c; Kohra, Nakano, and Yoshimatsu, 

1963; Renninger, 1965 a & b; Kikuta, Kohra, and Sugita, 1966; Hart, 1971; 

Aldred and Hart, 1973; Abe et al., 1973). The striations have generally 

been attributed to oxygen, de Kock, Roksnoer, and Boonen (1975) 

developed a special X-ray topographic technique called the "striation 

scanning technique" to reveal striations in undoped FZ material. These 

striations have been attributed to inhomogeneous carbon distribution. 

The scanning electron microscope has been used in the EB1C 

(electron-beam-induced-current) mode (Ravi and Varker, 1973; de Kock, 

Ferris, Kimerling, and Leamy, 1975)to reveal striations, swirls and 

grown-in dislocations in silicon. In the EBIC mode, heterogeneities in 

minority carrier lifetime, caused by preferred recombination at crystal 

defects, are readily detected because they produce spatial fluctuations 

in the collected current. This technique is nondestructive and requires 

no heat treatments so that the as-grown state is maintained, de Kock, 

Ferris, Kimerling, and Leamy (1975) fabricated Schottky barrier diodes 

on longitudinal crystal sections and used the EBIC technique, and were 

12 -3 able to reveal variations in dopant concentration of 10 cm 
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de Kock, Roksnoer, and Boonen (.1975) concluded that strlation-

free crystals can essentially be grown when conditions are chosen which 

permit a sufficient reduction of the striation amplitude via solid state 

diffusion during growth.. Furthermore, low frequency growth, disturbances 

should be avoided. Use of optimum pulling rates necessary for elimina

ting swirls, combined with, the use of after-heaters for facilitating 

solid state diffusion in the grown crystal for suppressing the amplitudes 

of growth striations were recommended, Striations could also be decreased 

by annealing of as-grown material at temperatures around 1200°C for long 

times. In CZ material, however, such an annealing treatment results in 

severe oxygen precipitation, de Kock, Roksnoer, and Boonen (1975) ob

tained precipitates in a striated pattern after 48 hr annealing at 1050°C 

in nitrogen. 

Swirl Defects 

A striated distribution of microdefects usually designated as 

"swirls" or "swirl defects," has been a common defect structure in 

dislocation-free silicon crystals (Plaskett, 1965; Abe, Samizo, and 

Maruyama, 1966; Abe and Maruyama, 1967, Chikawa, Asaeda, and Fujimoto, 

1970; de Kock, 1970, 1973; Secco d'Aragona, 1971; Ravi and Varker, 1973). 

They appear, e.g., after a Sirtl etch, treatment (Sirtl and Adler, 1961), 

as shallow etch pits in a spiral or cloudy arrangement. It should be 

pointed out, however, that depending on the details of crystal growth, 

the 3piral arrangement of the defects may be absent, with the defects 

randomly distributed through the crystal. These defects transform 

into a secondary defect structure, known as stacking faults, during 
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thermal oxidation treatment used in device fabrication steps. Stacking 

faults located in the electrically active regions of the devices have 

been found to degrade the electrical properties of silicon semiconductor 

devices (Varker and Ravi, 1973). Swirl defects occur frequently in both 

CZ as well as high-purity FZ crystals. They have been the subject of 

considerable discussion in recent literature. 

The scanning electron microscope employed in the EBIC mode has 

been used to study swirls (Ravi and Varker, 1973; de Kock, Ferris, 

Kimerling, and Leamy, 1975) , and is able to distinguish between swirls and 

striations when p n diodes or Schottky barrier diodes are fabricated in 

the silicon wafer. 

de Kock (1970, 1973) used a variety of techniques to study swirl 

defects. He reported two types (A and B) of swirl defects differing in 

size. In analogy to metals, in which vacancies are the dominant point 

defects in thermal equilibrium (see Seeger, 1973), it was generally 

assumed in the past that swirl defects are formed by agglomeration of 

vacancies (Flaskett, 1965; de Kock, Roksnoer and Boonen, 1973; de Kock 

et al., 1974; Vieweg-Gutberlet, 1973, 1974), which are present in thermal 

equilibrium near the melting point, since they are unable to find sinks 

during cooling. This is so, because the crystals neither contain dislo

cations nor are they thin enough for the surface to act as an efficient 

sink for point defects. 

However, according to Seeger, Foil,, and Frank (1976) , self-

diffusion in silicon at high temperatures has been found to be governed 

by self-interstitials, which are the dominant point defects in thermal 

equilibrium near the melting point. In addition, recent high-voltage 
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TEM observations (Grienauer, Kolbeiien, and Mayer, 1975; Bernewita, 

Kolbesen, Mayer, and Schuh, 1975; FSll et al., 1977) have now clearly 

established that A-type swirl defects in FZ silicon crystals are 

interstitial-type dislocation loops, which are formed by the agglomera

tion of silicon self-interstitialsl Generally the loops are larger than I 

0.3 um in size, and have an y <110> Burgers vector, but in specimens with 

high concentrations of carbon and oxygen, dislocation loops enclosing a 

stacking fault were observed. With decreasing impurity content 
i I 

(particularly of carbon and oxygen), the swirl density decreases, whereas 
! 

the dislocation loop clusters become larger and more complex. 

A corresponding experimental proof of the nature and type of the 
j 

B-defects has not yet been possible (F811 and Kolbesen, 1975; Petroff and 
j 

de Kock, 1976). Indirect arguments led to the conclusion that B-defects 

are not small dislocation loops, and Foil et al. (1977) adopt the concept 

that B-defects are almost stress-free three-dimensional agglomerates of 

a strong strain field. 

In the model of Foil et al. (1977), the B-defects may have any 

I 
small size, in contrast to a certain minimum size of A-defects. The 

B-defects have to reach a certain minimum critical size to become 

energetically unstable, at which point they collapse to form A-type swirl 

defects. There exists a critical temperature below which the B-defects 

can collapse, for the specific geometric and thermal conditions. 

B-defects are not stable at low temperatures. Their formation 

at low temperatures is more difficult because larger nuclei are required. 

The formation temperature of B-defects may be different in different 

silicon self-interstitials without 
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crystals and certainly differs also within one crystal. The swirls 

finally observed are found in a wide variety of sizes and complexity. 

The nuclei for the B-defect formation are thought to be small associates 

of some carbon atoms, preferentially formed at those crystal sites where ' 

the carbon concentration reaches its maximum level. 

According to de Kock et al. (1973), the formation of swirls can 

be suppressed in two ways. One method is to grow the crystal in an 

atmosphere containing hydrogen, which results in a retardation of the 

formation of nuclei required for point defect condensation. The other 

method is based on the observation that during growth in an atmosphere 

of pure argon the formation of swirls can also be suppressed by suffi

ciently increasing the crystal pulling rate (V 3* 4.5 mm/min; see 

Fig. 12). de Kock. et al. (1973) suggested that these two methods for 

suppressing the formation of swirls can be combined for optimum results. 

The use of purified argon with an addition of 10% hydrogen, at atmo

spheric pressure, combined with Vq > 3 mm/min were suggested as the 

conditions required for growing swirl-free crystals. However, doping with 

hydrogen causes precipitation, which sometimes even gives rise to 

material embrittlement. Apart from precipitation as a result of super-

saturation, hydrogen may also form bubbles at the crystal-melt interface, 

and subsequently be incorporated into the growing crystal, particularly 

in large-diameter (D J 5 cm) FZ crystals. It was concluded by de Kock 

et al. (1973) that hydrogen doping, after all, is not an attractive 

approach to the growth of dislocation-free, large-diameter (D Z 5 cm) 

crystals. 
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Fig. 12. The Concentrations of A-type and B-type Swirl Defects as 
Functions of Pulling Rate 

Atmosphere: pure argon; Crystal diameter: 23 mm. (From 
Roksnoer, Bartels, and Bulle, 1976.) 



Roksnoer et al. (1976) point out that there is a strong increase 

in striation amplitude when the pulling rate is raised from 3 to 5 

mm/min. Based on the data shown in Fig. 12, they suggest the use of 

low pulling rates for suppression of swirl defects. This growth condi

tion, they calculate, is also favorable for the elimination of dopant 

striations. At the low pull rates, the concentration of thermal defects 

is insufficient for swirl defect formation, because of the decreased 

average cooling rate of the crystal. 

Foil et al. (1977) observed that the density of B-defects is 

lower in the crystal center. The central region of a crystal differs in 

two ways from the outer regions. Firstly, the cooling rate is lower, 

and secondly, the supersaturation of interstitials is higher because 

outdiffusion to the surface is of minor importance. A reduced B-defect 

density may arise from the interactions between the swirl defects them

selves. The first A-defect formed in a crystal region leads to a rapid 

decrease of the interstitial supersaturation in its neighborhood. 

B-defects, or even small A-defects generated later on, thus, have a strong 

tendency to shrink. This mechanism tends to stabilize a certain A-defect 

density and tends to remove B-defects. 

Kim (1979) studied swirl defects in small-diameter FZ silicon 

crystals, without any crystal or pedestal rotation. The use of small-

diameter pedestal and growth of small-diameter crystals have the poten

tial advantage of reducing the fluid-flow instabilities due to the 

thermal, convection and the Marangoni flow in the melt (caused by a 
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Foil at al. (1977) 

small B-defects below the 

surface-tension gradient an the free surface of the melt). In addition, 

i 
the fluid flow instabilities induced by the RF power supply are reduced 

significantly. 

caution that "swirl free" crystals may contain 

detection limits of preferential etching and 

X-ray topography techniques. Swirl defects are a typical silicon 

phenomenon, and one may be able to reduce the severity of occurrence of 
| 

swirls by controlling thejgrowth conditions, if not able to completely 

eliminate swirl defects. jSimilar effects in other materials may require 

other explanations. 

Constitutional Supercooling Criterion 

In the preceding sections, it was illustrated how a solute-rich 

boundary layer builds up In front of a solidifying planar interface. 

i 
Such a solute buildup could lead to instability of the plane front (see 

j 

Flemings, 1974). Figure 13 shows qualitatively how the driving force for 
i 

instability of the plane front develops. A solute-rich layer present in 
| 

front of a growing interface, in which liquid composition is a maximum, 

| 
C^,at the interface and decreases with increasing distance from the inter

face. Now, with the aid of the phase diagram, one can plot the equilibrium 

liquidus temperature of the liquid as a function of distance from the 

interface; this is done ia Fig. 13c and d. The equilibrium liquidus 

temperature increases with distance from the interface because the lower 

the solute content, the h:.gher the liquidus temperature. Next, the 

actual temperature in the growing crystal is superimposed on the same 
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interface. (From Flemings, 19 74.) 
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graph. Since equilibrium is assumed at the solid-liquid interface, this 

* curve must pass through T at the interface x' » 0, but otherwise its 

shape is dictated by heat flow. 

The curves in Fig. 13c show a condition where the interface 

is exactly at the equilibrium liquldus temperature and where every point 

in front of the interface is at a temperature above the liquidus. This 

represents the condition necessary for stable plane-front solidification. 

If an instability causes a protuberance to form on the flat interface, it 

will find itself in a superheated environment and will melt back. Figure 

13d, on the other hand, represents an unstable case; here, liquid 

immediately in front of the interface is at an actual temperature that is 

below its equilibrium liquidus temperature. It is, therefore, supercooled. 

This phenomenon is termed "constitutional supercooling" (Rutter and 

Chalmers, 1953; Tiller, Jackson, Rutter,and Chalmers, 1953); the word 

"constitutional" Indicates that the supercooling arises from a change in 

composition, not temperature. According to the constitutional supercool

ing theory, this supercooling results in instability of the plane front 

since any protuberance forming on the interface would find itself in 

supercooled liquid and therefore would not disappear. This theory, as 

proposed by Chalmers and co-workers, is in excellent agreement with 

experiment even though it neglects a number of factors that have been 

included in the later theoretical work on Interface stability by Mullins 

and Sekerka (1963, 1964), Sekerka (1965, 1967»and 1968) and others. 

The general constitutional supercooling criterion, according to 

Hucke, Adams, Flemings, and Taylor (1961), and Hurle (1961), requires that 

a plane front is stable when: 
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g
l <Vc*Cl-k) 

L > - , (20) 
R k D 

where G^ = actual temperature gradient in the liquid at the interface, 

R =• rate of movement of interface, and 

» slope of the liquidus line. 

Equation (20) is applicable regardless of the presence or absence 

of convection since a laminar layer exists next to the solidifying inter-

* 
face regardless of degree of convection. Cg is given by the Burton-Prira-

* 
Slichter relation, Eq. (12). At steady state, with no convection, Cg = Cq 

and Eq. (20) becomes the constitutional supercooling criterion originally 

derived by Rutter et al. (1953), and Tiller et al. (1953): 

G. UL. C (1-k) 
Ll_ > _ L 0 (211 
R k Dl ' U1J 

When convection is sufficiently vigorous that, from a solute-

redistribution standpoint, diffusion in the liquid is complete, there 

still exists a laminar layer and its small but finite concentration 

gradient. In this case, 

G BL C (1-k) 

ir- ' <22> 

where C , the bulk liquid composition, is equal to C for a small amount 
oo O 

of solidification from a large melt. 

A. very large amount of qualitative and quantitative confirmation 

of the constitutional supercooling theory has been obtained since its 

formulation in 1953. The most direct qualitative confirmation is on 

transparent organic materials where flat interfaces are seen to become 
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rippled and then "cellular" as the ratio G^/R is decreased. Many 

studies on metal systems have provided quantitative confirmation of the 

theory (Jackson and Hunt, 1965; Walton, Tiller, Rutter, and Winegard, 

1955; Hunt, Spittle, and Smith, 1968; 3ardsley, Callan, Chedzey, and Hurle 

1 (1961); Coulthard and Elliott (1968)). The experiments of the above 

listed authors and many similar works indicate that the constitutional 

supercooling theory closely predicts conditions required to initiate 

breakdown of a plane front in metals and semiconductors solidifying 

without facet formation. Alternatively, the constitutional supercooling 

required to break down a plane front in such materials is so small that 

it is within experimental error. Of course, it must be recognized that 

experimental error in these studies is relatively large partly because 

the decision as to whether or not a front is exactly plane involves some 

degree of subjectivity. 

Interface Stability Theory 

The constitutional supercooling theory deals with the question 

of which state, solid or liquid, is thermodynamically stable in front of 

an initially plane front interface. If liquid, the interface is assumed 

to remain plane; if solid, the interface is assumed to break down. 

However, thermodynamics represent only part of the story; the other part 

is concerned with what state is dynamically achievable, and it is to 

this that Mullins and Sekerka (1963, 1964), Sekerka (1965, 1967, 1968) 

and others have turned. 
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In plane front crystal growth, the problem considered Is one 

where the interface is initially plane and a small perturbation is 

then imagined to form. Whether this perturbation will grow (as sketched 

in Fig. 14) or shrink depends on the interaction of the (now-perturbed) 

solute and thermal fields, on liquid-solid surface energy, and on inter

face kinetics. In the initial treatment of Mulllns and Sekerka (1963,. 

1964), and Sekerka (1965), the following assumptions were made: 

equilibrium at the liquid-solid interface, isotropic surface energy, and 

no convection. The stability equation then obtained is (see Flemings, 

1974) 

°L . sLH »L Co(1"k > 
+ -zzr- -R 2^ k D, L 

K + 

2KL 

(23) 

where Kg and are the thermal conductivities of the solid and liquid, 

respectively, is liquid density, H is heat of fusion, C is a dimension-

less stability function, and other terms are as in the consltutional 

supercooling criterion (Eq. (21)). The stability function ? is related 

graphically to a dimensionless number A in Fig. 15, where: 

k2 Y R T 
M , (24) 

(l-k.)pL HDLmL Cq 

Y is liquid-solid surface energy, and is the equilibrium melting 

temperature of the pure solvent. 

Equation (23) differs from the constitutional supercooling 

criterion for stability of an unstirred liquid only by the quantities 
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It grows in the overall growth direction and expands 
laterally with wavelength \q. (From Sekerka, 1968.) 
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11/21^, (Kg + K^)/2K^, and ? . When these quantities approach 0,1, and 1, 

respectively, Eq. (23) becomes identical with the constitutional super

cooling criterion. 

One way of comparing interface stability theory with experiment 

is by use of Sekerka's time-dependent theory to predict the wave-length 

of the fastest growing instabilities which form on interface breakdown. 

Calculated curves, such as those in Fig. 14, are compared with the inter

face shapes observed experimentally. Hardy and Corlell (1968) obtained 

good agreement between the theory and experiment in this way, using 

pure water. The water was supercooled below its equilibrium freezing 

temperature, and so the driving force for the instability was "thermal 

supercooling" rather than "constitutional supercooling". 

Heat Flow Objectives in CZ Crystal Growth 

The basic heat-flow objectives of all crystal-growing techniques 

are to (1) obtain a thermal gradient across a liquid-solid interface 

which can be held at equilibrium (e.g., stable with no interface movement) 

and (2) subsequently to alter or move this gradient in such a way that 

the liquid-solid interface moves at a controlled rate. A heat balance at 

a planar liquid-solid interface in crystal growth from the melt is 

written: 

KsGs > (25) 
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where K =• thermal conductivity of solid phase, cal/(cm) (°C) (s), 
s 

a thermal conductivity of liquid phase, cal/(cm)(°C)(s), 

Gg » temperature gradient in solid at the liquid-solid 

interface, °C/cm , 

G_ =•temperature gradient in liquid at the liquid-solid 
U 

interface, °C/cm, 

R =* growth velocity, cm/s, 

3 pg = density of solid phase, g/cm , and 

H =« heat of fusion, cal/g. 

Note from Eq. (25) that growth velocity R is dependent, not on 

absolute thermal gradient, but on the difference between Kg Gg and G^. 

Hence, thermal gradients can be controlled independently of growth 

velocity. This is an important attribute of single-crystal-growing 

furnaces since growing good crystals of alloys requires that the tempera

ture gradients be high and growth rate be low. K , K_, H, and p are 
S L S 

constants of the materials being solidified; GT is directly proportional L 

to the heat flux in the liquid at the liquid-solid interface. 

Growth velocity would be at a maximum when GT becomes negative 
ii 

(undercooled melt); however, good crystals cannot be grown in undercooled 

liquids, and so the practical maximum growth velocity occurs when 

G^ •+• 0, or from Eq. (25): 

' max p H 
s 

K G 
s 3 . (26) 
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Gg, the thermal gradient in the solid at the interface, is evaluated by 

experiment or heat-flow calculations (see Flemings, 1974), 

In addition to the problem of heat transfer at the liquid-solid 

interface, there is also exchange of thermal radiation from the various 

surfaces at different temperatures and also gaseous convection. Arizumi 

and Kobayashi (1969 , 1972) considered theoretically the temperature 

distribution in a crystal being grown by the CZ method, including the 

effects of gaseous convection. Presented below is a summary of their 

computational results. 

In the crystal and the melt, the temperature is assumed to be 

governed by the Laplace equation, 

+  +  0 ,  (27) 
9 r  r  ° r  d Z  

subject to certain boundary conditions (see Arizumi and Kobayashi, 1972). 

By solving the Laplace equation computationally, the temperature distri

bution in the crystal and the solid-liquid interface shape were studied, 

concentrating mainly on the crucible inner-wall height above the melt 

free surface (h, in Fig. 16). The emisslvlty of the crucible was 

assumed to be unity and the atmospheric temperature was assumed to be 

300°K. 

When the crystal is grown in a vacuum, h^ strongly influences the 

heat radiated from the crystal, the melt, and the crucible. The radiation 

efficiency from a surface is generally defined by: 
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Growth 

(After Arizumi and Kobayashi, 1972.) 
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n - qnet/eoT4 , (28) 

where e = emissivity, and a = Stefan-Boltzman constant, n, the radia

tion efficiency of the crystal side surface depends strongly on the value 

of hc< The solid-liquid interface shape changes from concave to convex 

towards the melt as h increases. c 

When the crystal is grown in a gaseous atmosphere, in addition 

to radiation heat transfer, heat dissipation by gaseous convection has a 

large influence on the temperature distribution in a growing crystal. 

The temperature distribution and the axial temperature gradient of the 

growing crystal differ considerably from those predicted for the growth 

in vacuum. The solid-liquid interface shape is always concave towards 

the melt even though h^ increases, because of heat transfer from crystal 

by gaseous convection. 

Thus, when a crystal is grown in vacuum, radiation heat transfer 

greatly "influences the temperature distribution in the growing crystal; 

when it is grown in a gaseous atmosphere, convection heat transfer 

predominates. 

Analysis of the Melt Flow during C2ochralski Growth 

The existence of natural convection in the fluid phase from which 

crystal growth is taking place, and the value of mechanically-induced 

mixing as a means of reducing the diffusional barrier to crystal growth 

have, of course, both been known for a long time. An understanding of 

convection patterns which arise from simultaneous crystal and crucible 
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rotation during CZ growth is of great importance, since crucible rotation 

may be necessary for obtaining uniform temperature distributions, but 

may give rise to undesirable solute segregation effects in growing' 

crystals. 

Free convection is defined as the fluid flow driven by a 

buoyancy force caused by density gradients in a non-isothermal fluid. 

In order to eliminate the problems associated with free convection, the 

crystal is rotated so that the convection is changed from its irregular 

nature to a regular forced convection. 

The combined effects of crystal and crucible rotation have been 

studied in model crystal-pulling systems using transparent liquids with 

dye injection to delineate the flow (Goss and Adlington, 1959; Turovskii 

and Mil'vidskii, 1962; Robertson, 1966; Carruthers, 1967; Carruthers and 

Nassau, 1968). An excellent account of the main effects due to 

rotational flow has been given by Carruthers and Nassau (1968). Numerical 

computations of flow patterns resulting from thermal convection and 

crystal and crucible rotation have been performed by Kobayashl and 

Arizumi (1970 a and b, 1975), and by Kobayashl (1978). 

Robertson (1966) found that effective stirring could be produced 

either by rotation of crucible and crystal in the same sense or by 

crucible rotation alone, and reported critical rotation rates for rapid 

stirring. Carruthers and Nassau (1968) stressed the Importance of Taylor-

Proudman theorem, which predicts the presence, below a stationary crystal, 

of a stationary cell bounded by a cylindrical stagnation surface. 



73 

Counter-rotation, of the crucible introduces an additional stagnation 

surface, the position of which is determined by the relative magnitudes 

of the crystal and crucible rotation rates. 

Crystals grown from the melt often exhibit striations, periodic 

changes in composition due to thermal asymmetry and to turbulent convec

tion during growth (Hurle, 1972). These striations could be eliminated, 

and more uniformly doped crystals grown, if a regular forced flow were 

used to dominate an otherwise irregular or periodically varying thermal 

flow (Capper and Elwell, 1975). 

The Taylor-Proudman Cell 

Taylor (1923) showed experimentally that when a small quantity 

of dye is introduced into a slightly disturbed rotating liquid, it 

spreads out into a thin concentric cylinder with the rotation axis being 

the symmetry axis. Steady liquid motion in a rotating liquid was shown 

by Taylor (1922) and Proudman (1916) to be two-dimensional with respect 

to coordinate axes rotating with the liquid. This important result is 

known as the Taylor-Proudman theorem and has been elegantly formulated by 

Chandrasekhar (1961). 

The appearance of such two-dimensional motion to an observer who 

is stationary with respect to the rotating crucible is a set of spiral 

streamlines rising or falling along cylindrical surfaces with a common 

axis of symmetry being the rotation axis and a set of rotating inward or 

outward spiral streamlines at the top and bottom surfaces. 
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In the case of a cylindrical crystal contacting the upper free 

surface of the melt, as in the Czochralski technique of crystal growth, 

a difference in angular velocity between crucible and crystal will cause 

a cylindrical stagnation surface to develop in the liquid beneath and 

concentric with the crystal, this surface is shown in Fig. 17a, which 

is a schematic representation of the liquid-flow regions during 

isorotation. In the liquid region outside of this stagnation surface, 

only two-dimensional motion can occur (with respect to rotating axes) 

because the liquid rotates essentially as a solid body providing the 

crucible rotation is fast enough. The liquid region inside the stagnation 

surface rotates at a velocity between that of crystal and crucible, and 

an inner flow must exist due to pressure variations arising from the 

centrifugal accelerations caused by both crystal and crucible rotations. 

This inner region, bounded by the stagnation surface separating the two 

distinct regions of flow, has been termed the Taylor-Proudman cell (see 

Carruthers and Nassau, 1968). We note that flow transition regions must 

exist at the boundaries as shown in Fig. 17a. 

The reversal of the crucible-rotation direction relative to that 

of the crystal, i.e., counterrotation, will introduce an additional 

stagnation surface as shown schematically in Fig. 17b. Crystal rotation 

controls the convection above the new stagnation surface, while the 

previous considerations will apply to the formation of a lower Taylor-

Proudman cell. In this case, the liquid possesses three distinct 

regions of flow with essentially no mixing possible across the stagnation 

surfaces. 
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The region inside the Taylor-Proudman cell rotates at £2^ =* (1/2) 

0^1 + 8^) ̂  isorotation (Hide and Titman, 1967). In counterrotation the 

upper cell is expected to rotate at Q,. " (1/3)0^ + (2/3)£^. These are the 

rotation rates expected between equal-size disks in an infinite fluid; 

in practice, differences are expected depending on the relative sizes of 

crystal and crucible,and on the viscosity. 

Indeed, in a simulated CZ crystal-growth model, Carruthers and 

Nassau (1968) reported their observations for the existence of Taylor-

Proudman cells in the liquid beneath the crystal when the crucible rota

tion velocity is sufficiently different from that of the crystal, as 

schematically shown in Fig. 18. The outer body of liquid, rotating with 

the crucible, showed motions due to thermal convection currents only, 

while the liquid inside the cell showed inner flows associated with 

pressure gradients. 

If a temperature difference exists between any two points in a 

uniformly rotating liquid, then thermal convection may arise if the 

resulting density difference is unstable in the gravitational and centrif

ugal force fields. In general, thermal convection flow will always exist 

for nonvertical temperature gradients (Carruthers, 1968). Thus, an 

element of liquid with a lighter density than the bulk will tend to move 

upwards in the gravitational field and radially inwards in the centrifugal 

field. For a vertical temperature difference with temperature decreasing 

upwards, rotation tends to inhibit the onset of flow. (Chandrasekhar, 

1961). When the flow does occur in this case, the motion tends to be 

oscillatory and gives rise to very regular and large temperature 
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fluctuations (Carruthers, 1967). The temperature distribution in the 

crucible for stable growth should be, in order of decreasing temperature: 

bottom outer corner, top outer corner and crystal-melt interface. 

In essence, both conduction and convection occur in the liquid, 

the latter usually predominating. In the absence of rotation, thermal 

convection currents rise near the hot crucible walls and sink below the 

cooler crystal. The presence of crystal rotation alone does not appreci

ably affect the bulk liquid flow due to thermal convection, but tends to 

draw liquid from the central region upwards and spins it out radially as 

would a fan. However, when the crystal possesses a rotation rate 

different from that of the crucible, a very important and fundamental 

flow pattern develops resulting in so-called Taylor-Proudman cells. 

Stagnation surfaces, which prevent complete bulk mixing in the crucible , 

exist for all cases except when the crucible rotation is zero or close to 

zero. Any disturbance which momentarily interrupts the stagnation surface 

would then connect the previously isolated fluid regions and can thus 

produce large impurity concentration fluctuations if the distribution 

coefficient is not unity. Some crucible rotation may nevertheless be 

necessary in large crucibles at high temperatures to even out the 

temperature irregularities arising from the asymmetries usually present 

in heating systems. 

The Kobayashi - Arizumi. Model of CZ Melt Flow 

The previous section contained a discussion of flow patterns for 

various combinations of the crystal and crucible rotation rates, along 
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with the so-called Taylor-Proudman cell (Carruthers and Nassau, 1968). 

Similar results were obtained theoretically by Kobayashi and Arizumi 

(1970a, 1970b, 1975), and by Kobayashi (1978). In addition, direct estima

tions of the flow in the crucible were made by observing the flow 

pattern on the melt free surface (Wilcox and Fullmer, 1965; Cockayne and 

Gates, 1967). The flow in the crucible is the result of temperature 

distribution, which is inferred from the interface shape between the 

crystal and the melt. Crystal rotation makes the interface shape vary 

from convex to concave towards the melt. Cockayne, Chesswas, Born, and 

Filby (1967) actively used the crystal rotation to obtain a flat inter

face shape for oxide crystals. During the controlled growth of oxide 

crystals, on the other hand, the abrupt inversion of the Interface shape 

from convex to concave has been observed by Zydzik (1975) and by Takagi, 

Fukozawa, and Ishii (1976) and analyzed by Carruthers (1976) and by Brice 

and Whiffin (1977). These facts are due to the flow transition from 

thermal convection to forced convection. 

Since the flow is usually driven by buoyant force and by crystal 

rotation, neither the pure convection nor the pure forced convection 

appears in the crucible. A complex flow occurs. Kobayashi and Arizumi 

(1975) investigated the forced convection of melt in a crucible caused by 

crystal and/or crucible rotation in a CZ crystal growth system. Later, 

Kobayashi (1978) obtained the temperature distribution and flow in the 

crucible computationally. Described below are the main features of the 

model of Kobayashi and Arizumi. 
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The temperature distribution and melt flow in the crucible are 

obtained by solving the heat transfer equation and the dimenslonless 

Navier-Stokes equations simultaneously [see Bird, Steward and Lightfoot 

(1960) for a mathematical development of the Navier-Stokes equations.] 

They are characterized by six dimenslonless numbers: the ?randtl number, 

the Reynolds number, the Grashof number, the ratios of the crucible 

radius and depth to the crystal radius, and the ratio of the rotation 

rates between the crucible and crystal. For a given Reynolds number, 

the flow in the crucible mainly depends on the Grashof number. The 

temperature distribution is almost independent of the flow in the 

crucible for melts with low Prandtl number, while it markedly depends on 

the flow in the crucible for melts with high Prandtl number. 

The essential features of the CZ crystal growth model of 

Kobayashi (1978) are shown in Fig. 19. The cylindrical crystal is grow

ing fiJom the melt in a crucible with uniform temperature. The following 

assumptions are made: (1) the system is in steady state; (2) the flow is 

governed by the Navier-Stokes equation and driven by buoyant force and by 

crystal rotation; (3) the temperature in the melt is governed by the heat 

transfer equation without heat generation by fluid friction; (4) the heat 

dissipation from the melt-free surface is neglected; and (5) all physical 

properties are independent of temperature. 

The following dimenslonless variables were introduced for conveni

ence of numerical computation: 
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Fig. 19. Czochralski Crystal Growth Model of Kobayashi (1978) 
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where a is the crystal radius, is the melting point, is the crucible 

temperature, and ag is the crystal rotation rate. T is the temperature, 

u, v, w are respectively the r, 9, and z components of the fluid velocity, 

p is the pressure, p is the density. Two other new functions are also 

introduced: vorticity <n and a stream function 

a 3U 3W 
3Z " 3R 

U 1 3£ 
R az w 1 d± 

" R 3R 

Then, the set of basic equations in dimensionless form is: 

the heat transfer equation, 

u-2£ + 
U 3R W 3Z CPr)CReJ 

1 _J_ 
R 3R-

li 
3R 

3 9 
9 

3Z~ 

the 0-component of the Navler-Stokes equation, 

uiV + wlV + UV = _1 
3R 3Z R Re 

__3_ / 1 _3_(RV) 
3R R 3R 

3Z 

(29) 

(30) 
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the vorticity transport equation, 

n — + u is Sii 3 fv 
3 R  d Z  "  R ~ 3Z I R ; 

1 3_ 
Rei 3R 

1 _9__(Ru) 
R 3R 

2 
. 3 i Gr 39 /o-t\ 
+ T7 ' "" 

and the equation of the stream function, 

«2> 
3R R R 3Z 

where, 

Pr =• v/a (the Prandtl number), 

2 Re = a wg/v Reynolds number), 

3 2 
Gr » gB(T -T )d /v (the Grashof number), 

cm 

D = d/a (the dimensionless crucible depth), where d is the 

crucible depth, 

R =» b/a (the dimensionless crucible radius), 
c 

fi » ui /a) (the rotation ratio between crucible and crystal), 
C' S 

b » crucible radius, 

ui *» crucible rotation rate, c ' 

a * thermal diffusivity, 

0 • volume expansion coefficient of temperature, and 

g «* acceleration-due to gravity. 
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These equations were solved computationally by Kobayashi (1978), 

subject to certain boundary conditions. The results show that the tempera

ture distribution and flow in the crucible are characterized by the six 

dimensionless numbers: the Frandtl number Pr, the Reynolds number Re, 

the Grashof number Gr, the dimensionless crucible radius R and crucible 
c 

depth D, and the rotation ratio fJ. The Prandtl number serves as a 

measure of the relative importance of heat transfer by conduction and by 

convection. The Reynolds number is indicative of fluid momenta by 

conduction and by convection. The Grashof number is a measure of the 

temperature difference between the crystal and crucible and relates to 

the buoyant force. 

Dependence of Flow on the Prandtl Number 

The Frandtl number is a material property. A typical value of 

the Frandtl number for molten metals and semiconductors is 0.01 and that 

for molten oxides is 1. The temperature distributions and flows in the 

crucible for various Prandtl numbers are shown in Fig. 20. The tempera

ture distributions with isotherms are shown at the left sides of the 

figures and the flow patterns with contours of the stream function are 

shown at the right sides. 

The flow patterns consist of two components: the flow under the 

crystal is the forced convection caused by the buoyant force and the other 

is the thermal convection caused by crystal rotation. All the three 

cases shown in Fig. 20 have similar flow patterns but the temperature 

distribution with high Prandtl number is quite different from the others 

with low Prandtl numbers. For materials with low Prandtl number such as 
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molten metals, the temperature distribution is very sensitive to the 

thermal boundary conditions and almost independent of the flow in the 

crucible, because heat is transferred mainly by conduction. For 

materials with high Prandtl number such as molten oxides, the temperature 

distribution depends not only on the thermal boundary conditions but 

also on the flow in the crucible. 

Dependence of Flow on the Grashof Number 

The effects or the Grashof number on the temperature distribution 

and flow in the crucible for Pr = 0.01 are shown in Fig. 21. As the 

Grashof number increases, the flow in the crucible varies from the forced 

convection caused by crystal rotation to the thermal convection caused by 

the buoyant force. The dominant flow in the crucible is forced convec-

3 5 tion for Gr 3 2 x 10 and thermal convection for Gr = 2 x 10 . Both 

4 forced and thermal convections coexist in the crucible for Gr 3 2 x 10 

4 and Gr = 6.25 x 10 . The fluid near the crystal flows upward to the 

crystal, and downwards otherwise. The speed of thermal convection is 

considerably larger than that of forced convection. The temperature 

distribution is almost independent of the Grashof number because heat is 

transferred mainly by conduction. 

The temperature distribution and flow in the crucible for Pr a 1 

are shown in Fig. 22. Each flow pattern closely resembles the correspond

ing one with Pr • 0.01. This indicates that the flow in the crucible 

mainly depends on the Grashof number and is almost independent of the 

Prandtl number. The thermal convection is stronger than that with 
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Pr = 0.01. The temperature distribution is very sensitive to the flow 

in the crucible, in other words, to the Grashof number. Two distinct 

types of temperature distribution are obtained, depending on the modes 

of convection in the crucible. Forced convection pushes the isotherms 

upwards to the crystal, while thermal convection draws those downwards 

to the bottom of the crucible and another thermal boundary layer is 

formed at the bottom as well as at the interface. 

Temperature Gradient at the Interface 

As the growth rate and interface shape are determined by the heat 

balance at the interface, the temperature gradient at the interface is 

one of the crucial factors for crystal growth. For Pr =* 0.01, the thermal 

gradient is almost independent of the Grashof number and uniform over 

the Interface except at its periphery, as schematically shown in 

Fig. 23a. For Pr = 1, on the other hand, the thermal gradient depends on 

the Grashof number as shown in Fig. 23b. If thermal convection is domi

nant in the crucible, the temperature gradient changes parabollcally with 

the radial position and is not uniform over the interface. If forced 

convection is dominant, it is uniform over the Interface except at the 

periphery. 

Sometimes', it is more advantageous to use the thickness 5^ of the 

thermal boundary layer than to use the temperature gradient, 3T/3z, at the 

interface. The thickness 6,j, is defined by 3T/3z = £1/<5^,»where AT is the 

temperature difference between the interface and bulk melt. The bulk 

temperature is usually equal to the crucible temperature. If thermal 
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convection is dominant in the crucible, another thermal boundary layer 

is formed at the bottom of the crucible for the melts with high Pr. In 

this case the bulk temperature is no longer equal to the crucible 

temperature. 

The thickness 6^ of the diffusion boundary layer, being an 

important quantity for the mass transfer from melt to crystal, is pro

portional to the thickness 6^ by analogy between mass and heat transfer 

(Wilcox, 1971). Non-uniformity of the thickness causes the radial 

variation of the dopant segregation (Carruthers, 1967). 

If the thermal effect of the crystal on the interface shape is 

considered, the interface shape will vary so as to follow the shape of 

the isotherm near the crystal. For materials with low Prandtl number 

such as molten metals, the interface shape is convex and almost indepen

dent of the flow in the crucible. For materials with high Prandtl 

number such as molten oxides, the interface shape varies from convex to 

concave with the crystal rotation rate, the interface is convex if 

thermal convection is dominant in the crucible and concave if forced 

convection Is dominant. 

During the controlled growth of oxide crystals such as Y^Al^O^ 

(Zydzik, 1975) and Gd-jGajO^ (Takagi et al. , 1976), the abrupt inversion 

of the interface shape from convex to concave occurs when the crystal 

diameter exceeds the critical value. From the features of the melt-free 

surface it is found that at the same time the flow in the crucible changes 

from thermal convection to forced convection. This fact results from the 
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transition of the flow in the crucible. Initially, the flow in the 

crucible is thermal convection because of low- Reynolds number and 

changes to forced convection when this number exceeds the critical value. 

The critical Reynolds number is proportional to the square root of the 

Grashof number and depends on the crucible size relative to the crystal. 

•Carruthers (1976) obtained a similar result, analyzing the driving 

forces of the flow. 

In order to obtain the temperature distribution and flow in the . 

crucible more quantitatively, further refinements of Kobayashi (1978)'s 

model would be necessary. Especially it is necessary to evaluate the 

heats from and to the melt more precisely. The factors to be considered 

are the crucible size, the inhomogeneity of the crucible temperature, the 

heat radiated from the melt free surface, the interface shape, the 

meniscus height, etc. 

Crystal rotation stirs the fluid within the depth nearly equal to 

the crucible radius but not the fluid outside. Therefore, the flow in the 

crucible is dominantly characterized by the depth of the crucible. Some

times it is observed that the temperature at the bottom of the crucible 

is lower than at the center (Brandle and Miller, 1974; Whiffin, Burton, 

and Brice, 1976). This is due to heat loss from the bottom of the 

crucible. The inhomogeneity of the crucible temperature produces a 

different type of temperature distribution (see Whiffin et al., 1976). 

For a given Reynolds number, the flow in the crucible mainly 

depends on the Grashof number. The temperature distribution is almost 
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independent of the flow in the crucible for melts with low Pr but it 

markedly depends on the flow for melts with high Pr. 

Role of Oxygen and Carbon in CZ Silicon 

The Silicon-Oxygen System 

17 It has been found generally that CZ silicon contains 2 x 10 

18 -3 2 x 10 atoms cm while FZ material usually contains 2 x 10 

16 -3 2 x 10 atoms cm of oxygen (Yatsurugi, Akiyama, Endo,and Nozaki, 

15 -3 1973). This compares with 1 x 10 atoms cm of intentionally added 

impurity for material covering the range of resistivities 50-5 fi-cm 

n-type, quite a large range. Thus oxygen is a very important 

impurity in silicon. FZ material, which is often referred to as 

"oxygen free", can contain up to two orders of magnitude more oxygen 

than intentionally added dopants. At typical device processing tempera

tures (900-1300 °C) this oxygen is quite mobile and has been shown to 

interact in a complex manner both with the silicon lattice and the 

dopant species used to form active regions in the device (Kaiser, Frisch, 

and Reiss, 1958; Fuller, Doleiden and Wolfstim, 1960). 

The oxygen concentration of CZ silicon in the direction of crystal 

growth shows a typical profile with rather small deviations from one 

crystal to another (Graff, Hilgarth and Neubrand, 1977). The highest 

concentration is always found at the seed end of the ingot. The concen

tration decreases continuously from seed to tail. In addition, the 
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the silica crucible. The 

rotation rates of crystal 

radial concentration profile of oxygen across a crystal cross-section 

shows a steep decrease of concentration in the region near the rim of 

the wafer which is due to the out-diffusion of oxygen during the crystal 

growth process. A weak undulation of concentration is observed resemb

ling a striated pattern. 

The oxygen in CZ silicon comes from the reaction of silicon with 

relative size of crystal and crucible and the 

and crucible all contribute in determining 

the removal rate of oxygen from the melt and some of these parameters 

may only have values between tight limits, especially the crucible rota

tion rate, because of other process limitations. 

Oxygen in molten silicon can be decreased by vaporization, which 

results in a continuous reduction of oxygen if no additional source of 

oxygen is present (Brewer and Rosenblatt, 1962). Added to this is the 

complication due to the segregation coefficient k =1.25 (Yatsurugi 

et al., 1973) for oxygen in silicon, which implies that oxygen is 
! 

preferentially taken up into the crystal from the melt during the growth 

process. Thus, there exists a complex balance of generation and vaporiza

tion reactions of oxygen and of the uptake of oxygen into the crystal 

from the melt due to k » 1.25. 

The oxygen initially present in the crystals is in a bound 

interstitial form, Si-O-Si units, and the asymmetric vibration of these 

units gives rise to the ob 

(Kaiser and Keck, 1957; Th 

served infrared absorption band at 9 ym 

urber, 1970; ASTM Standards, 1976a and 1976b; 
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Liaw, 1978). In addition, two other absorption bands occur at 8.4 vim 

and 19.5 pm, the former one being due to SiO^ precipitate absorption. 

Kaiser and Keck (1957) used the absorption coefficient at 9 um to deter

mine the oxygen concentration in silicon crystals. The total oxygen 

concentration is accurately determined by charged particle activation 

analysis (Schweikert and Rook, 1970; Yatsurvgi et al. , 1973). The IS 

spectrophotometry in its conventional form, on the other hand, is 

sensitive only to oxygen forming the Si-O-Si bonding in the silicon 

lattice. j 
I 

The solid solubility of oxygen in silicon may be expected to 

depend on the conditions under which equilibrium is attained. The IR 

work of Hrostowski and Kaiser (1959), and tile works of Logan and Peters 
' 1 Q 

(1959) and Takano and Maki (1973) all extrapolate to about 1.8 x 10 

-3 I 
cm of oxygen, the maximum solid solubility at the melting point as 

established by Kaiser and Keck (1957). Bean and Newman (1971) also 

determined the solid solubility of oxygen in silicon, and their data 

shows considerable scatter and does not agree with the other investi

gators. On the other hand, Yatsurugi et al 

tion analysis to determine the total oxygen 

(1973) used neutron activa-

concentration for crystals 

solidified from an oxygen-saturated melt, and arrived at a value of 

18 —3 2.75 x 10 cm for the solid solubility of oxygen in silicon. It may. 

be noted here that this latter' value is morti precise than the previous 

results. The phase diagram of the Si-0 system in the extremely low 

oxygen concentration range is shown in Fig. 24, which shows that oxygen 

in silicon forms a peritectic mixture and cannot be removed by segrega

tion (Yatsurugl et al., 1973). 
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Logan and Peters (1959) used the donor generation phenomenon 

at 450 °C and measured electrically the profile of oxygen diffused Into 

silicon to obtain the diffusion coefficient of oxygen in silicon. This 

method has low accuracy. Haas (I960) used the Internal friction data of 

Southgate (1957) to obtain oxygen profiles. Kushner (1972) used charged 

particle analysis for oxygen profile determinations. Takano and Maki 

(1973) determined oxygen concentration profiles by lattice parameter 

-10 2 measurements, and obtained a value of 1.4 x 10 cm /sec for the 

diffusion coefficient of oxygen in silicon. 

Oxygen Precipitation in the Silicon Lattice 

Kaiser (1957) has shown that the IR absorption at 9 ym decreases 

when silicon containing oxygen is heated at 1000 °C. The band can be 

restored to its original value upon heating at 1300 °C (Lederhandler and 

Patel, 1957). Kaiser (1957) also proposed that clusters in the micron 

O' -* size form during heat treatment at 1000 C, which can evidently be 

dissolved by heat treatment at 1350 °C. 

The yield point of dislocation-free silicon is lowered after heat 

treatment of 1000 °C (see Patel, 1977). The yield behavior of semicon

ductors is governed by the dynamical behavior of dislocations as first 

pointed out for LIT by Johnston and Gilman (1959). The precipitates 

formed in the temperature range of 700-900 °C hinder dislocation motion 

(Hu and Patrick, 1975). 
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There have been a large variety of observations under various 

heat treatment conditions (Freeland, Jackson, Lowe, and Patel, 1977; 

- Maher, Staudinger, and Patel, 1976; Staudinger, 1978; Yang, Anderson, and 

Kappert, 1978; 7ue and Ruiz, 1977; Ruiz and Pollack, 1978; Tempelhoff, 

Spiegelberg, and Gleichmann, 1977; Graff et al., 1977; Capper et al., 

1977; Patel, 1973; Tan and Tice, 1976; Kimerling, Leamy, and Patel, 

1977; Patel, 1977; Liaw, 1978; Matsushita, Otsuka, Kishino, and Takasu, 

1978). It will not be possible here to review all of them, but only 

some salient features based on TEH observations will be highlighted. 

Perhaps the most thorough characterization work is by Maher et al. 

(1976), and by Staudinger (1978). In brief, the defects produced are 

(a) precipitates, either individual or clusters, (b) prismatic perfect 

dislocation loops generally associated with precipitates, (c) stacking 

faults always associated with precipitates or precipitate colonies at 

their center. Patel (1977) assumes that the precipitate is very likely 

some form of SiO^. All of the defects listed above have large volume 

changes and are interstitial in character and consistent with the idea 

that during precipitation silicon atoms must be displaced from the 

particle/matrix interface. 

At high temperatures a significant supersaturation is required 

for the precipitation of oxygen in bulk dislocation-free silicon 

(1200 °C). The precipitation can be stimulated at smaller supersatura

tion when nucleation centers are provided by a preliminary low-temperature 

treatment (Freeland et al., 1977). These authors observed stacking 

faults in pre-treated crystals. 
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Oxygen - Donor Complexes 

Heat treatment of oxygen-containing silicon in the temperature 

range 500 - 300 °C produces donors, believed to be SiO^ complexes, with 

450 °C being the most efficient temperature (Fuller, Ditzenberger, 

Hannay, and Buehler, 1954, 1955; Kaiser, 1957). The mechanism of donor 

formation in silicon, as proposed by Kaiser, Frisch, and Reiss (1958), 

considers the formation of a critical SiO^ complex in steps beginning 

with initially atomically dispersed oxygen of concentration A^. During 

heat treatment an increasing concentration of electrically active 

complexes A^, , A^ are built up by successive unimolecular reactions. 

The initial rate of donor production is found to be proportional to the 

fourth power of the oxygen concentration- The maximum of the donor 

production is found to be proportional to the third power of the initial 

oxygen concentration. After approximately 100 hrs an "equilibrium" situ

ation is believed to hold where the number of electrically active SiO^ 

complexes is balanced by the number of electrically inactive SiO^ and 

SiOg complexes being formed. 

Heating at 650 °C for 30 min is said to destroy the electrically 

active complexes produced after 100 hrs at 450 °C, with the oxygen 

returning to electrically inactive complexes and precipitates. Heating 

at 1000 °C for approximately 20 hrs then "stabilizes" the oxygen present 

in silicon crystals (Kaiser, 1957) such that no donors are formed on-

further heat treatment at 450 °C. Clusters of SiO^ are believed to be 
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generated on nucleation centers in the crystals and, therefore, the 

crystal quality has an important effect on the results obtained at this 

temperature. The clustering produced at 1000 °C may be reversed by 

heat treatment at approximately 1350 °C where the oxygen again becomes 

distributed interstitially throughout the lattice because of the higher 

solubility of oxygen at this temperature. This then represents a 

"reference" state of the oxygen in silicon and all heat treatment 

phenomena described above can be observed on silicon heated initially at 

1350 °C. 

The oxygen which is incorporated into the crystals during growth 

as a result of the reaction between the silicon melt and the fused 

silica crucible, produces donors as the crystal is cooled slowly through 

the 500 - 300 °C temperature range. This effect is more marked at the 

seed end of a crystal than at the tail end since the tail end experi

ences temperatures in the critical range for a shorter time following 

the termination of the growth process. 

At the present time, silicon producers employ empirical proce

dures (typically a 3-hour heat treatment at 650 °C in an inert ambient 

followed by a rapid quench in air) to stabilize the resistivity prior 

to the thermal cycling experienced during device manufacture. This 

procedure termed "annealing" works well for small-diameter ingots but 

new problems have been posed recently by the thermal mass of 3-inch 

diameter crystals. Ingot annealing is usually followed by forced cooling 

using fans, but the interior of the ingot may not be cooled rapidly 
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enough to prevent donor formation. Some manufacturers already follow 

such treatment with a further heat treatment of the material in slice 

form. This is particularly important where close-tolerance resistivity 

material is required for certain devices. 

The formation of oxygen-donor complexes during annealing of CZ 

silicon crystals at about 450 °C is accompanied by a particularly large 

increase in the carrier lifetime (Graff, Feiper>and Goldbach, 1973). 

At the same time a variety of IR absorption bands were detected (Graff 

and Pieper, 1975). These effects depended on the oxygen concentration 

of the crystal and the duration of annealing at 450 °C. The increase in 

carrier lifetime, however, saturates after a rather short time. Anneal

ing the crystal at slightly higher temperatures (550-600 °C) yields a 

steep decrease in the carrier lifetime at least to the initial value of 

the as-grown material accompanied by the disappearance of the 1R 

absorption bands. Further work using modem techniques such as transient 

capacitance technique needs to be done to establish the trap levels in 

the energy band diagram of Si, and correlate these to the observed IR 

activity. 

From the above discussion, it is evident that there exists a 

critical lower temperature range where thermal donors can be activated 

in CZ silicon. The generation of donor centers is clearly correlated 

with the disappearance of interstitial oxygen. This is sufficient proof 

for the basic role of oxygen in donor formation. To act as a donor, an 

oxygen atom in the silicon lattice, like other group VI elements, simply 
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has to occupy a substitutional site and get rid of its two "surplus" 

electrons (Helmreich and Sirtl, 1977). Normally oxygen exists in inter-

2-stitial positionsas 0 . Due to the prevailing donor character of 

silicon vacancies, the formation of a simple thermal donor can be 

thought of as the reaction of a once interstitially-positioned oxygen 

atom with at least two vacancies: one of them is required for the slip 

of oxygen into substitutional position, another one for binding strongly 

one of its valence electrons. At temperatures greater than about 515 °C 

a rapid breakdown of thermal donor complexes in favor of interstitial 

oxygen reformation is observed in undoped crystals. 

Capper, Jones, Wallhouses, and Wilkes (1977) noticed some 

anomalous behavior on heat treating low resistivity (5fi-cm) CZ material 

at 650 °C. In addition, they observed that the maximum donor concentra

tion for seed-end slices is attained after about 250 hrs treatment at 

450 °C as opposed to the 100 hrs described by Kaiser et al. (1958). These 

differences were attributed to the variations in crystal pulling condi

tions and the surface/volume ratio of crystals in the 1950's and the 

1960's, and the 1970fs. The concentration of donors in seed-end slices 

increases non-linearly (250 hrs) at 450 °C and then falls after further 

treatment. 

Additional observations by Capper et al. (1977) are that the 

maximum decrease in donor concentration of seed-end slices occurs after 

only 5 min at 650 °C, and increases again after 20 hrs treatment. This 

indicates that two competing mechanisms may be in operation. 
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Capper ec al. (1977) suggest that carbon could somehow be 

interacting with oxygen and silicon to result in some of the observed 

anomalies. Bean and Newman (1972) found four distinct carbon-oxygen 

complexes after 400-550 °C heat treatment. In addition, the work of 

Liaw (1978) shows that the presence of a high carbon concentration 

prevents the generation of oxygen donors. This supports the hypothesis 

of Newman and Smith (1969) that the presence of carbon in the silicon 

lattice restricts the rotation of the oxygen about Si-Si bond axis. 

The Silicon-Carbon System 

Newman and Willis (1965) studied the vibrational absorption of 

carbon in silicon and determined the substitutional^ dissolved carbon 

concentration by measuring the IR absorption coefficient of the 16.47 um 

absorption band. In addition, Liaw (1978) determined carbon concentra

tions in silicon by ASTM Procedure F123 (see List of References) after 

various heat treatment conditions. Rook and Schweikert (1969) used 

charged particle activation analysis to determine precisely the total 

carbon concentration in silicon. Endo, Yatsurugi, Akiyama, and Nozaki 

(1972) calibrated the IR method with charged particle activation 

analysis for measuring carbon concentration in silicon. In principle, 

the IR spectrophotometry and the charged particle activation analysis 

give different kinds of information. The former is sensitive only to 

the substitutional^ dissolved carbon, but the latter technique gives 

the total carbon (dissolved carbon plus some fraction of precipitated 

carbon according to the method of chemical separation used in the 

analysis). 
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CZ silicon crystals can contain carbon in the range of 

lO"*"^ - 10"^ atoms/cm"*. Some "typical" radial carbon distributions in 

CZ crystals pulled with various rates are shown in Fig. 25, as determ

ined by Endo et al. (1972). la the course of crystal growth, the grow

ing solid continuously excludes carbon onto the solid-liquid interface, 

because the equilibrium segregation coefficient of carbon in silicon is 

0.07 (Nozaki et al., 1971). The carbon is then gradually removed into the 

bulk liquid phase by diffusion and by convection. The crystal is slowly 

rotated during the growth process, and the flow caused by the rotation is 

the calmest near the center of the solid, becoming more active as a func

tion of increasing radius. Also, carbon in the presence of oxygen is 

known to escape readily from a silicon melt (Nozaki, Makide, Yatsurugi, 

Akiyama, and Endo, 1971). The escape is the most difficult from just 

below the center of the solid, becoming easier with the distance away 

from it. In addition, the axial distribution of carbon in silicon crys

tals is also characteristic, and increases continuously from the seed-end 

to the tail-end of the ingot because of the low segregation coefficient. 

The phase diagram for dilute solutions of carbon in silicon was 

determined by Voltmer and Padovani (1973), and is shown in Fig. 26. The 

Si-C system exhibits a eutectic point for extremely dilute concentrations 

of carbon and at a temperature close to the melting point of silicon. 

Should the eutectic concentration be reached during crystal growth, 

further solidification proceeds in two phases as silicon carbide and 

carbon-saturated silicon. This two-phase solidification leads to the 

formation of dislocations, twins, and finally, polycrystalllne growth. 
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Fig. 25. Radial Distributions of Carbon in Silicon Crystals 

Crystal pulling rate for the sample of: Curve A, 3 mm/min; 
Curve B, 2 nnn/min; Curve C, 0.5 umi/min. (From Endo et al., 
1972.) 



106 

ATOMIC PERCENT C4RBQN 

I0"4 to'1 to'2 to'1 ICO 
tttiti'iti—i-rrrmij-—i i i mm V i i di.ii 

0 5922 -

a; 

5 0 592« 

0 5925 -

MELT 

LlQUIOUS 
!5CiCI 3SL1CXI 

LlOUIOUS 

MELT 9 SSpC 

• LlQUlCUS 
IS tl i4LL) 

W-MEASUflEO ^-EUfECTlC 
CARBON 

IN 
SILICON 

SOUG SOLUBILITY 
•*-tBEANaHEWM»NI 

CARBON IN SILICON a jSiC 
11111 I f I I 11 hi ! I I ! Mitt I I t I 11 III 

EO 10 !0 10 
CARBON CONCENTRATION (cm3) 

JSi£ 

10 

Fig. 26. Phase Diagram of the Si-C System for Dilute Carbon Concentrations 

(Prom Voltmer and Padovani, 1973.) 



107 

The equilibrium solid solubility of carbon in silicon for 

temperatures between 100 °C and 1350 °C has been determined by Bean and 

Newman (1971). Voltmer and Padovani (1973) extrapolated this data to 

the melting point of silicon and arrived at a value of 5 x 1017 atoms/ 

3 
cm for the solid solubility. In addition, Voltmer and Padovani (1973) 

experimentally determined the solid solubility of carbon in silicon at 

17 3 the melting point, and obtained 9 x 10 atoms/cm . 

Crucible Materials Considerations for CZ Silicon Growth 

The resistance to degradation is an important property to con

sider when choosing materials for crucible to hold molten silicon. 

Various forms of carbon, as well as SIC, Si^N^, and 5102 have been 

considered for use as containment materials for molten silicon (Swartz, 

Swiek, and Chalmers, 1975; Chaney, 1977; Chaney and Varker, 1976a and 1976b; 

Minnear, 1979). The erosion rates for these materials have been shown 

to be quite similar, which implies that the overall dissociation/dissolu

tion kinetics must be approximately the same for all of these.materials. 

Automatic Diameter Control in CZ Crystal Growth 

During crystal growth, the diameter is controlled by a thermo

dynamic balance of the energy associated with heat of fusion, crystal 

pull rate, and radiation from the solid-liquid interface. On modern 

crystal growth equipment, the diameter control is automatic. As crystal 

growth proceeds, the automatic control adjustments are made due to 

changes in the thermal environment. The large thermal Inertia of the melt 

dictates the use of control parameters with a rapid response time. 
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Crystal pull rate is the most convenient parameter. However, when the 

pull rate is changed, the effective distribution coefficient can vary. 

This may contribute to increased micro-segregation of impurities. In 

addition, melt and remelt effects due to large thermal convection in 

the melt are also very important in contributing to micro-segregation. 

There have been a considerable number of papers describing a 

variety of automatic diameter control systems applicable to a wide 

range of materials. Hurle (1977) has reviewed the various published 

methods for the automatic control of diameter of crystals grown by the 

CZ technique. The variety of techniques proposed for diameter control 

can be conveniently classified under four headings; namely: (i) use of 

the optical reflection from the meniscus, (ii) techniques for imaging 

the profile of the crystal, (iii) weighing the crystal or crucible, and 

(iv) the use of a die. Hurle (1977) argues that the most successful 

servo-control techniques are those which sense changes in meniscus 

shape rather than changes in diameter only. 

Crystal Growth and Segregation-under Zero Gravity 

The existing gap between theory and experiment in crystal growth 

and segregation is largly attributed to gravity-induced convection 

effects which lead to the establishment of boundary conditions signifi

cantly different from those serving as the basis of the various theories 

(Burton et al., 1953; Pfann, 1952; Tiller et al., 1953; Wagner, 1954; 

Hurle et al., 1968). Thus, neither ideal mixing nor complete 

diffusion control can be achieved in growth from the melt. Moreover, 



109 

stable boundary conditions cannot be maintained because of time-

dependent variations of the convection flow (Carruthers, 1975). 

Carruthers (1977), and Witt, Gatos, Lichtensteiger, and Herman 

(1978), and other investigators reported crystal growth experiments under 

zero gravity environments in space during the Apollo-Soyuz mission, the 

Skylab mission, and other basic and applied research programs of NASA. 

It was established that, in space, diffusion-controlled segregation 

prevailed with no convectlve interference from residual gravity, 

G-jitter, or surface tension gradients. Radial variations in dopant 

concentration were found to be a direct consequence of the non-planar 

morphology of the growth interface which causes diffusion-driven dopant 

redistribution within the diffusion boundary layer. The solidification 

is extremely sensitive to the thermal environment under diffusion-

controlled conditions. It was finally concluded that coinpositlonally 

homogeneous materials can be grown in space. 

Thermal Oxidation of Silicon 

In processing silicon semiconductor devices by planar technology, 

silicon dioxide films play important roles. They are used as diffusion 

masks and passivation layers, and as dielectrics in the formation of 

capacitors. More recently, they have assumed even greater role in state-

of-the-art devices, as for example, the MOS (metal-oxide-semiconductor) 

devices, where the electrical, chemical, and physical characteristics of 

the oxide layer itself are very critical in proper functioning of the 

device. Because of this multitude of uses, the preparation and 
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characterization of silicon dioxide films and the Si0,/Si interface have 

been investigated extensively. A great deal of the original work was 

done during the 1960's (see for example, Burger and Donovan, 1967; 

Grove, 1967). A massive amount of literature has been published during 

the last decade, and Agajanian (1977) has done a commendable job by 

compiling and updating existing bibliographies Into 33 different sections 

dealing with various aspects of the Si0o/Si system. 

Oxidation Kinetics 

Silicon dioxide films qti silicon can be formed by various 

methods, but thermal oxidation is the principal and most frequently used 

method. The chemical reaction involved is: 

Si (solid) + 02 (or, H20) ̂  Si02 (solid) (33) 

Thus, some of the silicon is used up in the growth of a thin film 

of thermal oxide. It can be shown from the densities and molecular 

weights of silicon and silicon dioxide that in the growth of an oxide 

film whose thickness is x a layer of silicon 0.45 x thick is consumed. o J o 

Thermal oxidation of silicon is performed in oxidation furnaces 

or reactors of the type illustrated schematically in Fig. 27. The 

reactor itself is tubular, usually made of quartz, and more recently of 

polycrystalline silicon, in some cases. It is heated by a three-zone 
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Fig. 27. Schematic Showing a Thermal Oxidation System for Silicon 
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resistance furnace to temperatures in the range of 900-1200 °C. A gas 

containing the oxidizing medium (oxygen or water vapor) flows through the 

reactor and past the silicot wafers. The surface preparation of the 

silicon substrate is important in achieving amorphous oxide films. After 

sawing from the crystal ingot, the silicon wafers are chemically thinned 

on both surfaces, and finally chem-slurry polished to mirror-finish on 

one side. The wafers are subjected to extensive cleaning procedures 

before being thermally oxidized, so that reproducible oxide thickness and 

properties are obtained. 

Thermal oxidation of silicon proceeds by the inward motion of the 

oxidizing species through the oxide layer rather than by the opposite 

process of the outward motion of silicon to the outer surface of the 

oxide. This forms an interesting contrast to the case of copper whose 

oxidation proceeds by the outward motion of tile metallic ion (Cabrera and 

Mott, 1948), and also to the. case of anodic oxidation of silicon where 

silicon moves outward (Benjamini, Duffek, Mylroie, and Schulanburg, 1963). 

Thermal oxidation of silicon has been found to obey Henry's law 

(the oxidation rate constant is proportional to the partial pressure of 

the oxidant in the gas; Grove, 1967). This implies the absence of any 

dissociation effects at the oxide-gas interface. Thus, for thermal 

oxidation both with oxygen and with water vapor, the oxidizing species 

moving through the oxide layer are apparently molecular. 

Trace amounts (^25 ppm) of ̂ 0 in the 0£ ambient have large 

effects on the SiO^ film growth kinetics (Irene, 1974). The kinetic role 

of H2O in the oxidation of Si is essentially twofold (Irene and Ghez, 
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1977). First, H^O itself is an oxidant source and thereby converts Si 

to Si02< Second, ̂ 0 alters the SiO^ by loosening the Si09 network and 

increasing the diffusion of other oxidant species. The loosening pro

cess is via formation of Si-OH groups and the reaction which forms these 

groups is reversible. 

For the oxidizing species to reach the silicon surface, it must 

go through three consecutive steps: 

1. It must be transported from the bulk of the gas to the oxide-

gas interface. 

2. It must diffuse across the oxide layer already present. 

3. It must react at the silicon surface. 

The three fluxes corresponding to the three steps are equal in steady 

state. The model for thermal oxidation of. silicon is shown schemati

cally in Fig. 28. 

The oxide thickness developed by thermal oxidation depends pri

marily on the oxidation ambient, temperature, time, and crystallographic 

orientation of the silicon surface. The thermal oxidation of silicon in 
O 

the presence of or ̂ 0 for SiO^ thicknesses beyond 200 A is generally 

described by a combined linear-parabolic equation which can be written 

as (Deal, Sklar, Grove and Snow, 1967): 

2 2 
X - X X - X 

-k C34) 
par lin 

where x is the oxide thickness, t the oxidation time, and k and k.. . p32T -L J.H 

are the parabolic and linear rate constants, respectively. For very thin 
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Oxide 

Fig. 28. Model for the Thermal Oxidation of Silicon 

(Direction of gas flow is normal to plane of paper.) 



115 

films, Che growth rate is determined by Che reaction at the Si/SiO^ 

interface. After an initial phase, characterized by the oxide thickness 

value xq (^200 A), the process proceeds at constant rate, yielding a 

linear increase of oxide thickness with time. For larger oxide thick

nesses, the growth is determined by the diffusion of the oxidizing 

species through the oxide layer and thus a parabolic rate equation' 

results. 

Fixed Oxide Charge 

Electrically active sites such as fixed oxide charge, Qgg»form 

in the oxide film at or near the SiO^ -Si interface during the oxidation 

reaction. Their formation occurs within the same region in which Si is 

incompletely oxidized and within which the oxidation process takes place. 

The properties of fixed oxide charge have been summarized in several 

papers: Deal, Sklar, Grove,and .Snow (1967); Montillo and Balk (1971); 

Lamb (1970); Deal (1974); Goetzberger, Klaustnann, and Schulz (1976); 

Deal (1977); Raider and Berman (1978), and these are only briefly 

described here. 

These charges form a positive space charge in the oxide film 

during the thermal oxidation process and induce a negative image charge 

in the Si substrate. Fixed oxide charges are stable under moderate 

temperature-bias conditions and are unaffected by changes in surface 

potential. Densities are dependent upon substrate orientation with Q ss 
o 

<U1> > "ss ^100^ . Most of the charge is located at less than 20 A 
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from the substrate and is spatially distributed within the Si09 - Si 

transition region. 

Factors that influence Q Include oxidation and annealing ss 

ambients and the oxidation temperature. Charge densities reflect the 

final oxidation or annealing conditions. The formation or reduction of 

Qgs is reversible provided that steady-state conditions are achieved. 

In a reactive dry oxygen ambient, Q increases with decrease in oxida-

tion temperature. Varying the rate at which a sample is pulled from a 

hot zone in an oxidation furnace is equivalent to adjusting the final 

effective oxidation temperature at which the oxidation reaction is 

quenched, thereby altering Q . High temperature annealing in an inert s s 

ambient, such as Ar gas, minimizes Q . N„ gas, which is often used as 
SS 6 

an annealing ambient to reduce charge densities, is not chemically inert. 

Under certain conditions, annealing in Ng will result in an interaction 

between and Si, and will increase the density of electrically active 

sites. 

The relationships between oxidation temperature, inert gas 

annealing, and Q are summarized in Fig. 29 by the well-known Deal 
SS 

oxidation triangle (Deal et al., 1967; Goetzberger et al., 1976). The 

cross sections in Fig. 29 show a clear relationship between Qsg and the 

concentration of excess oxygen, C^, at the transition region. For 

instance, at high temperatures (cross section a), is low because the 

oxidation rate is high compared with the rate of supply of in-diffusing 

oxygen. At low temperatures (cross section b), is high because the 

diffusion rate is large compared with the greatly reduced oxidation rate. 
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Fig. 29. The Dependence of Qgs on Final Oxidation Temperature and Ambient 
(as Represented by Deal's Q__ - Oxygen Triangle) 

The sketches of the thermal oxide cross sections indicate the 
proposed relationship between Qgg and the oxidation conditions . 
(After Deal, Sklar, Grove, and Snow, 1967.) 
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Finally, an inert-gas anneal (cross section c) will both consume and 

out-diffuse the excess oxygen. 

When an annealed SiO- - Si structure with low Q is subjected 
m S3 

to further oxidation, the rate at which the new value of Q is reached 
ss 

is proportional to the oxide film thickness. This rate is associated 

with the rate of oxygen transport through the oxide film and thus with 

the attainment of the steady-state value of C^. The electrical instabil

ities such as Q cause flatband voltage shifts in capacitance-voltage 
S3 

curves • 

In addition to the relationship between Q and C., Q is also 
SS X ss 

associated with the fast surface-state density, N . Although both Q 
SS S3 

and N are formed during oxidation, these instabilities have different 
S3 

annealing properties, which demonstrates that they are not manifesta

tions of a single chemical entity. The chemical processes that affect 

N and the ability of these states to act either as donors or as 
ss ' 

acceptors are consistent with the model in which a surface state 

corresponds to a chemically unsaturated silicon atom, =Si* . 

The chemical origin of oxidation-induced fixed charge and fast 

surface states, as proposed by Raider and Berman (1978), are the inter

mediate complexes generated during the formation of the SiO^ - Si 

transition region. These electrical instabilities are formed during the 

oxidation reaction 

Si-Si + (0) + =Si* + (Si-0)+ Si-O-Si (35) 
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where the dangling bonds, =Si* , are identified with fast states and 

the (Si-0)+ complexes are identified with fixed charge. This transi

tion region has a steady-state gross stoichiometry and width, but is 

being continuously reformed at a rate that is necessarily that of the 

oxidation reactions. The density of the intermediate complexes depends 

upon the concentration of nonoxldi2ed Si bonds (orientation-dependent) 

as well as the concentration of excess (probably dissolved) oxygen. The 

values of Q and N will reflect this density at the time the reaction 
ss ss J 

is quenched. 

The electrically active intermediate sites are postulated to be 

attached to the three-dimensional solid structure. Elimination of these 

sites requires completion of the above oxidation reaction. This is 

accomplished as a consequence of post-oxidation inert-gas annealing. 

Mobile Ion Contamination 

Oxidation of silicon has been the subject of many investigations 

aimed at understanding metal-oxide-semiconductor (MOS) device instabili

ties caused by the action of mobile ion impurities localized in the 

oxide film (Schlegal, 1967, 1968). Test vehicles in the form of simple 
O 

MOS capacitors built on silicon dioxide films 500 - 1000 A thick are 

frequently used to study ionic contamination in thermal silicon dioxide. 

The mobile ion density in the oxide film can be calculated from capaci

tance measurements after thermal cycles have been applied to the device 

(Zaininger, 1966). 
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Several contamination sources may contribute impurities to the 

oxide film. Due to their high natural abundance, alkali species are 

the most common impurities likely to contaminate silicon dioxide, and 

result in positive charge. Sodium, potassium, and lithium cause ionic-

type instabilities (Q ôn) i11 the oxide. Such impurity ions are quite 

mobile, even at room temperature. On the other hand, Kriegler (1972) 

has shown that when chlorine is Incorporated into S102 during thermal 

growth it serves a useful function. It traps and neutralizes mobile 

Na ions and increases the stability of a gate oxide. 

In addition to bulk and surface impurities already present in the 

silicon wafer, contamination can also arise during the thermal oxidation 

process as well as during metallization. During oxidation of silicon, 

sodium Impurity contained in fused silica oxidation tubes evaporates 

from the tube wall into the oxidation ambient.(Mayo and Evans, 1977). . 

Cleaning of oxidation tubes is a frequent operation in processing 

facilities. At room temperature, the cleaning can be accomplished using 

conventional, acid solutions. At oxidation temperatures, cleaning is 

accomplished in situ by using 5 - 10% chlorine or hydrogen chloride 

diluted in an inert gas carrier. This treatment removes sodium contained 

in the tube inner "skin" down through a convenient depth. A typical 

cleaning action of this kind requires up to 20 hr of continuous treatment 

3 flushing the cleaning gas at about 4 cm /sec. 

Polycrystalline silicon ("poly-silicon") oxidation tubes made by 

chemical vapor deposition through hydrogen reduction of pure trichlorosi-

lane have very low sodium content (about 10 ppb or 1000 times less sodium 
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than in transparent fused silica oxidation tubes). Due to the low 

sodium content in new polysilicon tubes, clean (low alkali content) 

thermal oxide films can be grown on silicon wafers (Mayo and Evans, 

1978). However, tube contamination developed during semiconductor 

processing operations Imposes the need for appropriate cleaning to 

maintain sodium contamination in the oxidation atmosphere within accept

able levels. Dilute hydrogen chloride is generally used for rather 

long periods in the oxidation chamber to assure proper cleaning of the 

wall. The use of dry chlorine as a cleaning agent of polysilicon tubes 

should be avoided because of•the risk involved due to its high reactivity 

with silicon. The tube could be severely damaged by chlorine if the 

protective silica film deposited on the inner tube wall has pinholes 

through which chlorine may come in contact with silicon to produce 

quantities of SiCl^ (g), SiCl^ (g), and SiCl2 (g)• Howeyer, if water is 

present in the system, hydrogen chloride is generated, moderating the 

aggressive behavior of dry chlorine. 

Stacking Faults in Silicon Crystals 

Crystallography of the Stacking Fault 

Silicon has the diamond cubic structure, which may be visualized 

as two interpenetrating face-centered cubic lattices with the origin of one 

displaced 1/4, 1/4, 1/4 from the other. The stacking sequence of {111} 

close-packed planes of atoms in the F.C.C. lattice may be denoted by the 

symbols ABCABCABC .... A fault in the stacking of such planes, giving 

for example the succession ABC/BCABC . . introduces into a small 
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volume the hexagonal close-packed (HC?) structure with, usually a 

slightly higher energy. Such faults must then be rather easily produced. 

Indeed, stacking faults have been observed in a number of metal systems 

by means of their characteristic X-ray line broadening, and in thin 

foils by transmission electron microscopy. Stacking faults may be 

created either by plastic deformation or by high temperature processing 

(see for example: Friedel, 1964; Cottrell, 1964; Weertman and Weertman, 

1964; Massalski, 1965; Hull, 1965). 

Stacking faults in silicon have been observed to form during 

high temperature processing of electronic devices, particularly during 

thermal oxidation treatments. The nucleation sites of these faults 

are native swirl defects, impurity precipitates, and surface damage on 

the silicon wafer. 

At elevated temperatures, vacancies and self-interstitial atoms 

are highly mobile. If enough of them cluster together at certain 

nuclei (e.g., swirls), they may condense to form either a platelet of 

vacancies or a platelet of self-interstitial atoms, parallel to {111} 

close-packed planes. The stacking fault created in a localized region 

due to such a condensation of point defects may be either of two types: 

intrinsic, and extrinsic. These two types of faults are shown 

schematically in Fig. 30. The intrinsic fault is created due to 

vacancy condensation, whereas the extrinsic fault is due to condensation 

of interstitial atoms. In both cases, the stacking fault is surrounded 

by an "imperfect" dislocation loop with a pure edge character, and with 

a Burgers vector of (a/3)<lll> perpendicular to the {111} planes of atoms. 
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This dislocation loop is also called a Frank partial dislocation, and is 

"imperfect" because the translation of atoms in its vicinity does not 

correspond to a complete lattice vector. Because of a difference in the 

sense of the displacement vector, the intrinsic or extrinsic nature of 

the stacking fault may be determined by diffraction-contrast analysis in 

a transmission electron microscope. 

The size of stacking faults in silicon depends on time and 

temperature of thermal oxidation or high temperature processing, the 

oxidation ambient, and crystallographic orientation of the wafer sur

face. Because of their higher energy configuration in the silicon 

lattice, stacking faults act as traps for fast-diffusing metal impurity 

atoms during subsequent high temperature processing. 

Occurrence of Stacking Faults in Silicon Crystals 

A major division may be made of the numerous instances in which 

the presence of stacking faults has been reported in silicon crystals. 

This is not to suggest that there is no relationship between the causes 

of nucleation and growth of the faults in at least some of the different 

cases. This separation does, however, afford a vehicle for reasonable 

discussion of the subject. 

To date, it is possible to recognize four instances of condi

tions in which stacking faults have been observed to form and grow in 

silicon crystal wafers as a result of thermal oxidation treatments. In 

addition to these, stacking faults (and sometimes SiO precipitates as 

well) can form when CZ crystals (which contain considerable amounts of 
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Fig. 30. Schematic Showing the {ill} Planes of Atoms in the FCC Lattice 
Containing a Stacking Fault 

(a) and (c): Intrinsic stacking fault bounded by S-Frank 
dislocations of opposite sign made by removing part of a layer 
of atoms; 

(b) and (d): Extrinsic stacking fault bounded by D-Frank 
dislocations of opposite sign made by inserting part of a 
layer of atoms. 
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dissolved oxygen) are given thermal treatments in various atmospheres 

(vacuum, dry nitrogen, dry hydrogen). 

Stacking faults can also form in silicon expitaxial layers due 

to a number of factors, important among which is the substrate surface 

preparation. Furthermore, ion implantation can also generate a number 

of defects; subsequent annealing discloses a variety of defects, 

including stacking faults in some cases. The nucleation of faults in 

the various instances, of course involves different processing. 

Stacking faults have been found to be detrimental to the elec

trical properties of various devices fabricated in the silicon wafer 

(Varker and Ravi, 1973), especially when the fault is decorated with 

impurities and present in the active regions of the device. The stack

ing fault acts as a trapping center' and impedes the smooth flow of 

charge carriers, thus inhibiting the device from functioning properly. 

The following is a summary of some significant publications 

related to stacking faults in silicon. Stacking faults generated as a 

result of ion implantation damage, and growth faults in epitaxial layers, 

are beyond the scope of this work, and are not included in this 

discussion. 

Stacking Faults Induced by Thermal Oxidation 

Case 1: Stacking Faults in Surface-Damaged Wafers. The first 

instances of observation of stacking faults as a result of thermal oxida

tion of silicon crystal wafers were those in which the surface of the 

wafer had been initially mechanically damaged. Such damage was due 
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either to improper surface preparation or, in other instances, was 

intentionally introduced to study the phenomenon. Formation of stacking 

faults, as a result of mechanical damage followed by high-temperature 

thermal oxidation, has been rather extensively studied in such investi

gations as those of Thomas (1963), Queisser and Van Loon (1964), Booker 

and Stickler (1965), Booker and Tunstall (1966), Jaccodine and Drum 

(1966), Fisher and Amick (1966), Lawrence (1969), Sanders and Dobson 

(1969), Mayer (1970), Ravi and Varker (1974), Coppus, Shevlin, and Demer 

(1978), Shevlin (1978), and Shevlin and Demer (1979). 

The following has been offered (Prussin, 1972) as a summary of 

results obtained when silicon wafers are subjected to a single thermal 

oxidation process: 

1. Surface mechanical damage is required for the nucleation of 

stacking faults (when no native "swirl" defects are present in 

the as-grown crystal). 

2. Atmospheres varying in oxidizing strength, from dry air to wet 

oxygen to pure steam, will all result in the generation of 

stacking faults. 

3. The stacking faults are nucleated at the beginning of the oxida

tion process and grow in length by an approximately parabolic 

law, resulting in an array of uniform size. 

4. For identical oxide thicknesses, the use of atmospheres of lower 

oxidizing strengths, together with longer oxidizing time, results 

in fewer, but larger stacking faults. 

5. Stacking faults penetrate 1/5-1/10 of their surface length below 

the surface (Fisher and Amick, 1966). 
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6. After prolonged oxidation, the stacking faults are eliminated, 

presumably by the advancing oxide (Thomas, 1963; Lawrence, 

1969). Later, Ravi (1974) concluded that faults are removed 

from the wafers as a result of fault shrinkage in the longer 

oxidation times as well as by the initiation of an unfaulting 

reaction involving the nucleation and motion of Shockley 

partials. 

7. Stacking faults are extrinsic, lie along {111} planes inclined 

to the surface, and are surrounded by a Frank partial disloca

tion loop with a Burgers vector of (a/3)<lll> (Booker and 

Tunstall, 1966; Jaccodine and Drum, 1966). 

Booker and Stickler (1965), and Booker and Tunstall (1966) 

suggested that the stacking faults arise by a Silcock and Tunstall 

(1964) mechanism in which, for example, an (a/2)<110> dislocation in the 

sessile orientation could dissociate according to the reaction: 

| <110> -»• | <121> + -J <111> (36) 

to give a Shockley partial dislocation and a Frank partial dislocation. 

The latter type is that which has been found to surround the stacking 

faults after thermal oxidation. They suggest that the dislocations 

which initiate the defects are those introduced into the surface region 

by prior mechanical damage. In their model, some of the dissociations 

take place so that the stacking fault is extrinsic and the Frank 

dislocation is on the side away from the specimen surface. Presumably, 

the Shockley dislocation glides out of the surface, and the Frank 
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dislocation is able to advance into the specimen by climb. Joshi (1966) 

also postulated a similar model without presenting any experimental 

verification of it. Shevlin and Demer (1979) presented transmission 

electron microscopy studies of abraded specimens oxidized for very short 

times, and confinied the presence of Lomer dislocations at damage sites; 

such dislocations dissociate very early during the oxidation creatment 

according to the reaction described in Eq. (36). 

Booker and Tunstall (1966) suggested that the growth of the fault 

by advance into Che crystal might be associated with the formation of 

some kind of crystalline oxide platelet, but Jaccodine and Drum (1966) 

found no evidence of any oxide platelets or precipitates in connection 

with similarly produced stacking faults. They suggested that the Frank 

partials climb into the crystal by emitting vacancies to a vacancy-sink 

provided by the mismatch occurring at the Si/SiO^ interface. 

According to Lawrence (1969), the prior damage introduced by dia

mond polishing creates crevices and a "flowed lattice." On annealing, 

the crevices exert a pinning action in a dynamic lattice and act as 

sources of dislocations. Some dislocations interact with each other. 

This can create imperfect dislocations which can form the boundaries of 

a stacking fault. The faults so formed are probably intrinsic since 

this form has lower energy, according to Lawrence, and become extrinsic 

when SiO^ precipitates are available for vacancy absorption. No very 

convincing microscopic evidence for verification of this model was 

presented, nor was there a detailed discussion of the nature of a "flowed 

lattice." 
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Sanders and Dobson (1969) studied the growth of the stacking 

faults on annealing. They postulate that during oxidation the faults 

emit vacancies to the surface and thus grow in size. Upon annealing in 

vacuum, they noted shrinkage of the faults, and suggested that under 

these conditions the vacancy flow is reversed. The activation energy 

for fault shrinkage was determined to be 2.1 eV, which is consistent 

with pipe diffusion along the core of the bounding Frank dislocation. 

Prussin (1972) proposed a mechanism for the generation of stack

ing faults resulting from a single thermal oxidation of a mechanically 

damaged surface. He suggested that damage due to mechanical lapping 

results in a network of microcracks on the silicon surface, into which 

debris from the mechanical polishing operation has been lodged. He 

indicated that this produces a bending moment, causing the wafers to 

buckle. A tensile stress exists at the root of each crack, causing 

cleavage to be initiated at these points when the wafer is further 

stressed. He suggested that such a tensile stress would also be 

expected in a mechanically polished surface and in combination with 

vacancy undersaturation created by the oxidation process it could act to 

stabilize extrinsic Frank loops by their continuous generation due to 

interstitial disk dilatation. These stable Frank extrinsic loops would 

form in the early stages of the oxidation process at a number of sites 

where the tensile stress is the greatest. Once nucleated in this 

fashion, the growing stacking faults act as vacancy sources, restricting 

the degree of vacancy undersaturation, and preventing additional stable 
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Frank loops from forming at the surface. No electron microscopic evi

dence was offered to support Prussin's model. 

In a theoretical paper, Hu (1974) proposed a model which 

envisages a small incompleteness of oxidation, producing silicon 

interstitials. A concept was introduced that these excess interstitials, 

as they supersaturate the lattice, will undergo surface regrowth. The 

rate of interface regrowth is proportional to the density of surface 

kinks, which is in turn dependent upon surface orientation. Hu presents 

an analysis which shows that stacking fault embryos are formed within a 

very short time after the start of oxidation (usually one second). 

Case 2: Stacking Faults in Wafers Free of Surface Damage. In 

contrast to the situation in the above case, instances have been 

reported (Wilhelm and Joshi, 1965; Joshi, 1966) in which stacking faults 

were generated in CZ silicon wafers from which the surface damage was 

completely removed before a high temperature steam oxidation treatment. 

Development of the faults required that the wafers be given a prior 

annealing treatment (1000°C, 45 min) in vacuum. Steam oxidation (1150°C, 

45 min) of the silicon slices without the annealing treatment did not 

generate stacking faults, indicating that the surface damage could not 

be held responsible for these faults. Lawrence (1969) performed similar 

experiments and obtained identical results. Joshi (1966) postulated the 

introduction of dislocations in sessile orientations (probably prismatic 

loops) in silicon during vacuum annealing. Joshi also observed these 

faults to be decorated with impurities, which he believed to be silicon-

oxygen complexes. 
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Mahajan, Rozgonyl, and. Brasen (1977) proposed a model for the 

formation, of stacking faults in silicon. The first stage in the origin 

of stacking faults is envisaged to involve the formation of silicon-

oxygen clusters on the (111) planes. These clusters could form,in the 

vicinity of. existing heterogeneities in the crystal. In the early 

stage of their growth, the structure of these clusters is likely to 

resemble that of a 3-cristobalite, which compresses the adjoining lattice 

along <111>. In order for these clusters to grow, silicon interstitials 

must be emitted into- the adjoining lattice; then, at a certain critical 

stage in their growth sequence, the local concentration of silicon 

interstitials reaches a level where they plate out into an extrinsic 

Frank loop (Stage 2). The embryonic Frank loops could then grow into 

discernible stacking faults either by the repeated precipitation of 

silicon-oxygen clusters on the fault plane or by their growth to the 

noncoherent stage (Stage 3). No microscopical evidence was offered as 

verification of this model. 

Case 3: Stacking Faults Resulting from Two Sequential Wet-

Oxidation Treatments. Prussin (1972) reported that, in crystal slices 

(CZ» dislocation-free) which were free of mechanical damage, stacking 

faults were generated provided that the crystals had been given two 

sequential wet-oxidation treatments (1 hr, 1120°C each). No stacking 

faults or prismatic dislocation loops developed after the first thermal 

oxidation. The concentration of stacking faults which developed after 

the second oxidation was found to be dependent upon the nature of the 
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back surface, upon the rate of cooling from the first oxidation, and 

upon whether the thermal oxide was removed between oxidations. 

Frussin presented a model in which he postulated a structure 

present after the first oxidation to be one containing extrinsic and 

intrinsic dislocation loops surrounded by an atmosphere of immobilized 

vacancies. On reheating to the second oxidation temperature, the frozen 

vacancies become mobile, and tend to migrate to the intrinsic and 

extrinsic loops, causing the former to expand the latter to shrink. 

Prussia used only chemical etching and optical microscopy to examine his 

specimens, and without the resolution of TEM was unable to obtain veri

fication of his proposed mechanism of stacking fault nucleatlon. 

Case 4: Stacking Faults in Crystals Containing Swirls. Oxida

tion of wafers (with damage-free surfaces), obtained from dislocation-

free silicon crystals exhibiting swirl patterns, generates stacking 

faults (Matsui and Kawamura, 1972; de Kock, 1973; Ravi and Varker, 1974). 

Matsui and Kawamura (1972) carried out heat treatments in 

various atmospheres, using wafers from dislocation-free silicon crystals 

grown by FZ method and exhibiting swirl patterns. They found stacking 

faults In a striated pattern, similar to that of the original swirl 

pattern, after an oxidation treatment of 22 hrs of 1200°C. No faults 

were generated after similar thermal, treatments in dry hydrogen or dry 

nitrogen. The oxidation-induced faults, however, were found to disappear 

after a thermal treatment of 1350°C in an argon atmosphere for a period 

of 3 hrs. 
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De Kock (1973) reported that, after a wet-oxidation treatment at 

1150°C, the swirl defects located near the Si-Si02 interface changed 

into stacking faults. The crystals he used were grown by the FZ method. 

The size of these faults increased with increasing oxidation tine up to 

200 urn in diameter after 16 hrs of wet oxidation at 1150°C. , In the bulk 

of the samples, stacking faults were found, which were much smaller than 

those formed at the Si-SiO^ interface. Similar stacking faults were 

found after a comparable wet-oxidation treatment. 

In the study by Ravi and Varker (1974), dislocation-free wafers 

with no surface damage were oxidized at 1100°C in steam to form oxide 

layers of various thicknesses. Faults were observed, to nucleate only in 

wafers which exhibited swirl patterns. Oxidation of these wafers 

resulted in the nucleation of stacking faults along the swirl patterns. 

Faults were nucleated within the bulk as well as at the crystal surface, 

and the size and concentration was smaller with increasing depth into 

the wafer. Ravi and Varker found the fault nucleation to be a general 

phenomenon independent of orientation of the crystals or the crystal 

growth technique employed (CZ or FZ). 

Patel and Batterman (1963) observed that FZ crystals still con

tain dissolved oxygen atoms. This led Matsui and Kawamura (1972) to 

suggest that there might be preferential interaction of the dissolved 

oxygen atoms during the course of oxidation, with small isolated strain 

centers (like swirls, as pointed out by de Kock, 1970) giving rise to the 

formation of small disk-shaped oxygen aggregates bound by Frank partial 
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dislocation loops. Then, the consecutive migration of silicon atoms to 

(the emission of vacancies from) the surroundings of faulted planes 

results in the growth of the extrinsic stacking faults with the strain 

vectors of (a/3)<lll> type. The disappearance of the faults after a 

subsequent thermal treatment in argon was suggested to be partially due 

to dissolution of the aggregated oxygen atoms, acting as the source of 

the defects, into the matrix. 

Ravi and Varker (1974) postulate that, due to oxidation, a local 

enhancement of oxygen diffusion will occur at the sites of the swirl 

defects. If the excess oxygen diffusing into local regions of the 

crystal exceeds the solubility limit of oxygen in silicon at the oxida

tion temperature, it will precipitate on close-packed planes to form 

Frank loops composed of stacking faults, which these authors observed to 

be extrinsic in nature, aiid bounded by an (a/3)<lll>-type partial dislo

cation. With increasing distance from the surface, the degree of local 

supersaturation decreases with the result that the size of the Frank 

loops should decrease with no loops being nucleated below a certain 

depth. The growth of faulted loops would occur by the mechanism of 

climb, the driving force for climb being further oxidation. Based on 

this model, Ravi (1975) suggests that the conditions for the nucleatlon 

of faults at swirls are satisfied when the fault plane is at a shallow 

angle to the surface plane. He reports that the fault nucleatlon at 

swirls occurs more easily in (100) oriented crystals than in (111) 

oriented crystals since the {111} planes are at shallower angles with 

respect to the (100) surface than with respect to the (111) surface. 
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Hu (1974) aoted that the formation of stacking faults that 

aggregate in the familiar macroscopic pattern of swirls is very similar 

to the better-known stacking faults induced due to mechanical damage, in 

their habit and growth rate. Hu assumes that there is a small fraction 

of unoxidized silicon, which is severed from the lattice by the 

advancing Si-SiQ^ interface. The lattice is quickly supersaturated with 

self-interstitials due to their extremely high mobility. Hu makes this 

assumption in view of the observed extrinsic nature of the oxidation-

induced stacking faults. The nucleation of these faults occurs at cer

tain strain centers (like oxygen precipitates, carbide precipitates, and 

other kinds of sufficiently large defect clusters), as well as mechani

cal damage at the surface. 

Hu (1975) studied the kinetics of growth of oxidation-induced 

stacking faults as a function of temperature, crystal orientation, and 

the oxidation ambient (whether dry oxygen or steam). He reports that, 

for a given oxidation time, the size of oxidation-induced stacking 

faults first increases with temperature following an Arrhenius relation, 

reaches a peak at some temperature, and then decreases rather sharply 

until, finally, the faults totally vanish. The temperature above which 

the oxidation-induced stacking faults vanish is dependent on the crystal 

surface orientations as well as on the oxidation ambients. In dry oxygen, 

this temperature is 1240°C for {100} surfaces, 1220°C for {111} surfaces, 

and 1175°C for surfaces with 5° off {100}. Thus, the size-versus-

temperature curve of the growth of oxidation-induced stacking faults can 
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be divided into two regions, which Hu calls the growth and the retro-

growth regions. In the growth region, the growth follows a power law 

0 8 
of (size)"(time) ' ; in the retrogrowth region, the power law breaks 

down. The activation energy in the growth region is 2.3 eV for all 

surface orientations and oxidation ambienta. The crystals used by Hu 

were grown by the CZ method, but it is not clear whether they were free 

of dislocations and swirls. Also, no mention was made as to the nuclea

ting sites of the oxidation-induced faults, i.e., whether at swirls or 

at sites of mechanical damage on the surface. After thermal oxidation, 

Hu removed the oxide with HF and then Sirtl-etched the surface to 

observe the faults. 

Stacking Faults Attributed to Precipitation 
cf Dissolved Oxygen 

Stacking faults can also form in conditions other than thermal 

oxidation treatments. Batavin (1970) reported a striated distribution 

of stacking faults in dislocation-free CZ silicon crystals after anneal

ing at temperatures between 900 and 1200°C in vacuum. Batavin (1970), 

Patel (1973), de Kock, Roksnoer, and Boonen Q.975) reported the precipi

tation of oxygen, in a striated pattern when CZ' silicon crystals were 

annealed in nitrogen (as for instance, 48 hrs. at 1050°C). 

De Kock (1973) reported his results when slices taken from 

dislocation-free FZ crystals containing A- and B-swirl defects were sub

jected to annealing treatments at temperatures between 1000 and 1200°C 

in nitrogen. It was observed that after annealing some of the clusters 

had changed into stacking faults which were located in the various {111} 



137 

planes. It seems that contamination in the furnace atmosphere inhibits 

stacking fault formation. 

On the other hand, Matsui and Kawamura (1972) reported earlier 

that, when dislocation-free FZ silicon crystal slices (which exhibited 

striated patterns of etch pits before any thermal treatments) were 

annealed at 1200°C for 22 hrs in dry hydrogen or nitrogen, no stacking 

faults were formed. Only after an oxidation treatment at 1200°C for 22 

hrs were stacking faults observed in a striated pattern similar to that 

of the original defects. 

Fatel and Authier (1975) carried out thermal treatments at 

1200°C for 22 hrs in different atmospheres (oxygen, hydrogen, helium). 

They used slices from a dislocation-free CZ silicon crystal, containing 

17 -3 7.5 x 10 cm of dissolved oxygen, together with control specimens of 

dislocation-free, float-zoned, oxygen-free silicon crystals. They did 

not, however, report whether the crystals were free of swirl defects and 

striations. They observed extrinsic stacking faults (as seen by X-ray 

topography) in CZ crystals after the thermal treatments, whereas no 

faults were seen by X-ray topography in the control samples of FZ 

crystals. In either case, the results observed were independent of the 

ambient gas used (oxygen, hydrogen, or helium). They attributed the 

stacking faults in CZ crystal slices to be due to the precipitation of 

dissolved oxygen which was originally present in the crystal. 
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Elimination of Stacking Faults in Silicon Crystals 

Since stacking faults in silicon have been linked to poor elec

trical performance of electronic devices, especially when the faults are 

decorated with impurities and present in the electrically active regions 

of the device, it is very important to use improved processing tech

niques in combination with superior starting material. Since it is not 

always possible to completely eliminate native swirl defects in the 

silicon crystal, it is the responsibility of the process engineer to 

develop the appropriate gettering technique to suppress process-induced 

crystal defects at every stage of the processing sequence. A number of 

gettering methods have been evolved recently, and these may be broadly 

classified into two categories: pre-oxidation gettering techniques, and 

in-process gettering techniques. Some of the techniques are found to be 

better at eliminating process-induced nuclei, whereas the native defects 

(swirls) may not be eliminated or deactivated completely. 

Pre-Oxidation Gettering Techniques 

Method 1; plastic deformation on backside of wafer. The 

influence of plastic deformation on semiconductor devices is an extremely 

complex area of investigation, dependent on such variables as dislocation 

type, location in material (junction depletion region, neutral region), 

degree of interaction with other point and line defects, device type, 

device area, as well as the details of material preparation and device 

manufacturing processes (Metz, 1965). Tasch et al. (1973) recommend the 
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use of controlled backside damage to generate dislocations. These dis

locations are beneficial (by acting as sinks for point defects and 

impurities at elevated temperatures) for gettering stacking fault 

nuclei from the active regions of the device. 

Method 2: ion implantation damage on backside of wafer. Numer

ous studies have demonstrated the feasibility of using ion implantation 

damage to getter metallic impurities in silicon. Rozgonyi and Seidel 

(1977) used controlled backside ion implantation to suppress the formation 

of oxidation-induced stacking faults. The gettering efficiency of the 

ion damaged layer is related to the residual disorder present after 

annealing at elevated temperatures (850-1150 °C). The amount of resid

ual disorder depends on the atomic size of the implanted ion species, 

and on the crystallographic orientation of the silicon wafer. 

Method 3: phosphorus diffusion on backside of wafer. Rozgonyi, 

Petroff, and Read (1975) described a pre-oxidation gettering procedure 

whereby stacking fault nuclei are gettered from the active device side 

of the wafer, by the deliberate introduction of an array of misfit 

dislocations resulting from controlled phosphorus diffusion on the back

side of the wafer. The depth and density.'of the dislocation array can 

be adjusted by varying the diffusion time and temperature. Since the dis

locations are interfacial in character, they lie parallel to the wafer 

surface and are confined to within a few microns of the back surface. 
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It is well known that dislocations are sinks for point defects and 

impurities at elevated temperatures. Point defects and impurities, 

which act as stacking fault nucleation sites, are thus gettered by the 

interfacial misfit dislocations, thereby suppressing the formation of 

oxidation-induced stacking faults. The misfit dislocations are expected 

to continue to act as sinks for impurities during subsequent high 

temperature processing. 

Method 4: silicon nitride deposition on backside of wafer. * 

Another pre-oxidation gettering procedure (Petroff, Rozgonyi, and Sheng, 

1976) involves the chemical vapor deposition of a silicon nitride 

(Sl^N^) film on the back of the wafer followed by a pre-oxidation anneal. 

The elastic strains set up on the back of the wafer, due to the highly 

stressed nitride layer, are found to be useful in gettering process-

induced nuclei responsible for stacking fault generation* However, this 

procedure is basically an elastic effect and introduces much less lattice 

distortion than misfit dislocations. The nitride process is mainly 

effective in suppressing process-induced nuclei, whereas native defects 

(swirls) are not eliminated or deactivated completely. 

In-Process Gettering Techniques with Chlorine and. Its Compounds 

Thermal oxidation of silicon in environments containing•small con

centrations of chlorine,'hydrogen chloride, or chlorinated hydrocarbons 

suppresses the formation of stacking faults in silicon. The elimination 
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or shrinkage of stacking faults which were already present have also 

been realized (Shiraki, 1975, 1976a» 1976b; Hattori, 1976, 1977; 

Claeys et al., 1977). Such oxidations also improve properties of the 

resultant Sit^ films and underlying silicon (Osbum, 1974). This pro

cedure effectively reduces fixed oxide charge, interface state, and 

mobile charge densities. At high temperatures (115Q°C), SiOj films 

prepared with HC1 additions seem to neutralize Na+ ion contamination 

effects, often introduced during later processing. Superior Sit^ 

dielectric breakdown distributions have also been achieved by such oxi

dations or even by HC1 cleaning the quartz oxidation tube (Osburn and 

Ormond, 1972). Substantial reductions in the Si minority carrier genera

tion rates have been noted after HC1 oxidation or Cl^ gettering of 

metallic impurities from the silicon. Gettering is generally believed 

to be partially responsible, at least, for the beneficial effects, 

wherein metal contaminants are removed (as volatile halldes) from the 

oxide or underlying silicon. Presumably, Na removal gives a lower 

mobile charge, while the elimination of recombination centers like Cu, 

Ag, or Fe from the silicon results in a lower minority carrier generation 

rate. 

Because of the great technological interest for eliminating oxi

dation-induced stacking faults in silicon, different chlorine-containing 

species have been tried. Singh and Balk. (1978) have•reviewed the litera

ture and discussed the current level of understanding ox the techniques 

and mechanism involved in thermal oxidation of silicon in the presence 

of chlorine and chlorine compounds. 
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Studies related to stacking fault elimination using chlorine 

compounds during thermal oxidation have recently gained considerable 

importance because of the possible correlation of these defects with 

dark current spikes in CCD's (charge-coupled-devices (Tanikawa, Ito, and 

Sei, 1976). The existence of a strong correlation has been confirmed by 

Declerck ec al. (1976) and Claeys et al. (1977). 

Optimizing the process may cause some difficulty since the 

elimination of stacking faults which are already present requires growth 

conditions (1150-1240°C, 3-6% HC1) which will result in surface 

roughening and degradation of other beneficial properties like the 

attainment of low interface state density, high dielectric breakdown 

strength, and good stability under room temperature bias. These adverse 

effects are avoided by working at somewhat more moderate temperatures 

(1100-1150°C) and concentrations(3-4% HC1), but under these conditions 

only generation of new stacking faults is prevented. Thus, combination 

with other gettering techniques (backside abrasion, impurity diffusion, 

ion implantation, or silicon nitride deposition) may be necessary to 

eliminate the stacking faults (Claeys et al., 1977). 

Until recently, most procedures have introduced chlorine into 

the oxidizing ambient in the form of HC1 or C^, while a more manageable 

chlorine source has been sought to avoid its corrosive and deleterious 

effects. The use of various chlorinated hydrocarbons, to replace HC1 or 

Cl£ for elimination of oxidation-induced stacking faults and for improved 

electrical properties of the oxide layer itself, is being explored in 
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che laboratories of various semiconductor companies. Hactori (1976) has 

reported the use of TCS (trichloroethylene, C^HCl^) for suppressing the 

formation of stacking faults during oxidation. 

High-Pressure Low-Temperature Oxidation 

Since the length of the oxidation-induced stacking faults is 

greater at higher temperatures (up to a certain point, beyond which 

retrogrowth phenomenon dominates, as discussed by Hu, 1975) for the same 

oxide thickness, oxidizing the silicon at lower temperatures in an 

accelerated manner should reduce the size or completely suppress such 

defects. There is currently a very intense activity in various semi

conductor laboratories in the U.S.A., as well as in Japan, in the area 

of high-pressure oxidation of silicon (see for example: Katz and 

Howells, 1978; Katz and Kimerling, 1978; Miyoshi, Tsubouchi, and Nishimoto, 

1978). 

Conventionally, the growth of thick silicon dioxide film has been 

performed using wet oxidation or pyrogenic oxidation at a 

temperature of about 1000°C at atmospheric pressure and for a very long 

oxidation time. For example, an oxidation time of about 12 hrs. is 

necessary to form silicon dioxide film of 1.5 um thick in pyrogenic 

ambient at atmospheric pressure and 1000°C. On the other hand, high 

pressure coupled with low temperature processing assures accelerated 

oxidation rates for high throughputs and savings in process time. 

Operation of the high-pressure oxidation system at ten atmospheres 

pressure allows a typical oxidation rate of approximately ten times that 



144 

at atmospheric pressure. With oxidacion rate directly proportional to 

increases in atmospheric pressure at a specific temperature, 10 and 25 

atmospheres of pressure yield 10 to 25 times the production rates of 

comparable systems operating at atmospheric pressure. 

The high-pressure oxidation process is compatible with the over

all integrated circuit processing. Silicon nitride films are an integral 

part of modern silicon IC technology, and are used to obtain selective 

oxidation of the silicon substrate, as well as for protective overcoats 

of the finished circuit. Miyoshi et al. (1978) have reported that the 

conventional silicon nitride film was found to be able to mask the 

selective oxidation even in high pressure steam. 

Some Concluding Remarks 

Most of the single-crystal silicon now used in the U.S. is pro

duced by the well-known Czochralski method of growth. The rapid increase 

in diameter of commercial crystals, from ̂ 25 mm to 75 mm and 100 mm, in 

about twelve years has necessitated continuing studies both of crystal 

growth and wafer processing. Present growth methods produce essentially 

dislocation-free crystals. But, particularly in the absence of grown-in 

dislocations, other types of imperfections and microdefects may be 

formed. These include impurity striations, swirls, and possible precipi

tates (metallic, oxide, carbide). Various steps used in processing de

vices may also produce defects. 

Doping of the Czochralski crystals is achieved by adding a con

trolled amount of dopant to the melt. Impurities which may be present 
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in the crystals are mainly oxygen, carbon, and some metals (principally 

gold, copper, and iron), Mayer (1972). Under clean growth conditions the 

13 concentrations of heavy metallic impurities remains low (5 x 10 

3 atoms/cm ), but their low-temperature solubilities in silicon are also 

extremely small. The low concentrations are mainly due to the high 

purity of the polycrystalline starting material, and the low values of 

the distribution coefficients of metals in the silicon solid-liquid 

system (Trumbore, 1960). Oxygen in the crystals is derived from reaction 

with the silica crucibles and carbon either from the graphite heating 

elements or from the contamination in the polysilicon source material. 

17 18 3 Typical concentrations range from 10 to 2 x 10 atoms/cm for oxygen, 

and from 4 x 10^ to 5 x 10^ atoms/cm"^ for carbon (de Kock, 1973). The 

equilibrium concentrations of oxygen aad carbon in silicon decrease with 

decreasing temperature (Trumbore, 1960) but not nearly so rapidly as for 

metals. Some precipitation of oxygen and carbon and of the heavy metals 

can be expected to take place during cooling of the CZ crystals after 

growth, and to proceed further during annealing treatments at elevated 

temperatures (Shul'pina, Zaslavskii, and Dedegkaev, 1968) as well as 

during the processing oxidation and diffusion thermal treatments. Pre

cipitation of the deliberately added dopants such as phosphorus, arsenic, 

antimony, or boron is not expected at the dopant levels usually involved 

in semiconductor device technologyy. 

When dislocation-free silicon crystals are used in complex semi

conductor device processing, the crystal defects generated during the 

fabrication of the device are often the end result of inhomogeneities 
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formed during the crystal growth process. These defects (impurity com

plexes and dislocation loops) are often transformed during subsequent 

wafer processing by thermal-diffusion to produce the final defect struc

tures (complex dislocation colonies, precipitates, and stacking faults 

which bear little resemblance to the initial defects. The progressive 

development of native defects during thermal oxidation and diffusion has 

been investigated in silicon pn junction devices using EBIC microscopy 

(Varker and Ravi, 1973). The results clearly indicate that a complex 

interrelationship can exist between major processing steps to produce 

the final defect structure. Typically, the end result, is the progres

sive degradation of the electrical characteristics of pn junction de

vices. 

Some extremely practical points arise in regard to the commercial 

utilization of CZ crystals and the level of homogeneity achieved in 

producing them. Striations are known to occur commonly during growth. 

Due to the varying conditions during growth, their pattern may change 

along the length of the crystal. The concentrations of oxygen, carbon, 

and metallic impurities may vary along the length of the crystal from 

the seed to the tang end. The distribution of the swirl defects may not 

only be expected to vary radially in a given wafer but to be dependent 

also on the distance from the seed end at which the wafer was saxm from 

the crystal. After growth, the typical high-resistivity, CZ silicon 

crystal is given a low-temperature anneal (650-700°C) to stabilize the 

electrical resistivity by destroying the oxygen donors, that is, by 

restructuring the electron bonding in the silicon-oxygen complexes formed 
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on cooling of the as-grown crystal. The experimental results of a 

recent study by Capper, et al. (1977) on CZ silicon clearly indicate the 

complex interaction between the effects of oxygen donors on the net free 

charge carrier concentration and the thermal history of the silicon 

ingot. The effects of these heat treatments on the native defect struc

tures and the homogeneity of basic electrical parameters in the ingot are 

of utmost importance in silicon device technology. Further, in processing 

devices on the wafers, oxidation anneals as well as diffusion steps are 

carried out on the wafers. These thermal treatments may modify the 

swirl defects, precipitate structures, and microdefects present. Of the 

six different types of structural defects observed in annealed silicon 

containing oxygen (Staudinger, 1978), some may be electrically inactive 

but others electrically active so as to adversely affect fabricated de

vice performance. 

Motivation and Scope of this Investigation 

With the continuing trend toward very-large-scale integration 

(VLSI) and large-diameter crystals, a better fundamental understanding 

is required of the axial and radial impurity/defect inhomogeneity of CZ 

crystals, the effects of thermal processing on structural transformation 

of the defects, and the electrical characteristics of imperfections and 

microdefects present in processed silicon wafers. 

In this dissertation, the published literature on silicon 

materials science was reviewed, with particular emphasis on phenomeno-

logical descriptions where possible. In addition, wafers obtained from 
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different sections of CZ silicon crystals were given thermal annealing 

and/or oxidation treatments under carefully controlled conditions, as 

described in Chapter 4. The wafers were characterized with four-point 

probe, spreading resistance probe, preferential etching and optical 

microscopy. Identical thermal treatments were given to wafers from seed-

end and tang-end of a crystal to see if a difference exists in the 

defect structure present in different regions of the crystal. Likewise, 

different thermal treatments were given to wafers from the same region 

of the crystal, to see if the final defect structure is strongly depen

dent on the details of thermal cycles. Three sample wafers were selected, 

and the defect-structure present in these wafers was studied by high-

resolution transmission electron microscopy. The experimental details 

are presented in Chapter 4, and the results are presented and discussed 

in Chapter 5. 

Additional wafers from the same crystals were processed along 

with those used for this investigation; these were donated to The 

University of Arizona, Tucson, for a continuing study of the electrical 

implications of the defects and their correlations with detailed trans

mission electron microscopic investigations. These future studies are 

beyond the scope of the present investigation, but will be carried out 

by the Department of Metallurgical Engineering of The University of 

Arizona, under the sponsorship of the National Science Foundation. 
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EXPERIMENTAL PROCEDURES 

Starting Material 

The starting material used in this investigation was obtained 

from three separate ingots of dislocation-free silicon single-crystals 

grown with the Czochralski technique by Motorola Semiconductor Group, 

Phoenix, Arizona. The crystals were of {100} orientation, about 3.2 in. 

(31 mm) in diameter, and 16 in. (40.6 cm) long, and were grown in an 

atmosphere of argon gas. The specific details (crystal pull and spin 

rates, crucible rotation rate, etc.) are proprietary information of 

Motorola, Inc., and are hence not divulged here. Figure 31 shows a row 

of production CZ crystal pullers, used for obtaining silicon single-

crystals from the melt. Figure 32 shows a typical high-purity quartz 

crucible in which the polycrystalline silicon is placed. The crucible 

is placed in graphite holders and heated by resistance heating to melt 

the poly-silicon. A Hamco-2000 crystal puller was used to obtain the 

single crystals used in this investigaiton. Figures 33 and 34 show the 

top portion of the Hamco crystal puller, revealing a typical modern-day 

crystal being withdrawn. Figure 35 shows a typical CZ-pulled silicon 

single crystal [3.2 in. (81 mm) diameter, 36 in. (91 cm) long], being 

displayed by a Motorola technician. 
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Fig. 31. A Row of Modern Crystal Pullers Used for Growing Large
Diameter Silicon Single Crystals by the CZ Technique 

(Courtesy of Motorola, Inc., Phoenix, Arizona.) 
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Fig. 32. 
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A Typical High-Purity Quartz Crucible for Containing Molten 
Silicon During CZ Crystal Growth 

(Courtesy of Motorola, Inc.) 



Fig. 33. 
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Photograph Showing the Top Portion of a Hamco-2000 Crystal 
Puller 

(Courtesy of Motorola, Inc.) 



Fig. 34. 
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Photograph Showing a Silicon Single Crystal (Diameter: 81 rnrn; 
Length: 41 ern) Being Withdrawn in a Harnco-2000 Crystal Puller 

(Courtesy of Motorola, Inc.) 



Fig. 35. 
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Photograph Showing a Silicon Single Crystal (Diameter: 81 rnrn; 
Length: 91 em) Being Displayed by a Motorola Technician 
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Table III contains information on the resistivity type of the 

crystals used in this investigation, and other pertinent details re

garding the specific experimental scheme that was used to process the 

wafers through various thermal treatments. In addition, Table III also 

presents information as to whether the as-grown crystal was given an 

initial annealing treatment in argon at 650°C for 90 min. As discussed 

earlier in Chapter 3, most semiconductor companies typically carry out 

this initial bake in ingot-form, and then rapidly pull the crystal out 

of the annealing furnace, to destroy oxygen-donor complexes and there

by stabilize the electrical resistivity. This initial annealing 

treatment is important for classifying the wafers into various 

resistivity ranges. 

After crystal growth, the ingot was centerless-ground in a lathe 

to a final uniform diameter of 3 in.(76.2 mm), and a [110]-orientation flat 

was ground throughout the length of the ingot. Each crystal ingot was 

then sawn into four sections, based on distance from the seed-end of 

the crystal, according to the scheme shown in Fig. 36. In each given 

section, say Tl, wafers were sawn perpendicular to the growth axis, 

and randomly arranged amongst themselves; this procedure was important 

for proper experimental design. It should be noted here that since 

the liquid-solid interface does not necessarily lie perpendicular to 

the growth axis of the crystal, the impurity striations and swirl 

defect density go through microscopic variations along the growth axis, 

superimposed on the longitudinal variation of impurities due to segre

gation coefficients differing from unity. The wafers were then 
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Table III 

Starting Material 

Motorola 
crystal 
I.D. # 

Resistivity 
(Ohm-cm) 

Ingot annealed 
at 650 °Cfor 
90 min ? 

Section 
along length 
of ingot 

(refer to 
Fig. 36) 

Wafer 
Group 

28-1520 6.5-14.8 
(p-type; 

boron doped) 

no T1 A 28-1520 6.5-14.8 
(p-type; 

boron doped) 

no 

M2 E 

32-417 6.5-14.8 
(n-type; 
phosphorus 
doped) 

no T1 F 32-417 6.5-14.8 
(n-type; 
phosphorus 
doped) 

no 

M2 H 

27-86 6.5-14.8 
(p-type; • 

boron doped) 

yes Tl K 
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s'eed 
T1 T2 

10.2 

Ml M2 
tang 

20.3 30.5 40.6 cm 

Fig. 36. Sectioning Scheme Employed for Obtaining Wafers from 
Various Regions Along the Length of Crystal 
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chem-thinned to remove saw damage, and finally chem-slurry polished to 

mirror-finish on one side. The wafers were nominally 20 mils (508 um) 

in final thickness. 

Experimental Design 

Using a diamond-tipped pencil, identification numbers were 

scribed on the wafers to keep track of the wafer origin and processing 

history. The wafers were then processed through argon annealing and 

thermal oxidation treatments, as indicated in Table IV. Only wafers 

from sections T1 and M2 were used in this investigation, whereas wafers 

from sections T2 and Ml (refer to Fig. 36) were saved for separate com

panion studies on oxygen-donor annealing and device processing, beyond 

the scope of the present investigation. In addition, some wafers from 

sections T1 and M2, after completion of all thermal cycles (as indicated 

in Table IV) were donated to The University of Arizona, for a future work 

to correlate TEM studies with the electrical activity of the defects in 

p-n junction devices and MOS devices; a separate research project is 

presently underway at The University of Arizona, under the sponsorship 

of The National Science Foundation. 

All the wafers were initially evaluated with a four-point probe 

for obtaining radial gradients of resistivity of the starting material. 

Wafers from different groups requiring identical thermal treatments 

were then lumped into batches, and a whole batch was processed during 

the same cycle. This procedure saved considerable time and effort, and 

ensured that meaningful results could be obtained. 
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Table IV 

Details of Complete Thermal History Received by Each Wafer 

Wafer // Thermal History (in wafer form, unless 
otherwise specified) 

Al, El Unprocessed. 

A3, E3 Steam Oxidation 1200°C 20 mins. 

A7, E7 Steam Oxidation 900°C 4 hrs 45 mins. 

All, Ell Argon Anneal 650°C 100 mins. 

A13, E13 Argon Anneal 650°C 100 mins. followed by Steam Oxidation 
1200°C 20 mins. 

A17, El 7 Argon Anneal 650°C 100 mins, followed by Steam Oxidation 
1050"C 50 mins. 

A19, E19 Argon Anneal 650°C 100 mins, followed by Steam Oxidation 
900°C 4 hrs 45 mins. 

A23, E23 Argon Anneal 650°C 100 mins. 

A25, E25 Argon Anneal 650°C 1000 mins, followed by Steam Oxidation 
120Q9C 20 mins. 

A29, E29 Argon Anneal 650°C 100 mins, followed by Steam Oxidation 
900°C 4 hrs 45 mins. 

A33, E33 Argon Anneal 900°C 100 mins. 

A35, E35 Argon Anneal 900°C 100 mins, followed by Steam Oxidation 
900°C 4 hrs 45 mins. 
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Table IV—Continued 

Wafer // Thermal History (in wafer form, unless 
otherwise specified) 

F3, H3 Argon Anneal 650°C 1000 mins. 

*5, H5 Argon Anneal 650°C 100 mins, followed by Argon Anneal 
900°C 10 hrs. 

F6, H6 Argon Anneal 650°C 100 mins, followed by Argon Anneal 
1050°C 5 hrs. 

*7, H7 Argon Anneal 1050°C 5 hrs. 

F8, H8 Argon Anneal 1150°C 2 hrs. 

K25 Ingot Annealed Argon 650 "C 90 mins, 
in wafer form. 

and unprocessed 

K27 Ingot Annealed Argon 650°C 90 mins, 
Anneal 650°C 1000 mins. 

followed by Argon 

K29 Ingot Annealed Argon 650°C 90 mins, 
Anneal 900°C 10 hrs. 

followed by Argon 

K31 Ingot Annealed Argon 650°C 90 mins, 
Anneal 1050°C 5 hrs. 

followed by Argon 

K33 Ingot Annealed Argon 650°C 90 mins, 
Anneal 1150°C 2 hrs. 

followed by Argon 

K35 Ingot Annealed Argon 650°C 90 mins, 
Anneal 800°C 12 hrs. 

followed by Argon 
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After all thermal treatments were completed, the oxide thickness (where 

applicable) was measured with IBM-7840 Film Thickness Analyzer (FTA), and 

the oxide film was subsequently stripped with HF. Selected wafers were 

used for obtaining spreading resistance profiles with ASR-200K automatic 

spreading resistance probe. It should be noted here that the. four-point 

probe provides a measurement of average bulk resistivity at low spatial 

resolution, whereas the spreading resistance probe has a very high spa

tial resolution and measures the spreading resistance of a very small 

volume of material directly under the probes. After all the thermal 

processing was completed, the wafers were studied by preferential etch

ing and optical microscopy. Finally, three wafers Csamples // Al, All, 

and A19) were selected and the defect structures in these wafers were 

studied using high-resolution transmission electron microscopy. The 

various techniques used are described in detail in the following sections. 

Specimen Cleaning 

In this investigation, all wafers were first subjected to the 

following cleaning procedure immediately prior to the annealing or ther

mal oxidation treatments: S 

• Dip in H2O : HF 0.0:1) for 1 minute. 

• Rinse in ultra-pure deionised (UPDI) water for 5 minutes. 

• Clean in Piranha (H2SC>4 : :: 7:3) 0-00 + 10°C). for 10 
minutes. 

• Rinse in UFDI water for 5 minutes. 

• Dip in H^O : HF 0-0:1) for 20 seconds-. 
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Rinse in UFDI water for 10 minutes. 

2 min. rinse in UPDI water and 5 min. dry cycle in a spin-
rinse dryer. 

Annealing and Thermal Oxidation Treatments 

A quartz diffusion tube, 1 meter long, was used in a 3-zone 

Lindberg furnace. The furnace temperature was profiled once a week, in 

each of the three zones, using three thermocouples and a Doric digital 

temperature-indicator. 

The furnace idle temperature was set at 650°C. The wafers were 

loaded in the center of a quartz boat with five sacrificial wafers at 

either end of the row of the actual wafers. The wafers were placed 

such that the polished side always faced the inlet end of the tube, and 

wafers were placed in adjacent slots of the boat. An end cap was used 

at the exit end of the furnace tube, in all experiments, to simulate a 

closed-tube condition. The processing details are given below: 

Annealing Treatments 

Furnace idle temperature: 650°C (nitrogen) 

Push/Pull rates: -5 mm/sec in argon (4 liters/min) at 650°C 

Ramp Up: 30 min in argon C4 liters/min) 

Annealing treatment at the specified temperature for the speci
fied time, in argon ("4 liters/min) 

Ramp Down: 45 min in argon C4 liters/min) 

Thermal ramping techniques were used to minimize thermal stresses 

in the wafer and the resulting dislocation generation during the anneal

ing and thermal oxidation treatments, except for the 650°C annealing 

temperature. 
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Thermal Oxidation 

Furnace idle temperature: 650°C 

Push/Pull rates: -5 mm/sec at 650°C in dry 0^ C4 liters/min) 

Ramp Up: 30 min in dry 0^ C4 liters/min) 

Thermal oxidation treatment in steam at the specified tempera
ture for the specified length of time, in 100% steam Can 
electrically heated bubbler was used to generate steam) 

Ramp Down: 45 min in dry 0£ (4 liters/min) 

Oxidation time at each given temperature was appropriately 

adjusted to get about 0.5 wm oxide thickness. This oxide thickness was 

expected to be satisfactory for fabricating p-n junction devices for 

the diffusion conditions planned in subsequent experiments, as well as 

for obtaining stacking faults which may be easily revealed by preferen

tial etching and optical microscopy. In addition, the defect size 

obtained in the above conditions during oxidation was expected to be 

adequate for transmission electron microscopy CTEM) analysis so that the 

entire defect could be viewed in the electron-transparent regions of a 

typical jet-polished TEM specimen. 

Measurement of Oxide Thickness 

The silicon dioxide film thicknesses were measured by use of 

the IBM-7840 Film Thickness Analyzer (FTA) (IBM Corp., Poughkeepsie, 

New York); see Fig. 37. The 7840 is an integrated, stand-alone system 

designed for rapid measurement of film thickness on highly reflective 

substrates, such as silicon, for use in the semiconductor industry. The 



Fig. 37. The IBM 7840 Film Thickness Analyzer 

(Courtesy of Motorola, Inc.) 
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7840 operates with stored refractive index (n) values representative of 

each film type. The form of the equation for n is: 

n - A + , (37) 
A* A 

f-
where A is the wavelength and A, B, and C are the refractive index 

coefficients. This form of the dispersion equation is known as the 

"Cauchy equation." The values supplied with the 7840 assume that the 

film's characteristics have not been modified by unique processing 

methods. 

To calculate the thickness of a film on a single-crystal 

substrate of silicon, four things must be known: 

1. The optical constants of the film as functions of the 

wavelength in the visible wavelength region (400-700 nm). 

2. The optical constants of the substrate. 

3. The reflectance of the combined film and substrate. 

4. A mathematical model or relationship describing the physi

cal result of the optical measurement. 

The 7840 combines all four requirements. The 7840 uses predetermined 

optical properties for the films of SiO^, Si3N4» and KTFR. The pre-

stored optical constants may be modified by the operator if it is 

determined that the film properties are different because of some 

specific processing functions unique to this product. A wafer with the 

desired film is placed onto the holder chuck of the 7840. The combined 

reflectance of the film and substrate is then measured automatically at 
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predetermined locations on the wafer. From the sample reflectance and 

known optical properties, the 7840 can solve the mathematical relation

ships that describe the reflectance for the film thickness. 

Measurement of Radial Variation of Resistivity 

The radial variation of resistivity of the starting silicon 

wafers is an important materials measurement which indicates the relative 

uniformity of the net dopant concentration and is also used for quality 

control purposes by the semiconductor industry. In this research pro

gram, the radial resistivity variation was measured independently by two 

different techniques: the four-point probe method (Smlts, 1958), and 

the automatic spreading resistance probe (Mazur, 1967), as described be

low. The four-point probe provides a measurement of average bulk 

resistivity at low spatial resolution, whereas the spreading resistance 

3 probe measures the spreading resistance of a very small volume (10 um ) 

of material directly under the probes and therefore provides a measure

ment at high spatial resolution. 

Four-Point Probe Measurements 

A four-point probe Csee Fig. 38) was used to measure the radial 

gradient of resistivity, according to the standard test procedure 

described in ASTM F-81 Csee List of References). This method yields a 

net average variation between the center and selected outer regions of 

the specimen; no indication is given of the magnitude or the form of the 

variation in the intervening regions. This method will not detect 

azimuthal variations, and results may be in error if the azimuthal vari

ations are not negligible. 



Fig. 38. 
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Photograph Showing the Four-Point Probe Instrument Used in 
This Investigation 
(Courtesy of Motorola, Inc.) 
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The principle involved in measuring resistivity of the silicon 

wafers by the four-point probe is shown schematically in Fig. 39. The 

specimen is approximated to be a semi-infinite slab. A direct current is 

passed through the specimen between the outer probes and the resulting 

potential difference is measured between the inner probes. The resis

tivity is calculated from the current and potential values and factors 

appropriate to the geometry. In addition, another important factor 

which must be taken into account is the fact that semiconductors have a 

significant temperature coefficient of resistivity. Consequently, the 

temperature of the specimen should be known at the time of the measure

ment and the current used should be small to avoid resistive heating. 

The resistivity measurements were made on, the silicon wafers at 

the six positions as indicated in Fig. 40. The measurements were made 

at the center and at four positions 6.0 mm from the edge, 90 degrees 
/ 

apart. The probe was placed at these positions so that the line joining 

the four in-line probes is perpendicular to the radius which bisects the 

array (Tig. 40J. 

The resistivity at each position was calculated in accordance 

with ASTM Method F-84, which, included correction factors appropriate for: 

Ca) probe separation S relative to slice diameter, (b) probe separation 

S relative to the slice thickness w, and (c) temperature coefficient 

of resistivity of silicon in the range 18 to 28°C. 

The average resistivities at the edge and center were calculated 

as follows: 
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where: 

p = resistivity 

V = potential 
difference 

I = current 

S = probe spacing 

Fig. 39. Specimen Arrangement for Four-Point Probe Measurements 
on a Silicon Wafer 

6.0 mm 

45' 

-A 

Fig. 40. Measurement Positions (1 to 6) for the Four-Point Probe 
Method, and a Suggested Reference Point (A) 

The reference point used here was the wafer flat parallel 
to a (110] direction. 
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Pe = CPx + C38) 

and 

Pc = (p2 + P5)/2 (39) 

where: 

p^ through Pg = resistivity, £2-cm, measured at the correspondingly 

numbered positions shown in Fig. 40. The radial variation of resis

tivity, in percent, was calculated as follows: 

Radial variation = [(Pe~Pc)/Pcl x 100 

where p and p are as indicated in Eqs. 38 and 39. 

Spreading Resistance Measurements 

The radial variation of resistance of some selected wafers was 

plotted using an automatic spreading resistance probe, Model ASR -

210K (shown in Fig. 41), manufactured by Solid State Measurements, Inc. 

(600 Seco Road, Monroeville, PA 15146). The principles involved in 

obtaining spreading resistance measurements are described by Mazur and 

Dickey Q.966), and Mazur (.1967), and also reviewed by Runyan (1975). 

Some relevant points are highlighted Below: 

The basic requirements for a practical spreading resistance 

measurement are (1J reproducible contacts, C2) low applied voltage 

(to avoid carrier injection, contact heating and the like), and 

C3). calibration. 



Fig. 41. The Model ASR-21QK Automatic Spreading Resistance Probe 

(Courtesy of Motorola, Inc.) 
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Practical spreading resistance measurements can only be made 

with an automatic probe system, the reasons being: 

A. The reproducibility needed for the measurements can only 

be obtained by machine control of probe contact, probe 

loading, and other factors that affect the measured spread

ing resistance values; 

B. The high throughput of an automatic apparatus is needed to 

produce the quantity of measurements needed for proper 
4 

calibration and profiling as well as for the amount of 

data required to characterize a typical silicon problem. 

For a flat circular contact of radius "a" uniformly affixed to 

the surface of a semi-infinite medium of resistivity p, the spreading 

resistance R is: sp 

R « . , C40) 
sp 4 a * 

If contact is a hemisphere of radius r, embedded in the solid, 

- -£r • 

Rather than attempting to calculate R from Eqs. (40) and sp 

C41), the usual procedure is to carefully prepare a probe tip, plot the 

measured R^ for several known resistivities of homogeneous material, 

and prepare a calibration curve. Experience has shown that reproduci

bility of a given tip increases with use up to perhaps 1,000 
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measurements, after which It remains constant until damaged. In order to 

shorten the stabilization period, various probe treatments with an abra

sive material have been used with some success. Even though resistivity 

itself is independent of orientation in cubic materials, spreading-

reslstance calibration curves are observed to vary with orientation. 

The surface finish can also affect the calibration curve; so care should 

be taken to ensure that the same kind, of surface is used for all mea

surements which use a given calibration curve. 

The actual contact configuration may take several forms, as 

illustrated in Fig. 42 (Runyan, 1975). It can be a single movable 

probe for one contact, and a broad-area contact for the current-return 

paths or two closely spaced probes. In the latter case the measured 

resistance is actually the sum. of two spreading resistances and hence 

has twice the problem of reproducibility of a single probe, but has the 

advantage of being compact and self-contained. As a compromise, current 

in and current out can each be by point-contact probe, but an addi

tional voltage probe can be added so that the voltage drop across a 

single probe is measured. The Model ASR - 20QK uses the configuration 

shown in Fig. 42(b).. 

Most of the potential drop of a point contact occurs within a 

distance 3a from the point. Thus, resistance readings, will be nearly 

independent of what lies at depths greater than 3a, and conversely, if 

the sample changes- concentration within that distance, readings must be 

treated accordingly. 
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Fig. 42. Various Spreading Resistance Probe Arrangements 

(From Runyan, 1975.) 
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In this investigation, the ASR - 200K spreading resistance 

probe was used, with the following conditions: 

Probe load: 45 gms; Probe spacing: 300 um; 

Probe material: 0s W alloy; Probe diameter: 8 um. 

Preferential Etching and Optical Microscopy 

The development of a rapid and reliable method of evaluation of 

defects in silicon crystals is of major importance to crystal growth 

technology, wafer preparation and processing. Chemical etching is the 

simplest means of detecting the presence of defects in silicon crystals. 

If a crystal containing dislocations is subjected to an etch solution, 

the surface dissolution rate around the point at which a dislocation 

emerges at the surface is different from the dissolution rate in the 

surrounding matrix. This etch anisotropy arises from one or more of a 

number of properties of the dislocation: CI) the lattice distortion 

and stress field of the dislocation, C2) the geometry of planes associ

ated with a screw dislocation, and C3) the concentration of impurity 

atoms at the dislocation. If the dissolution rate is more rapid around 

the dislocation, pit? are formed at these sites; if this rate is slower, 

then small mounds or hillocks are formed. 

Since stacking faults in silicon form on {111} planes, prefer

ential etching reveals the <CllO)> directions along which the stacking 

faults on inclined {111} planes intersect the surface. If the wafer 

surface orientation is {1Q0}, stacking fault etch figures are seen 

along the two mutually perpendicular <(llti)> directions. On {111} 
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oriented surfaces, there are three 110 directions inclined at 60° to 

each other along which stacking faults are observed. 

The various preferential etchants available for evaluating sili

con crystal perfection are summarized in Table V. Sirtl etch has been 

used to delineate defects on most crystal orientations; however, it 

favors the {111} orientations. Schiomel Q.979) reported a modified 

version of Sirtl etch for revealing defects in silicon. In this inves

tigation, a different modification of Sirtl etch, termed "Motorola 

Swirl Etch", has been used to reveal swirls and striations. The Wright 

etch has been found to be useful for both {100} and {111} wafer orienta

tions for revealing stacking faults and dislocations in silicon. The 

Dash etch reveals defects on all planes, but the 4-16 hr etch time 

required is unsuitable for rapid evaluation of material. The Secco etch 

produces elliptically shaped dislocation pits on both {100} and {111} 

oriented surfaces, hence making it difficult to distinguish various 

types of defects. 

Robbins and Schwartz C1959) described chemical etching of sili

con in detail using an HF, HNO^, and H^O system. Briefly, during chemi

cal etching the silicon is dissolved by the etchant in a two-step 

process. First, the silicon is converted into a soluble oxide by a 

suitable oxidizing agent(s). Then the resulting oxide is removed from 

the surface by dissolution in a suitable solvent, usually HF. In order 

to delineate a crystal, defect, the defect area must be oxidized at a 

faster or slower rate than the surrounding matrix forming a pit or mound. 



Table V 

Preferential Etchants for Silicon 

Ecdiauc Clicmical Pommlutlon Ktcli Ruto 
(liiu/uiln) 

Kefurcncu 

Dash Etch UP : IIH03 : llAc 

(1:3: 10) 

-0.1 Uasli (iy56) 

Slrtl Etch HF : Cr03 (5M) 

(1 : 1) 

-3.0 SlrLl and AdLur 

(IWI) 

Sccco Etcli 11F : K2Cr207(0.15M) 

(2 : 1) 

-1.5 Succa d'Aruijtinn 

(1972) 

Wright Etcli 11F (4 95!) : 30 nil 

UN03(70Z): 15 ml 

Cr0^(5 molal); IS ml 

(1 grun CrO^ In 2 ml II^O) 

Acutlc Acid(100Z concu): 30 biL 
Cu(HU3)2: 1 graui 

-1.0 Wright Jiiuklnu 

(1977) 

iiulilmiiiel Etch 2I1K(4«): 1(1HC Oj) -6.8 Schlumiul (I'J/'J) 

Motorola Svlrl 
Etch 

CrO, (31)00 grama dissolved la 
3000 ml of UI II 0) 

IIF(AOZ) 100U ml 

-2.5 Chlu work 
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The Sirtl etch uses CrO^ as its oxidant. CrO^ is a water-

soluble oxidant, which when used in conjunction with HF produces a very 

good etching agent. The equation of the reaction is: 

4CR03 + 24H+ + 12F" + 3Si •* 4Cr3+ + 12H20 + 3SiF4. (42) 

The etching effect can be enhanced by increasing the hydrogen and 

fluorine ion concentration. The addition of H^O and trivalent chromium 

tends to inhibit the reaction. 

In the Wright etch, the silicon is oxidized with an HNO^ - CrO^ 

solution and CuCNO^Jj* addition of acetic acid gives the background 

surface of the etched silicon a smooth finish. This effect is attrib

uted to the buffering action of the acetic acid which effectively con

trols the hydrogen-ion concentration of the solution and thereby 

controls the etch rate. The addition of the small amount of CuCNO^)^ 

enhances the definition of defects, by localized differential oxidation 

at the defect site. 

The standard procedures for evaluating the crystallographic 

perfection of silicon crystal wafers by preferential etching methods 

are described in ASTM Test F47-70 and ASTM Test F416-75T. The oxide 

film (if the sample was thermally oxidized} is stripped with HF, and 

the wafer is rinsed in deionized (pi) water and thoroughly dried in a 

jet of nitrogen. The wafer is then placed face up in a Teflon beaker 

containing sufficient volume of the appropriate etchant, and preferen

tially etched for a specified time. During etching, the beaker is 

manually agitated to get uniform etching without any artifacts. 
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Sometimes, ultrasonic agitation 1s used instead to manual agitation. 

For batch etching of a number of wafers at the same time, the wafers 

are placed vertically in a Teflon carrier and etched in the beaker, 

using ultrasonic agitation. 

It has been found in this investigation that such procedures as 

are currently being used by the industry and described above, have a 

number of problems. The result is that the etch conditions are incon

sistent and uncontrollable, and the defects are smeared out or camou

flaged with artifacts. The ultrasonic agitation leads to cavitation of 

the wafer and micro-cracks on the wafer surface, as well as streaks. 

Manual agitation is not reproducible, and placing the wafer horizontally 

at the beaker bottom leads to etch artifacts because the reaction 

products may not Be effectively removed from the wafer surface. In 

addition, when using Sirtl etch or its modifications, during batch etch

ing of a number of wafers at the same time, the etch rate increases with 

the number of wafers Being etched. This is due to the exothermic nature 

of the etching process. As the number of wafers being etched is 

Increased, the amount of heat generated is also increased. This raises 

the temperature of the solution which in turn increases the etch rate. 

Thus, the preferential etching procedures as presently used by the in

dustry are very inadequate, especially for the present-day dislocation-

free silicon crystals. Improved standards need to be established for 

carrying out preferential etching of silicon for characterizing the 

starting silicon wafers-, if the industry expects to meet the materials 

requirements of the 19.80*s for very-large-scale-integration (VLSI) and 
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for very high-speed-lntegrated-circuits (VHSIC). in this research 

program, novel etching procedures have been used for preferential etch

ing of silicon wafers under very controlled and reproducible conditions, 

as described below. 

The preferential etching procedure employed in this work in

volved the use of a Teflon Barrel shown in Fig. 43. Such barrels are 

used in the semiconductor industry to chemically thin the sawn and 

lapped wafers to remove residual work damage before the wafers are sent 

for final chem-slurry polishing operations. The wafers to be preferen

tially etched were first loaded into this Teflon barrel in every other 

slot, so that the reaction products can be effectively removed from the 

wafer surfaces during the etching process. Sacrificial wafers were also 

loaded into this barrel so as to have the same total number of wafers in 

every batch; this ensured that the same amount of total silicon surface 

area was exposed to the etchant in every batch. Teflon rods were 

screwed on, longitudinally in the barrel, to hold the wafers securely in 

place. Before starting each batch, the etch tank Cshown in background 

in Fig. 43) was thoroughly rinsed with DI water, and the etching solu

tion was freshly mixed and poured into the tank. The same volume of the 

etching solution was'used for each batch, to provide reproducible condi

tions. The barrel with the loaded wafers was then immersed into the 

etch tank, so that its gear attachment fit snugly into the gear assembly 

in the tank. The barrel was then rotated automatically during the etch

ing process, using the same rotation speed in every batch. The 

temperature of the etching solution was monitored and noted for every 



Fig . 43. 
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Photograph Showing the Teflon Barrel Used for Preferential 
Etching of Silicon Wafers Under Controlled Conditions 

In the background is the etch tank in which the barrel was · 
immersed and rotated. 
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batch. As discussed earlier, temperature of the etch solution is an 

important parameter which needs to be controlled, in order to ensure 

that the silicon wafer is etched to the same depth in every batch for 

the particular composition of the etching solution. After etching, for 

a specified time, the barrel was thoroughly rinsed in DI water in an 

adjacent tank and the wafers' were sprayed with isopropyl alcohol and 

dried immediately to avoid any stains. The wafers were then visually 

examined with the naked eye for the severity of macroscopic swirl 

pattern. In addition, using an optical microscope with Nomarski inter

ference contrast, the etch figures were carefully examined. 

In this investigation, two different preferential etchants, 

Wright Etch and Motorola Swirl Etch, were used to reveal two different 

kinds of defects in the processed silicon wafers. Preliminary etching 

studies1 indicated that Wright Etch delineates the stacking faults very 

well, whereas the macroscopic swirl patterns were revealed very well 

by Motorola Swirl Etch. These are described further in Chapter 5. The 

etch rate of a given etchant was determined by measuring the thickness 

of a wafer before and after the etching operation* with a micrometer 

calipers-, and by using the following formula; 

Etch rate = ** Cci " tfi , C43) 
etch time 

where 

t^ = initial thickness of wafer, and 

t^ » final thickness of wafer after etching was completed. 
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Transmission Electron Microscopy 

After completion of preferential etching and optical microscopy 

evaluations on the processed wafers, three wafers were selected for 

transmission electron microscopy (TEM) studies. These three wafers were: 

Wafer # A 1: Unprocessed; 

Wafer # A 11: Argon Anneal 650°C 100 mins; and 

Wafer # A 19: Argon Anneal 650°C 100 mins, followed by Steam 
Oxidation 900°C 4 hr 45 mins. 

These three wafers were obtained from the seed-end one crystal (see 

Table III), and each wafer was processed uniquely as indicated above. 

High-resolution transmission electron microscopy was used to observe 

the native crystal defects, as well as morphological transformations of 

the original defects due to the above thermal processing. The remaining 

wafers were donated to The University of Arizona for further TEM work, 
t 

which will be carried out under the sponsorship of the National Science 

Foundation QTSF). 

The following procedure was employed for obtaining TEM specimens 

from the above three preferentially-etched wafers: 

• The back surface of the wafer was ground, using a diamond-

wheel grinding machine and silicon carbide slurry, to obtain 

a wafer thickness of about 9 oils C228 um). 

• The back surface of the wafer was polished to mirror-finish, 

using an alkaline silica slurry, to a final thickness of about 

6 mils QL52 ym) to remove any mechanical damage. At this 
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point, the preferentially-etched macroscopic swirl pattern 

in the front surface was preserved. 

The silicon wafer was scribed into four quadrants, and only 

one quadrant was used to punch out 3 mm-diameter circular 

disks in a Cavitron ultrasonic machine tool (Sheffield Corp., 

Dayton, Ohio). Silicon carbide slurry was used in the Cavi

tron to get the cutting action in conjvmction with ultrasonic 

energy. The quadrant silicon wafer was firmly held onto a 

ceramic block (2 in x 2 in) using Apiezon wax, such that the 

front surface with the preferentially-ecched swirl pattern 

was visible to the operator. The sample was positioned in 

the Cavitron such that the ultrasonic cutting tool punched 

out 3 mm-diameter disks from regions of high swirl density. 

During each cutting operation, the Cavitron punched out 18 

circular disks. 

A jet-thinning instrument (Model 550, manufactured by South 

Bay Technology, Inc., 5209 Tyler Avenue, Temple City, Cali

fornia 91780) was used to obtain electron-transparent regions 

in the 3 mm disks of silicon. The polishing solution used 

was 4 parts HNO^ (conc.) and 1 part.HF (49% conc.), which 

was freshly mixed just prior to use. The disks were jet-

thinned from the front surface. 
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• The defect structures in the jet-thinned disks were then 

studied using a Hitachi HU-2Q0E transmission electron micro

scope operated at 150 kV. Detailed characterization of the 

Burgers vectors of the dislocation loops, etc. will be studied 

in a continuing study of silicon materials science at The 

University of Arizona, as a separate research project sponsored 

by the National Science Foundation. 



186 

CHAPTER 5 

RESULTS AND DISCUSSION 

Four-Point Probe Measurements 

The radial gradient of resistivity of the starting silicon 

wafers was measured with a four-point probe according to ASTM Standard 

Procedure F-81, prior to any thermal processing in wafer-form. The 

data (presented in Table VI) may be evaluated by comparing the four-point 

probe results of wafer groups A vs E, and similarly F vs H, and by re

ferring to Table III for wafer origin. The following is a summary evalu

ation: 

Comparison of data in Table VI for wafer groups A vs E, and 

F vs H, indicates that for both p-type and n-type CZ-grown silicon 

crystals, the relative radial gradient of resistivity as well as the 

magnitude of resistivity are greater at the seed-end than at the tang-

end. It is well known that, in CZ silicon crystals, oxygen concentra

tion decreases continuously from the seed-end to the tang-end, because 

of k > 1 for oxygen and the more efficient removal of SiO from a melt 

of decreasing volume (Yatsurugi et al., 1973; Liaw, 1979). This re-

stilts in a larger concentration of oxygen donors generated at the seed-

end than at the tang-end of the crystal during cooling. In a p-type 

(boron-doped) crystal, the oxygen donors electrically compensate the 

intentionally-added boron dopant atoms, thus increasing the resistivity 

of the silicon lattice in proportion to the concentration of oxygen 



Table VI 

Four-Point Probe Measurements for Radial Gradient of Resistivity 

[ASTM Procedure F-81 (Temperature Corrected)] 

Probe Spacing: 62.5 mils (1.587 Jim) . 
Current: 100 yA 
Wafer Diameter: 3 inches (76.2 mm) 
Sample Temperature: 24.5°C 
Sample Condition: chem-slurry polished; four-point probe measurements made 

prior to thermal processing.in wafer form 

wafer thickness center center 6 mm 6 mm 6 mm 6 mm % F-81 corrected 
it (ym) (mV) (mV) from from from from Resistivity average 

edge edge edge edge Variation center 
(mV) (mV) (mV) (mV) resistivity 

(ft-cm) 

A1 498 7.0 6.70 14.1 10.7 15.1 13.0 85.72 15.20 

A3 477 5.93 5.96 5.98 6.38 7.20 5.96 - 8.34 13.01 

A7 505 5.78 5.77 5.35 5.49 5.46 5.71 - 0.7 11.26 

All 472 5.35 5.35 5.50 5.62 5.61 5.52 2.57 12.97 

A13 485 6.01 5.99 6.34 6.24 5.98 7.03 2.57 12.97 

A19 477 44.3 43.3 9.0 7.74 7.58 9.21 -81.59 93.15 

A25 505 5.76 5.72 5.74 7.04 5.92 5.96 3.32 12.93 

A29 490 2.60 2.59 2.23 7.65 10.30 12.70 204.71 . 5.671 

A33 475 5.45 5.46 5.52 5.74 5.62 5.64 - 0.72 11.55 

A35 472 5.64 5.65 5.65 5.81 5.68 5.81 - 2.23 11.88 

ou 



Table VI—continued 

wafer thickness center center 6 mni 6 mm 6 mm 6 mm X F-81 corrected 
S (Um) <mV) (mV) from from from from Resistivity average 

edge edge edge edge Variation center 
(mV) (mV) (mV) (mV) resistivity 

(fl-cm) 

El 518 4.13 4.14 4.21 4.38 4.24 4.30 - 0,37 9.548 

E3 523 4.25 4.25 4.30 4,75 4.34 4,67 2.19 9.91 

E7 521 3.99 3.98 4.10 4.21 - 4,14 4.24 0.72 9.246 

Ell 518 4.04 4.05 4.18 4.26 4.17 4.23 0.12 9.340 

E13 528 4.25 4.25 4.24 4.63 4.30 4.66 0.89 10.01 

E19 526 4.36 4.34 4.37 4.39 4.39 4.42 - 2.86 10.19 

E23 526 4.96 4.95 4.98 5,00 5.03 4.97 - 3,03 11.61 

E25 523 5.04 5.05 5.16 5.78 5.21 5.72 4.25 11.76 

E33 521 3.94 3.94 4.10 4.18 4.13 4.10 0.77 9.142 

E35 521 3.98 3.98 4.16 4.29 4.18 4.26 2.06 9.235 

F3 508 2.14 2.14 2.84 3.10 2.99 3.03 34.40 4.847 

F5 498 3.03 3.04 3.28 3.40 3,27 3.34 5.31 6.733 

F6 503 2.98 2.98 3.25 3,31 3.33 3.33 5.80 6.679 

F7 503 3.33 3.32 3.48 3.59 3.53 3.55 2.34 7.452 

F8 5Q0 2.92 2.92 3.06 3.11 3.05 3.04 0.97 6.511 

oo CO 



Table VI—continued 

wafer thickness center center 6 mm 6 mm 6 mm 6 mm % F-81 corrected 
9 (lira) (mV) (mV) from from from from Resistivity average 

edge 
(mV) 

edge 
(mV) 

edge 
(mV) 

edge 
(mV) 

.Variation center 
resistivity 

(fl-cm) 

113 505 1.85 1.86 2.06 2.12 2.07 2.00 6.96 4.181 

H5 523 1.65 1.65 1.76 1.81 1.75 1.78 3.48 3.850 

116 516 1.88 1.87 2.01 2.07 2.04 2.06 4". 9 2 4.311 

117 513 1.86 1.86 2.00 2.05 2.00 2.04 4.60 4.255 

118 503 1.93 1.93 1.97 2.02 1.99 2.04 - 0.07 4.328 

K25 493 5.40 5.43 5.43 5.55 5.28 5.58 - 3.00 11.89 

K27 495 10.83 11.33 5.51 5.46 5.43 5.50 -52.47 24.45 

K29 493 5.47 5.48 5.22 5.43 5.23 5.31 - 6.92 12.02 

K31 498 5.04 5.07 5.32 5.26 5.23 5.29 0.38 11.21 

K33 498 1.25 5.01 1.25 1.21 0.9 0.7 -68.81 6.944 

K35 498 11.1 11.33 6.36 5.90 6.22 6.15 -47.18 24.88 

00 to 
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doners presenc in chat region. Slaiilarly, for an n-cype (phosphorus-

doped) CZ crystal, the oxygen donors enhance the electrical conductivity 

of the n-type silicon lattice; thus the electrical resistivity of the 

n-type silicon is decreased in proportion to the amount of electrically-

active oxygen present in the lattice. In addition, it may be noted here 

that k < 1 for both boron and phosphorus, so that the concentration of 

the intentionally-added dopant increases from seed-end to tang-end. The 

phenomena of oxygen donors, and the segregation of intentionally-added 

dopant species and as well as the segregation of oxygen, interact in a 

complex manner in contributing to the final electrical resistivity pro

files in the radial and axial directions in the ingot. 

Spreading Resistance Measurements 

At the completion of thermal processing of all wafers, four 

samples were selected and their spreading resistance profiles obtained 

with ASR-2Q0K probe. Figures 44, 45, 46, and 47 show the spreading 

resistance profiles of wafers Al, All, El, and Ell, respectively. The 

high- spatial resolution of the spreading resistance probe clearly shows 

the microscope variation of resistivity along the radius of the wafers. 

In wafer Al, which was unprocessed, the large variation (~33%) 

of spreading resistance is due to the electrical compensation by oxygen 

donors present in the seed-end of the crystals. The pronounced peaks 

in the interior of the wafer are due to the fact that oxygen donor com

pensation is high in the center, whereas it is relatively low at the 

periphery. It has also been observed (Liaw, 1979) that the oxygen 
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concentration is lower in the peripheral region as determined by infra

red absorption spectroscopy. 

Wafer All was annealed at 650°C in argon for 100 min, and thus 

the electrically active oxygen donors have been destroyed. The spread

ing resistance profile of this wafer is more uniform ana has a lower 

average value of p than that of wafer Al. 

Wafers El and Ell were obtained from the tang-end of the same 

crystal, and the oxygen concentration in the tang-end is expected to be 

much lower than at the seed-end (Liaw, 1979). The spreading resistance 

profiles of these wafers are relatively uniform, and the annealing 

treatment at 650°C has a minor effect on the resistivity of the sample, 

because of the low concentration of electrically active oxygen donors. 

Thus, Figs. 44 through 47 clearly demonstrate the implications 

of oxygen-donors in CZ silicon and the effects of the 650°C annealing 

treatment in stabilizing the electrical resistivity of wafers. 

Preferential Etching and Optical Microscopy 

At the completion of all thermal processing and spreading resis

tance measurements, the wafers were preferentially etched in a barrel, 

as described in Chapter 4. In the case of thermally oxidized wafers, 

the oxide film was first stripped with HF, prior to preferential etching. 

The wafers to be etched were loaded into the barrel, and additional 

sacrificial wafers were also included to make up a total of 15 wafers in 

the barrel in all batches. This procedure ensured that the same amount 

of silicon was consumed each time so that reproducible temperature could 

be maintained during each batch. 
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The wafers were all preferentially-etched initially with wright 

etch for 30 min, and the etch, figures were observed in an optical micro

scope using Nomarski interference contrast. The wafers were then 

preferentially-etched again, this time in Motorola Swirl etch for 10 

minutes, to delineate the macroscopic distribution of swirl patterns 

which, were photographed under bright illumination. In cases where the 

patterns were very faint, photographs are not included here. 

In separate preliminary experiments on preferential etching, 

during the course of this research program, it was found that in wafers 

processed at high temperatures, the surface layer was generally denuded 

of-any bulk-type defects. Stacking faults as a result of surface damage 

due to scratches, were large enough and intersected the surface. On the 

other hand, it was necessary to continue etching for an extended period 

of time to remove this surface layer and to successfully delineate the 

bulk-defects representative of the interior of the wafer. The Wright 

etch, was found to be optimum for delineating stacking faults. In 

addition, because of its slow etch rate, the Wright etch, is able to 

distinguish between surface-damage-related stacking faults and bulk-

defect-induced stacking faults (Wright Jenkins, 1977). The Motorola 

swirl etch, on the other hand, etches three times faster, and tends to 

reveal the macroscopic distribution of swirls much more effectively than 

the Wright etch.. The individual etch figures in a Motorola-swirl-etched 

wafer are more isotropic, whereas the Wright etch can distinguish between 

various types of defect anisotropy. It must be noted here that the 
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macroscopic pattern of "swirls" in processed wafers need aot always be 

composed of bulk-type stacking faults. In fact, it was found that in 

samples oxidized at 900°C in steam, the individual etch figures after 

etching with Wright etch do not resemble bulk-type stacking faults. 

Figure 45 shows the longitudinal section of a seed-end of a 

typical CZ silicon crystal ingot. The ingot was annealed at 650°c for 

90 minutes prior to sectioning and polishing, and then preferentially 

ecched by immersing in Motorola Swirl Etch for 10 minutes. The striations 

represent the liquid-solid interface and swirl distribution along the 

length of the crystal shown. 

Because of the large number of wafers which were preferentially 

etched and photographed, only a limited number of figures are presented 

in order to bring out the salient features of the thermal processing 

carried out on wafers from the seed-end and tang-end of the three crys

tals studied in this investigation. Further, three wafers,were selected 

for TEM study, and representative micrographs are presented in the next 

section. Further work needs to be carried out to precisely characterize 

the crystallography of the defects observed after various thermal treat

ments. Indeed, a careful TEM analysis is presently underway at The 

University of Arizona, under the sponsorship of the National Science 

Foundation, to study the defects in silicon wafers which were used in 

this investigation. 

Figures 49 through 56 show representative photographs after 

preferential etching of wafers from Group A Csee Table III for details 

of wafer originj. Similarly, Figs. 57 through 63 pertain to wafers 
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from Group E. Ie muse be noted hers f:hat Group A wafers were o'o taii^-i 

from the seed-end of a crystal, whereas the Group E wafers were obtained 

from the tang-end of the same crystal ingot. The crystal was doped 

p-type, and was not annealed in ingot-form; all thermal processing was 

in wafer-form, and the caption below each figure describes the details 

of thermal processing and preferential etching treatments received by 

that particular wafer. 

Figures 64 through 76 show representative photographs of prefer

entially etched wafers from Group F, obtained from the seed-end of an 

n-type crystal (jsee Table III for wafer origin). This crystal was also 

not annealed in ingot-form at 650°C, and all thermal processing was done 

in wafer-form. 

Figures 77 through 86 describe the results of preferential etch

ing of wafers-from Group K, which were obtained from the seed-end of a 

p-type crystal (see Table III for wafer origin). This crystal was 

annealed in ingot-form at 650°C for 90 mins in argon, to destroy oxygen 

donor complexes. In addition to the ingot-anneal, each'wafer from Group 

K was processed uniquely in wafer-form, as described in the caption 

under each figure. 

In all these figures, WE means Wright Etch, and MSE means 

Motorola Swirl Etch. After all thermal processing was completed, the 

wafers were first preferentially etched with Wright Etch for 30 mins to 

distinguish between various types of etch figures, and then all wafers 

were later preferentially etched with Motorola Swirl Etch. As described 

earlier, preferential etching-of (100) silicon with Motorola Swirl .Etch 
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' 

Longitudinal Section of the Seed End of an 8.4 em-Diameter 
Silicon Single Crystal (Grown by the CZ Technique in a Hamco-
2000 Crystal Puller) 

The ingot was annealed at 650°C for 90 min prior to sectioning 
and polishing, and then preferentially etched by immersing in 
Motorola Swirl Etch for 10 min. 



Fig. 49. 
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Wafer # Al9; Argon Anneal 650°C 100 min, Followed by Steam 
Oxidation 900°C 4 hr 45 min; WE 30 min + MSE 10 min 

The wafer was obtained from seed-end of a p-type (boron-doped) 
CZ silicon crystal, 3 in. in diameter (refer to Tables III and 
V). 



Fig. so. Wafer # Al9; Argon Anneal 650°C 100 min, 
Oxidation 900°C 4 hr 45 min; WE 30 min; 

Photograph showing a swirl-rich band. 
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Followed by Steam 
89X 
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Wafer # Al9; Argon Anneal 650°C 100 min, Followed by Steam 
Oxidation 900°C 4 hr 45 min; WE 30 min; 701X 

Wafer obtained from seed-end. Photographed at high 
magnification from a swirl-rich band showing the 
individual etch figures, which are oriented in the 
<100> directions on the (100) wafer surface. 
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Wafer # Al7; Argon Anneal 650°C 100 min, Followed by Steam 
Oxidation 1050°C 50 min; WE 30 min + MSE 10 min 

Wafer obtained from seed-end. 
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Wafer # Al7; Argon Anneal 650°C 100 min, Followed by Steam 
Oxidation 1050°C 50 min; WE 30 min; 701X 

Wafer obtained from seed-end. Photograph obtained 
from a swirl-rich band, showing the individual etch
figures which are too small to be clearly resolvable. 
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Wafer # Al3; Argon Anneal 650°C 100 min, Followed b y Stearn 
Oxidation 1200°C 20 min; WE 30 min + MSE 10 min 

Wafer obtained from seed-end. The individual etch figures 
composin~ the swirl pattern are too small to be resolvable 
by optical microscopy, even at high magnification. 
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Wafer # Al3; Argon Anneal 650°C 100 min, Followed by Stearn 
Oxidation 1200°C 20 min; WE 30 min; 1486X; Surface Stacking 
Faults Along a Scratch 

Note that the surface stacking faults are elongated, and are 
large enough to be easily revealed by Wright Etch. 



Fig. 56. 
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Wafer # Al3; Argon Anneal 650°C 100 min, Followed by Steam 
Oxidation 1200°C 20 min; WE 30 min; 148X; Surface Stacking 
Faults 

Same scratch as shown in Fig. 55, but photographed at lower 
magnification. 



Fig. 57. Wafer # E23; Argon Anneal 650°C 1000 min; WE 30 min + 
MSE 10 min 
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Wafer obtained from tang-end of crystal (see Table III for 
wafer origin). Note that the swirl pattern is quite distinct 
even without an elevated temperature treatment. 
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Wafer # E29; Argon Anneal 650°C 1000 min, Followed by Steam 
Oxidation 900°C 4 hr 45 min; WE 30 min + MSE 10 min 

Wafer obtained from tang-end of crystal. Note that the 
defect structure is very faint, compared to Group A wafers 
after comparable thermal processing. 
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Wafer # #29; Argon Anneal 650°C 1000 min, Followed by Steam 
Oxidation 900°C 4 hr 45 min; WE 30 min; 148X 

Same wafer as shown in Fig. 58. Photograph here shows a 
magnified view of a swirl-rich region. 
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Wafer # E29; Argon Anneal 650°C 1000 min, Followed by Stearn 
Oxidation 900°C 4 hr 45 min; WE 30 min; 1486X; Bulk Stacking 
Faults 

Same wafer as shown in Figs. 58 and 59, showing tiny bulk 
stacking faults in a swirl-rich region. 
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Wafer # E25; Argon Anneal 650°C 1000 min, Followed by Stearn 
Oxidation 1200°C 20 min; WE 30 min + MSE 10 min 

Wafer obtained from tang-end of crystal, and is expected 
to have low concentration of swirl defects and dissolved 
oxygen. In addition, the high temperature processing 
(1200°C) results in dissolution of the rnicrodefects. 
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Wafer # E25; Argon Anneal 650°C 1000 min, Followed by Steam 
Oxidation 1200°C min; WE ~0 min; 148X; Surface Stacking 
Faults 

Same wafer as shown in Fig. 61, showing surface stacking 
faults in patches of surface damage. 
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Wafer # E25; Argon Anneal 650°C 1000 min, Followed by Steam 
Oxidation 1200°C 20 min; WE 30 min; 1486X; Showing a Surface 
Stacking Fault Surrounded by Many Small Bulk Stacking Faults 

Same wafer as shown in Figs. 61 and 62. The surface stacking 
fault shown here measures 27 ~m long and 10.8 ~m wide. 
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Wafer # FS; Argon Anneal 650°C 100 min, Followed by Argon 
Anneal 900°C 10 hr; WE 30 min + MSE 10 min 

Wafer obtained from seed-end of an n-type (phosphorus-doped) 
drystal (see Table III for wafer origin). The swirl 
.Pattern is probably a result of precipitation of dissolved 
oxygen during annealing. 
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Wafer # FS; Argon Anneal 650°C 100 min, Followed by Argon 
Anneal 900°C 10 hr; WE 30 min; 148X 

Same wafer as shown in Fig. 64, showing a magnified view 
of a swirl-rich b~nd. 
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Wafer # FS; Argon Anneal 650°C 100 min, Followed by Argon 
Anneal 900°C 10 hr; WE 30 min; 1486X 

Same wafer as shown in Figs. 64 and 65, showing a high-magnifi
cation picture of a swirl-rich region. Note that the indi
vidual defects can not be resolved. 



Fi g . 67. 

218 

Wafer If F6; Argon Anneal 650C?C 100 min, Followed by Argon 
Anneal 1050°C 5 hr; WE 30 min + MSE 10 min 

Wafer from seed-end of crystal. Note the intensity of 
swirl pattern due to the annealing conditions used for 
this wafer. 
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Wafer #F6; Argon Anneal 650°C 100 min, Followed by Argon 
Anneal 1050°C 5 hr; WE 30 min; 148X 

Same wafer as shown in Fig. 67. Shown here are swirl-rich 
bands photographed at high magnification. 
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Wafer # F6; Argon Anneal 650QC 100 min, Followed by Argon 
Anneal 1050°C 5 hr; WE 30 min; 1486X 

Same wafer as shown in Figs. 67 and 68. This photograph was 
made at high magnification in a swirl-rich band. Note that 
all the elliptical figures are bulk-type stacking faults, 
measuring about 5.4 wm long and 3.36 wm wide. 
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Wafer # F7; Argon Anneal 1050°C 5 hr; WE 30 min + MSE 10 min 

Wafer from seed-end of crystal. Note that this wafer did 
not receive any pre-annealing treatment at 650°C. Compare 
this to wafer F6 (Fig. 67). 



Fig. 71. 
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Wafer II F7; Argon Anneal 1050°C 5 hr; WE 30 min; 148X 

Same wafer as shown in Fig. 70. Showing a magnified view 
of a swirl-rich band. 



Fig. 72. Wafer # F7; Argon Anneal 105Q°C 5 hr; WE 30 min; 1486X 

Same wafer as sho~ in Figs. 70 and 71. Photograph 
showing a swirl-rich region composed of bulk-type 
stacking faults. The defects are not very prominent, 
in comparison to Fig. 69. 

223 



Fig. 73. Wafer # F8; Argon Anneal 1150°C 2 hr; WE 30 min + 
MSE 10 min 

Wafer obtained from seed-end. The swirl pattern is 
not very prominent, because of the tendency of the 
microdefects to dissolve at high temperatures. Note 
that the high-temperature annealing has caused some 
surface pitting at wafer periphery. 
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Fig. 74. 
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Wafer #F8; Argon Anneal 1150°C 2 hr; WE 30 min; 148X 

Same wafer as shown in Fig w 73, showing a high-magnification 
view of swirl-rich region. Note that the defect etch figures 
are quite small to be clearly resolvable. 
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Wafer #F8; Argon Anneal 1150°C 2 hr; WE 30 min; 148X; 
Showing Surface Damage and Pitting Due to Argon Annealing 

Same wafer as shown in Fig. 73. Photograph obtained from 
wafer periphery. 



Fig. 76. 
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Wafer #F8; Argon Anneal 1150°C 2 hr; WE 30 min; 1486X; 
Showing Surface Damage Due to Argon Annealing 

Same wafer as shown in Fig. 75, photographed at high 
magnification. 



Fig. 77. 
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Wafer #K27; Ingot Annealed Argon 650°C 90 min, Followed by 
Argon Anneal 650 o C 1000 min; w·E 30 min + MSE 10 min 

Wafer obtained from seed-end of a p-type crystal (see Table III 
for wafer origin). The crystal was initially annealed in 
ingot-form at 650°C prior to processing in wafer form. The 
prolonged anneal at 650°C for 1000 min. does not appreciably 
precipitate the swirl micro-defects. 
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Wafer #K35; Ingot Annealed Argon 650°C 90 min, Followed by 
Argon Anneal 800°C 12 hr; WE 30 min + MSE 10 min 

Wafer from seed-end. Note the intensity of this swirl 
pattern, and compare to Fig. 77. 
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Wafer #K35; Ingot Annealed Argon 650°C 90 min, Followed by 
Argon Anneal 800°C 12 hr; WE 30 min; 148X 

Same wafer as shown in Fig. 78. Photograph showing a 
magnified view of a swirl-rich region. 
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Wafer #K35; Ingot Annealed Argon 650°C 90 min, Followed 
by Argon Anneal 800°C 12 hr; WE 30 min; 1486X 

Same wafer as shown in Figs. 78 and 79. Photograph 
showing a high-magnification view of a swirl-rich band. 
Note that this defect structure does not resemble the 
etch figures due to stacking faults. The defects seem 
to be oriented parallel to the <110> directions on the 
(100) surface. 
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Wafer #K29; Ingot Annealed Argon 65Q°C 90 min, Followed by 
Argon Anneal 900°C 10 hr; WE 30 min + MSE 10 min 

Wafer obtained from seed-end of crystal. Note the intensity 
of the swirl pattern. 
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Wafer #K31; Ingot Annealed Argon 650°C 90 min, Followed by 
Argon Anneal 1050°C 5 hr; WE 30 min + MSE 10 min 

Wafer obtained from seed-end of crystal. The swirl pattern 
here is not as intense as those in Figs. 78 and 81. 
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Wafer #K31; Ingot Annealed Argon 650°C 90 min, Followed by 
Argon Anneal 1050°C 5 hr; WE 30 min; 148X 

Same wafer as shown in Fig. 82. Photograph showing a 
magnified view of a swirl-rich region. 
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Wafer #K31; Ingot Annealed Argon 650°C 90 min, Followed by 
Argon Anneal 1050°C 5 hr; WE 30 min; 1486X 

Same wafer as shown in Figs. 82 and 83. The swirl-rich 
regions are composed of bulk-type stacking fault etch
figures, measuring about 5 wm long and 3 wm wide. 
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Wafer #K33; Ingot Annealed Argon 650°C 90 min, Followed 
by Argon Anneal 1150°C 2 hr; WE 30 min + MSE 10 min 

Wafer obtained from seed-end of crystal. Note the very 
faint swirl pattern due to dissolution of the microdefects 
as a result of high-temperature annealing. Also, note the . 
surface degradation at the wafer periphery, as a result of 
argon annealing damage. 
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Wafer #K33; I~got Annealed Argon 650°C 90 min, Followed by 
Argon Anneal 1150°C 2 hr; WE 30 min; 1486X; Showing Damage 
Due to Argon Annealing 

Same wafer as shown in Fig. 85. Photograph showing the 
argon annealing damage at wafer periphery. 
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results in circular etch figures, thus making it difficult to differen

tiate between various types of defects. The Motorola Swirl Etch was 

found to be extremely useful to reveal the macroscopic swirl distribution. 

A 10 minute etch time with MSE was found to be appropriate, and any 

longer etch time was not required to reveal the swirl pattern any better. 

In the figures presented, the macroscopic distribution of swirl pattern 

after preferential etching with WE 30 ain + MSE 10 min was first 

presented in each case, followed by figures showing the results of 

WE 10 mins, for ease in discussing the results. 

It must be noted here that the macroscopic spiral or cloudy 

patterns, seen on preferentially-etched surfaces of silicon wafers, are 

generally referred to as "swirls" or "swirl patterns" -or "swirl defect 

patterns". The individual defects comprising the swirl pattern are 

referred'to as "swirl defects". The individual swirl defects in CZ 

silicon may have a variety of sizes and shapes, depending on the specific 

thermal conditions experienced by a given region of the crystal. The 

swirl defects in CZ silicon are complicated, because of the large con

centration of impurities, especially oxygen and carbon, and also trace 

amounts of metals. In fact, high-resolution TEM micrographs obtained 

from swirl-rich bands in selected samples are presented in the following 

section, showing a spectrum of linear defects and precipitates. 

The following general observations may be made in summarizing 

the results of preferential etching experiments: 

1) The macroscopic swirl distribution is more severe in wafers obtained 

from the seed-end wafers, in comparison to tang-end wafers obtained 



from che same crystal. Compare wafer groups A vs E; see Figs. 49, 

52, 54, 57, 58, and 61. 

2) An annealing treatment in argon at 650°C for 100 mins is not 

sufficient to reveal the swirl pattern. On the other hand, a pro

longed anneal for 1000 tth'ti in argon at 650°C does precipitate the 

defect structure as revealed by preferential etching. The macro- ( 

scopic distribution is faint, and the specific defect structure is 

expected to be a morphological transformation of the native crystal 

defect decorated by precipitation from a supersaturated solid 

solution, possibly oxygen in silicon (Murgai, Gatos, and Westdorp, 

1979; Patrick, Hearn, Westdorp and Bohg, 1979); see Fig. 57. 

3) A pre-annealing treatment at 650°C for 100 mins or longer, followed 

by a high temperature (5800°C) thermal treatment reveals the swirl 

pattern much more intensely, in comparison to high temperature 

treatments without any pre-anneal at 650°C. 

4) Thermal oxidation of silicon in steam at various temperatures 

(900°C, 1050°C, and 1200°C) was carried out for various lengths of 

time, to obtain comparable oxide thicknesses (about 0.5 ym). It was 

found that the macroscopic swirl pattern was most severe at 900°C, 

and the dissolution of the defect structure progressively increased 

with increasing temperature. Compare Figs. 49, 52, and 54. The 

defect structure of seed-end wafers after thermal oxidation at 

900°C, as revealed by preferential etching, is very peculiar (see 

Fig. 51). The defect structure in Fig. 51 shows preferential etch 

figures oriented parallel to the two <110> directions on the wafer 



240 

surface; high-resolution transmission electron micrographs are pre

sented in a later section. The defect structure resulting from 

oxidation at either 1050*0 or 1200°C is too small to be revealed by 

preferential etching (see Figs. 53, 55, and 56). In Figs. 55 and 

56, the defects shown are surface-type stacking faults resulting 

from scratches or. mechanical damage on the wafer surface, and the 

bulk-type of stacking faults, if present, are too small to be 

resolvable with preferential etching. The surface stacking faults 

resulting from mechanical damage are easily distinguished from the 

bulk-cype of stacking faults by the fact that the surface faults 

have a high length-to-width ratio, whereas the bulk faults are 

etched circularly or elliptically. See also Fig. 63, which shows 

a large surface fault (27 um wide) surrounded by very tiny bulk-

type stacking faults. 

5) Thermal oxidation is not essential to reveal the macroscopic swirl 

pattern. In fact, argon annealing at high temperatures (£800°C) 

can bring out the macroscopic swirl pattern, as revealed by preferen

tial etching. See Figs. 64, 67, 70, 73, 78, 81, 82, and 85. 

6) In wafer group F, which was not ingot annealed at 650°C in argon, 

the defect structure dissolves progressively with increasing 

annealing.temperature; compare Figs. 64, 67, and 73. Preferential 

etching is not able to reveal the individual defects in the wafer 

processed at 900°C (see Figs. 65 and 66), whereas the wafer 

processed at 1050°C has defects large enough to be revealed by 

preferential etching (see Figs. 68 and 69). In Fig. 69, the bulk-
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type stacking faults after 1050°C annealing In argon for 5 hr are 

clearly visible as elliptical etch figures. The bulk-type faults 

seen in Fig. 69 range in size, but the largest faults are about 5.4 

Urn long and 3.36 ym wide, seen as elliptical etch figures. The 

bulk faults are actually circular in shape, and are present on 

inclined {111} planes, but project as ellipses on the (100) surface. 

These elliptical etch figures are characteristic of bulk stacking 

faults, as revealed by Wright etch (Wright Jenkins, 1977). 

7) Comparison of Figs. 67 and 70 clearly reveals the implications of 

pre-annealing at 650 °C for 100 min in argon, prior to the high 

temperature (£800°C) processing. The result is a much more pro

nounced swirl pattern due to the pre-treatment at 650°C. The defect 

structure in Figs. 70, 71, and 72 is quite small to be measured, as 

a result of no pre-treatment at 650°C. 

8) Argon annealing at 1150°C results in surface degradation and pitting, 

especially in the periphery of the wafer where the temperature is 

higher and the gas flow more turbulent. See Figs. 73, 75, 85, and 

86. This annealing damage is probably due to the trace levels of 

moisture.(100 ppm), which may be present along with argon in the gas 

cylinders used in the electronic industry. The mechanism of anneal

ing damage may be shown by the reaction: 

Si + H20 - SiO * '+ H2 (44) 
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Due to the insufficient oxidation., the silicon is converted to SiO 

which vaporizes from the surface at high temperatures. 

9) Figures 77 through 86 pertain to wafers from group K, obtained from 

a crystal which was pre-annealed in ingot-form, followed by thermal 

processing in wafer-form. Trie defect structure after 800°C anneal 

(see Pig. 80) is quite unusual, as revealed by Wright etching. 

Further work using transmission electron microscopy needs to be done 

to carefully characterize the defect structure. 

10) In Fig. 84, bulk-type stacking faults are seen after preferential 

etching of the wafer which underwent the 1050°C argon annealing 

treatment. This again confirms that thermal oxidation is not 

essential for generation of bulk-type stacking faults. The stacking 

faults are generated here as a result of the precipitation of dis

solved oxygen in the bulk of the wafer, nucleated along the swirl 

distribution. 

Transit ssion Electron Microscopy 

After completion of preferential etching analysis of processed 

wafers, three wafers were selected as follows for transmission electron 

microscopy (TEM) studies: 

Wafer # A 1: Unprocessed (the defect structure in the as-grown 
crystal is preserved); 

Wafer f? All: Argon annealed at 650°C for 100 min.; 

Wafer # A19: Argon annealea at 650°C for 100 min., followed 
by steam oxidation at 900°C for 4 hr 45 min. 
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The above three wafers were obtained from the seed-end region of 

one crystal (see Table III for details of wafer origin). The selection 

of these samples for TEM study was expected to reveal the as-grown crystal 

defects in a "typical" CZ silicon crystal, and the successive morpholog

ical trans formations of the native defects due to the above thermal 

processing. The annealing in argon at 650°C is typically carried out 

after crystal growth, by most semiconductor houses, to destroy oxygen-

donor complexes and thereby stabilize the electrical resistivity. In 

addition, it was found by preferential etching experiments that the 

macroscopic swirl pattern is enhanced due to the 650°C annealing treat

ment, prior to the high-temperature (5- 800°C) annealing or thermal oxi

dation 900°C) treatments. Finally, the rationale for choosing the 

third sample (wafer v A19) was that steam oxidation at about 900°C is 

very basic and common processing step used in both HQS and bipolar inte

grated circuit fabrication. Thus, the study of defects in these three 

wafers was expected to be of immense practical usefulness to the 

processing engineer. In addition, the systematic study of defects in 

CZ silicon crystals in the as-grown state, and after controlled thermal 

treatments, would shed light on the basic native defects and dislocation 

dissociation reactions and impurity precipitation, and contribute 

towards understanding of the nucleation mechanism of bulk-type stacking 

faults from native "swirl" defects in CZ silicon. 

"As" discussed in Chapter 3, previous investigators (Beroewitz 

et al,, 1975; Grienauer et al., 1975; Foil et al., 1977) carried out 
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detailed high-resolution TEM studies on FZ silicon crystals, and 

characterized the Type A swirl defects as interstitial-type dislocation 

loops with | <110> Burgers vector. A corresponding proof of the nature 

and type of the B-type swirl defects in FZ silicon has not yet been 

possible. 

Unlike FZ silicon, the study of swirl defects in CZ silicon has 

not received careful attention in the past. The presence of a high con-
\ 

centration of impurities, particularly oxygen and carbon, interferes 

with the study of swirls in CZ silicon. Thus, the possibility of im

purity precipitation (Fatel Batterman, 1963; Maher et al., 1976; 

Tan and Tice, 1976) during crystal cool-down and subsequent heat treat

ments has prevented the unambiguous identification of the nucleation 

mechanism of swirls, and the detailed characterization of individual 

"swirl" defects in CZ silicon. In fact, the presence of oxygen precip

itates (SIO^) in a swirl-like pattern in CZ silicon is often referred 

to as swirls while no S10x precipitation is observed for FZ silicon. 

Only during the past one year, a number of papers have been 

published regarding swirls and oxygen precipitation In silicon (see for 

example: Patrick et al., 1979; de Kock, Stacy, and van de Wijgert, 

1979; Yamamoto, Rishino, Matsushita, and Iizuka, 1980; Shlmura, Tsuya, 

and Kawamura, 1980; Kishino, Kanomuri, Yoshihiro, Tajima, and Iizuka, 

1979). de Kock et al. (1979) reported TEM micrographs of individual 

swirl defects in as-grown CZ silicon, and showed that boron-doped crys

tals contained perfect dislocation loops of an interstitial nature, 

whereas in antimony-doped crystals precipitates with vacancy type strain 
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fields were present. Inoue et al. (1979) carried out heat treatments 

at 650°C in argon, followed by oxidation at 1000°C for 12 hours, but 

did not show detailed TEM micrographs after each processing step. Simi

larly, Patrick et al. (1979) studied oxygen precipitation in silicon at 

1000°C in wafers obtained from a CZ silicon crystal which was donor-

annealed in argon at 6506C. Patrick et al. (1979) presented detailed 

TEM analysis of oxide precipitates after 1000cC annealing treatments, 

but they did not study the defect structure in the as-grown crystal 

and after the 650°C annealing treatment. Thus, the published literature 

to date has not carefully characterized the defect structure in any one 

given crystal after various thermal treatments. 

The transmission electron micrographs presented in this section 

were obtained from the seed-end wafers of one crystal, and show repre

sentative defect structure in the as-grown crystal, and after 6506C 

anneal, and after an additional treatment of steam oxidation at. 900°C. 

Figures 87 through 110 show the results of TEM study performed in this 

investigation, and are self-explanatory. Only some pertinent comments 

are presented below: 

Figures 87-9A represent the as-grown crystal defects, obtained 

from wafer # Al. Note that precipitates are present in the as-grown 

crystal, as seen in Fig. 88. The diffraction pattern obtained from the 

precipitate (Fig. 87b) is different from the diffraction pattern from 

the silicon matrix (Fig. 87c). Further work needs to be done to care

fully characterize the precipitate. In addition, Figs. 89, 90, 91, 93, 



and 94 show peculiar defects not reported previously. The long dislo

cation shown in Fig. 89, and the linear, defect with nodes (Fig. 90) 

are indeed very interesting, especially from an academic point of view. 

Figures 95-99 show TEM micrographs from wafer ii All, represent

ing the defect structure after 650 °C annealing treatment. Figures 100-

108 show TEM micrographs from wafer ii A19'» representing the defect 

structure after an additional treatment of steam oxidation at 900 eC for 

4 hr 45 min. 

In all the TEM micrographs presented in this investigation, no 

obvious trend is seen in terms of the defect appearance as a function of 

the thermal treatment. This work has unearthed a number of crystallo-

graphic defects, some of which are: long helical type of dislocation 

line, long linear defect with periodically spaced nodes, precipitate 

particles, and other assorted smaller linear defects. Obviously, the 

defect structure seen in these micrographs is quite complicated. Further 

TEM work needs to be done, using careful diffraction-contrast analysis, 

to determine precisely the crystallographic structure of each type of 

defect. A separate research project is presently underway, as part of 

a joint research venture between The University of Arizona and Motorola 

Semi conductor Group, and sponsored by the National Science Foundation, 

to carry out detailed TEM diffraction contrast analysis of the defects 

observed in this investigation. In addition, the research group at 

Motorola Semiconductor Group will fabricate MOS and bipolar devices on 

similar wafers, and attempt to correlate the electrical activity of the 

defects with the TEM analysis. This present investigation, and the 
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continuing efforts at The University of Arizona and Motorola Semiconductor 

Group, should provide the most complete and detailed investigation of 

striations and swirl defects ever performed on CzochrJilski single crystal 

silicon. 



Fig. 87. 
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Transmission Electron Micrograph (TEM) of Wafer #Al 

248 

150 kV; 20 kX; bright-field image. The wafer was obtained 
from seed-end of a p-type CZ crystal (see Table III for 
details of wafer origin). The wafer did not receive any 
thermal treatment after crystal growth. Seen in this 
micrograph are a clustering of small defects. The long, 
wavy lines are thickness contours resulting from thickness 
variations of the jet-thinned TEM specimen. 



(a) 

Fig. 88. TEM Micrograph of Wafer # Al 

As-grown crystal defect structure: 
(a) bright-field image (20k X) of a 
large precipitate particle; 
(b) and (c) are selected-area
diffraction (SAD) patterns of precipitate 
particle and the surrounding matrix, 
respectively. 150 kV. 
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(b) 

( c ) 
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Fig. 89. TEM Micrograph of Wafer #Al 

As-grown crystal defect 
structure showing a helical 
type of long (7.33 wm) dis
location line; 30k X, 
150 kV; bright-field image. 
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Fig. 90. 
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TEM Micrograph of 
'i-Vafer 1/Al 
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As-grown crystal defect 
structure . The defect 
shown is 24 wm long, with 
a spacing of ~ 1 wm between 
the nodes; 150 kV, 10 k X; 
bright- field image. 



Fig. 91. 

(a) 

TEM Micrograph of Wafer # Al 

(a) Bright-field image (40 k X), showing a portion of 
the defect shown in Fig. 90; (b) SAD pattern indicating 
diffraction conditions for micrograph shown in (a); 
150 kV. 
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(b) 



Fig. 92. 
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TEM Micrograph of Wafer # Al 

As-grown crystal defect structure; showing a cluster of 
precipitates; 150 kV; 15 k X; bright-field image. 



Fig. 93. 
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TEM Micrograph of Wafer # Al 

As-grown crystal defect structure; showing a string of 
periodically spaced defects; 150 kV; 15 k X; bright-field 
image. 
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Fig. 94. TEM Mi crograph of Wafer 
# Al 

As-grown crystal defect 
structure; showing a 
string of periodically 
spaced defects; 150 kV; 
15 k X; bright-field image. 

/ . 



Fig. 95. 
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TEM Micrograph of Wafer # All 

Argon anneal 650°C 100 min; showing identical defects in a 
string; 150 kV; 20 k X; bright-field image. 



Fig. 96. 
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TEM Micrograph of Wafer # All 
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Argon anneal 650°C 100 min; showing two strings of defects 
intersecting each other; 150 kV; 20 k X; bright-field image. 
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(a) 

TEM Micrograph of Wafer # All 

Argon anneal 650°C 100 min; (a) bright-field image 
(20 k X) of a region containing a large precipitate colony; 
(b) SAD pattern of precipitate; (c) SAD pattern of clear 
area; 150 kV. 
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(a) 

TEM Micrograph of Wafer # All 

Argon anneal 650°C 100 min; (a) bright-field image (20 k X) 
showing a long precipitate; (b) SAD pattern of precipitate 
shown in (a); 150 kV. 
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Fig. 99. 
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(a) 

TEM Micrograph of Wafer # All 

Argon anneal 650°C 100 min; (a) bright-field image (20 k X) 
showing precipitates; (b) SAD pattern of precipitates shown 
in the right-hand side of (a); 150 kV. 
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Fig. 100. TEM Micrograph of Wafer # Al9 

Argon anneal 650°C 100 min, followed ·by steam oxidation 
900°C 4 hr 45 min; showing a string of defects; 150 kV; 
50 k X; bright-field image. 
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Fig. 101. TEM Micrograph of Wafer # Al9 

Argon anneal 650°C 100 min, followed by steam oxidation 
900°C 4 hr 45 min; showing dislocations in the right-hand 
side of micrograph; 150 kV; 20 k X; bright-field image. 
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(a) 

TEM Micrograph of Wafer # A19 

Argon anneal 650°C 100 min, followed by steam oxidation 
900°C 4 hr 45 min; (a) bright-field image (13.5 k X) showing 
a precipitate; (b) SAD pattern of precipitate shown in (a); 
150 kV. 
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Fig. 103. TEM Micrograph of Wafer # Al9 

Argon anneal 650°C 100 min, followed by steam oxidation 
900°C 4 hr 45 min; 150 kV; 50 k X; bright-field image. 
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Fig. 104-. TEM Micrograph of Wafer II Al9 -

Argon anneal 650°C 100 min, followed by steam oxidation 
900°C 4 hr 45 min; showing a small precipitate; 150 kV; 
50 k X; bright-field image. 
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Fig. 105. TEM Micrograph of Wafer # Al9 

Argon anneal 650°C 100 min, followed by . steam oxidation 
900°C 4 hr 45 min; showing a long dislocation, 150 kV; 
50 k X; bright-field image. 
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(a) 

Fig. 106. TEM Micrograph of Wafer # Al9 

Argon qnneal 650°C 100 min, followed by steam oxidation 
900°C 4 hr 45 min; (a) bright-field image (30 k X) showing 
a large precipitate particle; (b) SAD pattern of precipitate 
shown in (a); 150 kV. 
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Fig. 107. TEM Micrograph of Wafer # Al9 

Argon anneal 650°C 100 min, followed by steam oxidation 
900°C 4 hr 45 min; showing two dislocations; 150 kV; 
50 k X; bright-field image. 
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(a) 

Fig. 108. TEM Micrograph of Wafer # Al9 

Argon anneal 650°C 100 min, followed by steam oxidation 
900°C 4 hr 45 min; (a) bright-field image (60 k X) 
showing a dislocation and precipitate in contrast; (b) 
SAD pattern of precipitate; 150 kV. 



CHAPTER 6 

CONCLUSIONS AND SUGGESTIONS FOR FURTHER WORK 

Conclusions 

The following conclusions have been drawn from the results of 

this investigation: 

1) The typical Czochralski-grown silicon single crystals presently 

used in the semiconductor industry are non-uniform, both radially 

as well as along the aad.s. For both p-type and n-type crystals, 

the relative radial gradient of resistivity as well as the magnitude 

of resistivity are greater at the seed end than at the tang end. 

Spreading resistance measurements on selected samples indicated the 

microscale non-uniformities (~33%) of resistivity in wafers obtained 

from seed-end of crystal. An annealing treatment at 650°C for 100 

min on seed-end wafers stabilized the resistivity by destroying 

oxygen-donor complexes. Such an annealing treatment on tang-end 

wafers has only a minor effect on the resistivity of the sample, 

which was uniform initially. 

2) The Wright etch has been found very useful for revealing individual 

defects, because of its etch aaisotropy and relatively slow etch 

rate. The Wright etch can distinguish between surface stacking 

faults and bulk stacking faults. The Hotorola Swirl Etch (MSE), 

which is a modification of the Sirtl etch, has an etch rate which 

is three times faster than the Wright etch. The MSE has been found 

270 
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to be very effective in revealing the macroscopic swirl defect pat

terns in a wafer, with the individual etch figures being circular 

because of its isotropic etching property. The MSE cannot distinguish 

between various types of crystal defects. 

3) The preferential etching procedure used in this investigation 

involved the use of a Teflon barrel to obtain controlled and repro

ducible conditions during etching. Such procedures need to be em

ployed by the semiconductor industry, to carefully characterize the 

starting silicon single crystals for material acceptance require

ments . 

4) The "swirl" patterns, as revealed by preferential etching, showed that 

they are more pronounced in the seed-end wafers and are almost absent 

in the tang-end wafers. A pre-annealing treatment at 650°C in argon 

for 100 min followed by a high temperature (&• 800°C) thermal treat

ment precipitates the swirl defect pattern much more intensely, in 

comparison to just the high temperature treatment (>800°C) without 

any pre-anneal at 650°C. 

5) For comparable oxide thicknesses (0.5 inn) for thermal oxidation in 

steam at three different temperatures (900°C, 1050°C, 1200°C), it 

was found that the macroscopic swirl defect pattern was most severe 

at 900°C and the dissolution of the defect structure progressively 

increased with increasing temperature. 

6) Surface stacking faults are generally larger than the bulk stack

ing faults. In addition, the surface faults have a larger length-

to-width ratio, whereas the bulk faults are etched out as 
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elliptical figures on the (100) surface. The Wright etch can dis

tinguish between these two types of faults. 

7) Axgon annealing of Silicon wafers at elevated temperatures (~1150°C) 

results in surface degradation and pitting, especially in the 

periphery of the wafer where the temperature is higher and the gas 

flow more turbulent. 

8) Bulk-stacking faults are generated after argon annealing at 1050°C. 

This is in contrast to the generally prevailing confusion that ther

mal oxidation is essential for generation of stacking faults. It 

must be distinguished here that the surface stacking fault formation 

requires thermal oxidation, whereas bulk faults nucleate at indi

vidual swirl defects due to precipitation of dissolved oxygen. 

9) TEM work done on selected samples shows that the defect structure 

in CZ silicon is quite different from that reported from FZ 

material. This difference arises due to the large concentrations 

of impurities, especially oxygen and carbon, in CZ silicon. TEM 

work done in this investigation showed that as-grown CZ silicon 

defect structure consists of an assortment of precipitates, small 

dislocation lines, and also another linear defect with periodically 

spaced nodes. The annealing treatment at 650°C as well as the 

thermal oxidation at 900°C produce as-yet unidentified precipitates 

and smaller dislocations. The various defects need to be charac

terized by diffraction-contrast analysis. 
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Suggestions for Further Work 

Additional wafers, which were obtained from the same crystals 

that were used in this investigation, were processed through the thermal 

treatments outlined in Table IV. These additional wafers were donated 

to The University of Arizona, for continuing study as part of an NSF-

sponsored joint research venture between The University of Arizona and 

Motorola Semiconductor Group. In concluding this dissertation, the 

following suggestions are being offered as areas worthy of further study: 

A. The defects present in CZ silicon are more complicated than those 

present in FZ silicon. Careful TEM diffraction-contrast analysis 

work needs to be done to characterize the defects in as-grown CZ 

silicon, and after various thermal treatments as typically used 

by the semiconductor industry. 

B. The nucleation mechanism of bulk-type stacking faults from native 

swirl defects in CZ silicon is still undefined. 

C. The electrical activity- of defects in CZ silicon needs to be 

correlated with preferential etching studies and TEM work. MOS 

and p-n junction devices may be fabricated in wafers obtained from 

various regions of the crystal ingot. The pertinent electrical 

parameters may be measured, and a wafer map can be obtained to deter

mine the locations of good devices and failing devices. Thermally 

stimulated transient current and capacitance measurements as func

tions of the d.c. applied' voltage and sample temperature may be made 

to determine .the charges trapped at the impurity and defect centers-

located in the depletion layer of the electrical device. In 



addition, a scanning electron microscope (SEM) may be used in the 

electron-beam-current-induced (EBIC) mode, to identify the elec

trically-active defects. 
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