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ABSTRACT 

A study of the phenomenon of discontinuous plastic 

flow (DPF), or the Portevin-LeChatelier effect, which ap

pears in certain aluminum alloys has been made. This in

vestigation was undertaken to fulfill a definite need for 

a systematic and comprehensive experimental evaluation of 

existing hypotheses which have sought to explain the DPF 

behavior in terms of dynamic strain aging or, alternatively 

as a result of precipitation from solid solution during 

plastic deformation. Certain inadequacies in both hypoth

eses have been discussed in the present work. 

Two commercial alloys (2024 and 7075) as well as 

three high-purity alloys containing, nominally, three 

weight percent copper or magnesium, or five weight percent 

zinc were studied. Variable temperature and strain-rate 

tensile tests were carried out on these alloys after the 

imposition of controlled isothermal, isochronal, and strain 

aging cycles. The.effect of variation In grain size on the 

manifestation of DPF was also studied. 

The DPF behavior in the age-hardenable alloys (2024 

7075, and Al-Cu) was found to exist only for a relatively 

short time after quenching from solution-treatment temper

atures . This result was in agreement with the findings of 

x . 



ABSTRACT--Continued 

earlier investigators. In an elaboration of this phase of 

the work a study of the kinetics of the rate at which the • 

discontinuous mode of deformation vanished after quenching 

was made . This was done for the representative case of the 

2024 alloy. Prom this study it was determined that the DPF 

phenomenon "aged-out" with an apparent activation energy 

of approximately 27 kcal/mol. It was also observed that 

the disappearance of DPP during aging after quenching was 

accompanied by a consequent increase in the yield strength 

due to precipitation hardening. More significantly, it 

was established that the increase in yield strength was 

described by an Arrhenius-rate process and characterized 

by an activation energy of approximately 27 kcal/mol.' It 

was concluded from this that the .identity of activation 

energies logically connected the two phenomena to the same 

basic mechanism of precipitation from solid solution. 

• B y  c o n t r a s t ,  D P F  i n  t h e  A l - M g  a l l o y  w a s  f o u n d  t o  

be quite stable and apparently insensitive to the various 

quench-aging treatments. Further, the Al-Zn alloy did not 

exhibit any significant tendencies toward DPF for any of 

the imposed test conditions. Neither the Al-Mg nor the 

Al-Zn alloys showed any susceptibility toward age harden

ing . 

The results of the variable-grain-size tests have 

provided rather strong evidence that the onset of DPF in 
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ABSTRACT-- Continued " 

the various alloys depends explicitly on the applied stress 

and not implicitly on the prior strain as required by the 

strain-aging hypothesis. In addition, both the strain-

rate dependence and the temperature dependence of the on

set of DPP were found experimentally to be inverse to that 

expected from the strain-aging hypothesis. 

It is concluded from the overall results that the 

generally-accepted strain-aging mechanism for the Portevin-

LeCh'atelier effect does not adequately account for the 

observed experimental behavior. On the other hand, additional 

support for the older concept that the Portevin-LeChatelier 

effect is related to precipitation has been obtained for 

the age-hardenable alloys. It is suggested th'at the dis

continuities characteristic of the DPP phenomenon are the 

result of rapid dislocation multiplication. Two cases are 

discussed, one involving a multiplication process occurring 

as a result of dislocation-precipitate interaction, and 

another case involving dislocation multiplication in Al-Mg 

alloys as a result of an alteration in stacking-fault energy. 



I. INTRODUCTION AND LITERATURE SURVEY 

On a macroscopic scale the plastic deformation of 

metals is usually observed to occur in the form of a contin

uous stress versus strain relationship. There are, however, 

some notable exceptions wherein the stress-strain behavior 

is markedly discontinuous. Such discontinuous plastic flow 

(hereafter referred to as DPF) is readily observed in the 

serrated or stair-stepped flow curves obtained during plastic 

deformation (Pig. 1). These discontinuities are attributable 

to sudden, short bursts of localized plastic flow and such 

heterogenous deformation constitutes the effect for which 

the causes have not, in all cases, been adequately explained. 

It is convenient to discuss the phenomenon of DPF in 

terms of the levels of temperature in which it has been found 

to occur. These levels can be classified according to ex

treme low temperatures (i.e., 4° K), elevated temperatures 

(i.e., 550° K), and in the vicinity of room temperature. For 

each level of temperature there is only a narrow range of 

temperature within which DPF occurs. In the low temperature 

case, DPF generally appears only at the lower extreme of liq

uid helium temperature (4.2° K) and sometimes only for partic

ular orientations (Hosford, et. al., i960). For the room and 

elevated temperature levels DPF exists over a greater range 

of temperature which is of the order of 100° K. For example, 
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McReynolds (1949) has found DPP to be present in certain 

aluminum alloys between about 283° K and 423° K. Although 

the present investigation is concerned only with the phen

omenon of DPF in aluminum alloys which occurs at the room 

temperature level, it is worthwhile to consider briefly 

both the low and elevated temperature levels in which DPP 

has been observed. 

At the very low temperatures, DPP has been reported 

in several aluminum alloys by Basinski (1957)> in high pu- • 

rity copper crystals by Blewitt, et al. (1957)* in nickel 

single crystals (Haasen, 1958), and in zinc single crystals 

by Bullen (1962). It is to be emphasized that in the cases 

cited the discontinuities observed in the flow curves are 

definitely attributable to plastic deformation and not to 

twinning which is also observed in this range of tempera

tures (Adams, et al., i960). The paper by Blewitt and co

workers cited above distinguishes betw.een these two effects. 

It should be noted also that most of the instances cited 

regarding DPP pertain to metals of presumably higft purity 

so that no second (alloying) element would seem to be in

volved. 

1 o 
The problem of DPF in the vicinity 4.2 K has been 

treated from a theoretical point of view by Basinski (1957) 

who postulated a mechanism of "adiabatic slip11 based upon 

the lower heat capacities of metals at this temperature. Ac

cording to this theory, when slip is begun in one region it 



is able to continue to propagate rapidly because of locali

zed heating effects arising from the thermal energy gener

ated by the work of deformation. This heat energy produces 

a local rise in effective temperature because of the lower 

heat capacity of the metal. This localized heating effect 

lead's to a large increment of plastic strain which appears 

as a drop in load on the flow curve. As further slip is event

ually arrested by heat dissipation and "normal" work hardening 

processes, slip is activated in other regions and the process 

becomes repetitive resulting in the observed serrated-flow 

curve. This brief account of the so-called "adiabatic" slip 

mechanism would seem to fit well with the experimental obser- • 

vations that have been made in regard to DPF at very low temp

eratures. The temperature dependence is explained on the basis 

of a change in heat capacity which only becomes significant at 

i o 
temperatures close to 4 K. In addition,, the mechanism is not 

predicated upon diffusion of a second element (which would be 

difficult at these temperatures) and is, therefore, consistent 

with the high purity of many of the metals which was pointed 

out previously. 

At much more elevated temperatures DPF is classically 

observed in conjunction with the so-called "blue-brittle" be

havior of mild steels deformed in the range of 200-300° C. 

Marcinkowski and Lipsitt (1962) have observed erratic deform

ation of chromium at 400° C and Sutoki (1941) has reported 
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serrated flow for a number of Pe-C alloys at about 200° C. 

The discontinuous deformation associated with "blue-brittle" 

phenomenon of steels 'in this range of temperature has been 

attributed to repeated strain aging according to the model 

of Cottrell and Bilby (19^9). Thus interstitially-dis-

solved carbon and nitrogen are able to diffuse rapidly to 

gliding dislocations gradually forming an immobilizing"at

mosphere" which impedes, and finally stops, further glide 

motion. Eventually the applied stress builds to a value 

sufficient to tear the dislocations free from their impur

ity clouds and further slip takes place abruptly under the 

local "overstress". This rapid plastic flow produces the 

observed discontinuity in the stress-strain curve. Since 

the process is able to repeat itself, the entire flow curve 

may become serrated. In this process it is thus necessary 

to have a diffusing second element and an accelerated dif

fusion rate. These requirements are fulfilled respectively 

by interstitially-dissolved carbon and/or nitrogen and the 

prevailing elevated temperature. Because of these two re

quirements it seems reasonable to rule out this strain-ag

ing mechanism insofar as DPP at very low temperatures is 

concerned, thus lending indirect support to the model of 

Basinski (ref. cited). The strain-aging mechanism in steels 

at moderately elevated temperatures appeals satisfactory, 

however, and good agreement between theory and experiment 
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has been achieved (see, for example, Sleeswyk, i960). 

The theoretical situation as regards DPF in al

uminum at room temperature (the Portevin-LeChatelier ef

fect) does not appear as satisfactory as in the two fore

going cases. There have been two principal hypotheses 

advanced to account for the Portevin-LeChatelier effect. 

The first, and historically older' of these, is what may 

be termed the precipitation hypothesis. This hypothesis 

stems from the common association of DPF with the age 

hardening, or duralumin-type, aluminum alloys. It has been 

observed that DPF in these alloys is prevalent in freshly-

quenched material and disappears with prolonged aging (Port-

evin and LeChatelier, 1923; Lubahn 19^9). Thus it was that 

DPF came to be identified with the precipitation of a second 

phase in the matrix (McReynolds, 19^9). This hypothesis may 

be regarded as representative of the "pre-dislocation theory 

era". It suffers from two principal objections. First, no 

detailed atomistic model has ever been stipulated which ties 

DPF to precipitation from solid solution and the experimental 

evidence is circumstantial. Second, DPF is known to occur in 

Al-Mg allpys which are not of the precipitation-hardenable 

type. 

The second, and more recent, hypothesis is an extension 

of the strain-aging model outlined previously for the case of 
« 



carbon in iron. In the present case of aluminum alloys, 

however, the solute atoms are substitutional^ dissolved 

and their diffusion at room temperature is presumably en

hanced by virtue of lattice vacancies created by the strain

ing of the lattice. Thus, substitutionally-dissolved atoms 

are able to diffuse rapidly even at room temperature and in

teract with dislocations as previously discussed. This 

strain-aging hypothesis, due to Cottrell (1953)j is consid

erably more detailed than the precipitation idea, but it 

too suffers from certain objections. First, there is a . 

dearth of experimental evidence to support this hypothesis. 

Originally, Cottrell (1953) drew upon the prior data of 

McReynolds (19^9) to support this strain-aging mechanism and 

these data were sparse Insofar as Cottrell's model is con

cerned. Beyond this original treatment there appears to be 

no additional experimental confirmation of the mechanism 

but there have been some notable deviations. In various Al-Mg 

alloys both the temperature dependence (Caisso, 1959) and the 

strain-rate dependence (Mikesell and Reed, i960) have been 

found to be inverse to that expected from Cottrell's analysis. 

Since the strain-aging mechanism is generally accepted 

as representing the true state of affairs insofar as DPF in 

aluminum alloys is concerned, the development of this model 

will be considered in more detail in the next section. The 

present discussion, however, has served to indicate that: 



7 

1. The phenomenon of DPP at very low temperatures 
is mechanistically distinct from similar be
havior at higher temperatures. 

2. The phenomenon of DPF associated with the "blue-
brittle" behavior of mild steels can be accounted 
for in terms of repeated strain aging. 

3. The phenomenon of DPP in various aluminum alloys 
at room temperature is in a rather incomplete 
state of theoretical and experimental development. 
Considerably more experimental evaluation of 
existing hypotheses is definitely indicated be
fore they can be accepted or alternative mechan
isms postulated. 

Thus, in spite of a rather large number of references 

pertaining to the Portevin-LeChatelier effect which are to be 

found in the literature, there has been a surprising lack of 

critical experimental treatment. This appears to be due to 

the fact that most reports of DPF in aluminum alloys have been 

made incidental to some other main line of endeavor and to a 

tacit acceptance of the strain-aging mechanism. 

A comprehensive and systematic experimental investi

gation of the Portevin-LeChatelier effect, has.not been under

taken previously, and in v-iew of the questionable state of 

present theoretical development, such an investigation seems 

warranted. This is the purpose of the present work. 
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II, THEORETICAL CONSIDERATIONS 

In the previous section a brief3 general survey of 

the existence of discontinuous plastic flow in various metals 

and the conditions under which it may occur was given. In 

this section attention is confined to the case of DPP in al

uminum alloys (Portevin-LeChatelier effect) and a more de

tailed discussion of the proposed mechanisms for the effect 

will be presented. 

The two hypotheses that have been advanced to account 

for DPP in aluminum alloys are the repeated strain-aging mech

anism due to Cottrell (1953) and a mechanism based on precipi

tation from solid solution which has been suggested by a num

ber of workers (Portevin and LeChatelier, 1923; Lubahn, 19^9; 

McReynolds, 19^9). The latter hypothesis has developed from 

the common association of DPP with the age-hardenable, or 

duralumin - type aluminum alloys. For example, Lubahn (ref. 

cited) has noted that unstable plastic flow was quite promi

nent in a freshly-quenched Al-Mg-Si alloy (6lS) but disap

peared after a relatively short period of aging at room temp

erature. In addition, DPP is not observed in high-purity al

uminum but seems to require the presence of a second element. 

2.1 Precipitation Hypothesis for the Portevin-LeChatelier 
Effect 

McReynolds (19^9) has outlined a possible relationship 

9 
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between precipitation effects and the existence of DPF 

based on the results which he obtained from tests on high 

purity Al-Cu alloys (0.025-0.5 % Cu) and commercially pure 

aluminum (2S). Although McReynolds.' work is too . lengthy . , 

to be summarized in detail there are certain features which 

are pertinent to the present discussion. McReynolds found 

The appearance of discontinuities in the flow 
curve corresponded to the propagation of a 
wave of plastic deformation through the bulk 
of the polycrystalline specimen. 

The discontinuous mode of deformation oc
curred only in a relatively narrow range 
of test temperature which was estimated to 
be between 10° and 150° C for the Al- 0.5 # 
Cu alloy. Testing of the materials above 
and below this "envelope" resulted in thei.more 
usual smooth stress-strain relationship. In 
the region of temperature where DPF was ob
served it appeared that the strain at the on
set of serrated flow (e in the nomenclature 
of Fig. 1) decreased as the temperature of test 
increased. 

(iii) The unstable nature of deformation, where it 
existed, was relatively unaffected by prior heat 
treatment. Whether the material was quenched or 
slow cooled from the 500° C annealing tempera
ture or whether a prolonged aging period inter
vened prior to testing did not noticeably affect 
the subsequent deformation behavior. 

McReynolds' observation on the. correspondence between 

DPF and the appearance of Luders bands is interesting and was 

observed subsequently by others (Phillips, et, al., 1952). 

Such a correspondence in the case of the "blue-brittle" phen-

that: 

(i) 

(ii) 

omenon in mild steels is well known. The question arises as 
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to why such gross plastic flow, or Luders strain should 

occur and how do the conditions of temperature, alloy con

tent and similar factors promote this mode of deformation? 

The marked temperature dependence which McReynolds reported 

seems to be one of the more definitive features of the Port-

evin-LeChatelier effect as indicated in the previous section. 

The particular dependence of eQ on temperature which McReynolds 

has reported is of special significance and has played a key 

part in the strain-aging hypothesis to be discussed shortly. 

The observation made by McReynolds with regard to the appar

ent Insensitivity of DPP to thermal history is somewhat puz

zling. This fact is contrary to the results obtained by Lu-

bahn (19^9) and is not easily rationalized in terms of a pre

cipitation mechanism as postulated by McReynolds. 

Nevertheless, McReynolds was led to conclude that the 

DPP phenomenon which he observed was attributable to precipi

tation of copper from solid solution in the aluminum concur

rent with deformation. Thus, McReynolds states "The proposed 

mechanism for the observed phenomenon of repeated plastic 

waves may be summarized as follows: Motion on slip bands dur

ing strain results in lattice vacancies and imperfections 

which greatly accelerate general diffusion and precipitation 

of copper aggregates in the immediate vicinity. Consequent 

precipitation hardening stops all relaxation on the bands. 

When stress eventually increases enough to initiate further 
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slip at some point, the hardened condition of the lattice 

causes high stress concentrations in the vicinity, which 

facilitate spread of the strain into adjacent grains. As 

successive grains break down under the stress concentrations, 

a wave of strain spreads through the metal and is followed 

by further precipitation hardening, thus starting a new 

cycle." Also, McReynolds attributes the noted temperature 

dependence of DPF to the fact that at the lower range of 

temperatures precipitation is too slow to occur consequent 

with- deformation and at the upper range the creep rate of 

the metal is increased sufficiently to prevent the effect. 

In the light of present knowledge it can be appreciated that 

the above mechanism due to McReynolds is rather vague in 

regard to the way in which precipitation acts to "harden" 

the lattice. 

2.2 Repeated Strain-Aging Hypothesis for the Portevln-Le-
Chateller Effect 

In a later consideration of the phenomenon of DPF 

in aluminum alloys, Cottrell (1953) utilized the previous 

experimental results of McReynolds and those of Manjoine (1944) 

on mild steel in connection v/ith a theory of repeated yield

ing, or strain aging during deformation (Cottrell and Bilby, 

1949)• Following is a summary of the main features of Cot

trell 's hypothesis. 

Under suitable conditions of temperature the diffusiv-

lty of solute atoms within a host metal may be sufficiently 

rapid so that strain aging under dynamic conditions may take 
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place. That, is, solute atoms may diffuse to moving dislo

cations, at first slowing their motion, and finally stop-

ing them altogether. As. the applied stress continues to 

riae, the dislocations that have been "locked" by the 

strain-aging process are torn free and the process is able 

to repeat. Presumably the serrated flow curve, or discon

tinuous stress-strain relationship is' the result of such a 

shift between slow and rapid propagation of glide disloca

tions. 

In mild steels, the phenomenon of DPF which occurs 

in the vicinity of 300° C has been attributed to this re

peated strain-aging process and involves interstitially-

dissolved carbon and nitrogen. At such elevated tempera

tures the diffusivity of these elements is rapid enough to . 

permit them to interact with moving dislocations. This 

has been determined from a treatment of experimental data 

on mild steel obtained by Manjoine (1944). Cottrell (1953) 

has Utilized these data to empirically relate strain rate, 

e, to a minimum temperature for which diffusion is rapid 

enough to allow strain aging to occur during the period of 

the test, thus /v. ' , 
<2 = A EXP 2"' 

in which Q is taken as the activation energy, for diffusion 

of nitrogen in iron, determined independently (Wert, 1950) 

to be approximately 18 kcal/mole. Also Wert and Zener (1949) 
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have shown that the diffusion coefficient of interstitial 

atoms in b.c.c. iron is of the form 

D - B E*P (~ Q/RT) 2-2 

By combining (l) and (2) Cottrell (ref. cited) established 

that the minimum rate of diffusion for dynamic strain aging 

to occur must be g 2 

D - c e  =  i o  e  c r r ^ e c  £ _ 3  

In a subsequent treatment, Sleeswyk (i960) has confirmed 

the general validity of (3) as a. result of some experimen

tal work on Armco iron. 

The above analysis was based upon a diffusion mech

anism involving interstitially-dissolved solute atoms mov

ing in a b.c.c. lattice, but Cottrell has extended the ar

gument to attempt to account for DPF in f.c.c. aluminum al

loys where the diffusion kinetics are much different than 

in the former case and room temperature diffusion rate's ob

tained from extrapolation of high temperature data are of 
_0*3 O 

the order of 10 cm /sec. According to (3) such a value 

of diffusivity is much too slow to permit repeated strain-

aging to-occur at the usual rates of strain which are 10~3 

to 10~5 per second. 

Cottrell has reasoned, however that substitutional-

atom diffusivities at room temperature may be appreciably 

enhanced under dynamic test conditions because of the crea

tion of vacancies during straining. According to some 
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estimates (Seitz, 1952) the non-equilibrium vacancy con

centration, c, defends uuon the strain, e, as 

' " * c - i o e 2-4 

and the diffusion coefficient can be considered to be rep-

resented by 
D ̂  ca\ ex p 

where c is given in (4), a is the lattice parameter, v is 

the frequency of atomic vibrations, and U is the activation 

energy for vacancy movement. Taking a2 - 10~^5 Cm2, 

v= 10^/sec. and U - 10 kcal/mole (Bradshaw and Pearson, 

1957), (5) then becomes _)5 «/ 
D -  I O  e  / s e c .  2 _ g  

_2 
Thus for strains of the order of 10 the diffuslvlty in 

(6) becomes comparable to that demanded by (3) so that re

peated strain aging in aluminum at room temperature, ac

cording to Cottrells1 analysis, is a feasible mechanism for 

the Portevin-LeChatelier effect. 

Friedel (1957). following the strain aging theory 

of Cottrell and Bllby (1949) developed, for the case of car

bon and nitrogen in iron, has shown that the time required 

for saturation of a dislocation with a solute atmosphere is 

+- ~ -^Tb2- 2 , 
rs " ~~w"nr |_^co 5 2 7 

where b is the Burgers vector, W is the binding energy be

tween the dislocation and a solute atom, D is the diffusion 

coefficient, c is the concentration of solute atoms after 
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time t, Cq Is the initial concentration, and °(is a con

stant which is nearly equal to three. The expression (7) 

will be recognized as an alternative form of the well-

(ref. cited) and subsequently modified by others (Harper, 

1951; Ham, 1959). Additionally, Friedel (1957) has stated 

that the unstable plastic flow associated with the blue 

brittle behavior of steels will appear when' the time., ts, 

necessary for aging is less than the time required for the 

propagation of a Luders band. Thus if m bands propagate 

in the time tg then <Je <A£ 

• d-t lrits 2-8 

d £ *' where —— is the strain rate during propagation of the Lu-
dt 

ders bands, and A e  is the total Luders strain. 

Prom the expression for t given by (7), the above expres-
s 

sion then becomes de < WfoAe 

dt iriJiTb2 \ c / 2-9 

Replacing D in (9) by its value as given in (5) and solving 

for e, the strain, (9) becomes 

> io4miTe f_c_ ")3/2
exp 

e" WfnVAe \°<Co J p 2-10 

By utilizing suitable values for the pre-exponential para

meters with the aid of McReynolds1 (19^9) data, Priedel 

obtains ^ 

2/ 
known t 3 law originally derived by Cottrell and Bilby 

2-11 
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It is to be noted that the semi-empirical derivation of (ll) 

for the case of f.c.c. aluminum alloys containing.substitu

tionary- dissolved solute atoms (i.e., copper) is a direct 

2/3 
extension of the t aging law derived originally for 

b.c.c. iron containing interstitially-dissolved carbon or 

nitrogen. This extension of theory is strongly dependent 

upon the diffusion expression (5) and particularly upon the 

pre-exponential term given in (4) for the strain-created va

cancies. The activation energy U contained in (ll) is there

fore that for vacancy exchange in the case of substitutional 

alloys. 

Cottrell (1953) had previously shown that McReynolds' 

(1949) data could be represented by an equation identical to 

(ll) if e is identified as eQ according to the notation of 

Fig. 1. Thus, the onset of DPP in substitutional-type al

uminum alloys appears to be related to temperature through 

the activation energy for vacancy movement by 

60 - A exP 2_12 

Prom his treatment of McReynolds1 data, Cottrell (ref. cited) 

estimated U to be equal.to 7500 cal/mole (0.33 eV). In re

sistivity experiments Bradshaw and Pearson (1957) obtained a 

value for U of 10,000 cal/mole (0.44 eV), and in similar work 

Wintenberger (1957) determined U to be approximately 13,000 

cal/mole (0.57 eV). These values of U determined experimen

tally are of the right of order of magnitude generally to 
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substantiate Cottrell's original estimate. 

In some quite recent work, Ruasell (1963) has re

ported on the appearance of repeated yielding, or DPF, 

which he investigated in solid solution alloys of tin in 

copper. In these alloys, which contained from. 1 to 7 

atomic percent of tin, Russell was able to show excellent 

agreement between experiment and the strain-aging hypothe

sis developed by Cottrell (1953) as embodied.in (12) above. 

In this work the diffusivity, and hence the strain-aging 

kinetics, is shown again to be sharply dependent upon prior 

strain (eQ) through the strain-increased vacancy concentra

tion. From an analysis of the temoerature dependence of 

eQ, Russell obtained a value for the activation energy of 

vacancy movement in the Cu-Sn alloys of approximately 

18,000 cal/mole (0.79 eV). The work of Russell, done on 

the Cu-Sn system, apparently constitutes the only experi

mental support for the strain aging hypothesis outside of 

Cottrell's original development using McReynolds1 data 

from Al-Cu alloys. 

In spite of the concert between experiment and theory 

as reported above there have been some data reported which 

differ markedly from that to be expected from the strain-ag

ing mechanism. Principally, Caisso (1949) has investigated 
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the Portevin-LeChatelier effect in Al-Mg alloys (approxi

mately 3 weight percent Mg) and these data indicate a no

table deviation from the behavior predicted by the "strain-

aging equation" (12) over a significant range of temperature. 

Part of Caisso's data is plotted, together with that of 

McReynolds1 (19^9) in Pig. 2. It may be seen readily from 

this plot that, qualitatively at least, the two independent 

sets of data agree rather well in the range of temperature 

between 10° and 50° C. Above about 50°, however, the data 

reported by Caisso deviate sharply from the behavior gener

ally to be expected from (12). In the low temperature re

gion the two sets of data conform to the eQ versus T rela

tionship given by (12) with an apparent activation energy 

of about 7900 cal/mole. In the higher range of temperature, 

however, the data for the Al-Mg alloy yield a value for the 

activation energy of about 17,000 cal/mole, and further, the 

slope of the log plot is now negative so that it must repre-^ 

sent a relation of the form , 

eo = B exp (- /jkr) 2-13 

The inverse temperature dependence of the strain 

parameter eQ in Al-Mg alloys has also been reported by Riggs 

(1961) and suggests that more than one mechanism may be act

ing to produce the serrated deformation. If this is the case 

then such an additional mechanism remains to be stipulated. 

If not, then the contrasting experimental behavior of the DPF 
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phenomenon must be reconciled in terms of the existing 

strain-aging hypothesis. " 

The discussion of the strain-aging mechanism thus 

far has followed Co.ttrells' (1953) development in which 

lattice strain is considered to be the controlling factor 

in the nucleation of DPP because of diffusivity enhancement 

at the prevailing temperature. Thus, the strain parameter 

eQ (Fig. l) is the definitive factor in measuring the onset 

of serrated flow. In a later discussion, however, Borch, 

Shepard and Dorn (1958)* and subsequently Miller (1961) 

have reasoned that the applied stress should be the defini

tive parameter insofar as initiation of DPF is concerned. 

Thus in the notation of Fig. 1, should be the parameter 

of most significance in establishing the onset of DPF. Ac

cording to Borch et air, gliding dislocations are first ar

rested at some barrier in the lattice (e.g., grain boundar

ies) and while their motion is temporarily stopped a solute-

atom atmbsphere is able to form, that is, strain aging occurs. 

The extent to which strain aging occurs, is a function of the 

time that dislocations are held up at the barriers and this 

will be reflected in the magnitude of the applied stress 

necessary to produce further macroscopic deformation. In 

this interpretation then, in the region of temperature where 

strain aging, and hence serrated flow occurs, the stress at 

the o,nset of DPF (0^ ) is a measure of the extent of solute-
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atom locking. That is, the greater the degree of strain 

aging, the greater the applied stress will be at the onset 

of DPP (CTo). 

It is to be emphasized that Cottrell's hypothesis • 

and the later interpretation of Borch et. al, are basically , 

identical. That is, both interpretations are based upon 

strain aging and both consider that it is the externally ap

plied stress that suddenly "unlocks" the pinned dislocations 

and results in the observed discontinuity in the flow curve. 

The essential difference is that in Cottrell's model the 

strain-aging process is explicitly dependent upon diffusiv-

ity enhancement through prior plastic strain. Thus the on

set of DPP is strain sensitive only and €*0 should be defini

tive. Which of these interpretations is "correct" remains 

to be determined. 

In line with the above discussion Miller (1961) has 

investigated the strain-rate dependence of DPP in 2024 alumi

num. As a result of this work he concludes that "Strain rate 

affects the time for locking, and in turn the stress necessary 

to unlock dislocations. The strain required before the onset 

on (sic) serrated yielding is a consequence primarily of the 

flow stress, and its effect on dlffusivity is secondary." 

Finally Miller (ref. cited) states that "The above conclusions 

follow Borch, Shepard and Dora's concept of creep and are con

trary to Cottrell's analysis of the Portevin-LeChatelier Effect 
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in which solute-atom diffusion is the major factor." Thus 

another line of evidence would seem to bring the Cottrell 

hypothesis for DPF into question. 

In summary then, the theoretical state of affairs 

regarding the phenomenon of DPP would appear to be partic

ularly unsettled. Both the inverse temperature dependence 

of the phenomenon pointed out earlier (Pig. 2), and the al

ternative mechanistic interpretation of Borch et. al.,(l958) 

which has received some experimental support from Miller 

(1961), tend to emphasize the necessity for additional ex

perimental evaluation of the strain-aging hypothesis. In 

addition, it can be appreciated that the hypothesis attri

buting DPP to possible precipitation effects has not been 

developed much beyond the stage of pure speculation. Never

theless, this precipitation concept would seem to have some 

possible merit particularly in terms of the very early 

stages of pre-precipitation or zone formation. It would 

appear necessary to establish a more substantial experimental 

framework from which to evaluate the existing hypotheses or 

to speculate upon new ones. It is to this task that the 

present work is addressed. 



III. MATERIAL AND TEST EQUIPMENT 

3.1 Material 

Three high-purity, and two commercially-available 

alloys, all in sheet form, were selected for study in this 

investigation. The choice.of materials was made on the 

basis of the fact that the particular alloy system was 

known to exhibit, or suspected of exhibiting DPP; that 

is, the Portevin-LeChatelier effect. Each of the alloys 

is discussed in detail below. 

3.1.1 High Purity Sheet Alloys. Three relatively 

high-purity aluminum alloys containing from four to approxi

mately five weight percent of either copper, magnesium, or 

zinc were studied. The weight percentage of alloying ele

ment was chosen to be consistent with the amounts usually 

present in commercial alloys of lesser purity. These al

loys were obtained in sheet form and were nominally O.O65 
inches in thickness. The chemical compositions are given 

in Table I. 

Unfortunately, the three alloys all exhibited some

what disparate thermal-mechanical conditions. The Al-Mg 

material was received in the as-rolled condition and was, 

consequently, in a highly cold-worked state. The Al-Zn ma

terial contained only a slight degree of residual cold work 

24 
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from the rolling operation. On the other hand, the Al-Cu 

alloy had been annealed for two hours at 525° C and water 

quenched subsequent to the rolling operation. As a result, 

this material exhibited a relatively large as-received 

grain size (grain dia. was approx. 0.3 mm). In most cases 

the as-received conditio^ of these materials was modified 

by other thermal processing prior to testing. Such treat

ments are described in detail in the sections where they 

are pertinent. 

3.1.2 Commercial Sheet Alloys. Two commercially-

available sheet alloys were included as part of this in

vestigation. These alloys were 2024 (T3 condition) and 

7075 (T6 condition). The 2024 alloy contains nominally 

four weight percent of copper as principal alloying element 

and may be considered as the commercial analog to the high-

purity Al-Cu alloy described in paragraph 3.1.1. The 7075 

alloy contains copper, zinc, and magnesium as principal al

loying elements. An exact chemical analysis of these mat

erials is given in Table I. Both of these alloys are of 

the age-hardenable type and were obtained in sheet form 

with a nominal thickness of O.O65 inches. 

3.2 Sheet Material Tensile Specimens 

Tensile specimens were prepared from the high purity 

and commercial purity sheet alloys by machining to the 
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configuration shown in Pig. 3. This was accomplished by 

shearing the material into blanks three inches long by nine-

sixteenths inches wide. Subsequent to this, a one inch by 

one-eighth inch reduced section was milled into the blank 

and, finally, a one-eighth inch diameter hole was drilled 

in each end of the specimens for gripping purposes. The 

cross-sectional area of the specimens in the reduced sec

tion was 0.008 square inches and the gage length was one 

inch. 

After final machining to the finished configuration, 

the specimens were cleaned, and the worked surface layers 

of metal removed, by etching in a hot, fifty percent NaOH-

water solution. Wherever thermal processing was required 

prior to tensile testing it was carried out on the specimens 

subsequent to the above operations. 

3.3 Designation of Sheet Material Tensile Specimens 

For purposes of serializing the tensile specimens 

of the various sheet alloys the following convention was 

adopted. In the case of the high-purity alloys a two-let-

ter prefix followed by simple numerical designation was 

usedj for example, MS-2, CS-8, ZS-5. The first letter de

notes the alloy (actually the alloying element) of either 

magnesium, copper, or zinc. The second letter, which is the 

same for all alloys, indicates the fact of sheet material, 
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and the following numeral is merely a chronological ac

counting of specimens. The commercial sheet material was 

designated in a similar fashion except that the last two 

numerals from the commercial designation were employed 

instead of the two-letter prefix. Thus, 2024 was denoted 

by 24 and the 7075 alloy by 75. A third numeral for 

serializing the tensile specimens was added as above; that 

is 75-1, 24-3, etc. 

3.4 X-Ray Analysis of As-Received Material 

In order to determine whether or not the various 

alloys used in this investigation exhibited any preferred 

orientation., a back-reflection X-ray photograph was made 

on representative samples of each of the five alloys. A 

four-port Norelco X-ray diffraction unit was employed for 

this purpose using nickel-filtered copper radiation at 

40 KV and 35 mA. Under these conditions a four-hour ex

posure was adequate for a sufficiently dense photo. 

The specimens were mounted in the holder so that 

the incident radiation was normal to the rolled surface of 

the metal. In addition, the specimens were oscillated in 

a plane normal to the incident beam by means of a belt-

driven eccentric-crank arrangement. The oscillation pro

duced a linear travel of the specimen of one-half inch so 

that the incident X-ray beam was able to sample a larger 
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area of the specimen surface. 

The resulting X-ray patterns from all specimens, 

with one exception, exhibited the uniformly-dense, some

what-diffuse Debye rings characteristic of fine-grained, 

randomly-oriented polycrystalline material. The one ex

ception was the Al-Cu (CS) alloy which exhibited only a 

few randomly-scattered spots. This was interpreted to 

be the result of the rather large grain size which this 

particular alloy possessed as pointed out in paragraph 

3.1.1. The results of the X-ray analysis thus established 

that the alloys under investigation were free generally 

of preferred orientation with the results for the Al-Cu 

alloy being somewhat questionable. 

3.5 Test Apparatus and Equipme^fc 

3.5-1 Tensile Te3t Equipment. All tensile tests 

for this investigation were performed on an Instron tensile 

machine utilizing a 10,000 pound (max.) capacity load cell. 

The versatility and detailed features of this- particular 

tensile machine are described elsewhere (Hindeman and Burr, 

1949) so only a brief description will be given here. 

The load is transmitted to the specimen from a 

screwdriven (lower) crosshead whose speed remains constant 

irrespective of specimen load. Crosshead speeds can be var

ied through a system of interchangeable gears but once the 
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speed has been selected It remains constant throughout the 

period of the test regardless of changes in specimen res

ponse. Thusj constant strain rates are achieved if speci

men elongation is neglected. 

The load-weighing system is basically a resistance 

bridge, or strain gage, arrangement the signal from which 

is electronically amplified. The amplifier circuit con

tains calibrated, incremental resistances which permit 

load range sensitivities to be varied from 200 pounds to 

10,000 pounds full scale (10 inches). The accuracy of the 

load-weighing system is +0.5 $ and this accuracy is inde

pendent of the load range used. 

A Leeds and Northrop roll, or strip-chart, recorder 

is contained as an integral part of the Instron machine. 

This recorder is synchronously' driven at speeds ranging 

from 0.2 to 20 inches per minute. The time axis is pro

portional to sample extension because of the synchronism 

with the crosshead speed. Thus the load-time relationship 

is easily related to stress-extension through suitable num

erical factors. The recorder response is such that approxi

mately 1.2 seconds is required for full-scale (10 inch) de

flection. This response is independent of the load range 

used and is roughly linearly proportional to the amount of 

deflection: half-scale deflection requires about 0.7 sec

onds, etc. 
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In addition" to the basic features of the Instron 

tensile machine described above, a special tripod "cage" 

fixture was built to support the tensile specimens dur

ing testing. The tripod configuration was achieved by 

three one-half inch diameter stainless steel (type 303) 

rods eighteen inches long and threaded into one-half inch 

thick stainless steel base plates on each end. The rods 

were positioned into the base plates as the vertices of 

an equilateral triangle three inches on a side. This 

"cage" fixture was bolted to the bottom face of the lower 

crosshead and thus appeared as a projecting "finger" be

low the lower, or driving, crosshead. 

The lower end of the tensile specimen was attached 

to the bottom base plate of the "cage" and the upper end 

attached to a one-half inch diameter stainless steel rod 

which passed up through a hole in the bottom crosshead 

and was joined to the upper (fixed) crosshead and load cell 

through a universal joint. The tripod cage arrangement, 

just described, permitted the complete immersion of the fix

ture and emplaced specimen into a constant-temperature bath 

for tests at other than ambient temperatures. The basic 

features of the Instron tester were not altered nor other

wise affected by this fixture addition. 

3.5.2. Constant-Temperature Bath Arrangement. Since 

it was desired to conduct certain of the tensile tests as 
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well as other isothermal-aging tests at other than room 

temperature, a means of providing a relatively-constant 

temperature environment was needed. This, was finally 

achieved by the simple expedient of using a one-gallon 

pyrex Jar which was thermally insulated, to some extent, 

by an external, one inch layer of glass wool. Water was 

used as the heat transfer medium with the bath heated and. 

stirred simultaneously by means of a Temco # SF 1025 B 

variable voltage , thermostatically controlled, hot plate. 

The magnetic-stirring arrangement inherent in the hot 

plate was useful in minimizing thermal gradients in the 

bath. Potentially, the upoer limit of attainable bath 

temperatures could be Increased considerably by using a 

silicone oil in place of water as a heating medium and 

supplementing the heat output of the hot plate with res-

istance-wound immersion heaters. It was subsequently 

determined that bath temperatures above 100° C were not 

required so the above provisions for higher temperatures 

were not utilized. ' ' 

The hot-plate-water bath arrangement permitted the 

attainment of a range of temperatures between room and 

100°. O. By a process of trial and error it was found that 

a given temperature in this range could usually be estab

lished to within about - 5° C. More importantly, it was 

determined that once the system had stabilized, any estab-
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lished temperature would .remain constant to within approxi

mately t-^° C almost indefinitely. Since the bath was em

ployed for a maximum time of one hour for the longest indi

vidual test periods, the temperature fluctuation was usually 

well within this 1° C variation. The average duration of 

the elevated temperature tensile tests was about three min

utes so that temperature fluctuation in this period was 

virtually absent. It was initially intended to use more 

elaborate means of attaining the constant temperature con

trol but such means were not readily available.. The above 

described method was, therefore, employed and was found to-

be adequate though lacking in sophistication. 



Table I 

Chemical Analyses of Sheet Alloys* 

Element, Weight Percent 

Alloy Code 1% ' Cu Zn Si Fe Kn Cr Ti Be Zr Ni 

Al-l-lg IkS li.Oi; 0.01 — 0.00 0.02 — — 

Al-Cu c s  — 3.85 0.01 

-d
" o
 
o
 •
 

Al-Zn z s  0.00 0.00 5.2U 0.07 0.12 0.00 0.00 0.01 — — 0.00 

2021; 2k i.5i U.50 0.07 0.12 0.33 o.56 0.02 0.03 — 0.02 

7075 75 2.58 l. 73 5.81 0.11 0.26 0.07 0.21 0.05 .001 — 

-^Analyses Furnished by Producars 
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/4 DIA. 

Fig. 3. Configuration and Dimensions of Sheet 
Tensile Specimens. Specimens Were Blanked From 
Sheet Aluminum Alloys Which V/ere' Nominally 

O.C65 Inches Thick. 



XV. EXPERIMENTAL PROCEDURES AND RESULTS 

4.l Preliminary Teat Work 

The phenomenon of DPF, or the Portevin-LeChatelier 

effect, as it appears in certain aluminum alloys is known • 

to be affected by several test variables such as tempera

ture, strain rate, and prior thermal and mechanical his

tory of the metal. In general, the appearance of the 

discontinuities with respect to their magnitude, frequency, 

and extent over the length of the flow curve can be altered 

or completely eliminated by changes in the above variables. 

In particular, the parameter eQ ( or(T0 ) can be shifted to 

greater or smaller strains by changes in test conditions 

as was pointed out in Section II. It is this parameter 

which is conveniently measured and which appears to be a 

sensitive index of the mechanism responsible for DPP (Cot-

trell, 1953; Gaisso, 1959). 

Since the present investigation utilized a variety 

of aluminum alloys it was necessary to conduct consider

able preliminary experimental work to establish a set of 

test conditions which could be conveniently utilized. It 

was found, for example, that the Al-Cu alloy as well as 

the 2024 and 7075 alloys exhibited DPP only in the freshly-

annealed, or solution-treated condition, in addition, the 

35 
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rate of cooling from the. annealing or the solution treat

ing temperature was influential in the resulting flow-

curve geometry. This may be observed in Fig. 4. On the 

other hand, the Al-Mg and Al-Zn alloys were apparently 

insensitive to any prior heat treatment insofar as DPF 

was concerned.. The Al-Mg alloy exhibited DPF under vir

tually all conditions whereas the Al-Zn alloy tended to 

deform smoothly in a variety of cases which were explored. 

As a result of the preliminary work which was per

formed on the various alloys used in this investigation, 

the following conditions of test were adopted. 

4.1.1 Heat Treatment of Material. In all cases, 

unless specified otherwise, all tensile specimens were 

given a solution treatment at 465° ±2° C for two hours 

followed by a rapid quench into water at room temperature 

(nominally 26° C). The solution-1 treating temperature was 

dictated by the alloy of lowest melting point which was, 

in this case, the 7075 alloy, but was as high as possible 

consistent with this requirement. After quenching, and 

just prior to tensile testing, all specimens were aged 

for one hour at room temperature. This procedure was fol

lowed except where it was specifically desired to evaluate 

the effects of different aging times or temperatures. The 

solution heat treatment was never varied, however, and 

this was done in a fused salt bath (Park Chemical aluminum 
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heat-treating salt AL-2). Care was always taken to in

sure that the rate of quenching was as closely as pos

sible the same in all cases. The time between removal 

of the specimens from the salt bath and immersion into 

the. water quench was approximately §• second. 

4.1.2 Tensile Test Conditions. Unless speci

fied otherwise, all tensile tests were performed at 

room temperature and at a crosshead speed of 0.05 inches 

per minute. These conditions were chosen for conveni

ence and somewhat arbitrarily, but were consistent with 

the findings of the prior exploratory tests. The only 

deviations from these conditions occurred when it was 

specifically desired to measure the effect of different 

test temperatures or strain rates. The autographic re

corder chart speeds were varied as necessary by the 

specific test conditions so as to- produce a load-exten-

sion curve of convenient size. 

4.1.3 Method of Presentation of Results. Since 

the primary intent of this investigation was to examine 

the phenomenon of DPF in terms of the proposed mechan

isms of precipitation (McReynolds, 1949) and of strain 

aging (Cottrell, 1953)* the test program was oriented to

ward evaluation of these phenomena as controlling mechan

isms. In particular, the features of interest are those 

peculiar to the phenomenon of DPP, that is, the magnitude 
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and extent of the discontinuities, the parameters eQ and 

<T0 (Pig. I), and the qualitative and quantitative effects 

of various thermal and mechanical treatments on these 

features. In addition, the more usual properties of ten

sile strength and work-hardening characteristics have 

been noted where these appear to be of significance in 

the interpretation of DPF phenomena. 

Note that tensile strengths, where reported, are 

engineering values and that strains are given in inches 

of extension rather than as a percentage elongation. The 

strain in inches corresponding to any given point on the 

flow curve was calculated from the known relationship be

tween crosshead speed and recorder speed. Thus the basic 

chart unit (0.10 inch) corresponded to a strain of 0.005 

inches for a crosshead speed of 0.05 inches per minute 

and a chart speed of one inch per minute. Any point on 

the flow curve could be discerned to about one-half chart 

unit so that strains to-within about 0.002 inches could 

be measured under the test conditions cited above. Strength 

values were easily measured to within the accuracy of the 

tensile machine and recorder itself and this was 0.10$ of 

full scale. Such accuracy was not necessarily pertinent 

to the present tests, however, and is well within the usual 

scatter of data to be expected from inherent material an

isotropics. Yield strengths were determined from the 
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intercept of the flow curve at a strain of 0.005 inches, 

or 0.5 $ offset. 

4.2 Aging Tests 

The apparent correlation between quench-aging 

of duralumin-type alloys and the phenomenon of -DPP has 

been observed by several workers (Portevin and LeChate-

lier, 1923; Lubahn, 19^9; Berghezan, 1952). Prom such 

observations the suggestion has been made that DPP is 

the result of precipitation from solid solution (McRey-

nolds, 19^9). Alternatively, Cottrell (1953) has postu

lated a strain-aging mechanism as the factor responsible 

for DPP in aluminum alloys. In order to better define . 

the exact relationships which appear to exist between 

DPP and various aging situations a series of isothermal, 

isochronal and strain-aging conditions were imposed. 

Th.ese tests are described in the following paragraphs. 

4.2.1 Isochronal Aging After Quenching. Five 

specimens of each of the five alloys were solution 

treated and quenched according to the procedure des

cribed in paragraph 4.1.1. Immediately after quenching, 

specimens of each alloy were aged for one hour at temp

eratures of 0°, 26°, 35°, 42° and 85° C in order to es

tablish the effects of aging temperature on the manifesta

tion of DPF. This range of aging temperatures was selected 



40 

on the basis of the preliminary test work. All specimens 

were tested immediately after the one-hour aging period 

had elapsed and a time lapse of not more than three min

utes existed between removal of a specimen from the con

stant temperature bath and the start of tensile deforma

tion. 

In addition to the above aging temperatures, two 

specimens each of the Al-Mg and Al-Zn alloys were aged 

for one hour at 150° and 200° C as well. The sequence 

of solution treatment, aging and testing was as previously 

described. 

4.2.2 Results of Isochronal Aging After Quenching. 

Representative stress-elongation curves obtained for the 

specimens quenched and aged according to the procedure des

cribed above are shown in Figs. 5-8. Prom a qualitative 

standpoint certain features of these records are immediately 

apparent. The most striking effect is shown by the curves 

obtained for the 7075 alloy (Pig. 5) which are nearly identi

cal to the curves for the 2024 alloy (not shown). These two 

alloys show a pronounced transition from sharply-discontinu

ous deformation characteristic of the specimens aged at the 

lower temperatures to a smooth flow curve which was obtained 

after aging at 85° C. The Al-Cu alloy also exhibited DPP in 

a transitory manner but here the discontinuities were much 

less sharply defined both with respect to their magnitude 
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and to the onset of serrated flow which was nearly imper

ceptible (Pig. 6). It is to be noted that, as a group, the 

7075j 2024, and Al-Cu alloys manifested DPF in a qualita

tively similar manner: the discontinuous mode of deforma

tion was transitory and was completely "annealed" or "aged-

out" after about one hour at approximately 85° C. 

In contrast to the transitory nature of DPF in the 

above alloys is the apparently stable nature of the discon

tinuous mode of deformation shown by the Al-Mg alloy (Fig. 7). 

The manifestation of DPF in this alloy remained unaffected 

by the imposed aging treatments after the quench. The dis

continuities were observed to occur in a very regular se

quence and were rapid and closely-spaced. It may be-seen.from 

Fig. 7 that the onset of DPF in this case was virtually im

perceptible but appears to coincide with the beginning of 

plastic flow. It was, furthermore, established from the ad

ditional higher temperature aging tests that the deformation 

behavior just described for the Al-Mg alloy remained unchanged 

even after aging at temperatures as least as high as 200° C. 

The Al-Zn alloy presented an even different behavior 

as is evident from Fig. 8. In this alloy there were no • 

marked load drops in evidence for any of the aged conditions. 

Specimens of this alloy did exhibit a type of discontinuity 

which appeared to be a very slight load increase, or "pip" in 

the flow curve at lower values of strain. The flow curve 
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tended ..to smooth-out,however, as deformation progressed and 

at large strains became completely smooth again. This be

havior was found to exist only in specimens - that had been 

aged above room temperature but persisted even in specimens 

that had been aged at 150° and 200° C. 

In addition to the qualitative differences in the 

stress-strain curves for the various alloys discussed above, 

there were notable differences in the fracture characteris-' 

tics and slip line markings. It was observed that in the 
o ,o 

2024 and 7075 alloys aged at 0 or 26 C that the load drops, 

or discontinuities, were accompanied by an audible thumping 

sound and thi's in turn frequently corresponded to the appear

ance of a Luders band on the surface of the specimen. These 

specimens also exhibited a distinctive fracture geometry 

which was an unusually smooth, planar-type shear failure at 

45° to the specimen axis viewed from the normal to the speci

men thickness. This mode of fracture was replaced by a more 

ductile-appearing cup-and-cone fracture for specimens aged 

at the higher temperatures. The fracture modes thus appeared 

to alter in relation to the disappearance of the discontinui

ties., The two types of fracture are shown in Pig. 9- The 

Al-Mg alloy specimens also fractured in the fashion of the 

planar shear but with slightly more "necking" at the break. 

By contrast both the Al-Cu and Al-Zn specimens fractured in 

the more usual ductile cup-and-cone manner. In this same 
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regard it is of interest to note that where Luders hands 

were observed to form they did not conform geometrically 

to the final fracture geometry. Whereas the Luders bands 
o 

formed at an angle believed to be approximately 35 to the 

width of the specimen (A. Nadai, 1950) the fracture occurred 

at 90° to the specimen width. One possible explanation for 

this was suggested when it was noted that most all Luders 

bands would appear at the same 35° angle'all along the • 

length of any given specimen. Later in the deformation pro

cess, a few Luders bands would begin to form at the conju

gate 35° angle and" frequently, if not always, fracture would 

take place when a band would form across its previously 

formed conjugate band. This process is represented schema

tically in Pig. 10. . * 

Metallographic examination of selected specimens 

which had been electropolished prior to deformation was ma.de 

after the specimens had been deformed. Photomicrographs o'f 

these specimens are shown in Pigs. 11-14. It may be observed 

that specimens which deformed smoothly tended to.exhibit lit

tle or no visible slip traces whereas those that deformed 

discontinuously manifested rather coarse, easily-discernible 

slip traces. The apparent exception to this was the Al-Zn 

alloy. Both the Al-Zn and Al-Mg alloys exhibited profuse and 

rather complex slip markings. 

Prom a more quantitative point of view the differences 
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• in the' deformation behavior of the five alloys can be con

trasted with rather more significance. For example, Pig.15 

is a plot of yield strength as a function of aging tempera

ture and it is to be noted that the three alloys 7075j 2024, 

and Al-Cu all exhibit a rather abrupt rise in yield strength 

o , o , 
between about 25 and 45 C. In fact, the 2024 alloy under

went a 50 i<> increase in its yield strength in this range of 

temperature, although the increase in the Al-Cu value.was 

less pronounced. It will be recalled, with particular refer

ence to Pig. 5, that this range- of yield strength increase 

corresponds to the range of temperature in which the discon

tinuous mode of deformation is changing to continuous. Thus, 

this range of aging temperature results in a well-defined 

transition region of diminishing DPP with a corresponding rise 

in yield strengths. 

By contrast, Pig. 15 also shows that the yield strength 

of the Al-Mg alloy is apparently unaffected by the imposed 

quench-aging treatments as was true of the qualitative appear

ance of the discontinuities in the flow curves of this alloy 

(Fig. 7). The Al-Zn alloy shows an even different behavior 

since the yield strength at first decreases to a constant value 

as the aging temperature is increased. The five alloys may 

then be grouped according to increasing, constant, or decreas

ing yield strength with increasing aging temperature. In ad

dition, if the ratio of ultimate yield strength is taken as 
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a measure of the rate of work hardening it may also be seen 

(Pig. 16) that the transition between DPF and continuous de

formation in the 7075* 2024, and Al-Cu alloys is related to 

a marked decrease In the rate of work-hardening. Most, if 

not all, of- this apparent decrease is, of course, a reflec

tion of the rising yield strengths but serves to indicate 

that the ultimate strengths are not increasing nearly as 

fast. 

In summary, the isochronal aging tests have shown 

that the phenomenon of DPF in the duralumin-type alloys is 

transitory in nature and "ages-out" fairly quickly even at 

relatively low aging temperatures. The thermally-Induced 

disappearance of DPF is coincident with a sharp increase in 

yield strength. On the other hand, both the value of yield 

strength and the nature, extent, and onset of DPF in the 

Al-Mg alloy were not at all affected by the aging sequence. 

Whereas the Al-Zn alloy appeared to suffer a slight dimuni-

tion in yield strength with aging this material did not, 

strictly speaking, manifest the Portevin-LeChatelier effect. 

4.2.3. Isothermal Aging After Quenching. In order 

to explore the effects of the quench-aging process in more 

detail a series of isothermal aging tests were carried-out 

after quenching. These tests involved only four of the five 

alloys and the 7075 alloy was excluded since its 1 aging be

havior, with respect to DPF at least, was virtually identical 



to the 2024 alloy as noted from the isochronal aging tests. 

The isothermal aging tests were actually performed 

In two parts. The first part involved all four alloys and 

aging was done at room temperature. The Al-Mg and Al-Zn 

alloys were included even though the isochronal aging tests 

indicated that these alloys were insensitive to the aging 

cycle. The second part of the isothermal aging sequence 

involved only the 2024 alloy on which aging was carried-out 

isothermally for several different temperatures after quench

ing. 

In the first part of these tests, or isothermal ag

ing at room temperature (26° C), specimens of the 2024, 

Al-Cu, Al-Mg, and Al-Zn alloys were aged for times of one, 

three, five,and twelve hours after water quenching from the 

two-hour solution treatment. In addition, a second set of 

2024 alloy specimens were included in these tests but these 

specimens were slow air cooled from the solution treating 

temperature instead of water quenched. All specimens were 

tensile tested immediately after the prescribed aging period-

had elapsed. 

In the second part of these tests the intention was 

to obtain some quantitative information regarding the aging-

out of DPP which was noted to occur in the duralumin-type 

alloys from the Isochronal-aging tests described in paragraph 

4.2.1. Only specimens from the 2024 alloy were used in these 
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the yield stress whereas yield strengths were not signifi

cantly affected by the aging treatments in the cases of the 

Al-Mg and Al-Zn alloys. A plot of yield strength as a func-
,o 

tion of aging time at 2b C for the four alloys is given in 

Fig. 18. 

It is of further interest to contrast the tensile 

behavior of the air cooled 2024 specimens with .those of the 

water-quenched specimens after equivalent periods of aging 

at 26° C. The stress-elongation curves representative of 

these two cases are given in Figs. 17 (water quenched) and 

19 (air-cooled). The significant feature brought out in this 

comparison is the relative "stability" of both the discontin

uities and the yield strength value in the case of the air 

cooled material compared to the transitory nature of these 

two features in the water quenched material. This is shown 

clearly in Fig. 20. In effect, the air cooled 2024 specimens 
n 

were not greatly affected by the aging at.26 C either with 

respect to increase in yield strength or onset of DPF. From 

Fig. 20 it would appear as though some sort of equlibrium 

state was attained by the air cooled material and the water • 

quenched material was tending toward this more stable situa

tion. Apparently the rate of cooling from the solution treat

ing temperature is quite important insofar as the subsequent 

aging response is concerned. Berghezan (1952) has explored 

this aspect of aging in some detail in both Al-Cu and Al-Zn 
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alloys. 

A stress-elongation curve representative of those 

obtained from the 2024 alloy specimens aged isothermally 

at various temperatures is.shown in Pig. 21. Here the shift 

of the parameter eQ as a function of aging time is clearly 

evident. A plot of the strain parameter eQ versus aging 

time for all the temperatures of aging is given in Pig. 22. 

It may also be noted from Pig. 21 that the yield stress is 

also increasing with increasing aging time and a plot illus

trating this relationship for all aging temperatures is 

given in Pig. 23. In both Pigs. 22 and 23 it may be seen 
o 

that aging at 0 C was apparently ineffective insofar as pro

ducing any detectable changes in either eQ or the value of 

the yield stress at least for times of aging up to six and 

one-half hours. At aging temperatures above 0° C the changes 

in eQ were quite rapid with the flow curve becoming nearly 

smooth in about 60 minutes at 40° C (Fig. 21). Fig. 21 also 

shows that the character of the discontinuities is altered 

at the longer aging fimes. For the shorter times of aging 

the discontinuities are relatively uniform, continuous, and 

virtually all lie below the trace of the flow curve. Later 

on in the aging process the discontinuities become more ir

regular and are frequently marked by abrupt increases in 

flow stress preceding a drop in the flow stress. Such be

havior is suggestive of that exhibited by the air-cooled 
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2024 specimens (Fig. 19). The series of stress-elongation 

curves obtained for the specimens aged at 50° C were parti

cularly erratic in their manifestation of DPP and interpre

tation of results was rendered somewhat difficult in this case. 

In general the kinetics of the process of aging-out 

the discontinuities as determined from time" changes in eQ 

• seemed to follow a law of the form 

In '=• exp oct + In r,e (5-1) 

where e^ and ©< are constants. This relation was determined 

from the data plotted in Pig. 24. Prom Pigs. 22 and 24 it 

was also established that the aging-out of discontinuities 

appeared to follow an. Arrhenius rate law over a narrow range 

of temperature. This is shown in Fig. 25 from which an ap

parent activation energy of 26.3 kcal/mol was determined. The 

value of Q determined from.Fig. 25 ranged from 25.2'to'27.1 

kcal/mol. An apparently identical relationship existed for 

the agingvtime-yield stress plot of Fig. 23. A log t versus 

l/T plot of these data is given in Fig. 26 from which an aver

age activation energy of 28.3 kcal/mol was determined. In 

this analysis the measured values of the activation energy 

ranged between 27.9 and 29.2 kcal/mol. Thus the average value 

of 28.3 kcal/mol determined from the kinetics of yield stress 

change agree well with the value of 26.3 kcal/mol determined 

from the change in strain parameter eQ. 

From the data thus far obtained it was also possible 

to establish that the stress parameter (T„ was a simple linear 
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function of the yield stress such that 

cr0 = rn a} + cr' 5_2 

as determined from Pig. 27. Both the slope m and the inter

cept cr' were slightly different for each line as a result of 

the variation of aging temperatures.. All three lines plotted 

in Pig. 27 appear to have a common point of intersection but 

the significance of this is not readily apparent. The linear 

dependence between C„ and seemed to break down, however, for 

values of stress beyond this point of intersection. It was 

also determined that a plot.of log strain versus log- stress, 

for the 2024 alloy resulted in a family of straight lines 

whose slopes varied in relation to the temperature of aging 

prior to deformation. This may be seen from Pig. 28 from 

which it was possible to deduce that 

a n 
cr= A e 5-3 

with A and n constants for a given aging temperature, and 

presumably, aging time. The above relationship is equivalent 

to the familiar parabolic law frequently obtained from true 

stress-true strain curves for many metals. Over the range of 

strain from which Fig. 28 was plotted, i.e., up to 10 $, the 

engineering values of stress and strain do not differ appreci

ably from the "true" values. The values of n, the so-called 

work-hardening parameter, which were determined from Pig. 28 

ranged from 0.30 for the 0° C isotherm to 0.20 for the 42° C 

aging-temperature isotherm. The decrease in the work-hardening 
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index n with an increase in the aging temperature confirms 

the observation made in conjunction with Pig. 16 of the dim

inishing rate of work hardening. Such a diminution in the 

work-hardening rate has been construed as being indicative 

of precipitation hardening (Dieter, 1961). 

Equations 5-2 and 5-3 show that the stress parameter 

01 is related to eQ and Gy. Also, it was previously found 

that eQ and <3y are related kinetically to the imposed thermal-

aging process by an activation energy of approximately 27 

kcal/mol. It is not surprising, therefore, to find that an 

analysis of 0*o with regard to aging time and temperature simi

lar to that illustrated in Figs. 22, 23, 25, and 26 also re

sults in an activation energy of 27.4 kcal/mol. Thus, an 

activation energy of about 27 kcal/mol is obtained for the 

early stages of aging-out of DPF whether one measures the 

time rate of change of eQ, Gy , or during isothermal 

aging. This analysis is only valid for the rapidly-cooled 

(water-quenched) specimens, however, since, as Fig. 19 shows, 

the stress-strain behavior of the slow-cooled specimens was 

little affected by the subsequent aging at 26° C. 

4.2.5 Strain Aging Tests. In order to discern any 

tendency toward strain aging, that is, the pinning of glide 

dislocations by solute atoms, a series of strain aging tests 

was performed. According to the theory of Cottrell and Bilby 

(1949) a return, or creation, of a yield point after an 
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Increment of prestraining and subsequent aging Is an Indica

tion that solute atom-dislocation interaction has occurred. 

An indication, or measure, of the extent to which a given 

alloy is susceptible to strain aging may be inferred by the 

magnitude of the yield point produced upon re-straining. 

In the present tests specimens from three of the five 

alloys ("the Al-Cu and 7075 alloys were not included) were 

first heat treated according to paragraph 4.1.1 prior to 

-testing. In addition, a series of tests was made on the 2024 

alloy in the as-received condition. The specimens were 

strained to 0.10 inch (10 % elongation), unloaded to zero 

stress and aged isothermally for 10 minutes and then re-loaded 

and strained, in most cases, until fracture of the specimen. 

The time of aging, and amount of prestrain was the same in all 

cases. 

The aging of the specimen after the increment of pre

strain was carried out at different temperatures on specimens 

from each of the five alloys. The aging temperatures were 

selected on a rather arbitrary basis, but again guided by the 

findings of the exploratory'tests. These temperatures were 
o o 
0 , 27 , and two elevated.temperatures which were nominally 

60° and 80° C. At the higher aging temperatures, the actual 

temperature was allowed to vary somewhat from test to test 

since no specific temperature was sought. It was only neces

sary to test at convenient intervals of temperature, but to 
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measure and maintain constant, a given temperature during 

the period of aging (10 minutes). 

Each specimen was deformed to the 0.10 inch pre-

strain and then unloaded at the existing crosshead rate 

(0.05 in/min). This unloading time ranged from about 10 sec

onds for the Al-Zn alloy to about 35 seconds for the 2024 al

loy. During the time of unloading the constant-temperature 

bath was placed around the specimen and cage fixture. After 

nine minutes of the ten-minute-aging time had elapsed the 

bath was removed. Another minute was passed prior to re

loading and straining to permit the specimen to approach 

room temperature. After reloading, any yield point effects 

as well as the subsequent flow curve geometry were noted. 

The exact aging temperature that existed for each test was 

also recorded. 

It should be mentioned that the parameters of aging 

time and amount of prestrain in the above test cycle were 

chosen arbitrarily. The choice of values, wasj however, 

guided to some extent by the findings of other, workers (West -

wood and Broom, 1957); who investigated strain-aging effects 

in Al-Mg alloys. In addition, it was felt that if the mat

erial were sufficiently susceptible to strain aging to ac

count for DPP according to Cottrell's theory (1953) then a 

yield point should result from an imposed aging cycle using 

almost any reasonable values for the parameters involved. 
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4.2.6 Results of Strain Aging Tests. The Al-

Mg, Al-Zn, and 2024 alloys subjected to the strain-aging 

cycle described in section 4.2.5 all exhibited rather 

different behavior upon reloading after aging. Several 

of the load-extension curves representative of the alloys 

tested are shown in Figs. 29-32. 

With'reference to the above Figures,three general 

types of behavior after reloading may be distinguished: 

material showing a permanent flow stress increase (+Acrf), 

i.e., the freshly-quenched 2024 alloy; material showing a 

permanent flow decrease (ACTf), or recovery, i.e., the Al-

Zn and Al-Mg alloys; and, material showing an entirely 

different mode of stress/strain behavior after reloading. 

The latter is illustrated in Fig. 32 and was characteristic 

of the fully aged (T3) 2024 alloy. It is important to note 

that in no case was a significant yield point developed as a 

result of the imposed aging cycle by any of the various al

loys. Very slight yield point effects are discernible in 

the case of the 2024-T3 material (Fig. 32) just prior to the 

period of" strain at constant stress. The magnitude of these 

"yield points" is probably due to unloading effects as des

cribed by Haasen and Kelly (1957) rather than to "true" strain 

aging. 

Whereas the strain aging tendencies of the materials 

(as manifested in the development of a sizeable yield point) 
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was negligible, the permanent flow stress changes due to 

recovery or hardening were not. Both the Al-Zn and Al-Mg 

alloys exhibited considerable recovery of yield strength 

as is evident from Pig. 29. Following the scheme of Tietz, 

Lytton, and Meyers (19^3) and using the notation of Pig. 29 

the fractional recovery may be expressed as 

c. = CTQ ~ QT 

" Oy - <Jy (5-4) 

Prom this expression the maximum fractional recovery of 

the yield stress was calculated to be 11$ for the Al-Zn al

loy and 12$ for the Al-Mg alloy. The extent of this recovery 

is rather remarkable considering the short period of time 

involved (10 minutes) and the relatively low "aging" tempera

tures (65° C). Early stages of recovery are generally thought 

to involve physical property changSa (e.g., electrical con

ductivity) and recovery of mechanical properties is associated 

with the later stages. 

The behavior of the freshly-quenched 2024 alloy was 

in sharp contrast to the Al-Mg and Al-Zn alloys in that a 

definite permanent flow-stress increase was produced as a re

sult of the strain aging cycle as shown in Figs. 30,31. Ac

cording to the earlier work of Phillips (1952-53) a temporary 

flow-stress increase, or yield-point effect, is indicative of 

strain aging while a permanent flow-stress increase may be 

attributable to some form of precipitation. If this interpre

tation is correct then the present results definitely indi
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cate hardening due, presumably, to precipitation but do not 

provide any evidence of strain-aging. A flow stress increase 

of about 9$ occurred after the strain-aging cycle for the 

2024 specimen aged at 55° C which was the maximum increase 

which was found in the present tests. Apparently the 2024 

specimen .aged at the highest temperature (81° C) tended to 

recover slightly since the flow stress Increase after aging 

in this case was only about 6%. Of further interest is the 

fact that this specimen tended to deform smoothly for a 

short period after reloading and a gradual, rather than 

abrupt, transition from' elastic to plastic flow ensued. This 

point may be noted by contrasting Fig. 30 (specimen aged at 

55° C) with Fig. 31 (specimen aged at 8l° C). The reason 

for this behavior is not immediately apparent but further 

suggests that some "recovery" is taking place concurrently 

with precipitation or whatever mechanism is causing the per

manent flow-stress increase. Fig. 33 is a plot of the change 

in flow stress as a function of the strain-aging temperature 

and illustrates graphically the behavior of the Al-Mg, Al-Zn 

and freshly-quenched 2024 alloys. 

In Fig. 32 the rather peculiar post-aging deformation 

of the fully-aged 2024 alloy may be seen. Upon reloading af

ter aging at zero stress a very slight yield point developed 

and then a period of strain at constant stress ensued. Such 

behavior is suggestive of the sp-called "Luders strain" asso
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ciated with mild steels. It should be mentioned, however, 

that no Luders bands were observed to propagate during this 

constant-stress period of deformation although this point 

was not rigorously checked. After a constant-stress defor

mation of approximately 0.Q3 inches, the flow stress rose 

abruptly by an increment of about 250 psi and was followed 

by another period of strain at constant stress. In some in

stances the step-like load increase was followed by a slight 

yield-point effect as noted previously. 

It is interesting to note that the step-like defor

mation appears to occur just under the extrapolated "normal" 

flow curve. That is, the abrupt load rise seems to continue 

until the value of stress is attained that is defined by 

extrapolation of the initial portion of the flow curve (Fig. 

32). It may further be noted that four regions of constant 

stress occurred, before failure by fracture. The ultimate 

strength and total extension of the specimen coincided with 

previously-determined values for this material from uninter

rupted tensile tests. Thus the aging sequence and subsequent 

deformation behavior apparently did not have any detectable 

effect on the mechanical properties. The step-like mode of 

deformation described above was typical of the 2024-T3 speci

mens aged at 0° and 26° C. The specimen aged at the highest 

temperature (580 C) also tended to deform in this manner sub

sequent to strain aging but the flow..curve, although irregular 
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smoothed out somewhat to a more normal mode in the later 

stages of deformation. 

Thus the imposed strain-age cycles did not reveal 

any tendency toward strain aging as manifested in the ap

pearance of a yield point for any of the alloys tested. On 

the other hand, marked, permanent changes in the flow stress 

after straining and aging indicative of hardening, due pre

sumably to precipitation, and recovery were observed. 

4..3 Tensile Tests at Different Strain Rates 

Since it has been shown that the behavior of DPF 

is rather sensitive to the rate of deformation (Caisso, 1959; 

Caisso and Guillot, 19b2) it was felt desirable to investi

gate the effect of changes in this variable. Such strain-

rate tests seemed particularly worthwhile in view of pre

vious reports that the actual strain rate dependence of DPF 

was not entirely consistent with that anticipated on the 

basis of the strain aging model (Mikesell and Reed, 1959; 

Miller, 1961). 

In the present work, two of the five alloys were 

selected for investigation. These were the Al-Mg alloy and 

the 7075 alloy, the latter being considered as representative 

also of the 2024 and Al-Cu alloys on the basis of similar be

havior in the quench-aging tests. Specimens of both alloys 

were heat treated according to the procedure given in section 
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4-. 1.1 and subsequently tested individually at crosshead 

speeds of 0.005, 0.01, 0.02, 0.05, and 0.10 Inches per min

ute. These crosshead speeds corresponded to strain rates 

of 8.3 x 10"5, 1.6 x 10-4, 3.3 x 10"4, 8.3 x 10-4, and 

1.6 x 10~3 per second for the one inch gage length specimens. 

In addition specimens of the Al-Mg alloy in the as-received, 

or cold-worked, condition were tested at these same rates of 

strain. 

4.4 Results of Tensile Tests at Different Strain Rates 

The factor of primary interest in these tests was 

the functional dependence of the strain parameter eQ on the 

rate of tensile deformation. From the stress-strain curves 

obtained for the two alloys at 26° C and various strain 

rates, the values of eQ were easily measured. 

In Pig. 3^- the measured values of eQ for both the 

annealed and cold-worked Al-Mg alloy and the as-quenched 

7075 alloy are plotted as a function of strain rate. From 

this plot it may be seen that in the case of the Al-Mg alloy 

in both the cold-worked and annealed conditions the differ

ent strain rates produced little or no effect on the parameter 

eQ. There was some uncertainty in establishing the exact 

value of eQ for the annealed Al-Mg material since serrated 

deformation began at low strain values and its onset was not 

clearly defined. Nevertheless, there was no discernible 

change in eD due to change in strain rate. This also ap
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peared to be generally true In the case of the cold-worked 

Al-Mg material, however, there was some tendency for eQ to 

be delayed to higher strain values as the strain rate in

creased. Unlike the annealed material, the cold-worked 

Al-Mg alloy manifested a well-defined transition from con

tinuous to discontinuous deformation so that no difficulty 

arose In establishing the value of eo. 

The as-quenched 7075 alloy also exhibited a clear 

transition to discontinuous plastic flow so that eQ was 

clearly established. Unlike the Al-Mg alloy, however, eQ 

was sharply dependent upon the imposed strain rate. As 

shown in Fig. eQ was delayed to larger strains as the • 

strain rate decreased. In fact, the specimen deformed at 

the slowest rate (0.005 inches/min.) did not exhibit DPF at 

all but was smooth over the entire flow curve up to fracture 

which occurred at a strain of about 0.28 Inches. For the 

7075 alloy (quenched and aged one hour at 26° C) a plot of 

log eQ versus log strain rate yields an apparently linear 

relationship (see Fig. 35) which can be expressed as 
.  n  

^ ̂ -y _ cons-fcarv-t (5—5) 

with n n -0.9 and A a constant determined to be approxi

mately 2 x 10~3. From the transient nature of DPF in the 

7075 alloy as established from the isothermal and isochronal-

aging tests, it can be appreciated that the applicability of 

eqn. 5-5 is quite limited. Further, the values of the con
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stants will quite likely depend strongly upon prior aging 

temperatures, times and quenching speed. Considering the 

similarity in the phenomenon of DPP shown by the Al-Cu, 

2024, and 7075 alloys, it may be expected that changes in 

strain rate would have similar effects in these alloys. 

It is of interest to note that suppression of DPF 

in the 7075 alloy at the slowest rate of deformation cor

responds to a similar behavior found in an Al-3.6 $ Mg al

loy by Krupnik and Ford (1952) although these workers used 

constant rate of loading rather than constant strain-rate 

tests. 
1 

4.5 Tensile Tests at Different Temperatures 

In terms of the strain-aging mechanism put forth 

by Cottrell (1953) to account for DPF, the strain parameter 

eQ should depend upon temperature according to 

e° = A exP  ( 5_6 )  

where U has been identified with the activation energy for 

vacancy movement. The development of eqn. 5-6 was outlined 

in Section II. In Section II also, it was pointed out that 

while there has been some experimental agreement with the 

above expression (Russell, 1963) there has also been some 

disagreement (Caisso, 1959; Riggs, 1961). Clarification on 

this point is therefore desirable and necessary to confirm 

the applicability of eqn. 5-6 which is the embodiment of the 
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strain-aging hypothesis. For this reason it was desired to 

measure the behavior of the strain parameter eQ as a func

tion of test temperature for the five alloys. 

After heat treatment of the specimens according to 

the established procedure, tensile tests were carried out 

at temperatures ranging from 0° to 80° C. The more ele

vated temperatures were achieved with a circulating water 

bath as described previously (Section III). 

Immediately after the quenching and aging heat 

treatment was completed the specimens were affixed to the 

tensile machine and the constant-temperature bath was put 

in place over the specimen and cage fixture. Prior to de

forming the specimen, the temperature of the system was . 

allowed to stabilize for an additional ten.minutes. During 

the course of straining, the bath temperatures were moni

tored continuously with a Houston HR-95 X-Y recorder sens

ing a signal from a chromel-alumel thermocouple placed in 

the circulating water bath at the.specimen position. Temp

eratures were also spot checked with a Minneapolis-Honey

well millivolt potentiometer and it was thus established 

that the bath temperatures remained constant during the pe

riod of test (approximately six minutes) to within 1° C. 

The only exception to this occurred during the test of an 

Al-Mg specimen at 80° C. In this case the tensile test was 

of necessity, begun before the bath temperature had stabili 
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zed and the temperature rose from 77° to 80° C during the 

period of test. It is felt, however, that the validity of 

the result was not appreciably affected by this discrep

ancy. 

In addition to the above tests another series of 

tests was performed on specimens of the 2024 alloy, These 

tests were identical to the above but the prior heat treat

ment of the specimen's was altered. These specimens were 

solution treated and water quenched as previously described, 

but instead of aging at room temperature for one hour they 
. o 

were aged for 20 minutes at 62 C just prior to tensile 

testing. This was to determine if aging the specimens at 

a temperature higher than the subsequent temperature of de

formation resulted in a different behavior during straining; 

Tensile tests of these specimens were accomplished at 0°, 

26°, 36°, and 42° C. 

4.6 Results of Tensile Tests at Different Temperatures 

The stress-strain curves obtained at various test' 

temperatures for the water-quenched Al-Mg alloy are shown 

in Pig. 36. The dependence of the strain parameter eQ on 

test temperature is clearly shown and this dependence was 

somewhat typical of all the alloys which were tested. The 

relationship between eQ and temperature for these materials 

is summarized and illustrated graphically in Pig. 38. The 
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results for the Al-Zn alloy are not included in Fig. 38 

since this alloy was free of DPF at all test temperatures. 

It is to be noted in Fig. 37 that the strain para

meter eQ remained essentially constant or tended to de

crease slightly with increasing temperature in the range 

between 0° and approximately 25° C. This is generally the 

behavior to be anticipated from eqn. 5-6 and the decreasing 

tendency of eQ with increasing temperature was most pro

nounced for the 2024 material particularly in the specimens 

aged at 60° C. 

o 
For -test temperatures above about 25 C, however, 

eQ increased sharply with temperature until the flow curves 

became completely smooth again at test temperatures in the 

range 60°- 80° C. The "character", or geometry, of the 

discontinuities was quite diverse in the various alloys and 

varied even between the same alloy tested in different tem

per conditions (e.g., 2024 as-quenched vs. 2024 pre-aged at 

x- o . 
60 C). For this reason it may be misleading to compare 

the behavior of e in one alloy and temper to that of an-
o 

other except in the most general way. 

In the Al-Mg alloy the discontinuities were uniform 

and continuous over the length of the flow curve for both 

the cold-worked'and as-quenched materials. The onset of 

DPF was clearly defined also except for the as-quenched spec

imens tested at the lower temperatures. In these cases the 
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onset of DPP was nearly imperceptible but appeared to coin

cide with the yield strain. It may also be noted from Fig. 

36 that the discontinuities were confined below the envelope 

of the flow curve except for the specimens tested at 0° C. 

This was true for both the as-quenched and cold-worked Al-

Mg materials. In the case of the 0° C tests the discontin

uities were rather "spiky" and appeared to rise above and 

drop below the trace of the flow curve. In addition to 

these qualitative features the stress-strain curves of the 

as-quenched and cold-worked Al-Mg alloy specimens were mark

edly invariant with respect to mechanical properties. Yield 

and ultimate strength, elongation and^rate of work harden

ing were unaffected by testing at different temperatures. 

This is consistent with the behavior observed previously in 

the quench-aging tests but contrasts with the marked insta

bility of the strain parameter eQ. In regard to the latter, 

the stability of eQ was much greater in the cold-worked Al-

Mg material than for the as-quenched material, and these 

factors may be of significance in trying to understand the 

deformation process which results in the -observed DPF. 

The 2024 alloy was investigated in essentially three 

different conditions of heat treatment, i.e.; water-quenched, 

or air-cooled from the solution-treating temperature, and 

water-quenched but pre-aged 20 minutes at 60° C prior to 

deformation. Again there were noticeable and possibly sig
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nificant, differences in the nature of the discontinuities 

in relation to each other and to the overall stress-strain 

curves. The as-quenched 2024 specimens manifested discon

tinuities which, like the. Al-Mg alloy, were relatively uni

form, continuous, and lay predominantly below the envelope 

of the flow curve such as shown in Pig. 1. As Pig. 37 Il

lustrates the discontinuities disappeared abruptly at about 

55° C. The trend was clearly established for eQ to be de

layed to larger strains as the test temperature was in

creased. 

The behavior of the slow-air-cooled and pre-aged 

2024 alloy materials was somewhat different from the as-

quenched specimens. The discontinuities were more irregu

lar and again "spiked" above and below the trace of the flow 

curve similar to that shown in Pig. 19. In addition, the 

discontinuities seemed to be confined to the center region 

of the flow curve at the higher test temperatures with the 

initial and final portions of the curve being relatively 

smooth. The tendency again, however, was for the strain 

parameter e^ to be displaced to larger strains with increas

ing test temperature as Fig. 37 illustrates. 

From a qualitative standpoint the behavior the vari-
N 

ous alloys tested at different temperatures was wholly con

sistent with the behavior observed previously in the quench-

aging tests. This is not unexpected considering the basic 
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similarity of the tests. The most significant features 

brought out in the present series of tests are: the com

bined stress-temperature sensitivity of DPP (eQ) in the Al-

Mg alloy which was not evident from previous tests, and; 

the general qualitative' temperature dependence of eQ in all 

the alloys tested (except Al-Zn). The latter is, for. the 

most part, not in agreement with the predicted behavior ac

cording to the "strain-aging" expression of eqn. 5-6. The 

present data, therefore, cannot be fitted to eqn. 5-6 be

cause of this inverse temperature dependence. Because of 

the rapid increase of the strain parameter eQ with tempera

ture, at least above room temperature, there ia some reason 

to suspect that the data might fit a relation of the form 

of eqn. 5-6 with a negative exponent, viz., 

eQ = B exp (-Q/RT) (5-7) 

If eqn. 5-7 is applicable then an activation energy should 

be determinable. Pig. 38 is a plot of log eQ vs. recipro

cal temperature taken from the data of Pig. 37 for the water-

quenched 2024 specimen and the water-quenched and cold-

worked Al-Mg alloy specimens. With the exception of the cold-

worked Al-Mg material, the anticipated linearity of the data 

is only fair and the plotted lines represent the best fit 

based on a least-squares analysis. Prom this plot apparent 

activation energies were calculated from the slopes and these 

values are given in Table II. 
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Apparent Activation Energies Determined 
From Fig. 31 

Alloy Condition 
Apparent 

Activation Energy 

A1 -Mg 

2024 

Al-Mg Water-Quenched 

Water-Quenched 

Cold-Rolled 

32.7 Kcal/mol. 

9.1 " 

14.3 " 

The above analysis has been made consistent with 

eqn. 5-6; that is, eQ, not a"a , has been assumed to be the 

factor of significance. Further, the scarcity of data 

of the values for the activation energies given in Table 

II must be held in reservation. 

4.7 Variable-Grain-Size Tests 

termine what effect, if any, a variation in grain size 

might have on the general behavior, or existence, of the 

phenomenon of discontinuous plastic flow. In evaluating any 

mechanism used to explain the existence of DPF, any grain-

size dependency should be considered. The present inquiry 

was prompted by reports of other workers (Beevers and Honey-

combe, 1962) on the deformation of single crystals of 

points does not permit the validity of eqn. 5-7 to be def

initely established. For these reasons the significance 

It was considered to be of general interest to de-
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Al-5.5 $> Cu alloy. Tensile tests were made for a variety 

of heat-treated conditions on this alloy. In all cases the 

subsequent tensile deformation was apparently continuous, 

and while this work was not specifically concerned with DPP 

phenomenon, it most likely would have been reported if it 

occurred. Al-Cu alloys of this composition would be ex

pected to manifest DPF at least under certain' conditions 

of heat treatment. In addition, there have been other re

ports in the literature (Robertson and Dew-Hughes, I960; 

Greetham and Honeycombe, 1960-61) where DPF is apparently 

absent in single crystal specimens of material which is 

known to manifest discontinuous flow in polycrystalline form. ' 

The suggestion is then, that DPP is absent in single crys

tals and that therefore there may be a grain-size .dependency. 

Specimens of the Al-Cu and Al-Mg alloys were se

lected to investigate grain-size effects. The commercial 

2024 and 7075 alloys were not used since grain size is dif

ficult to vary over any appreciable extent in these alloys. 

A range of different grain sizes was obtained in the Al-Mg 

and Al-Cu alloys by annealing the cold-worked material at 

different temperatures. The cold-worked specimens were an

nealed in air in a resistance-wound muffle furnace and each 

specimen was held for one hour at the required temperature 

and then furnace cooled fc.Q 260° C at a rate of about 3°C/min. 
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After reaching 260° C the specimens were removed and air 

cooled to room temperature. The slow cooling was used to 

minimize any subsequent precipitation effects. Annealing 

temperatures of 560°, 465°, and 300° C were used to produce 

the differing grain diameters. In addition one specimen 

from each alloy was subjected to a strain-anneal cycle to 

produce single crystal specimens. Unfortunately, single 

crystals were not achieved but exceptionally coarse-grained, 

or "bamboo" structures were obtained. These specimens con

tained about four large grains in the reduced section and it 

was felt that this was adequate for the present purpose. 

Some difficulty was encountered in trying to get 

a fine-grained specimen of the Al-Cu alloy since grain growth 

in this material was quite rapid. In order to avoid, insor 

far as possible, complications due to residual stresses 

which always accompany incomplete annealing, it was not felt 

advisable to anneal for periods of less than one hour. There

fore a fine-grained sample of the Al-Cu alloy was not obtained. 

In the Al-Mg alloy the grain diameters obtained by 

the foregoing annealing procedure were 0.03, 0.10, and 0.30 mm 

plus the coarse-grained specimen which will be considered as 

"single crystal". The Al-Cu alloy specimens were determined 

to have average grain diameters of 0.35i and 0.50 mm in ad

dition to the "single crystal" specimen. Grain diameters 

were determined by the line-intercept method, and it is of 
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incidental interest to note that whereas the grain sizes in 

the Al-Mg alloy were quite uniform in a given specimen, the 

same was not true of the Al-Cu alloy. In the latter mate

rial a considerable heterogeneity in grain size was evident 

within a given sample. 

4. 8  Results of Variable Grain Size Tests 

The stress-strain curves obtained from tensile 

tests of specimens of the Al-Mg alloy representative of 

three different grain sizes are shown in Pig. 39. It is 

readily apparent from these curves that the existence of 

DPP, particularly the magnitude of the stress drops, is 

quite sensitive to grain size. The stress-strain curves 

obtained for the Al-Cu alloy (not shown) were very similar 

but the effects were not so striking because of the lack 

of contrast of grain sizes tested. In both the Al-Cu and 

Al-Mg alloys, however, DPP was not discernible in the "sin

gle-crystal" specimens. 

In Fig. 40, following the Petch (1953) convention, 

the reciprocal square root of grain diameter is plotted 

against both yield stress and the approximate magnitude of 

the stress drops associated with the discontinuities. The 

stress drops were compared for each grain size at a strain 

of 0.20 " but the magnitudes could only be estimated roughly. 

As Fig. 40 illustrates the yield stress-grain size relation
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ship behaves according to the Petch relation 

.OS = q£ + D" 'u (5-8.) 

where 0^, is the "lattice stress" for infinite grain size, 

K is the so-called "locking factor" and D is the grain 
«y 

diameter in units consistent with the stress terms. In ad

dition, the stress-drop magnitude versus grain size rela

tionship seems to behave similarly such that 

Act = BD /z (5-9) 

Here,AO" is the approximate magnitude of the stress drops 

at a given strain, and B is the slope which will vary de

pending upon the particular value of strain at which the 

load drop magnitudes are compared. The magnitude of the 

discontinuities thus bears a definite relationship to the 

grain size of the material and is similar to the yield 

stress-grain size relationship. 

It is also of interest to compare the magnitude of 

the stress drops to the stress extant at the time the dis

continuity occurs. This is conveniently done by utilizing 

the data of Fig. 1 for the as-quenched 7075 alloy in addi

tion to the data of Pig. 39 for the 0.03 mm grain diameter 

Al-Ng specimen (MS-14). Thus, Pig. 4l is a plot of applied 

stress, taken at various places on the respective flow curves, 

versus the corresponding magnitude of stress drop occurring 

at that stress level. Again, an apparently linear relation

ship exists for the plotted values which may be expressed 
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by ' 
CĴ  - M Acr + cr 

• (5-io) 

where CTA is the applied stress, M the slope, and&' the 

stress (applied) axis intercept. The latter values are of 

particular interest since they "predict" that below a cer

tain minimum level of applied stress the magnitude of the 

stress "drops" will be zero, or that a smooth-flow curve 

should result. In the case of the 7075 alloy, this extra

polated- stress value is approximately 31 KSI. With refer

ence again to Pig. 1, it may be seen that this corresponds 

identically with the parameter al, at which DPF is first dis-r 

cernible. In the case of the Al-Mg material, reference to 

Pig. 39 shows that the onset of DPF for the 0.30 mm grain 

size specimen (MS-13)corresponds very closely to the 14 

KSI stress value obtained by the extrapolation of the data 

plotted in Fig. 4l. In addition, it may be observed from 

Fig* 39 that the stress sustained by the "single-crystal" 

specimen (MS-4) never attained a level greater than 12.5 KSI 

and the deformation was completely smooth. Thus, this is 

consistent with the notion of a minimum stress level below 

which no DPF is observable, or can occur. 

4.9 Effect of Cold-Work 

In the preliminary test work it was noted that the 

Al-Mg exhibited very pronounced DPF in the as-rolled, or 

highly cold-worked condition (as-received material). It 
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was felt that observing the manifestation of DPP in this 

material after varying degrees of recovery and recrystal-

lization might be instructive. Toward this end, five ten

sile specimens of the as-received Al-Mg material were sub

jected to various thermal-annealing, or recovery, treatments. 

Each cold-worked specimen was heated for a period of one 

O o o 
hour at one of the following- temperatures: 100 , 200 ,' 300 , 

and 400° C. The heating was done in air in a resistance-

wound muffle furnace and the specimens were air-cooled to 

room temperature after the one-hour heating. Following this, 

the specimens were immediately tensile tested. 

In support of the above, the reverse process was also 

investigated. That is, specimens of the annealed Al-Mg alloy 
\ 

were subjected to increasing amounts of cold-work, subse

quently tensile tested and the resulting flow curves con

trasted with those from the recovery tests above. Cold work

ing was carried out on 3 Inch by 9/l6 inch blanks which had 

previously been annealed for \ hour at 465° C, air cooled, 

and cleaned in a hot 50 $ NaOH -HgO solution. The annealed 

blanks were cold rolled to reductions of approximately 25/6, 

35$i 40$, and 47$ from the initial thickness of 0.064 inches 

using Stanat Model F-100 rolls. After the cold reduction the 

Al-Mg blanks were milled to the tensile configuration shown 

in Fig. 3 and then tensile tested. It is to be noted that 

a period of four days elapsed between the rolling and tensile 
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4.10 Results of Cold-Work Tests 

Stress-strain curves illustrative of various stages 

of recovery and recrystallization for the cold-worked Al-Mg 

alloy are shown in Fig. 42. Prom these curves two features 

related to DPP are apparent.. One is the "stability" of the 

discontinuities which persist in the material for all stages 

of recovery and recrystallization. The second feature is 

the fact that the strain parameter eQ shifts "back" to a 

strain coincident with the start of plastic deformation. 

The specimen recovered at 100° C shows no apparent 

chan^ in mechanical properties or in the manifestation of 

DPP. For the 200° C annealing temperature, however, a sig

nificant reduction in yield and ultimate strengths together 

with an increase in elongation has occurred indicating some 

recovery has begun. The specimen recovered at 200° C shows 

the shift of eQ from higher strain values to a lower value 

approaching the yield strain. The abrupt drop in strength 

and increase in elongation (not entirely shown) for the 

specimens annealed at 300° and 400° C is indicative of re

crystallization of the cold-rolled material. The recrystal-

lized specimens, air-cooled from the annealing temperatures, 

also exhibit a slight yield-point effect together with the 

fact that the parameter eQ is now apparently coincident with 

the yield point. 
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It is thus apparent that the recovery-annealing 

treatments imposed on the cold-worked material have not 

eliminated the phenomenon of DPP although significant 

changes in mechanical properties have occurred. Thus, the 

mechanism responsible for DPP in the Al-Mg alloy apparently 

persists even though recrystallization has taken place. The 

most significant change in the alteration of the discontin

uities is the diminution of stress-drop magnitude shown by 

the specimen annealed at 400° C. It is also of some signi

ficance to note that the magnitude of the stress drops is 

not simply related to the applied stress. Thus the magni

tude of the stress drops for the specimen annealed at 300°C 

are virtually the same a3 those for the as-rolled specipien 

although the flow stresses differ by about 16,000 psi. This 

observation is pertinent to the topic of paragraph 4.7 on 

the effect of grain size. The suggestion is, that grain size, 

or sub-grain size, rather than the magnitude of the applied 

stress is the determining factor insofar as stress-drop mag

nitude is concerned. In this same regard it is ,of further 

interest to contrast the magnitude of the individual stress 

drops of Pig. 42 (Al-Mg alloy) with the stress drops associ

ated with Pig. 1 (7075 alloy) for equal stress levels. The 

7075 alloy manifests much larger stress drops than does the 

Al-Mg alloy at equal stress levels. 

In sharp contrast to the very marked serrated de
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formation of the as-received, cold-rolled specimens was 

that of the annealed material subsequently subjected to var 

ious degrees of cold-reduction. In the latter material, 

plastic deformation was virtually smooth although all spec

imens exhibited barely-discernible discontinuities. This 

is a somewhat puzzling circumstance, If yield stress is 

taken as a reliable measure of the extent of cold-work then 

the specimen rolled to~*47$ reduction after annealing con

tained the same degree of cold-work as the as-received ma

terial. In both cases the yield strength was 39-^0 ksi 

but only the as-received material manifested significant 

DPP. Thus the results of the two phases of the cold-work-

ing tests seem to be contradictory. The cold-worked as-

received material exhibited pronounced DPP even after var

ious degrees of thermal recovery whereas the "freshly" rol

led material cold-worke.d to an equivalent degree was essent 

ially free of discontinuous plastic deformation. 
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Fig. 9. Photograph Illustrating Difference in Fracture 
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Behavior. Top Specimen (75-4) Representative of Planar 
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From 465° C and Aged at 26° C for Times Indi
cated Priofr to Tensile Deformation. 
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FIGURE 18 
YIELD STRESS VS. AGING TIME AT 26° C 
FOR ALLOYS INDICATED AFTER WATER 
QUENCH FROM 465° C. 
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FIGURE 20 
STRAIN PARAMETER (G0) AND YIELD STRESS VS. AGING 
TIME AT 26°C. 2024 AL ALLOY WATER-QUENCHED (WQ) 
AND AIR COOLED (AC) FROM 465° C. 

OY a C 
©—1 © 

-O-

J3>-

/ e0 wq 

, / 
/ 

/ o 

o-

-t-
4 6 8 

AGING TIME (HR3J 
10 12 

YIELD 
STRESS (KSI) 

30 

20 

10 

0 

VJi 



STRESS 
Usi) 

24-20 

Acred .3.0 Min 

•Aged—±F>—Min: 

ELONGATION' (INCHES )' 

-10- -2G 

Fig. 21. 2024 Alloy 5-oeclmens Water-Quenched From 
465° C and Aged at 40° C for Times Indicated Prior 

to Tensile Deformation. 



e0 (IN.) 

.12 

.10 

.08 

06 

.04 

FIGURE 22 
STRAIN PARAMETER (G0) VS. ISO
THERMAL AGING TIME. 2024 AL 
ALLOY WATER-QUENCHED FROM 
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FIGURE 23 
YIELD STRESS VS. ISOTHERMAL 

YIELD STRESS '< AGING TIME. 2024 AL ALLOY 
(KSI) WATER-QUENCHED FROM 465° C. 
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FIGURE 24 
L0G(L0G GO)VS. AGING TIME. LINEAR 
RELATIONSHIP OBTAINED FOR 2024 AL 
ALLOY WATER-QUENCHED FROM 465°C 
AND AGED AT INDICATED TEMPERATURE. 
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FIGURE 25 
LOG OF AGING TIME TO ATTAIN GIVEN 
VALUE OF STRAIN PARAMETER ( G0) VS. 
RECIPROCAL OF AGING'TEMPERATURE . 
2024 AL ALLOY WATER-QUENCHED 
FROM 465° C. 
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FIGURE 26 

LOG OF AGING TIME TO ATTAIN GIVEN 
VALUE OF YIELD STRESS VS. RECIPRO
CAL OF AGING TEMPERATURE. 2024 
AL ALLOY WATER-QUENCHED:FROM 
465° C. 
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FIGURE 27 
STRESS PARAMETER (cTo) VS. YIELD STRESS. 
2024 AL ALLOY WATER - QUENCH ED FROM 
465 °C AND AGED AT INDICATED TEMPERATURE. 
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LOG <r 

FIGURE 28 
LOG STRESS VS. LOG STRAIN FOR 2024 
AL ALLOY WATER-QUENCHED FROM 465° C 
AND AGED I HR. AT TEMP. INDICATED. 
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Fig. 29. Al-Zn Alloy Specimen(Strain)Aged at 65° C 
for Ten Minutes at Zero Stress After 0.'l0 Inch Elon
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the Stress Prior to Unloading Indicating Recovery 
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Fig:. 30, 2024 Alloy Specimen(Strain)Aged at 55° C 
for Ten Minutes at Zero Stress After a Prestrain 
of 0,10 Inch. Specimen Was Water-Quenched From 
465° C and aged at 26° C for 1 Hour Prior to the 
Above Strain-Age Cycle. Note Increase in Flov; 
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Upon Reloading. 
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VS. LOG STRAIN RATE 6 FOR 
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FIGURE 38 
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.STRESS. 
M3-14 i Grain Dia: 
Q.03 mm . 
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• 0 .05 .10 .15 .20 .25 .30 

Fig. 39. Deformation Curves of Al-Mg Alloy Specimens 
Annealed to Produce Various Grain Sizes (As Indicated) 
and Tensile Tested at 26° C. Note Dimunition in Magni
tude of Discontinuities With Increasing Grain Size 
and' Decreasing Stress Level. 
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FIGURE 40 
YIELD STRESS (Or) AND MAGNITUDE OF STRESS 
DROPS (ACT) VS. RECIPROCAL SQUARE ROOT OF 
GRAIN DIAMETER. AL-MG ALLOY SPECIMENS. 
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FIGURE 41 
APPLIED STRESS (CTA ) VS. MAGNITUDE OF 
STRESS DROPS (ACT) DETERMINED AT VAR
IOUS POINTS ALONG STRESS-STRAIN CURVE. 
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and Air-Cooled Prior to Testing at 26° C. Note 
Persistence of Discontinuities'for all Condi
tions . 



V . DISCUSSION AND INTERPRETATION OP RESULTS 

In the preceding section a variety of experimental 

evidence pertaining to the Portevin-LeChatelier effect, or 

the DPP phenomenon,, has been presented. It remains to con

sider these data with respect to the strain aging and pre

cipitation hypotheses as discussed in Section II. 

5.1 Contrasting Nature of DPF Manifestation 

One noteworthy result of the previous section, was 

the rather clear-cut distinction between the behavior of 

DPP in the various alloys. That is., the very transitory 

nature of DPF in the duralumin-type alloys (i.e., 7075* 2024 

and Al-Cu) compared to the stability of DPP in the Al-Mg al

loy and its absence in the Al-Zn alloy under equivalent test 

conditions. 

The absence of serrated flow in the Al-Zn alloy was 

somewhat unexpected since previous work by Price and Kelly 

(1962) had suggested its presence in single crystals of an 

Al- 15 w/o Zn alloy. The existence of marked DPF in this al 

loy was subsequently demonstrated by these same authors in a 

paper which appeared after the present work was largely com

plete (Price and Kelly, 1964). In the latter report, single 

crystals of the 15 weight percent Zn alloy were quenched to 

room temperature and aged for two days prior to tensile test 

ing. These crystals clearly exhibited the DPF behavior 
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whereas the same material slowly cooled to 220° C and aged 

for several days deformed smoothly. This behavior is very 

similar to that observed in the present tests with regard 

to the 2024 alloy. There is one notable difference between 

the tests of Price and Kelly, cited above, and the present 

tests and this is the amount of zinc solute present in the 

aluminum. The Al-Zn alloy used in this work contained nomi

nally 5 w/o Zn which is significantly less than the 15 w/o 

reported by Price and Kelly. This suggests of course that 

the amount of solute may, in some way, determine whether or 

not DPF will occur. For example, the shear stress sustained 

by the single crystals of Price and Kelly was about 13,000 

psi whereas the polycrystals used here sustained a shear 

stress of only about 8,000 psi. Thus the crystals exhibit

ing DPF deformed at a flow stress about 1.5 times greater 

than did the polycrystals which deformed smoothly. This 

strength-level effect, however, is;.probably incidental to 

some less obvious related effect such as the distribution, 

shape, and volume, fraction of precipitate' particles. In this 

regard it is of considerable significance to note that the 

solid solubility of zinc in aluminum at room temperature is 

about 3 w/o (Fink, 19^-9) which is just less than the 5 w/o 

zinc in the present alloy. 

This alloy should, consequently, exhibit little or no 

tendency toward precipitation from solid solution(hardening) 
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and this was borne out by the quench-aging tests (see Fig. 

15). On the other hand, the tendency for precipitation to 

occur in the 15 w/o alloy should be much greater and this 

was observed by Price and Kelly (1964) in their tests. Thus 

the Al-Zn alloy in which precipitation occurred exhibited 

DPF quite strongly whereas the present alloy in which no 

precipitation took place gave no evidence of DPF. Furthermore, 

"free" zinc atoms in solid solution, which are thus able to 

diffuse through the lattice, is just the situation required 

for dynamic strain aging to occur(Cottrell, 1953). No DPF 

was observed under these conditions in the present tests 

even when.. relatively large numbers of vacancies were present 

after quenching to assist in the diffusion process. In view 

of the foregoing it does not seem reasonable to attribute 

DPF in the 15 w/o alloy to a strain-aging mechanism; certainly 

it is not unreasonable to associate it with precipitation ef

fects. Although the present tests with the Al-Zn alloy were 

somewhat disappointing in that no Portevin-LeChatelier effect 

was present,, the overall results are perhaps even more reveal

ing when considered along with the observations of Price and 

' Kelly. _ 

Whereas the Al- 5 % Zn alloy did not exhibit the 

Portevin-LeChatelier effect it was quite evident in the Al-

. Mg and duralumin alloys. As noted previously, however, the 

DPF phenomenon was transitory in the duralumin alloys but 
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apparently quite stable In the Al-Mg alloy. Ir» spite of 

this significant difference, the two alloy systems showed 

some notable similarities in their manifestation of DPF. 

It seems appropriate to consider these similarities first 

and postpone discussion of the differences, until later. 

5.2 The Concept of Deformation by Luders Bands 

The present tests have confirmed what has been ob

served many times previously: the discontinuities in the 

flow curve which characterize the Portevin-LeChatelier ef

fect are associated with the passage of Luders bands through 

the specimen (McReynolds, 19^9). This characteristic was 

common to both the Al-Mg and the duralumin alloys which ex

hibited the DPF phenomenon. Moreover, the rather peculiar 

fracture geometry pointed out in the previous section (see 

Fig. 9) appears to be a direct result of deformation by a 

Luders-type strain. This being the case, it seems worthwhile 

to consider briefly the beliefs currently held regarding the 

causes of Luders bands. 

It is recognized from macroscopic surface analyses 

(Nadai, 1950) and strain-gage analyses (McReynolds, 19^9) 

that a Luders band is the result of a large increment of very 

localized plastic deformation. This lo'alized deformation 

occurs instead of the more-or-less homogeneous strain distri

bution usually observed. Such heterogeneous plastic flow 
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must then involve the cooperative movement of large numbers 

of dislocations which is presumably set-off by some local

ized condition of overstress. The overstress condition 

arises from the fact that it requires a greater stress to 

initiate the dislocation avalanche than to sustain it. This 

has the further implication that the metal lattice must be 

nearly uniformly resistant to deformation. 

Historically, Luders band deformation has been as

sociated with the sharp yield point common to mild steel 

and other b.c.c. metals. • Cottrell and Bilby (19^8) have 

attributed the sharp yield to the thermally-activated re

lease of solute-pinned dislocations. According to this 

model, a few un-pinned dislocations propagate within the 

individual grains until they are blocked by the adjacent 

grain boundaries. This release and subsequent blocking 

stage presumably corresponds to the transition from the up

per to the lower yield stress. The dislocations which have 

been released pile up and cause a stress concentration to 

be set up at certain points on the grain boundary which, 

added to the applied stress, is then able to initiate slip 

in the less-favorably oriented, contiguous grains. This 

slip initiation then "cascades" from grain to grain produc

ing the highly localized macroscopic strain which is ob

served as a Luders band. This theory accounts for the ob

served dependence of the lower yield stress on grain size 
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which Is reflected in the well-known Petch equation. It 

is difficult., however, to account for yield-point effects 

in single crystals according to this mechanism. 

Subsequently, it was shown that thermally-activated 

un-pinning of dislocations is energetically improbable and 

the process must be stress-activated even for relatively 

weak locking in substitutional alloys (Borch, et al., 1958). 

The theory of dislocation un-pinning remains basically the 

same, however, and relies upon ..the concept of barrier break

down from the effects of stress concentration due to dislo

cation pile-ups. 

More recently a theory of the sharp yield and Luders 

band deformation has been developed which is based upon the 

notion of rapid dislocation multiplication. This theory is 

due largely to Conrad (1961) and Johnston and Gilman (1959). 

It is visualized that a few mobile, or "fresh" dislocations 

are able to cross slip around barriers (e.g., Suzuki or Cot-

trell-locked dislocations, grain boundaries, etc.) and in 

so doing may create a new dislocation source such as postu

lated by Koehler (1952) and Fleischer (1958). Such sources 

can then rapidly emit dislocations under the existing ap

plied stress. The rapid dislocation multiplication presum

ably causes the observed yield-drop. This theory was devel

oped further by Hahn (1962) and received some experimental 

support from tests on niobium (Van Torne and Thomas, 1963). 
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There is no reliance upon the presence of grain "boundaries 

in this theory. 

For sake of future brevity the two yield point-

Luders band theories considered above may be referred to 

as the barrier-breakdown and dislocation-multiplication 

mechanisms, respectively. It will be of interest to con

sider the present data in terms of these two concepts later 

on. 

5.3 Influence of Strain Rate on DPF 

The present tests have shown that the onset of DPF 

is particularly sensitive to rate of deformation, at least 

for the duralumin alloys. The apparent insensitivity of 

the Al-Mg alloy to strain rate, insofar as DPF is concerned 

is somewhat puzzling. Previous work by this writer (Riggs, 

1961) and by Caisso (1959) had shown the strain parameter 

eQ to depend upon strain rate in a manner analogous to the 

present results for the 7075 alloy. It appears from the 

present tests (see Fig. 36) and from the previous work of 

Caisso (ref. cited) that the Al-Mg alloy must be tested at 

slightly higher temperatures (i.e.,~60° C) in order for 

strain-rate effects to be discernible. It will be assumed, 

present results notwithstanding, that the onset of DPF in 

the Al-Mg alloy as a function of strain rate in the appro

priate temperature region is qualitatively the same as that 
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of the 7075 alloy. This assumption Is supported by the 

above-referenced works. It Is now necessary, however, to 

consider the observed behavior (the onset of DPP is shifted 

to higher strains with decreasing strain rates) in terms of 

that to be expected on the basis of a strain-aging model. 

Unfortunately, the strain-aging model proposed by 

Cottrell (1953, 1953a) does not contain an explicit depen

dence on strain rate. It is, therefore, not immediately 

apparent how the onset of DPF should vary with strain rate 

according to the strain-aging mechanism. 'In the original 

development (Cottrell, 1953) it is postulated that the dif-

fusivlty of solute atoms increases with strain through the 

creation of vacancies so that: 

D °< e, 

where D is the diffusivity, and e is the strain. On this 

basis then it is to be expected that: 

d(D) ^ de -_ strain rate, 
dt dt 

or that the diffusivity increases at some rate directly 

proportional to the strain rate. If this Is the case then 

It would be expected that DPF would commence at increasingly 

smaller strains as the strain rate was increased. That is, 

strain aging can occur more rapidly under conditions of ac

celerated diffusion. On the other hand, increasing the 

strain rate also increases the average dislocation velocity 

so that strain aging should then take longer than at slower 
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rates. Because of these two opposing factors it seemed 

worthwhile to attempt a more detailed treatment of the man

ner in which eQ might be expected to vary with strain rate 

in terms of a strain-aging mechanism. This development, 

because of its length, is given separately in Appendix A. 

The results of the treatment presented in Appendix 

A indicate that, whereas there is an apparent diffusion 

enhancement increasing with increasing strain rate, the 

strain at which this maximum diffusion enhancement occurs 

decreases with increasing strain rate. As Pig. 2-A clearly 

illustrates, the experimental results do not conform to the • 

behavior which is predicted on the basis of a strain-accel-

erated diffusion concept. Thus the strain-aging model, 

which relies upon strain-enhanced diffusivity as the control

ling factor, does not seem to account for the observed experi

mental behavior. This observation has the added consequence 

of supporting the idea that the onset of serrated deformation 

depends explicitly on the applied stress (o^ ), as suggested 

by Borch et al. (1958)> and not implicitly on the elapsed 

strain (eQ) as Cottrell (1953) hypothesized. 

5.4 Influence of Test Temperature on DPF 

Tensile tests in which the functional dependence of 

the strain parameter eQ on test temperature can be observed 

provide the most direct means of determining the applicability 

of the strain-aging mechanism. The results of the present 
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tests have rather clearly shown that the qualitative de

pendence of eQ on test temperature is inverse to that 

expected on the basis of the so-called strain-aging equa

tion (equation 5-6). 

This inverse temperature dependence was generally 

true for both the Al-Mg and duralumin alloys in a variety 

of mechanical states (i.e.., annealed, aged, cold-worked). 

These results are therefore in agreement with previous ob

servations made on certain Al-Mg alloys (Caisso, 1959; 

Riggs, 1961) and, consequently, cause the applicability of 

the strain-aging mechanism to explain DPF to be highly sus

pect. It might be possible to rationalize the observed 

experimental behavior in the duralumin alloys by assuming 

that strain aging is suppressed by the removal of solute 

atoms through precipitation. In this way higher temperatures 

might be required to permit any strain aging to take place 

and thus account for the observed displacement of eQ to 

higher strains with increasing test temperature. Such an. 

argument, however, fails to account for the same behavior in 

the Al-Mg alloys where, according to the quench-aging tests 

to be discussed later, no precipitation takes place and 

strain aging should not, therefore, be hindered. 

There was some indication that in certain cases (i.e. 

pre-aged 2024 and slowly-cooled 2024 specimens) that some 

qualitative harmony in the expected eQ vs. T relationship did 
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exist at the lower (0° - 26° C) test temperatures. This 

suggests that the strain-aging mechanism may be a contri

buting factor in the DPF phenomenon, at least at lower 

temperatures; but that such a contribution is largely over

whelmed by another mechanism. To attempt to rationalize' 

the present experimental findings further in terms of the 

proposed strain-aging mechanism could lead to added dif

ficulties. For example, Russell (1963) has obtained ex

cellent agreement between theory and experiment for the case 

of DPF in certain solid solution alloys of tin in copper. 

In this instance, the temperature dependence of the onset 

of discontinuities obeyed, qualitatively at least, the 

strain-aging model as embodied in equation 5-6. This pro

vides .evidence that the strain-aging mechanism has validity, 

but makes it difficult to explain the two opposite eQ vs. T 

dependencies in terms of the same mechanism. The opposing 

dependencies are, of course, represented by the results of 

the present work contrasted to the findings of Russell for. 

the tin-bronze alloys. 

In view of the observed experimental behavior and 

in light of the above discussion it seems doubtful that the 

strain-aging mechanism can be applied to explain DPF in the 

present case when the effect of test temperature is used as 

a criterion. 
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5.5 Influence of Grain Size and Cold Work on DPF 

The two factors of cold work and grain size are 

somewhat related since both are reflections of the internal 

energy or defect structure of a metal. Thus, the influence 

that these two factors exert on the manifestation of DPP 

are discussed together rather than separately. 

The present tests have rather strikingly shown the 

pronounced- effect that grain size variation can have on 

the manifestation of DPF. Previously, Phillips, et al. 

(1952-53) had reported no effect on serrated flow due to 

grain size. The results of Section 4.8, however, have es

tablished that the magnitude of the stress drops (A<3~) is 

directly related to the applied stress and, more importantly, 

varies inversely as the grain size. The latter relation was 

found to be analogous in form to the well-known Petch equation 

which relates yield strength to the reciprocal square root 

of the grain size. As such a relationship predicts, and as 

the present results have tended to show, ACT should be zero 

for single crystal material. The question which arises, of 

course, is in what way can the presence, or absence, of grain 

boundaries influence the mechanism responsible for DPF? The 

basic question is whether it is the presence of grain boundar

ies as such that is involved, or rather, related effects (sub

structure modification) which arise from the necessary differ

ences in thermo-mechanical processing. 
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Fortunately there are two lines of evidence which 

permit a relatively unambiguous answer for the^ present ef

fect. First, as discussed in paragraph 1 of this section, 

the results of Price and Kelly (1964) can be cited. These 

investigators have reported pronounced DPF effects in Al-Zn 

alloy single crystals. On this evidence alone it is possible 

to conclude that it is not the presence of grain boundary 

material per se that is required for DPF to occur. Secondly, 

as noted above, it was found from the present tests that a 

direct relationship between ACT and the applied stress exists 

(refer to Fig. 4l). By extrapolation of the plot of Fig. 41 

it was possible, for the particular grain sizes involved, to 

establish the approximate stress below which no observable 

stress drops would occur (ACT-*o). For example, the data of 

Fig. 4l pertaining to the 7075 alloy extrapolates to a stress 

that is identical to the stress at which discontinuities 

first occur on the stress-strain curve (Fig. l). This same 

relationship was generally true also for the Al-Mg alloy and 

serves to-account for the fact that no serrations occurred 

for the single crystal specimen; the necessary, or minimum, 

stress level was never attained. 

Thus, from the data of Fig. 39, it may be seen that 

the maximum stress sustained by the single crystal specimen 

was about 12,500 psi and from Fig. 4l it may be deduced that 

a minimum stress of near 15,000 psi must be attained before 
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serrations in the flow curve become visible. On the basis 

of this approach and the data of Price and Kelly (ref. cited) 

it is possible to conclude that grain boundaries influence 

the manifestation of DPP only through the secondary effects 

which cause a general increase in the overall strength 

level of the metal. This provides another line of evidence 

which supports, the idea that DPP is explicitly dependent 

upon stress and does not depend upon the strain. Once again, 

the strain-aging mechanism/ based as it is upon diffusion 

enhancement through strain-created vacancies, would appear 

to be questionable. 

The behavior of the cold-worked Al-Mg alloy is, un

fortunately, less easily rationalized than the results of 

simple grain-size variation. In general, two main results 

appeared from this phase of the work. The first was that 

in the heavily cold-worked as-received specimens, the DPF 

phenomenon was quite pronounced-and could not be eliminated 

by imposition of recovery or recrystallization anneals (re

fer to Pig. 42), In addition, it was evident from these 

tests that the onset of DPP was delayed to higher values of 

CT0 (20) in the heavily cold-worked specimens but tended to 

shift back to the yield strength after some thermal recovery 

had occurred. The second main result was that exposing an

nealed Al-Mg specimens to various degrees of cold working 

supressed the tendency toward DPP. The phenomenon was still 
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discernible "but not to the extent (smaller AC") of that 

observed prior to cold-work. 

It is obvious that these two results are to some 

extent contradictory and some interpretation is necessary. 

Two possibilities can be conceived to explain the differ

ences in cold-work behavior. It is possible that the sup-
* 

pression of DPP in the freshly cold-worked specimens is 

attributable to a size effect. These specimens were re

duced considerably in size-by the cold-rolling operation and 

such a reduction in area might, in some way, suppress DPP. 

This does not seem to be a likely possibility since not all 

specimens were reduced the same amount. If a size effect 

were involved it would be expected that the suppression of 

DPP would be "graded" according to the reduction in area in

volved. This was not observed to be the case however. 

A second, more likely, explanation can be advanced. 

It may be that, rather than a size effect, there exists a 

time effect. That Is, the time between cold-working and the 

time of tensile testing. In this way, cold-working the Al^-Mg 

material does in fact suppress DPF which will then gradually 

return with time. In support of this is the fact that the 

as-received material was stored for a period of at least one 

year prior to these tests whereas the annealed and re-worked 

specimens were tested within two days. It may be that the 

dislocation substructure introduced by the cold-working 
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undergoes some time-dependent rearrangement which then leads 

to DPF upon subsequent deformation. It is known, for ex

ample, that cold-working can increase the stacking-fault • 

density in aluminum alloys (Seemann and Stavenow, 1961). 

It might then be possible for the dissolved Mg solute atoms 

to segregate to such stacking-fault regions (Cahn and Davies, 

i960) forming Suzuki-locked partial dislocations thereby 

stabilizing the array. Occurrence of such segregation would 

then be a time-dependent process. Implicit in this argument 

is the assumption that such stabilized dislocation arrays 

are somehow involved in the DPP phenomenon. It is well-known 

that such Suzuki-locked dislocations can act as effective 

barriers to dislocation motion and might thus lead to DPF. 

5.6 Influence of Quench Aging on DPF 

The quench-aging tests have permitted a number of 

significant observations to be made with respect to the DPF 

phenomenon. These tests have clearly established a notable 

distinction between the occurrence of DPF in the duralumin 

alloys compared^.to the Al-Mg alloy. In the latter alloy, 

the nature of DPF was completely unaffected by the imposed 

aging treatment whereas in the duralumin alloys DPP was found 

to be highly transitory. Because of this fact the remainder 

of the present discussion will be largely confined to the 

manifestation of DPF as it occurs in the duralumin alloys. 
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There would appear to be little doubt that the 

Portevin-LeChatelier effect, as It appears in the duralumin-

type alloys is inextricably connected with the occurrence 

of precipitation from solid solution., or age-hardening. 

The present tests have established this relationship from 

a quantitative as well as qualitative standpoint. As Pigs. 

5 and 15 illustrate there is an unmistakable connection be

tween the time-temperature dependent increase in the yield 

strength and the disappearence of DPP during aging after 

quenching. The increase in yield strength upon thermal 

aging can only be construed as resulting from precipitation 

(age) hardening. Since it was established that the rate of 

increase of the yield strength was characterized by an acti

vation energy of approximately 27 kcal/mol and the kinetics 

of the "aging-out" of the DPF behavior was also characteri

zed by this same activation energy, it would seem that the 

two processes are linked by the same mechanism. It should 

be mentioned again, however, that the kinetic studies just 

discussed apply only to the 2024 alloy. That is, the value 

determined for the activation energy cannot be generalized 

to the 7075 and Al-Cu alloys although the qualitative results 

are perfectly general. 

The value of 27 kcal/mol determined from the present 

tests is close to the value of 23 kcal/mol reported by King 

(1962) for age hardening in 2024 aluminum as determined by 
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dynamic-modulus measurements. In addition, Seitz (1952) 

has determined an activation energy of 28 kcal/mol for pre

cipitation in ah Al-4 % Cu alloy based on the work of 

Gayler (1946). This value is nearly identical to the pre

sent value but its applicability is somewhat suspect be

cause of the difference in the two alloy systems (i.e., 

Al-Cu and 2024). Nevertheless, as the work of McReynolds 

(1949) has shown, it appears that the solute copper atoms 

are strongly involved in the DPP phenomenon in the duralu

min-type alloys. It is difficult to predict what effect 

the presence of the other elements in the multi-component 

2024 alloy would have on the rate and activation energy. 

For this reason direct comparison of such factors between 

the high-purity system (Al-Cu) and the 2024 alloy must be 

made with caution. The essential result remains unchanged, 

however, and that is that the yield strength increase and 

aging-out of DPF are characterized by the same activation 

energy. This implies an identity of controlling mechanisms 

which, for the yield strength increase, must be due to pre

cipitation (age) hardening. 

One surprising feature of the quench-aging tests 

was the apparent rapidity with which age-hardening and the 

disappearence of DPF occurred. This suggests that whatever 

precipitation effects are involved must be associated with 

the very early stages of precipitate formation. One is thus 
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led to think in terms of clustering, or zone formation 

(i.e. j Guinier-Preston Zones). Even here., however, the 

first stage of zone formation (GP I) usually involves aging 

for several hours at about 130° C (Silcock et al., 1953). 

It is known, however, from X-ray studies that some degree 

of clustering can be detected after approximately 10 minutes 

aging at 100° C (Guinier, 1959). This time and temperature 

is consistent with" the aging conditions of the present work. 

On the basis of these pbservations it is not unreasonable 

to associate the observed' age-hardening effects in the pre

sent tests with the formation of zones similar to GP I or 

possibly their precursors. By implication, the existence 

and subsequent disappearance of the DPF effect is also di

rectly associated with such zone formation. Thus the quench-

aging tests have provided strong, and rather direct, evidence 

that the Portevin-LeChatelier effect is indeed the result of 

precipitation effects. This will be considered somewhat 

further later on. 

In postulating that the formation of some type of 

solute-rich cluster is responsible for hardening and the 

existence of DPP the effect of quench-rate must be considered 

It was found that slow cooling from the solution-treating, 

temperature tended to "stabilize" both the final value of the 

yield strength and the existence of DPF (see Figs. 19 and 20) 

Apparently the slow air-cooling permits a more stable cluster 
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configuration to form during the longer time interval in

volved in cooling. This is a reasonable expectation since 

it is well known that the rate of .quench can materially 

affect the subsequent kinetics of clustering presumably 

because of corresponding differences in the vacancy popu

lation accruing from the differences in quench-rate (Turn-

bull and Cormia, I960; Westmacott, et al., 1961). Thus, 

rapid-cooling from the solution-treating temperature might 

permit a large, thermally-unstable, vacancy concentration 

to be temporarily trapped. As this vacancy population ra

pidly decayed to a thermddynamically-stable number, solute 

clustering would be facilitated (Federighi, 1953) since the 

latter depends, presumably, upon short-range diffusion. This 

would explain the observed high rate and comparatively low 

temperatures at which the DPF phenomenon disappears after 

a rapid water quench. The above picture is consistent with 

the idea that upon rapid quenching a thermally unstable 

transition aggregation of solute atoms forms. This unstable 

cluster tends to a more stable arrangement and the rate of 

transition depends, in part, upon the rate of quench (Guinier, 

!959). 

5.7 Influence of Strain Aging on DPF 

The imposition of the strain-aging cycles described 

in paragraph 2.5 of section 4 was designed to evaluate any 
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tendencies the alloys possesed towards development of a 

yield point. Presumably the creation of a yield point is 

tangible evidence that solute atom- dislocation interaction 

("strain aging") has occurred. As the results of these 

tests have shown, none of the alloys tested manifested any 

significant tendencies toward strain aging based on the 

criterion of yield-point development. 

Ordinarily strain-aging tests are performed by pre-

straining at some depressed temperature (e.g., liquid nit

rogen temperatures) and the aging is allowed to proceed 

after warming the specimen back to room temperature or per

haps higher. The post-aging deformation then is performed 

after the specimen is re-cooled to the depressed temperature 

(Westwood and Broom, 1957). This procedure was not strictly 

adhered to in the present tests for a specific reason. The 

strain-aging mechanism was of current interest only insofar 

as it might apply to the Portevin-LeChateiier phenomenon and 

this is known to occur at room temperature during straining 

without benefit of any temperature cycling. Thus the present 

tests were based upon the notion that if DPP were attribut

able to dynamic strain aging at room temperature, then a 

yield point should develop if test conditions were made 

slightly more favorable. The results showed that this did 

not occur. The method used is reiterated here only to em

phasize that the results are valid in the context in which 
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the tests were performed. It therefore seems unlikely that 

DPF can be attributed to a mechanism of strain aging when 

more favorable conditions of strain aging fail to give any 

evidence (yield point) that such a phenomenon has taken 

place. 

The imposed strain-aging cycles did reveal a con

siderable amount of recovery of mechanical properties (flow 

stress), in the Al-Zn and Al-Mg alloys. On the' other hand, 

the 2024 alloy gave evidence of a more permanent flow stress 

increase which is attributable to precipitation hardening 

(Phillips, 1952-53). Even the 2024 alloy gave some indica

tion of a certain amount of recovery for the specimen aged 

at the highest temperature (81° C). This is indicated by 

the rounded, or gradual yield which occurred after restrain 

ing after aging (refer to Pig. 31). The permanent increase 

in the flow stress exhibited by the 2024 specimens can prob 

ably be attributed to an accelerated rate of precipitation 

caused by the straining prior to aging (Guinier, 1959). 

Both the Al-Mg and Al-Zn alloys showed significant 

amounts of recovery after the so-called strain-aging cycles 

That these alloys should exhibit such relatively large re

coveries of mechanical strength was somewhat surprising in 

view of the short times and relatively low temperatures in

volved. It is generally considered that recovery processes 

are, to some extent, separable into recovery of physical 
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properties and mechanical properties (Dieter, i960). The 

recovery of physical properties (e.g., resistivity) is 

associated with redistribution of point defects such as 

vacancies., while dislocation rearrangement is the basis of 

mechanical recovery. The latter generally occurs at higher 

temperatures and requires longer times than the former since 

higher activation energies are thought to be involved in 

dislocation rearrangement. For example, in aluminum, re-' 

covery of electrical resistivity is characterized by an 

activation energy of about 13 kcal/mol and involves dif

fusion of vacancies (Wintenberger, 1957). On the other 

hand, recovery of mechanical properties is thought to in

volve annihilation of dislocations by a dislocation-climb 

mechanism having an activation energy of tliat for self-

diffusion (Van Bueren, I96I). ' ifar aluminum the self-dif

fusion energy is approximately 27 kcal/mol (Jost, 1953). 

Thus if the recovery of mechanical properties observed in 

the present tests involves a dislocation-climb process, then 

an activation of this order should be involved. With this 

high an energy it is difficult to account for the rapid 

rate of flow stress recovery at the relatively low temp

eratures which prevailed. • One possibility is that the rate 

of the diffusion-controlled dislocation climb process is 

accelerated by the presence of vacancies created by jog 

motion during the prestraining (Mott, 1952). In this way 
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the effective activation energy for dislocation climb could 

be reduced in a manner analagous to that proposed to account 

for the increased rate of clustering in certain aluminum 

alloys after a rapid quench (Turnbull and Cormia, i960). The 

annihilation of vacancies and dislocations taking place dur

ing recovery could then be a simultaneous and cooperative 

process. Another possibility is that during the pre-strain 

stage a large number of dislocation pile-ups occur. During 

the aging under reduced stress these pile-ups are able to 

collapse or otherwise redistribute themselves so that on " 

restraining a lower stress is required to produce deforma

tion. The pile-up release might also involve a process 

similar to that discussed above. 

The essential result of this phase of the work re

mains, however, that none of the alloys tested showed any 

tendency toward strain aging as judged by the criterion of 

yield point development. Rather, the 2024 alloy gave fur

ther evidence of precipitation hardening and the other al

loys involved showed marked recovery of mechanical properties 

during the strain-aging cycles. 

5.8 Interpretation of Results - Summary 

The specific tests and subsequent analysis of the 

results have allowed a number of significant observations 

to be made with respect to the DPP (Portevin-LeChatelier) 
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phenomenon in the various aluminum alloys studied. By way 

of brief summary, the essential findings are that: 

i) the experimentally - determined temperature 
dependence of the initiation of DPF is inverse 
to that predicted by the strain-aging model. 

ii) the experimentally-determined strain rate de
pendence of the initiation of DPP is apparently 
inverse to the behavior predicted by a (strain-
aging) mechanism that is predicated upon strain-
enhanced diffusion. 

iii) the initiation of DPP appears to depend ex
plicitly upon the magnitude of the applied 
stress and not implicitly upon the strain 
as postulated in the strain-aging hypothesis. 

•iv) the DPP phenomenon in Al-Mg alloys, although 
in many respects similar, appears to be distinct 
from the DPP phenomenon as it occurs in the age-
hardenable, or duralumin, alloys. In the latter 
alloys the phenomenon is transitory and ages-out 
shortly after quenching with an attendant in
crease in yield strength indicative of precipi-' 
tation hardening. The rate of aging-out of 
DPP is characterized by an activation energy 
that is identical to that for precipitation as 
determined from the time-rate -of change of the 
yield strength. The two phenomena are thus 
likely to be due to the same mechanism. 

Considered individually, the above findings might 

possibly be rationalized.in such.a way as to be consistent 

with Cottrell's (1953) generally-accepted strain-aging 

mechanism of DPF. Considered collectively, however, these 

findings provide a substantial body of evidence which places 

the applicability of Cottrell's mechanism in considerable 

doubt. In view of this It seems worthwhile to speculate 
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upon other possible mechanisms which might account for the 

Portevin-LeChatelier phenomenon as it appears in aluminum al

loys. These possibilities are discussed in the following 

paragraphs. 

5.9 Possible Controlling Mechanisms for the DPF Phenomenon 

The results of the quench-aging tests have provided 

ample reason to suspect that DPF, as it appears in the Al-

Mg alloy, is not caused by the same mechanism that leads to 

serrated yielding in the age-hardenable alloys. For this 

reason the two alloy systems will be treated separately. 

5.9.1 Proposed Mechanism in the Duralumin-Type Alloys 

The present test program has provided considerable added 

evidence to reinforce the early concept that the Portevin-

LeChatelier effect is related to precipitation occuring 

during deformation (Portevin and LeChateller, 1923; McRey-

nolds, 1949). The fact that precipitation is taking place 

is verified by the time-dependent rise in the yield strength 

upon aging after .quenching. The activation energy for this 

process has been determined to be about 27 kcal/mol in the 

2024 alloy. The disappearance of DPF is seen to occur 

simultaneously with the increase in yield strength (see Fig. 

15). The aging-out of DPF was also characterized by an 

activation energy of about 27 kcal/mol in the 2024 alloy 

One is therefore led to the conclusion that the two phenom

ena of age hardening and disappearance of DPF are the result 
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of the same process. Since the process of age hardening 

involves the precipitation of solute atoms from solid 

solution then, by the above reasoning, DPP must also be 

the result of such precipitation.. It remains to consider 

how this might occur. 

The sequence of precipitation in the age-hardenable 

aluminum alloys is known to proceed by a series of semi-

discrete stages (for an extensive review of this subject 

see Guinier, 1959). In Al-Cu alloys this sequence is rep

resented by: 

Solid Solution- >GP I »GPII—>•© (stable). 

In this sequence the supersaturated solid solution begins 

to decompose after quenching and solute-rich clusters be

gin to segregate. The first change detected (by X-ray 

techniques) is that corresponding to copper-rich platelets 

which appear to collect on {jLQo} faces of the host (alumi

num) lattice (Barrett, 1952). In time these platelets, 

or zones, take oh greater dimension (GP II) and pass to a 

true second phase -6-1 which, is still coherent with the ma

trix. Finally, the equilibrium precipitate •©• (CuAlg) is 

formed which is incoherent with the matrix. The peak hard

ening is associated with the existence of the coherent, but 

unstable, zones. This maximum hardening is believed to be 

at least partly due to the large coherency strains involved 

In maintaining registry between the zones and the host 
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lattice (McLean, 1962). 

Eventually the zones reach such a size that co

herency cannot be maintained and the solute clusters grad

ually transform to the structure of the true second phase 

which is noncoherent with the matrix. The transition be

tween coherency and incoherency appears to be due to the 

clusters reaching a critical size where the energy re

quired to maintain coherency exceeds the interfacial energy, 

created by forming a discrete second phase (Guinier, 1959). 

It is not unreasonable to imagine that the transi

tory Portevin-LeChatelier effect is related directly to 

the interaction of dislocations with the transitory-zone 

formation phenomenon. One way in which this might occur 

is shown schematically in Pig. 43. Stage 1 is visualized 

as corresponding to the situation immediately after quench

ing. Here the solute atoms are still largely in solid 

solution along with a temporarily large number of excess . 

quenched-in vacancies. At stage 2 the solute atoms begin 

to come out of solid solution and nearby dislocations should 

provide ideal nucleation sites for clustering (Van Bueren, 

1961) particularly at nodal points, etc. The nucleation 

stage of the clustering should proceed quite rapidly because 

of the large number of quenched-in vacancies initially present. 

At stage 3 the clusters start to form at various points along 

the edge dislocation segment. The initial clustering is also 
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visualized as quite rapid because of so-called "pipe" dif

fusion along the dislocation line. The growth of certain 

clusters will be favored (such as those which nucleate 

first at nodal points) and these may grow preferentially 

at the expense of nearby clusters. Thus, solute atoms will 

"drain" along the dislocation and cluster growth proceeds by 

this process as well as by accretion of solute atoms from 

the surrounding bulk material. 

At stage 4 a tensile stress is applied exerting 

a force on the dislocation which bows out from the solute 

cluster-pinning points. The bowing of the dislocation in 

turn exerts a stress on the pinning points which are only 

partly stable in themselves. At stage 5 the applied stress 

continues to rise and the unstable smaller clusters (such 

as indicated at point b) can no longer effectively pin 

the dislocation segment and the segment breaks-away sud

denly from such points. The result of this is that the 

maximum un-pinned length of the dislocation segment in

creases suddenly from s^ + 32 - x* The new of 

length x can now operate as a Frank-Read source and further

more, the new source is acted upon by an applied stress in 

excess of that necessary to generate dislocations. This 

occurs in the following way. 

It is assumed that, in general, the stress required 
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to operate a Frank-Read source Is (Read, 1952). 

'c ~ 
where is the shear stress, G is the shear modulus, b the 

Burgers vector and (a)the length of unpinned edge dislocation 

segment. Ordinarily a source is thought to operate when the 

local applied shear stress reaches 7c .. In the present mech-

amism not only is the applied shear stress increasing but 

the unpinned length of dislocation (a) suddenly increases 

from a to x thereby effectively lowering the stress necessary 

to activate the source, therefore, 

-7- __ (3 b • ' X > CL  ̂% 
>x ~ J c CL J 

and the source operates under an effective overstress 

r*= r*-% = 

Because of this, a rapid dislocation multiplication 

takes place triggering a sudden burst of localized plastic 

deformation observed as a Luders band (paragraph 2) and as 

a drop in stress on the stress-strain curve. The new source 

ceases to operate when the overstress condition is relieved, 

normal work hardening sets up back stresses, and other sources 

become active in the manner just described. In this way the 

sequence is repeated at many points in the lattice and the 

amount of slip generated by any one source is limited. 

With continued aging the intermediate clusters con

tinue to grow to larger dimensions which effectively de

creases the spacing between particles. The stable equilib
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rium precipitate begins to form and the above process is 

thereby suppressed in favor of more permanent and effective 

dislocation barriers. This stage is marked by the rising 

yield strength and diminishing extent of DPF that is ob

served. The effects of time and temperature on the DPF 

phenomenon will be the result of the effect of these fac-< 

tors on the process of cluster growth. With increased 

temperature and/or longer times (consequently slow strain 

rates) the clusters will grow to more stable dimensions 

and their ability to permanently impede dislocation motion 

will be correspondingly enhanced. As a result, the un

stable DPF will be gradually replaced by the more normal 

mode of deformation with a consequent increase in yield 

and ultimate stresses. 

The above process is, of course, speculative and 

involves some of the features of Cottrell's strain-aging 

hypothesis: The initial high rate of diffusion due to 

(quenched-in) excess vacancies, and the pinning of dis

locations by solute atoms. The essential differences are 

that the present idea involves only discrete-point pinning 

as opposed to pinning-all along the dislocation length. 

This would seem to make subsequent dislocation break-away 

a more feasible process. In addition, the present mechan

ism is entirely dependent upon the.applied stress for acti

vation and does not, therefore, depend implicitly upon the 
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strain. As a result of these features the present mechan

ism is consistent with the observed experimental effects 

of temperature and strain rate and stress dependence. 

Finally, the present idea can account for the absence of 

DPP in the Al-5 w/o zinc alloy where no precipitation 

occurs, and the existence of DPP in the Al- 15 w/o zinc 

alloy (Price and Kelly, 1964) where precipitation does 

occur. Strain aging should occur in both alloys and one 

would, therefore, expect to see DPF in both alloys, which 

is not the case. 

5.9.2 Proposed Mechanism in Al-Mg Alloys. The ex

istence of DPP in the Al-Mg alloy cannot be ascribed to 

the mechanism discussed above for the duralumin alloys 

since this alloy is seen to be not susceptible to precipi

tation hardening. Nevertheless, the observed experimental 

behavior of DPF in this alloy is not consistent with the 

proposed strain-aging mechanism. In view of this it is 

necessary to seek an alternative explanation. 

There are several unique features peculiar to al

uminum in general, and Al-Mg alloys in particular. One is 

the occurence of DPF itself which is not observed in other 

f.c.c. metals except at extremely low temperatures (Section 

I). Another unique feature of aluminum is its very high 

stacking-fault energy compared to other f.c.c. metals. A 

third aspect is the relatively large size of the solute 
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magnesium atom and its apparent affinity for, and stabil

izing effect on, the stacking-fault region as observed 

from stacking-fault density measurements (Seemann and 

Stavenow, 1961). It is therefore logical to seek a 

correlation between-these unique aspects-. 

Following this idea it is possible to imagine 

the existence of very strongly Suzuki-locked partial dis

locations. The locking results from the segregation of 

the solute magnesium atoms to the stacking-fault region 

between the extended partial dislocations. This phenome

non has been observed in other alloy systems (van Auswegen 

and Honeycombe, 1962). It is proposed that such a config

uration is highly stable and that these Suzuki-locked 

dislocations are very effective barriers to other dis

locations attempting to move through the lattice. Such 

strong barrier effects have been ascribed to Suzuki-locked 

dislocations in other investigations (Mote, Tanaka, and 

Dorn, 1961). Thus, during deformation mobile glide dis

locations will pile up behind these and other barriers. Be

cause of the high intrinsic stacking-fault energy in alumi

num the pile-ups should be relieved through a process of 

cross slip which is largely stress activated. According 

to Seeger (1956) : "If the number n of dislocations in a 

pile-up and the applied stress acting on these dislocations 

are large enough, it is possible to bring completely together 
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the two partial dislocations of an extended screw disloca

tion at the head of a pile-up. This is an interesting 

situation since the screw dislocation is now able to un

dergo cross slip without thermal activation. 11 

It is visualized, however, that the magnesium sol

ute should act to inhibit, to some extent, the cross-slip 

process in the alloy. This is suggested by the following 

evidence which has been reviewed by Seeger (1956). First, 

the shear stress 7^ associated with the beginning of stage 

III deformation in f.c.c. single crystals is known to be 

raised by the addition of certain solute atoms (e.g., Zn 

in Cu; Mg in Al). Since stage III deformation is believed 

to be controlled by a cross-slip process the observed in

crease in ̂  suggests that the process is inhibited by the 

addition of certain solute elements over that of the pure 

metal. The solute inhibition of cross slip has been attrib

uted (Sfieger, ref, cited) to two effects: A "stacking-fault 

energy effect" and a "size-of-atom effect". The former 

refers to the decrease in stacking-fault energy in aluminum 

brought about by the addition of the magnesium. The de

crease in energy, has the effect of allowing an increase 

in the equilibrium separation of the extended partial dis

locations. As a result it requires more energy to bring 

about a constriction in the extended dislocation which is 

necessary for cross slip to occur. The "size-of-atom" 
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effect, according to Seeger, acts to inhibit cross slip in 

the following way. The presence of solute atoms which dif

fer in size appreciably from the host metal creates large 

strain fields in the vicinity of such atoms. These strain 

fields in turn exert an influence on nearby dislocations 

which causes them to be "wavy" rather than lie straight. 

That is, the dislocation line will be of mixed screw and 

edge character. Since cross slip is only possible for 

pure screw dislocations the cross-slip process will be 

further inhibited. As Seeger states "Straightening out the 

wavy dislocation lines in alloys like Al-Mg and Al-Cu re

quires the applied stress to do additional work and gives 

rise to an increase of the apparent activation energy for 

cross slip." 

Considering the above factors it is then possible 

to imagine that more extensive dislocation pile-ups can oc

cur in certain alloys such as Al-Mg than can occur in the 

pure metal. As a result of such pile-ups a stress concen

tration nt occurs, where n is the number of dislocations -

in the group and T" is the applied shear stress, and this 

stress concentration acts at the head of the pile-up. Under 

this stress concentration cross slip can eventually be acti

vated as discussed previously. Again, according to Seeger, 

"If T Is the applied resolved shear stress, nT is the shear 

stress at the head of the dislocation pile-up. This stress 
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cannot exceed the theoretical shear strength very much 

without giving rise to some sort of catastrophic process, 

e.g., the spontaneous generation of dislocations just be

yond the sessile dislocations holding up the piled-up 

groups. Such events should give rise to irregularities 

in the stress-strain curves, ." 

In this way, then, the inhibition of cross slip 

as a result of the presence of magnesium may give rise to ( 

the Portevin-LeChatelier, or DPP, phenomenon. This may 

result from a dislocation-multiplication process whereby 

cross slipping leaves behind segments of edge dislocation 

as discussed by Fleischer (1958) and Li (1963). Such edge 

segments are equivalent to Frank-Read sources and should 

then be able to generate dislocations rapidly under the 

(pile-up) overstress (Fleischer, 1958; Li, 1963). Such a 

sudden dislocation-multiplication process could, in princi

ple, occur successively at many points throughout the metal, 

lattice causing the observed Luders deformation and conse

quently a discontinuity in the flow curve. 

The cross slip - dislocation-multiplication process 

suggested above is thus predicated upon the unique aspects 

of the Al-Mg alloy providing a logical connection to the 

unique occurrence of DPF in this alloy. The multiplication 

process is also consistent with the low rate of work hard

ening that is observed (Fig. 7), the profuse slip markings 



(Pig. 12), and the extensive elongation (35 $) which re 

suits from deformation. 
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Fig. 43 Schematic Representation of Possible Rapid 
Dislocation Multiplication Mechanism. Sequence Oc
curs During Pre-Precipitatlon After Quenching an 
Age-Hardenable Aluminum Alloy. At (1) is an Edge 
Dislocation Segment Immediately After Quenching.(2) 
is the Initial Stage of Solute Segregation to Bis- . 
location Facilitated by Quenched-in Vacancies. (3) 
Clustering Occurs, Particularly at Nodal Points,and 
is Facilitated by Diffusion Along Dislocation Lines. 
(A) A stress is Applied aid Pinned Segments S]_ , s2 

Pov Unci: Stress. (5) Pinning Point b "Collapses" 
'•'jca'jie of Stress and the Un-Pinned Ler.~th Suddenly 
Incrtases to-x.Dislocations are then Rapidly Emitted 
F r o m  S o u r c e  a c  B e c a u s e  o f  t h e  E f f e c t i v e  L v c r s t r - 3 3 .  



VI . GENERAL SUMMARY AND CONCLUSIONS 

An experimental investigation of the phenomenon of 

discontinuous plastic flow (DPF), or the Portevin-LeChate-

lier effect in selected aluminum alloys was made. This^ 

investigation was stimulated by an apparent need for ad

ditional experimental and theoretical evaluation of the 

DPP effect as it occurs in aluminum alloys. 

Two hypotheses, one based on precipitation from 

solid solution (McReynolds, 19^-9) and one based on dynamic 

strain aging (Cottrell, 1953) had been proposed to explain 

the DPP be rior. The precipitation concept was never 

adequately developed and apparently was abandoned in favor 

of the more recent strain-aging model. The strain-aging 

mechanism has been developed to a greater extent than the 

older idea of precipitation and represents the generally-

accepted explanation for the Portevin-LeChatelier effect. 

The validity of the tacitly-accepted strain-aging mechanism, 

however, has never been clearly established. On the con

trary, some apparent disparities between theory and experi

mental behavior have appeared (Caisso, 1959; Mikesell and 

Reed, i960). Because of these inadequacies the present 

effort was undertaken in the hope of providing some needed 

clarification. • 
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This investigation has utilized both commercial (7075 and 

2024), as well as high-purity aluminum alloys containing 

nominally 3 w/o Mg or Cu, or 5 w/o Zn. Variable-tempera

ture and strain-rate tensile tests were performed after 

the imposition of controlled isothermal, isochronal, and 

strain-aging cycles. In addition, the influence of grain 

size on the phenomenological manifestation of the Portevin-

LeChatelier effect was also studied. 

Based upon the above tests the following general 

observations and conclusions were made. 

1. The phenomenological manifestation of the Portevin-
LeChatelier(DPF) effect was not the same for all the 
alloys tested. It was found that DPF existed only 
temporarily in the age-hardenable alloys (7075j 2024, 
Al-Cu) immediately after cooling from solution-treat
ing temperatures. The DPP effect was ever-present 
in the Al-Mg alloy and persisted unaffected by prior 
thermal treatment. The effect was not observed 
all in the Al-Zn alloy. Neither the Al-Zn nor the 
Al-Mg alloy demonstrated any tendency toward quench-
age (precipitation) hardening. 

2. The Portevin-LeChatelier effect in the age-hardenable, 
or duralumin, alloys aged out shortly after quenching 
along with a consequent increase in the yield strength. 
The rate at which the DPP effect disappeared was inver
sely related to the quench rate. Kinetic studies made 
on the 2024 alloy showed that the rate of yield-strength 
increase after quenching followed an Arrhenius relation
ship. The activation energy for this process was found 
to be approximately 28 kcal/mol. These same studies 
showed that the aging-out of the DPP effect also obeyed 
an Arrhenius rate law and was characterized by an acti
vation energy of approximately 26 kcal/mol. The two 
activation energies are equal within the experimental 
error. Because of this, the two effects are probably 
related to the same mechanism. The yield strength 
increase is known to be the result of precipitation 
from solid solution, so the disappearance of DPP must 
also be due to this. 
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3. The Results of tensile tests designed specifically to 
evaluate the proposed strain-aging model did not cor
roborate, and in some instances, were in direct op
position to, the strain-aging mechanism. The experi
mentally-determined temperature dependence of the 
DPP phenomenon was inverse to that predicted by the 
strain-aging model. The experimentally determined 
strain-rate dependence was not consistent with the 
behavior predicted by a (strain-aging) mechanism 
that is predicated upon strain-enhanced diffusion. 
In specific tests for strain-aging effects, carried 
out by aging at zero stress after prior plastic strain, 
no susceptibility to strain aging (through development 
of a yield point) was evidenced by any of the alloys 
tested. 

4. The tests designed to investigate the influence of 
grain size on the DPP phenomenon provided strong 
evidence that the onset of DPF is explicitly depen
dent upon the applied stress. This result is not 
consistent with the strain-aging mechanism which re
lates the onset of DPF to the strain through a dif
fusion enhancement brought about by strain-created 
vacancies. 

Based upon these observations it is concluded 

that the Portevin-LeChatelier effect in aluminum alloys . 

in the vicinity of room temperature cannot be adequately 

explained by the Cottrell model of strain-aging, as is 

generally believed. Instead, it is suggested that the DPF 

phenomenon may have as its basis sudden increments of 

plastic deformation due to rapid dislocation multiplication 

from Prank-Read type sources. Two cases are discussed, one 
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concerning a possible dislocation process in Al-Mg alloys 

brought about through an inhibition of cross slip, and 

one concerning dislocation multiplication through inter

action with GP zones in the duralumin-type alloys. 



APPENDIX A 

The strain-aging mechanism which has been proposed 

(Cottrell, 1953) to underly the Portevin-LeChatelier effect 

is predicated upon a concept of strain-enhanced diffusion. 

Unfortunately it is not completely clear just how changes 

in strain rate should effect this model with respect to 

the onset of DPP. It is worthwhile, therefore, to consider 

the problem using a somewhat more fundamental approach. The 

following treatment is an attempt to do this with the tacit 

assumption that the strain-aging mechanism is the control

ling factor in the Portevin-LeChatelier effect. 

Girifalco and Grimes (1958) have treated the ques

tion of diffusion in strained systems from a theoretical 

point of view and have shown that 

_ (A-l) 

J where: 

D,, = diffusion rate in strained system 

D = diffusion rate in unstrained system 

n - atomic fraction of vacancies in thermal 
v ~ equilibrium 

n - atomic fraction of vacancies due to 
plastic strain which is given by 

-exp.(-Ka-t) ] (A_S) 
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where: 

e - strain rate 

t. - time.. 

Kj = a constant such that K^e is the rate of 
vacancy production 

K2 - a parameter giving the rate of vacancy loss. 

Presumably, then, the relative diffusion enhance

ment from the strained to the unstrained situation (Da/D) 

can be computed for various strain rates if the factors 

K-^ and Kg can be evaluated. The factor Kg,, considered• to 

be constant by Girifalco and Grimes, is related to the type 

of vacancy sinks which are present in the metal lattice. 

A number of possibilities exist such as dislocations, grain-

boundaries, second phase particles, etc. In reality, the 

factor Kg should reflect the effect of all such sinks, but 

for the present only dislocations will be considered since 

these appear to be the most effective vacancy traps (Cottrell, 

1958). For the case of dislocations as sinks, Kg is shown 

(Girifalco and Grimes, 1953) to be expressed by 

Ki- i i a N i  , M )  

In-
where: 

Dy - diffusion coefficient of vacancies 

- dislocation density 
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2r = distance between sinks 

rQ - radius of cylindrical (dislocation) sink. 

For purposes of evaluating K2 and subsequently 

eqn. A-l, the f.c.c. metal aluminum at room temperature 

can be considered. For this case D is of the order of 

— T O P  
10 cm /sec. (Wintenberger, 1957) and r should be about 

_o 
10~ cm. Further, is not considered to be a constant 

but is expected to vary as the dislocation density varies 

with the plastic strain. This is.a reasonable requirement 

since it is known that dislocation densities increase from. 

6 2 
about 10 /cm in well-annealed polycrystals to around 

12 2 
10 /cm in the heavily cold-worked state. Thus, Kg should 

reflect the effect of increasing dislocation density with 

increasing plastic strain. From resistometric studies on 

high purity aluminum, Wintenberger (1957) was able empiri

cally to relate dislocation density to plastic strain by 

Kl^l  - \-Co X 10 ^  j (A -4) 

which leads to reasonable values for L, at least for 
d 

strains greater than about 10"^. The parameter Kg is made 

a function of strain through eqn. A-4 and this effect is felt 

in two ways: directly by substitution of eqn. 4 in eqn. A-3 

and somewhat more indirectly through the r term in eqn. A-3. 

Since 2r is defined as the spacing between sinks and dis

locations are considered as sinks, r should also be a func
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tion of the dislocation density and hence the strain. There

fore, ' O- 5~ 

 ̂ V1\ii -(l.Gxio'&y^ 
(A-5) 

Thus, replacing and r in eqn. A-3 by their equivalents 

from eqns. A-4 and A-5 the parameter can be evaluated 

as a function of strain. Values of Kg are given in Table 

I for several strains using the values of D and r given 
. , v o 

previously. 

Table I-A 

The Parameter K2 as a Function of Strain 

Strain (e) K2 (sec.-1) 

io-4 10.7 x io-4 

10-3 12.4 x 10"3 

10"2 14.2 x 10~2 

5 X 10"2 7.8 X 10"1-

10"1 1.7 

5 x 10_1 10.0 

1 21.0 

It remains to consider the parameter before eqn. 

A-2 can be evaluated directly. A number of values for 

-4 
have been deduced ranging from 10 based on the early work 

of Seitz (1952) to a value of 10-2 determined from experi

mental work on Al-Zn alloys (Bruggeman et al., i960). Quite 

recently, Berry and Brown (1964) have considered a value of 

10~3 to be applicable. Since this represents the mean value 
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between the extremes cited, will be taken as 10~3 for 

the present treatment. The product K^e which appears in 

eqn. A-2 will, of course, depend upon the particular strain 

rate involved. In addition, the time t is identified as 

the time required to reach a given value of strain at what

ever strain rate prevails. To facilitate matters, a tabula 

tion can be made for a typical case in which a constant 

strain rate of 10 /sec. is selected and the ratio Dg/D 

from eqn. A-l and A-2 is calculated. This is given in 

Table II-A. 

Table II-A 

Values of D„/D Determined From Eqn. A-l for 
a Strain Rale of 10-3/sec. and Kj - 10~3. 

Strain (e) t (se<3.) nxAv Da/D 

10-4 0.1 0 1.00 

10~3 1.0 0.012 1.12 

10~2 10.0 0.35 1.35 

5 x 10~2 . 50 0.38 1.38 

10_1 100 0.23 1.23 

5 X 10_1 500 0.10 1.10 

1 1000 0.019 1.02 

Similar calculations were made for strain rates 

-1 —2 -4 
o f  1 0  , 1 0  ,  a n d  1 0  p e r  s e c o n d  a n d  t h e s e  r e s u l t s  ( n o t  

tabulated for sake of brevity) together with those from 

Table II-A are plotted in Pig. I-A. These results are con
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sidered to be of some significance since they clearly.show 

that the calculated diffusion enhancements initially in

crease with strain; go through a maximum, the magnitude of 

which depends upon the strain rate, and then decrease again 

to unity. It is also apparent from Fig.'I-A that the cal

culated diffusion increases become appreciably large only 

for the highest strain rates. For the more conventional 

—^ —Pi
rates of- strain (10 - 10 per sec.) the calculated en

hancements are minor. It must be emphasized, however, that 

the values determined for Dg/D may vary appreciably depend

ing upon the numerical values used in eqn. A-l. In particu

lar, the parameter strongly affects the quantitative re

sults. This is illustrated in Fig. 1-A by the dashed curve 

which corresponds to the calculated diffusion increase for 

-1 / -4 
a strain rate of 10 /sec if K-^ is taken to be 10 rather 

than I0~3. Nevertheless, the qualitative features of this 

analysis appear to be valid and clearly suggest that the 

amount of strain as well as the strain rate is of consider

able importance as far as any diffusion enhancement is con

cerned. 

In Fig. 2-A, the value of strain corresponding to 
4 

the maximums in the curves (em) °£ Pig. 1-A are plotted ver

sus strain rate (e). It would appear reasonable to identify 

e_ with e or the strain at the onset of DPF. Thus it is 
m o 
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possible to relate eQ to strain rate by 

eG =  =  e  ( a -6) 

a parabolic relationship based on the strain at maximum 

diffusion enhancement. As Pig. 2-A clearly indicates, 

however, the derived relationship predicts a behavior that 

is inverse to that experimentally observed. Thus, the con

cept of strain-enhanced diffusion as the controlling mech

anism in the Portevin-LeChatelier effect is placed in doubt. 



FiGURE L-A 
CALCULATED DIFFUSION ENHANCEMENT RATIO DS / D  
VhRSUS STRAIN FOR VARIOUS STRAIN RATES. 
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FIGURE 2-A 
LOG STRAIN AT MAXIMUM CALCULATED DIFFUSION 
INCREASE, eM(e0> VS. LOG STRAIN RATE, G. DATA 

TAKEN FROM FIG. I-A. 

LOG eM 

Or 

CALCULATED 

EXP'TL. DATA {%) 
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