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ABSTRACT 

A study has been made of the phenomenon of serrated 

yielding in selected aluminum alloys. The method of study 

of the phenomenon was by (a) tensile tests to determine 

the strain to onset of serrated yielding and the yield 

stress as a function of temperature and strain rate and by 

(b) the development and use of stress relaxation after 

plastic deformation to determine the dislocation mechanisms 

governing plastic flow in the serrated yielding range. 

An experimental method to determine the activation 

energy for plastic flow in stress relaxation was developed 

which shows good agreement with other methods. In addition, 

other experimental possibilities for the method are pointed 

out. 

A dislocation model was developed to explain the 

temperature and strain rate dependence of the strain to 

onset of serrated yielding in the region where Cottrell-type 

strain-aging models fall to explain the.phenomenon. The 

combined models and experimental evidence indicate that in 

the lower temperature, higher strain rate region of the 

serrated yielding range, serrated yielding occurs as dis

locations become captured by solute atmospheres. In the 

higher temperature, lower strain rate range, serrated yield

ing occurs as dislocations escape from their atmospheres. 

x 



I. INTRODUCTION 

The normally smooth and continuous stress-strain 

curve of an Impure metal or alloy can sometimes exhibit 

discontinuities or serrations. This phenomenon was 

first reported by Portevin and LeChatelier (1923), and 

was reported by various investigators over the follow

ing quarter-century. However, it was not until 

McReynolds (1949) and Cottre'll (1953) attempted to 

give the phenomenon a theoretical explanation that it 

became more than a laboratory curiosity. Of the 

various theories proposed since, none could completely 

justify all of the seemingly contradictory evidence. 

As of the present writing, no quantitative 

experimental work has been performed to determine the 

dislocation mechanism(s) governing the phenomenon. 

The present study was undertaken to attempt to clarify 

the issue by use of mechanical tests in order to deter

mine these mechanisms. 

Various experimental results are first presented, 

to review the body of past observations. Current dis

location theory is then presented to provide a perspec

tive on these observations. A method of mechanical 

1 
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testing to provide quantitative results is provided 

in the appendices. The results of these tests are 

combined, and a new model for the onset of serrated 

yielding is proposed which appears to explain the 

various seemingly contradictory results. 



II. LITERATURE SURVEY 

2.1 Characteristics of Serrated Yielding 

2.1.1 Shape of the Flow Curve. Usually the 

stress-strain curve of an impure metal or alloy is 

smooth and continuous up to fracture. Under certain 

conditions, however, the flow curves of certain alloys 

begin smoothly, but develop a series of serrations 

after a small amount of plastic strain. This effect 

is shown in Pig. 1, the stress-strain curve of an as-

quenched specimen of 5053 aluminum alloy. At €LQ, the 

strain to onset of serrated yielding, the curve begins 

to exhibit numerous serrations, and this phenomenon 

continues up to fracture. 

In "hard", or elastically rigid tensile 

machines, where such sudden increments of deformation 

allow stress relaxation, the serrations appear as in 

Pig. 1. Since the stress may not relax in elastically 

"soft" machines, the serrations appear as alternate 

horizontal and vertical steps on the flow curve. The 

steps in this form of serrated plastic flow corres

pond to instances where the rate of plastic flow is 

3 
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either very large (when a wave of plastic strain sweeps 

down the specimen) or very small (at times between 

these bursts). 

Serrated yielding occurs whether or not there 

is a drop in stress on initial yielding (Phillips, 

1952-53). The initial drop in flow stress, similar 

in appearance to that common in aged mild steel, is 

called Type A yielding (Eborall, 1950-51), and the 

serrated yielding occurring after a certain amount of 

plastic flow is called Type B yielding. Sometimes 

it has been observed (Cottrell, 1953; Riggs, 1964) that 

serrated yielding ceases after a certain amount of 

plastic strain, and the flow curve becomes smooth and 

continuous again. 

2.1.2 Occurrence in Alloys and Impure Metals. 

Serrated yielding has been observed under certain condi

tions in a number of alloys and impure metals. The 

effect is quite common at room temperature in freshly-

quenched commercial age-hardening aluminum alloys 

containing additions on the order of a few percent of 

copper, zinc, or magnesium, with smaller amounts of 

silicon, chromium, manganese, or iron (McReynolds, 19^9; 

Krupnik and Ford, 1952; Phillips et al., 1953; Caisso, 
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1959; Rie6s> 1964). It Is known as ̂ "blue-brittleness" 

in mild steels at elevated temperatures (Cottrell, 

1953). It occurs in alpha brasses and other copper-

base alloys (Hundy, 195^-55; Boiling, 1959J Brindley 

et al., 1962), in hydrogenated nickel (Bonizewski et 

al., 1963) and in hydrogenated tantalum and hydro

genated columbium (Dyson et al., 1958-59). Bocek and 

Hotzsch (1964) have reported the phenomenon In cadmium-

doped single crystals of zinc at room temperature. 

Kent and Kelly (1965) found serrated yielding in magne

sium crystals with small additions of thorium. It was 

observed in a nickel-chromium alloy (Popov and 

Alexandrov, 1962) at about 200°C. It has also been 

observed in copper-doped crystals of NaCl (Kear, 1966) 

in the same temperature range. 

The occurrence of serrated yielding depends 

upon the type and concentration of the solute. Brindley 

et al. (1962) found that the magnitude of the effect 

increased with increasing concentrations of zinc in 

aluminum. In bcc metals, where the effect has been 

attributed (Cottrell, 1953) to the locking of dis

locations by interstitial impurities, a very small con-, 

centration of impurities is required, since, as in the 



iron-carbon system, the binding energy between a dis

location and a carbon atom is large, about 0.5 

(Priedel, 1964). In substitutional fee alloys, .>-:-^over, 

the binding energy is usually about 0.2 eV (Pr^" . 

1964), so that much larger concentrations of impurities 

are necessary to lock dislocations. Westwood and 

Broom (1957) assumed that at least 0.1$ concentration 

of impurities is required for locking in aluminum 

alloys, as contrasted to a concentration of 10"^ in 

iron. In some cases (McReynolds, 19^9; Masing and 

Raffelsieper, 1950; Kawada, 1950, 1952) it has not been 

observed in metals of high purity. A concentration of 

impurities much less than 0.1$ is sufficient, however, 

because it has been observed in 99.995$ pure zinc 

(Anderson and Brown, 1965) and in commercially pure 

aluminum (McReynolds, 19^9; Bell and Stein, 1962; 

Dillon, 1963). More recent experiments using Internal 

friction (Gelli, 1965) have shown that atmospheres can 

form around dislocations in aluminum with only a few 

ppm of copper present. 

Additional cases of the occurrence of serrated 

yielding in alloys are cited by McReynolds (19^9). 

However, in conclusion, it can be seen that the effect 



has been observed in bcc, hep, fee, as well as in ionic 

crystals, under certain conditions if small quantities 

of solute atoms are present. It has been observed in 

single crystals as well as in polycrystals. It has 

not been observed in metals of very high purity. 

2.1.3 Effect of Temperature on Serrated 

Yielding. It has been well established (Cottrell, 1954 

Harris, 1958; Caisso, 1959; Riggs> 1964; Bailey et al., 

1965; Thomas, 1966) that the phenomenon of serrated 

yielding occurs within a very narrow temperature range. 

In aluminum alloys, the effect has been observed in 

the range of about 210°K to 370°K (Lubahn, 1949; 

McReynolds, 1949; Sherby et al., 1951; Berghezan, 1952; 

Krupnik and Ford, 1952; Phillips, 1952-53; Phillips et 

al., 1952-53; Harris, 1958; Riggs, 1964), the extent 

depending on the alloy and its condition. The strain 

to onset of serrated yielding also varies within this 

range of temperatures. In the lower temperature por

tion of this range, the strain to onset decreases with 

Increasing temperature, while in the upper temperature 

portion of the range, the strain to onset Increases 

with increasing temperature. This phenomenon has led 

some investigators (Harris, 1958; Caisso, 1959; Rlggs, 
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1964; Bailey et al., 1965; Thomas, 1966) to the conclu

sion that two separate mechanisms cause serrated yield

ing, with one operating in each portion of the range, 

although no satisfactory theory (cf. Section 2.2) has 

been formulated. 

over a narrow temperature range, Cottrell (1954) postu

lated that this temperature range corresponds to that 

in which the drift velocity of solute atoms becomes 

comparable to the dislocation velocity. Lubahn (1949) 

found that in this temperature range the normally 

positive strain rate sensitivity became negative. 

Priedel (1956, 1964) associated this dynamic instabi

lity in the flow curve with serrated yielding, by 

maintaining that "repeated yield points occur in alloys 

in the exact range of temperatures where the stress 

necessary to produce a given strain at a given strain 

rate increases with temperature." The upper limit of 

this temperature range, Friedel adds, Is defined by 

two requirements. The first is that dislocations must 

be saturated with atmospheres of solute atoms. Hence 

To explain why serrated yielding only occurs 

E. 'bd 
T a (1) 



where T Is the temperature above which serrated yield-
a 

ing cannot occur, is the solute atom-dislocation 

binding energy, k is Boltzmann's constant, and cQ is 

the solute concentration in the matrix. The second 

requirement is that solute atmospheres must move as 

fast as the average dislocation velocity, or 

T = 2* Pb3y 

a k 7 

where is the dislocation density, D is the diffusion 

coefficient, b is the magnitude of the Burgers vector 

of the dislocation, f is the shear stress, and y is 

the strain rate. 

The temperature T^ below which serrated 

yielding cannot occur is given (Priedel, 1964) as 

that at which "the aging time t becomes shorter than 

the time required for a Lueders band to form," or 

t - E|)d A£ 
d 

where A € is the Lueders strain, oc is a constant 

equal to about 3, m is the number of Lueders bands 

that propagate, and c^ is the concentration of the 

atmosphere at the dislocation core, approximately 1. 



It has also been pointed out (Borsch et al., 

i960) that serrated yielding occurs over the range of 

temperatures where strain aging is promoted by strain-

generated vacancies (Cottrell, 1953). These observa

tions have thus intimately associated serrated yielding 

with strain aging. More will be said of these theories 

in Section 2.2 

2.1.4 Effect of Strain Rate on Serrated 

Yielding. Since from the above discussion it appears 

that serrated yielding occurs by thermally-activated 

processes, it is not surprising that its occurrence is 

also affected by the strain rate. It only occurs 

within a narrow range of strain rates, and shows two 

distinct regions (Mikesell and Reed, i960; Miller, 

I96I; Riggs, 1964; Bailey et al., 1965; Thomas, 1966) 

corresponding to the two temperature regions. In the 

lower portion of the strain rate range, the strain to 

onset decreases with increasing strain rate. In the 

higher portion of the strain rate range, the strain to 

onset increases with increasing strain rate. The maxi

mum and minimum strain rates at which serrated yielding 

can occur at a given temperature may be determined 

through Eqs. (2) and (3). 



2.1.5 Character of the Serrations. In an 

effort to gain an understanding of the causes of 

serrated yielding, observations have been made on 

the character of the serrations. As described in 

Section 2.1.1, the character of the serrations is 

determined somewhat by the type of tensile machine 

used. In addition (Polakowski, 1953), it depends on 

the grain size, the strain rate, the quench rate, the 

kind and amount of prestrain, the state of residual 

stress, the aging treatment (if any), and the testing 

temperature. It also depends (Phillips et al., 1952-53) 

upon the alloy used. 

That serrated yielding is associated with the 

formation of Lueders bands was noted by Portevln and 

LeChateller (1923), who first reported the effect (it 

is also sometimes called the Portevin-LeChatelier 

Effect). These bands of heterogeneous deformation form 

when the initiation of slip is more difficult than its 

continuation; that is, when the dislocations become 

locked by solute atoms. Mobile dislocations can then 

be obtained only if these dislocations become unlocked 

or a fresh supply is introduced. The stress necessary 

to do this is obtained at some stress riser, such as 



a surface notch, a grain boundary, or a precipitate 

particle. 

Shepard and Dorn (1956) found that in an 

aluminum-magnesium alloy the delay time for the forma

tion of these bands and their rate of propagation were 

exponentially dependent on the stress and the tempera

ture. This set of experiments, performed under creep 

conditions, also showed that at constant stress the 

strain rate was proportional to the number of bands 

formed, up to a critical strain rate above which the 

strain rate dropped drastically. This indicates that 

at large strains the bands begin to impinge. Rlggs 

(1964) noted that the magnitude of the stress drops 

increased linearly with the stress. 

McReynolds (19^9) found that the strain incre

ments produced by Lueders bands were of the order of 

0.5-1# strain, while the yield point elongation 

produced in mild steels is usually of the order of 

5# strain. This indicates that in Type B yielding, 

Lueders bands propagate along the specimen only one-

fifth the distance of that experienced in Type A 

yielding. 
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It has been determined (Phillips, 1952-53) that 

Type A yielding is not a prerequisite for the occurrence 

of Type B. It has also been found (Polakowski, 1953; 

Thomas, 1966) that Type A yielding is more pronounced 

in slowly cooled specimens. This Indicates, perhaps, 

that Type A yielding is due to strain aging during 

cooling from the solution-treating temperature, and 

that Type B yielding may not occur until after a cer

tain amount of plastic flow. Cold work tends to remove 

Type A yielding (Phillips et al., 1952-53), supporting 

the strain-aging hypothesis. However, since Type A 

yielding is only present in fine grain-size material, 

it has also been proposed (Phillips et al., 1952-53; 

Thomas, 1966) that Type A yielding is caused by solute 

segregation to the grain boundaries, blocking slip 

from grain to grain. 

Visual observation (Chadwick and Hooper, 

1950-51; Polakowski, 1953; Hooper, 1953) has shown 

that Type A yielding is characterized by "random 

markings," while straigv parallel bands inclined 

at approximately 50°-7^'"' to the tensile axis (Portevin 

and LeChateller, 1923; McReynolds, 19^9) are produced 

in Type B yielding. In addition, the surface impressions 



made by Type B yielding have been found to be much 

shallower than those made by Type A yielding. 

It has also been observed (Thomas, 1966) that 

Type A and Type B yielding may occur simultaneously. 

Thomas also notes that Type B markings are more 

common in high temperature tests, while Type A mark

ings are more common in low temperature tests. 

2.1.6 Effect of Thermal Treatment on 

Serrated Yielding. In general, it has been found 

(Phillips, 1952-53; Miller, 1961; Riggs, 1964) that 

the strain to onset of serrated yielding increases if 

the as-quenched specimen is aged prior to testing. 

Overaging the specimen completely eliminates serrated 

yielding (Lubahn, 1949; Berghezan, 1952; Krupnik and 

Ford, 1952; Miller, I96I; Riggs, 1964). In addition, 

if the specimens are pre-strained, allowed to age, 

and then again deformed, the increase in flow stress 

is much greater for a specimen that was in the 

solution-treated condition prior to the prestrain 

than one that had been partially aged prior to the 

prestrain (Phillips, 1952-53). These experiments show 

that thermal aging suppresses strain aging, probably 

because the solute atoms available for strain aging 



are gradually removed from solution as zones or preci

pitates form. 

Experiments were made by Berghezan (1952) on 

the influence on serrated yielding of the quench rate 

from the solution-treating temperature. On testing 

an 8# Zn-Al alloy immediately after quenching, the air-

quenched specimen exhibited a smaller strain to onset 

of serrated yielding than the water-quenched specimen. 

When the alloys were allowed to age naturally over a 

period of 12 days, this difference became even more 

pronounced, and the strain to onset increased for both. 

On the other hand, it has been found (Phillips, 1952-53) 

that very slow furnace cooling tends to suppress 

serrated yielding. Clearly, there is some optimum 

rate of quenching from the solution-treating tempera

ture to produce the greatest magnitude of serrated 

yielding. Berghezan (1952) concluded that the high 

vacancy supersaturations obtained in rapid quenches 

speed zone formation, reducing the number of solute 

atoms in solution available for strain aging. Furnace 

cooling, while not producing vacancy supersaturations, 

would allow zone or precipitate formation during 

cooling and produce the same results. 



The effect of thermal treatment on serrated 

yielding also depends on the nature of the solute 

atoms and their concentration. For example, it has 

been found (Phillips, 1952-53; Riggs, 1964) that thermal 

treatment has little effect on aluminum-magnesium alloys, 

while it has a strong effect on aluminum-copper and 

aluminum-zinc alloys (Lubahn, 19^9; Berghezan, 1952; 

Miller, 1961; Riggs, 1964). 

2.1.7 Effect of Cold Work on Serrated 

Yielding. A slight amount of cold work after a rapid 

quench tends to promote serrated yielding (Berghezan, 

1951), since the vacancy supersaturation is removed 

by small strains, and zone formation is thus inhibited. 

Extensive cold work tends to suppress serrated yield

ing (Miller, 1961), since large strains promote the 

formation of intermediate precipitates (Graf, 1956; 

Kelly and Nicholson, 1963). 

The magnitude of the effect depends on the 

nature and the concentration of the solute atoms. In 

aluminum-copper alloys, the effect is large (Berghezan, 

1951; Graf, 1956), while in aluminum-zinc and aluminum-

magnesium alloys, the effect is greatly reduced or 

even negligible (Berghezan, 1951; Riggs, 1964). 



2.1.8 Effect of Grain Size on Serrated 

Yielding. Serrated yielding has been found in single 

crystals (Paxton and Churchman, 1953; Brindley et al., 

1962) as well as in polycrystals. Hence, the presence 

of a grain boundary is not necessary for the occurrence 

of the phenomenon. Of all the factors influencing 

serrated yielding, it is perhaps the most difficult 

to evaluate (McLean, 1962), because changes in grain 

size are brought about by different thermo-mechanical 

treatments. 

The effects of grain size on the presence of 

Type A yielding were described in Section 2.1.5. For 

Type B yielding, Riggs (1964) showed that the magni

tude of the stress drops (ACT ) followed the relation

ship 

ACT = Bd'1/2 , 

where B is an empirical constant depending on the 

strain, the temperature, and the strain rate, and d 

is the average grain diameter. This relationship is 

theoretically substantiated by the Petch (1953) 



relationship for yielding, 

Cy " °"i + V"1/S ' 

where CT is the yield stress, <T, is an internal 

frictional stress, and ky is a constant which is a 

measure of the strength of locking. Since Riggs (1S64) 

found that Eqs. (4) and (5) both described serrated 

yielding, 

Atr " °"y " °"i " kyd"1/2 ' 

and the empirical constant B = k. 
w 

Although grain boundaries are not necessary 

for the onset of serrated yielding, they affect the 

character of the subsequent serrations (Sharpe, 1966) 

in a complex manner. Using the Taylor (1938) relation

ship, however, Sharpe (1966) was able to obtain nominal 

agreement between the magnitude of stress drops in 

single crystals with those of polycrystals. 



2.2 Theories of Serrated Yielding 

2.2.1 Theories Involving 'Mechanical 

Instability. As pointed out by Sleeswyck (1958), 

serrated yielding may be caused by mechanical instabi

lity. 

For mechanical Instability to occur (Friedel, 

1964), the rate of work hardening or the stress must 

decrease for increasing strain rate. The latter con

dition leads to an apparently negative strain rate 

sensitivity in serrated yielding, as observed by 

Lubahn (1949). In this case, the specimen will tend 

to strain inhomogeneously during serrated yielding, 

with the strain being concentrated in Lueders bands. 

Assuming that there are local regions beyond advancing 

Lueders bands where aging has strengthened the metal, 

others (Popov and Alexandrov, 1962; Popov and Sukhovarov 

1964) have proposed another condition for mechanical 

instability. It is only possible for the band to 

propagate if the rate of stress Increase in the aged 

material ahead of the front Is greater than the rate 

of stress increase in the material in the band, or 

d aged . d<T ,d<7" wd€ n 
dfc ^ ~dt~ = ^~d^~)("dt~) ' 
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If the strain rate is held constant, and the rate of 

increase in stress in the aged portion is roughly-

constant, serrated yielding may occur when the rate 

of hardening decreases sufficiently within the band 

during deformation. 

Mechanical instability may also occur from 

purely geometrical considerations, as pointed out by 

Jaoul (1961). If f and 7 are the resolved shear 

stress and shear strain on the slip plane of a single 

crystal, F is the tensile load and X is the specimen 

length, then during deformation 

dF - Ao f dy /dy ^tan3xl 
dX - cospo lQ I cos2x c " sin *0J ' 

(8)  

where is the initial cross-sectional area of the 

specimen, and p and ^ are the angles between the 

tensile axis and slip plane normal and slip direction, 

respectively. The zero subscript refers to the 

initial value of these quantities. If dF/d£, is to 

remain positive, then 

_< V tan2X cosX cosp . (9) 



The value for the angular component is usually about 

1/2 (Kelly and Nicholson, 1963), so that serrated 

yielding should begin in single crystals when 

< JUL 
d7 - 2 

Kelly and Nicholson (19^3) argue that solute 

atoms or precipitates increase the flow stress of a 

metal, while not greatly changing the rate of work 

hardening. Thus, the effect usually is present only 

in alloys. Using the Taylor (1938) formulae that CT = 

mf and £ = 7/m, with 0^and € denoting the tensile 

3tress and tensile strain, respectively, the theory 

of Jaoul (1961) may be extended to polycrystals. Using 

the value in = 3.1 for aluminum (Taylor and Quinney, 

1931; Kocks, 1958), the criterion of Eq. (10) becomes 

d CT ^ m ̂  /N£ r y-r-
d € ~  < 2 ° ^  ~  1' 5 ^  

This clearly makes polycrystals and alloys more sus

ceptible to serrated yielding than single crystals or 

pure metals. While Jaoul (1961) considered Eq. (10) 

to apply only to initial yielding, it may be necessary 



for a certain amount of plastic flow to occur, since 

in the deformation of polycrystals the rate of work 

hardening generally decreases as the stress increases. 

Recently, Fitzgerald (1966) has proposed a 

theory in which material deformation is considered in 

terms of particle waves. It predicts, in general, 

that all plastic flow must pass through some region 

of serrated yielding, and that the stress drops in 

serrated yielding increase with the stress up to some 

critical stress above which the flow curve becomes 

smooth and parabolic. It suffers from certain draw

backs, however: (a) it predicts serrated yielding in 

infinitely pure metals, while this has not been 

observed (Sharpe, 1966), and (b) it predicts serrated 

yielding at infinitely slow strain rates, while this 

is not observed in practice (cf„ Section 2.1.4). 

This theory, like all theories of mechanical 

instability, suffers from the fact that it cannot 

predict a priori the conditions for the onset of 

serrated yielding. Such theories cannot explain how -

by what mechanism - serrated yielding occurs. Another 

- source of weakness (Frledel, 1964) is that "a simple 

reasoning in terms of macroscopic stresses and strains 



is certainly crude, because it hides essential features 

such as the stress concentrations produced at the edges 

of Lueders bands." Nevertheless, these theories are 

extremely useful in serving to guide reasoning into 

the basic causes of serrated yielding. 

2.2.2 McReynolds1 Precipitation Theory. 

This theory (McReynolds, 19^+9) was inspired by the obser

vations and speculations of the co-discoverers of 

serrated yielding, Portevin and LeChateller (1923). 

When serrated yielding occurred, they observed, "at 

the same time appeared, on the surface of the specimen 

. . . Lueders bands." After further characterizing 

the bands, they observed that "each oscillation of 

stress appeared to correspond to the letting loose of 

a series of slips which were propagated as a train of 

waves (un train d'ondes) from one end of the specimen 

to the other. The appearance of each train of waves 

was accompanied by a little sharp sound, scarcely 

audible a few meters away." They also studied the 

effects of various aging treatments for these aluminum-

base precipitation-hardenable alloys, concluding that 

serrated yielding was associated with the precipitation 

of Mg^Si and AlgCu during deformation. 



McReynolds (19^9) postulated that the motion 

of slip bands generates vacancies and imperfections 

to greatly accelerate diffusion of solute atoms to 

form precipitates in the slip band. The "hardened" 

condition of the lattice induces high stress con

centrations in the vicinity of the precipitates, 

initiating slip in neighboring grains. The rapid 

yielding of successive neighboring grains causes a 

wave of strain to spread through the sample. This 

cycle is followed by another, as successively higher 

stresses are imposed on the specimens, producing the 

serrations in the stress-strain curve. 

The evidence McReynolds gathered appeared to 

be supported by this theory. At low temperatures, 

for example, serrated yielding was not observed; here 

diffusion is assumed low enough to prevent precipita

tion. Again, the effect was absent at high temperatures 

where he assumed an increased creep rate to allow relaxa 

tion of the slip bands. An alternative explanation 

he gave for the lack of serrated yielding at higher 

temperatures was that at higher temperatures the solute 

supersaturatlon would be reduced and precipitation less 

likely. 



Friedel (1964) cites observations (Portevin 

and LeChateller, 1923; Lubahn, 1949; Berghezan, 1952) 

that the formation of precipitates is associated with 

the disappearance of serrated yielding, and hence 

cannot be responsible for causing it. While McReynolds1 

model is somewhat vague in the light of present-day 

(1966) dislocation theory, a closer look reveals that 

the above is not a sufficient reason for dismissing 

it. Precipitates formed by thermally overaging the 

specimens would nucleate throughout the matrix, as well 

as in the vicinity of the slip bands, thus effectively 

denuding the matrix of solute atoms available for 

Interactions with dislocations. However, McReynolds 

assumed that precipitation caused by deformation 

would only be nucleated in the vicinity of the slip 

bands, leaving a wealth of solute atoms in the matrix 

available for further interactions. 

It is more logical to question McReynolds' 

assumption that the stress concentrations around 

precipitates formed in the slip bands during deforma

tion could trigger the initiation of slip in neighboring 

grains. Kelly and Nicholson (1963) have calculated 

that the internal stress Cproduced by precipitates 
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spaced at a distance Jt is approximately 

O"! - . (12) 

where yU is the shear modulus of the matrix and b' is 

the Burgers vector of the dislocations produced by 

the precipitates. A rough approximation (Cottrell, 

1953a) of the yield stress (7"g in a neighboring 

grain is 

°"2 - • < « >  

where b is the Burgers vector of the dislocations in 

the neighboring grain and is their density. By 

setting b' — b, assuming that the neighboring grain 

/ 6 —2 \ 
is very soft \ p ~ 10 cm ), and by equating Eqs. 

(12) and (13), JL - 4 x 10~^ cm. This is a reasonable 

value for the distance of the precipitate from the grain 

/ 12 -2\ boundary. Even very hard = 10 cm ) neighboring 

crystals would yield if precipitates formed as near 

as 20b away from the grain boundary. While these cal

culations are only approximate, they serve to show that 

McReynolds1 model is at least feasible. 



McReynolds' theory, however, only applies to 

polycrystals, while serrated yielding has been observed 

in single crystals (see Section 2.1.8). In addition, 

Sharpe (1966) found that the presence of a grain 

boundary does not affect the initiation of serrated 

yielding, although grain boundaries affect the character 

of subsequent serrations. Thus, precipitation during 

deformation, initiating slip, does not affect the 

initiation of serrated yielding, and can only affect 

the character of the subsequent serrations in poly

crystals. 

2.2.3 Cottrell's Dynamic Strain-Aging Theory. 

Noting observations (Pettweiss, 1919J Nabarro, 1948; 

Hall, 1952) that nitrogen and carbon atoms can diffuse 

fast enough to allow strain-aging during deformation 

at 200°C in iron, Cottrell (1953,195*0 supposed the 

same sort of mechanism to operate in aluminum alloys. 

He observed that (a) some plastic deformation is 

necessary before serrated yielding occurs, that (b) 

the diffusion rates of solutes in aluminum, as extra

polated from high temperature measurements, are far 

too small at room temperature to allow strain aging 

to occur during deformation, and that (c) Seitz (1952), 
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using data of resistivity measurements, concluded 

that vacancies are created during plastic flow in 

ii ^ 
large numbers, the concentration being c = 10 c , 

where € is the plastic strain. 

Combining these three observations, Cottrell 

deduced that the diffusion coefficient (D1) during 

plastic flow is enhanced in proportion to the vacancy 

concentration (cv) over the equilibrium diffusion 

coefficient (D), so that 

D> = cvD . (14) 

The equilibrium coefficient (D) may be written as 

D = a2 -zS exp (- —^) , (15) 

where a is the interatomic spacing, jcS is the Debye 

frequency, and E' is the energy for migration of the 

solute atoms. Equation (l4) may then be written as 

D' = 10"4 € a2 ̂ exp (-E^/kT) . 

\ 

Cottrell's theory further supposes that under the 

(16) 



conditions where serrated yielding occurs, the solute 

atoms must diffuse fast enough to capture mobile dis

locations and slow them. The diffusion coefficient 

for thi3 condition (Cottrell, 1953a), where solute 

atoms are Just able to exert a dragging force on a 

dislocation, is 

T)l = £X_ 
v WF ' 

where A is an interaction constant, and v is the velo

city of the dislocation. 

In order to evaluate the velocity of the 

dislocations under these conditions, Cottrell (195*0 

made several assumptions. First, he assumed that the 

critical velocity (v) is that at which a dislocation 

leaves its Prank-Read source. To gain an expression 

for this velocity, the following model was used. For 

a source of length £> , the time to create a disloca-

/ }  2 
tion loop would be roughly JL /v. If L is the area 

swept out by the loop, N sources per unit volume 

would produce a total strain of NbL . The strain 

rate can then be written as 

NbL2v 

P 



The diffusion coefficient, combining Eqs. (17) and 

(18), is 

D« = ( 2)e 
4kTNbL 

Combining Eqs. (l6) and (19) then gives the strain to 

onset of serrated yielding as 

Russell (1963) has observed such a linear rela

tionship between the strain to onset of serrated 

yielding and the strain rate in tin bronze, and has 

explained the behavior using a model similar to the 

above. It is possible, however, that the results are 

fortuitous, due to a restricted range of strain rates 

used. As pointed out in Section 2.1.4, various invest! 

gators (cf. Hundy, 1954-55; Miller, 1961; Riggs, 1964) 

have found that the strain to onset can decrease with 

increasing strain rate at low strain rates. 

testing temperature, for a given strain rate, should 

decrease the strain to onset. Here again, as outlined 

e 
o 

10*aJL exp(+E'm/kT) 

4a kTNbL' 

The model also predicts that an increase in 



In Section 2.1.3, various investigators (Caisso, 1959; 

Miller, I96I; Riggs, 1964; Bailey et al., 1965; Thomas, 

1966) have found that the strain to onset increases 

with increasing temperature at higher temperatures. 

Several schools of thought have arisen, upon a re-exami

nation of Cottrell's theory, in the light of the contra

dictions outlined above. They have'in common the fact 

that they are based on solute atom-dislocation inter

actions, and so they may be loosely assembled as a group 

of modified strain-aging theories. 

theories was that of Caisso (1959). He noted that the 

phenomenon would occur only If the time (t1) during 

which the specimen suffers the load drop is larger than 

the time t^ required to form an atmosphere around a 

dislocation. Thus, one can write that during propaga

tion of the Lueders band, the average macroscopic 
• A c 

strain rate € = —^7— . By assuming that only one 

Lueders band forms per serration, or m = 1, and by 

combining Eqs. (3) and (16),  

2.2.4 Modified Strain-Aging Theories. 

Chronologically the first of these modified 

10 b kT exp(+Ed/kT) (21) 
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The chief success of this model is that it predicts 

that an increase in temperature results in an increase 

in the strain to serrated yielding, contrary to the 

prediction of Cottrell's Eq. (20). This is true only 

if one assumes that the delay time (t1) decreases 

with temperature, since from Eq. (21), 

But Eq. (21) is indeterminate, since it is not possible 

(Caisso, 1959) to determine t', other than by measuring 

AC /e from the flow curve, and obtaining a verifi

cation of the theory after the fact. 

the strain rate has on the strain to onset. Substituting 

t' =» A € /& into Eq. (21) gives 

for a given temperature. Since A C  is generally very 

small (cf. Caisso, 1959) at the strain to onset of 

serrated yielding, it is difficult to tell from Caisso's 

model whether the strain to onset of serrated yielding 

It is not clear from this theory what effect 

(23) 



should increase or decrease with strain rate. In some 

cases (Riggs, 1964) it has been found that, as the 

strain to onset increases, there Is a tendency for 

the stress drops to increase, indicating a larger 

Lueders strain. This is impossible in Caisso's model 

if the strain rate is held constant. 

Borsch, Shepard, and Dorn (i960), '  in investi

gating the activation energies for creep of alpha 

solid solutions of magnesium in aluminum, discovered 

an unusual peak in the activation energy at about 

room temperature. At other temperatures, the activa

tion energy was found to agree roughly with that of 

the creep of pure aluminum (Sherby et al., 1957). The 

activation energy for creep at this peak was analyzed 

in terms of Cottrell's strain-aging mechanism. While 

the Cottrell model (cf. Section 2.2.3) was based on 

the premise that dislocations become trapped when their 

velocity and the drift velocity of solute atoms coin

cided, the Borsch-Shepard-Dorn (BSD) model postulated 

that locking occurred when dislocations became halted 

at barriers long enough for solute atom locking to 

occur. 

Put more concisely, if vd is the average velo

city of a dislocation, v„ is the average velocity of a s 
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solute atom, t' is the average time during which the 

specimen suffers a load-drop, t^ is the average time 

to form an atmosphere around a dislocation, and t is 

the average time dislocations are held up at barriers, 

the critical points for the occurrence of serrated 

yielding in these first three models are 

It is apparent that the BSD model is similar to 

Caisso's model. The chief difference is that t' is 

the time spent in loading the specimen between 

successive bursts of plastic flow and t is the cl 

average time spent at a barrier. These two times 

should not be greatly different. 

The BSD model estimated the time (ta) at which cl 

dislocations are held up at barriers as 

Since the activation energy for creep (H) in the 

vicinity of the peak was as high as 3.5 eV (80,000 

cal/mole), the time (ta) is extremely high, of the 

(Cottrell) 

(Caisso) 

and (BSD) 

(24-a) 

( 2 h - b )  

(24-c) 

t a 
3 x 10"22 exp(+H/kT) seconds (25) 



qQ 
order of 10J sec. In addition, the activation energy-

was much greater than that for self-diffusion of Mg 

in aluminum of about 1.5 eV (Jost, i960). From these 

two observations (Borsch et al., i960), it was con

cluded that, since serrated yielding also occurred at 

temperatures near the peak temperature, deformation 

can only occur in serrated yielding by the athermal 

unlocking of dislocations from their atmospheres. This 

athermal unlocking would be effected by the stress. 

In the BSD model, no attempt was made to estab

lish a temperature or strain-rate dependence for the 

strain to onset of serrated yielding. Miller (1961) 

gave a qualitative look at the strain rate dependence 

of the strain to onset with the BSD model as a guide, 

identifying the strain to onset with the strain (or 

stress) necessary to break down dislocation pile-ups. 

Miller first assumed that the time (t ) a dislocation 
a. 

is held up at a barrier is the same as the length of 

time it would take a Prank-Read source to produce a 

dislocation. He then showed that at small strain 

rates, t » tw. However, as the strain rate is in-
* a b 

creased, he reasoned, t. would decrease, and the locking 
a 

would gradually diminish. This decreased locking would 
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result in a lower stress to onset and hence would 

result in a lower strain to onset. This would describe 

the portion of the serrated yielding curve where the 

strain to onset decreases with increasing strain rate. 

At higher strain rates, according to this 

model, strain-enhanced diffusion becomes more signifi

cant, and the time to lock a solute atom (t^) becomes 

increasingly smaller. While Miller is not clear on 

this point, it would seem that if t decreases with 
a 

strain rate while tfe increases with strain, and if 

t& = t^, the strain to onset would increase with strain 

rate. 

Miller did not develop a mathematical model 

for his theory. His assumption that the time tQ is cL 

the same as that at which dislocations are produced 

by Prank-Read sources may be taken from the development 

of Eq. (18) as t& = , and if the strain rate is 

written (Cottrell, 1953a) as b^o v, where /o , the 

dislocation density, is about Jt ~2 (Priedel, 1964), 

then 

^ b 

* "" H 
(26) 
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y. 

If = — , as assumed In the BSD model, and If 
d 

serrated yielding occurs when t = t,. then 
a D 

Vd •>/€ • (27) 

\ 

Prom Eq. (17), 

4kTD x 
vd = "F" • (17a> 

Combining Eqs. (26) and (17a), 

* = tit- • ̂ ^/°)+ • (28) 

Thus, even if~one ignores strain-enhanced diffusion, 

the strain to onset should always increase with the 

strain rate, since the dislocation density increases 

with strain. In addition, if D = D exp (- E^/kT) and 

£ = const.(Friedel, 1964), then 

A e exp (+ Ed/kT) 
eo ~ const. 4kTD ' 

and the strain to onset would decrease with increasing 

temperature, which is what the Cottrell model predicts. 



Thus, the Miller model appears to show the same tempera 

ture and strain rate dependence to onset of serrated 

yielding as the Cottrell model. 

Bonizewski and Smith (1963) noted from Cottrell 

theory (Cottrell, 1953a) that the critical strain rate 

at which serrated yielding would occur may be written 

as 

^ • 
where r is the radius of the atmosphere. Since 

4b/ r ru 1, 

At constant strain rate, then, the strain to onset 

would decrease with increasing test temperature, and 

for a given test temperature, the strain to onset 

would increase with increasing strain rate, in accord

ance with the Cottrell model. Bonizewski and Smith 

noted that the rate of work hardening was greater in 

hydrogen-charged nickel than in hydrogen-free nickel, 

and serrated yielding was pronounced under these 



conditions. They concluded that Cottrell atmospheres 

exerted a dragging force on dislocations. According 

to Eq. (30), an increase in dislocation density in 

straining would decrease the dislocation velocity. 

Since, at smaller velocities, the radius r of the 

atmosphere decreases (Cottrell and Jaswon, 1949), and 

A since the force on the dislocation P = —x , where A 
r 

is the interaction constant (Cottrell, 1953a), the dis

location becomes increasingly more difficult to move 

at higher strains. This would account for the increased 

work hardening in the hydrogenated nickel, as opposed 

to that of the hydrogen-free nickel. Since, in this 

system, diffusion of hydrogen occurs by Interstitial 

jumps, they did not take strain-generated vacancies 

into account. 

Wilcox and Smith (1964), in studying this same 

phenomenon, examined dislocation multiplication during 

serrated yielding by electron microscopy. They found 

that the dislocation density was higher, and the dis

location tangles were more numerous, In hydrogenated 

nickel which exhibited serrated yielding than in the 

hydrogen-free nickel. This indicated that the higher 

rate of work hardening in the hydrogenated nickel was 



not due to the gradually Increasing dragging force of 

the Cottrell atmospheres, but was due to the increased 

dislocation density. Work by Johnston (1962) has 

shown that the dislocation veloodty (v) in ionic 

crystals is related to the applied stress ( Tt ) by an 

empirical relationship 

V = ( v / V0)m , 

where m is a constant and 7? is the stress to produce 

unit dislocation velocity. Combining Eqs. (30) and 

(32), the critical strain rate 

e 0  -  V  {  v /  ? 0 ) m  .  

Wilcox and Smith concluded that yielding occurs 

smoothly until mobile dislocations become immobilized 

by tangling, etc., to allow them to become trapped by 

atmospheres. After this, the applied stress increases 

until Lueders bands can form elsewhere. At this time, 

according to Eq. (33), there would be a sudden drop 

in stress, accompanied by a rapid multiplication of 

dislocations in the band, in order to maintain a con

stant strain rate. 



Applying this dislocation multiplication model 

to aluminum alloys, Bailey (1963) wrote Eq. (33) as 

f h _ / ^ ti\m 
0  "  V  ( — : 1  '  

where 7/^ is an internal stress due to work hardening, 

as suggested by Hahn (1962). Bailey argued that in 

the passage of a Lueders band along the specimen, the 

only mobile dislocations would be at the band front. 

Those behind the front would not move, and thus would 

have time to form atmospheres, promoting reoccurrence 

of the event. 

A more complicated model by Bailey and 

Flanagan (1965) extended this idea to serrated yield

ing in bcc alloys. While it is too lengthy to include 

in its entirety, it has the following features: (a) 

it does not rely on the creation of vacanaies during 

plastic deformation to enhance diffusion, and (b) it 

is based on the BSD model (Eq. 24-c), that serrated 

yielding occurs when t . the time a dislocation spends 
a 

at a barrier, becomes equal to t^> the time it takes 

to form an atmosphere around a dislocation. The result 

is 



where B, A, o< , ft , and a are constants, d is the 

average dislocation cell diameter, and the other para

meters have their meanings as above. It obeys the 

same relationships between strain to onset, temperature 

and strain rate as the Cottrell model. 

Sperry (1963) proposed a qualitative model in 

which vacancies and solute atoms line up across the 

slip planes, forming a stress field, and suddenly 

relax, producing a burst of plastic flow. Owing to 
•j o _ n 

the frequency of atomic vibrations (10 0 sec" ), and 

the probability that the stress field due to the 

point defects would be randomly destroyed due to 

diffusion, this model seems highly improbable. 

Riggs (196*4) proposed a semi-quantitative 

model to describe the unpinning process. In his model, 

the first sources to be unpinned were the easiest 

ones, at spacing a. Under these conditions, the cri

tical stress ( If ) to unlock these sources would be 

about ^tb/a, where is the shear modulus. When this 

pinning point is released, the loop bows out between 

the next two pinning points at spacing x>a. The stress 
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to unpin this source would then be "ft = ^/*b/x. 

Thus, an effective localized burst of stress 

" % - K - (36) 

would produce a Lueders band. This source would cease 

to operate when "the overstress condition is relieved, 

normal work hardening sets up back stresses, and other 

sources become active." In this way, "the sequence 

is repeated at many points in the lattice and the 

amount of slip generated by any one source is limited." 

At lower strain rates or higher temperatures, the 

formation of intermediate precipitates would then 

provide stable barriers in which this unpinning would 

not occur, and serrated yielding would be replaced by 

smooth flow. 

2 . 2 . 5  Grain-Boundary Segregation Theories. 

Phillips, Swain, and Eborall (1953) noticed that Type 

A yielding in aluminum-magnesium alloys was only 

present in fine grain-size materials. They found 

that Type B yielding, however, was insensitive to 

grain size. Prom these two observations, they con

cluded that Type A yielding was caused by solute 

\ 



segregation to the grain boundaries, blocking the 

propagation of slip from grain to grain. Because 

of this, yielding would begin only if Lueders bands 

propagated across the specimen. Because Type B 

yielding was insensitive to grain size, they attributed 

the effect as due to a Cottrell-type phenomenon. 

Phillips (1952-53) noticed Type A yielding in 

a Duralumin alloy, and attributed it to the segregation 

of copper atoms to grain boundaries. He found the 

effect to be strongest in solution-treated, slightly 

aged specimens, since the largest amount of copper 

would be in solution after solution treating, and slight 

aging would allow segregation to the grain boundaries 

to occur. Further aging removed the yield point. 

Thomas (1966) found two types of serrated yield

ing behavior in an aluminum-magnesium alloy. Like 
\ 

Phillips (1952-53), he found that a slight amount of 

aging after solution treating introduced Type A 

yielding. After a certain amount of smooth plastic 

flow, Type B yielding was observed. Specimens of fine 

grain-size exhibited two separate regions of serrated 

yielding. At low temperatures, the strain to onset of 

serrated yielding decreased with increasing temperatures, 



obeying the Cottrell law. At higher temperatures, 

however, the strain to onset of serrated yielding 

increased with temperature, obeying the Caisso law. 

Specimens of coarse grain size exhibited only one 

region of serrated yielding, that in which the strain 

to onset of serrated yielding decreased with increasing 

temperature, obeying the Cottrell law. 

At higher temperatures, Thomas reasoned, solute 

atoms easily form around dislocations, which move only 

short distances before becoming locked. To accomodate 

the strain, large numbers of new dislocations are 

formed, and the work hardening is correspondingly 

increased. The back stress increases in this fashion 

until a stress necessary to unlock old dislocations 

is reached, and serrated yielding is Initiated as the 

first Lueders band is formed. Since the solute atmos

pheres increase in size with temperature, the stress 

(or strain) to onset of serrated yielding increases 

with the temperature. 

At lower temperatures, where atmospheres form 

less readily, dislocation multiplication is less neces

sary.' The back stresses produced during deformation 

are minimized, and the type of unlocking characteristic 



of higher temperature serrated yielding is replaced 

by the Cottrell type. Thomas, however, did not 

formulate his theory other than in these qualitative 

terms. 

2.2.6 Summary. The theories presented above 

have one common failing: they do not correctly predict 

the dual nature of the temperature and strain rate 

dependence for the strain to onset of serrated yielding 

(see Sections 2.1.3 and 2.1.4). * \ 

The mechanical instability theories treat the 

phenomenon on a macroscopic scale, and tend to ignore 

the details of deformation on a much finer scale. 

McReynolds' precipitation theory (McReynolds, 19^9) 

does not allow for serrated yielding in single crystals. 

Cottrell's model (Cottrell, 1953) correctly predicts 

the temperature and strain rate dependence of the 

strain to onset of serrated yielding only at lower 

temperatures and higher strain rates. Caisso's model 

(Calsso, 1959) predicts the correct temperature depen

dence in the higher temperature, lower strain rate 

region, but it does not seem to show the correct strain 

rate dependence. More recent attempts to re-examine the 

Cottrell model (Borsch et al., i960; Miller, I96I; 



Bailey, 1963; Bonlzewokl and Smith, 1963; Sperry, 

1963; Wilcox and Smith, 1964; Riggs, 1964; Bailey et 

al., 1965; Thomas, 1966) have shed considerable 

light on the problem, but a quantitative model to ex

plain this dual nature has not yet been developed. 



III. THEORETICAL BACKGROUND 

3.1 Solute Atom-Dislocation Interactions 

Since serrated yielding has been observed only 

in alloys or impure materials, the interactions between 

solute atoms and dislocations must be responsible for 

its occurrence. In general, these interactions are 

of two kinds: (a) dislocation locking, where solute 

atoms collect on dislocations at rest, and (b) dislo

cation friction, in which the solute atoms act on 

moving dislocations. In the first kind of interaction, 

^"he dislocation becomes immobilized and a pronounced 

yield point is observed; this is called strain aging, 

and it will be discussed in Section 3.1.3. The yield 

point is associated with heterogeneous deformation, 

which will be discussed in Section 3.2. In the second 

kind of interaction, it is possible for the solute 

atoms to trail along with the moving dislocations, pro

ducing microcreep, and this will be discussed in 

Section 3.1.4. 
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3.1.1 Dislocation Locking. There are four 

basic types of dislocation locking: (a) chemical 

locking, (b) elastic locking, (c) electrostatic lock

ing, and (d) stress-induced order locking. 

Chemical locking (Suzuki, 1957) originates from 

the difference In free energy between the faulted 

region of an extended dislocation and the matrix. In 

fee metals, the fault consists of hep structure, and 

since the solubility in the fault may differ from that 

of the matrix:, the solute atoms may segregate to the 

fault. This usually increases the width of the fault, 

owing to a decrease in stacking fault energy. In 

order to free the dislocation from this lower energy 

state, an additional shear stress must be supplied. 

This locking is nearly independent of temperature up 

to the temperatures where diffusion is fairly rapid. 

Elastic locking (Cottrell, 1953a, 195^) occurs 

when solute atoms of a different size are introduced 

into a crystal. The localized strain field due to a 

solute atom interacts with the strain field of the 

dislocation and is minimized when the solute atom 

migrates to the dislocation. Thus, an atmosphere is 

formed around the dislocation as the solute atoms 



diffuse along a circular path around the dislocation 

against the gradient of the strain field toward the 

position of lowest energy. As with chemical locking, 

the strengthening is nearly independent of tempera

ture, except in the case where the atmosphere condenses 

along the dislocation core. In this case, the strengthe 

ing varies as T~^ (Haasen, 1959). 

Electrostatic locking (Cottrell, Hunter and 

Nabarro, 1953) results from the dilation of the lattice 

at the dislocation core. Here there is a net negative 

charge, producing an electrostatic reaction with solute 

atoms of a different valency. It is generally believed 

(Friedel, 1964) that this type of locking is much 

weaker than chemical or elastic locking, although the 

solution to the problem is only approximate. The 

strength of the locking is fairly independent of tem

perature . 

Schoeck and Seeger (1959) have proposed that 

the strain field of a dislocation may be somewhat 

relieved if the lattice becomes ordered in a small 

region near the dislocation. Locking would then occur, 

since a higher stress would be required to move the 

dislocation from this energetically favorable 
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position. Below the temperature for rapid diffusion, 

the effect should be fairly independent of temperature. 

3.1.2 Friction on Moving; Dislocations. 

Solute atoms can also contribute to the friction involved 

in dislocation motion. There are four mechanisms 

responsible: (a) an internal stress, (b) a shear modu

lus interaction, (c) a core interaction, and (d) short-

range ordering. 

Solute atoms having a misfit ( £ ) in size in 

an alloy can produce an internal stress field in the 

lattice (Mott and Nabarro, 1948). The average internal 

stress produced is f ̂ whereis the 

shear modulus, and c is the solute concentration. If 

the solute atoms are dispersed such that the disloca

tion is able to bow between them, the strengthening is 

increased slightly (Cottrell, 1953a, 195*0* 

Solute atoms may be considered as small 

volumes (b ) of foreign material In a lattice of 

differing shear modulus (Fleischer, 1963). Such 

elastically soft or hard spots produce a hardening 

similar to the Mott-Nabarro friction described above. 

At low temperatures, the dislocation lines 

may assume a zig-zag shape despite line tension 



(Friedel, 1956) In order to allow certain solute 

atoms to lie in energetically favorable positions at 

the dislocation core. The hardening ( "fc* ) produced 

may be written as 

E, ,c /jj bd o 
" o 3 > 

2b"3 

where E^- is the dislocation-solute atom binding 

energy and cQ is the solute concentration in the 

matrix. The hardening decreases linearly with tem

perature, and disappears at a temperature where thermal 

activation tends to destroy the zig-zag patterns of 

the dislocations. 

No solid solution is truly random and, 

depending on the sign of the energy of mixing, atoms 

will either tend to order or to cluster over small 

regions in the lattice. Noting this, Fisher (195^) 

proposed that dislocations passing through such 

regions would have to supply an increment in stress 

to change the regions to higher energy states. If the 

binding energy across the 3lip plane is thus increased 
p 

by W ergs/cm , the stress needed to drive a dislocation 

through these regions is 



T" _ W 
Co " b • 

Below temperatures where diffusion is rapid enough 

to restore order, the effect is independent of tem

perature. 

3.1.3 Strain Aging. As noted in Section 

3.1.1, solute atoms may migrate to the dislocations 

and lock them. When a sufficiently high stress is 

applied, the dislocation is torn free of the solute 

atmosphere and is able to move through the lattice at 

a lower applied stress. On a macroscopic scale this 

results in heterogeneous deformation, as described in 

Section 3.2. 

Although the treatment by Cottrell and Bilby 

(1949) of the strain-aging process has undergone many 

refinements, it has remained virtually unchanged in 

its central features. If n(t) is the number of atoms 

at the dislocation at time t, 

n ( t )  -  Oin0/a (^)2/3 , (39) 

where oC is a constant equal to about 3, n is the con

centration of solute atoms in the matrix, jo is the 
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dislocation density, and A is an interaction constant. 

Defining the fraction of solute atoms segregated to 

the dislocation as f = n(t)/nQ, 

(®£)S/3 

In order to describe the increase in yield stress 

during strain aging, it is sometimes assumed (Russell 

and Vela, 1963) that the fractional Increase in 

hardening is the same as the fraction (f) of solute 

atoms segregated to the dislocation, or 

f  -  *  < r ( t )  
1  ~ a cr max. 

where AO" (t) is the Increase in yield stress after 

aging time t, and A C7" is the increase in yield ma /v 

stress when aging is complete (f » l). At 0°K, 

Cottrell (1953a) showed that 

A 0" A 
max , 2 2' 

b ro 

where rQ == b is the radius of the atmosphere. Thus, 

the increase in yield stress at time t, by combining 



Eqs. (40), (4l), and (42) is roughly 

ACT(t) = ($j£)2/3 . 

o 

Equation (43) clearly cannot apply to the later 

stages of aging, since f must remain less than 1. 

Harper (1951) has proposed a more general form of Eq. 

(40) by assuming that the flux of solute atoms to the 

dislocations is decreased in proportion to the amount 

of solute atoms already removed from the surrounding 

matrix. Harper's model fits well experimental data 

obtained for the later stages of aging, and reduces to 

Eq. (40) for short aging times. 

3.1.4 Microcreep. All of the models for 

dislocation locking described in Section 3.1.1 might 

also lead to the type of frictional drag described in 

Section 3.1.2 if diffusion is rapid enough or if the 

dislocation velocity is low enough. The effect of 

these mechanisms is the same in that a dislocation 

moves under their influence at constant velocity under 

a constant stress. This was shown by Weertman and 

Weertman (1964), and detailed models for the various 



proposed mechanisms have been developed by Sellers and 

Quarrel (1961-62). 

Suppose that n solute atoms per unit length 

of dislocation act as pinning agents. In the Cottrell 

mechanism (Cottrell and Jaswon, 19^-9) > this would 

correspond to the number of solute atoms in the atmos

phere; in the ordering mechanism of Schoeck (1956), 

it would correspond to the number of ordered atoms; 

in the short-range ordering mechanism of Fisher (195*0> 

it would correspond to the number of atoms disordered 

when a dislocation moves an atomic distance. The 

resultant dislocation velocity (v) at an applied 

stress ( V) may then be written (Weertman and Weertman 

1964) as 

where D is the solute diffusion coefficient. 

It is also possible that extended dislocations 

may drag their chemical locks if diffusion is rapid 

enough. This leads to a dislocation velocity of 

about (Suzuki, 1955, 1957) 



where tf0 is the critical resolved shear stress due 

to the locking force of the solute atoms, r is the 
applied stress, and D is the solute diffusion coeffi

cient. Like Eq. (44), it also shows the dislocation 

velocity to be proportional to the applied stress. 

The unlocking stress ( #" ) may be written (Priedel, 

1956) as 

(f, - f, )2 

% = °o(l " co) bhkT ' 

where cQ is the solute concentration in the matrix, 

and (f, - f ) is the difference in free energy of the 
D a. 

solute atom in the matrix and in the stacking fault 

of thickness h. 

Of the various microcreep mechanisms listed 

above, the Suzuki mechanism would be expected to play 

only a small role in the deformation of aluminum-base 

alloys, since in these alloys the stacking faults are 

not widely extended. Likewise, it is expected that 

the Fisher and Schoeck mechanisms would not greatly 

Influence deformation of these alloys, since the alloys 

tend to cluster rather than order. Because of this, 

the Cottrell-Jaswon model remains most responsible for 
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mlcrocreep, with perhaps a small contribution from 

Suzuki-type mlcrocreep at higher solute concentrations, 

since higher concentrations tend to widen the faults 

(Frledel, 196*1). 

Since the strain rate (Cottrell, 1953a) may 

also be written as 

11 
6 = b^o v , (47) 

Eq. (44) may be written as 

e = VnkjfD . m 

It is possible to' define a critical disloca

tion velocity above which the dislocation would be 

moving much faster than the solute atoms. The micro-

creep phenomenon would tend to disappear above this 

velocity. This velocity is roughly 

D 
vc " b (^9) 

for a dilute atmosphere. Combining Eqs. (44) and 

(49), the critical stress for break-away may be written 



6o 

as 

Cc = ̂  . (50) 
b' 

The critical temperature (T,) above which the phenome-

non would disappear can be obtained by combining Eqs. 

(15) and (49), so that 

bv = D £ b2 2/ exp(- E'm/kT) , (51) 

or 

Thus, for unsaturated clouds, the upper temperature 

limit for mlcrocreep is a function of E' , the energy, 

of migration of the solute atoms, and v, the disloca

tion velocity. 

3.2 Heterogeneous Deformation 

As pointed out in Section 2.2.1, mechanical 

Instability in the material can lead to heterogeneous 

deformation in which the flow stress is attained 



successively In different parts of the specimen by the 

formation of one or more Lueders bands. The sample 

undergoes localized regions of plastic deformation 

while the flow curve exhibits drops in the flow stress 

as the bands form. 

. The phenomenon Is associated with either: (a) 

an unpinning of dislocations locked by some mechanism 

described in Sections 3.1.1, 3.1.3, or 3.1.4, or (b) 

a rapid multiplication of new dislocations introduced 

at some stress concentration. The band is nucleated 

at some weak point in the test specimen, usually at 

some surface discontinuity, and is inclined at about 

60° to the tensile axis. The band fronts then propa

gate parallel to this direction, moving through the 

undeformed matrix. In most cases (Cottrell, 1952), the 

Lueders bands are easier to propagate than nucleate. 

This is presumably because nucleation of the band re

quires a high stress concentration to be maintained at 

the band tip while it develops across the specimen, 

but propagation requires only that the stress concen

tration already present at the surface shift laterally 

along the specimen. 



IV. OBJECTIVES OF THIS INVESTIGATION 

Stated specifically, the purpose of this 

investigation was to study the phenomenon of serrated 

yielding in selected aluminum alloys. As discussed 

in the preceding section, there is no satisfactory 

theory to explain the occurrence of serrated yielding 

in the region where the strain to onset of serrated 

yielding (as defined in Fig. l) increases with increas

ing temperature and decreasing strain rate. The method 

of treatment of the problem was: (a) to use tensile 

tests to determine the strain to onset of serrated 

yielding and the yield stress as functions of the test

ing temperature and the strain rate, and (b) to develop 

and use stress relaxation methods to determine the 

dislocation mechanism(s) responsible for serrated yield

ing. 
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V. MATERIALS AND TEST EQUIPMENT 

5.1 Material 

The aluminum alloys used in this investigation 

were chosen because they are all known to exhibit 

serrated yielding (Riggs, 196^1). While the 2000 and 

7000 series of alloys are known to form precipitates 

on aging, the 5000 series is not considered to be heat-

treatable. These different alloys were chosen, 

furthermore, because the substitutional solute atoms 

have different diffusion and zone-formation character

istics. The chemical compositions and as-received 

form of the materials are given in Table 1. 

5.2 Tensile Specimens of Sheet Material 

The 2024-F and 7075-F alloys were obtained in 

sheet nominally 0.06^-in. thick. Specimen blanks 

(3 x 3/4-in.) were sheared so that the tensile axis 

coincided with the rolling direction. These blanks 

were then milled in a Tensilkut milling machine to the 

dimensions shown in Pig. 2. After milling, cutting 

oil and filings were removed from the specimens with 

ethyl alcohol prior to solution treatment. 
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TABLE 1 

Chemical Analysis of Materials 

Elements, Weight Percent Source 
Avg. 

Grain 

Material Cu Fe Si Mn Mg Zn Ni Cr Ti V Zr Ga 
of 

Data Material 
diam. 
(mm) 

2024-F 4.52 0.34 0.15 0.67 1.43 0.07 0.01 0.03 0.02 0.01 0.02 A 1 .. 
16 

sheet 0.10 

X5053-F 0.05 0.01 0.01 0.06 3.59 A 3 " plate 0.20 X5053-F 0.05 0.01 0.01 0.06 3.59 A 10 plate 0.20 

7075-F 1.63 0.20 0.13 0.06 2.46 5.61 0.24 0.05 0.01 A 1 .. 
16 sheet 0.06 

2319-F 6 .3  0 .3  0 .2  0 .3  0.02 0.1 0.15 0
 

•
 

H
 

O
 

0
 

.
 

M
 

V
J1

 

1 1 1 1 A 1 u diam. 0.05 2319-F 6 .3  0 .3  0 .2  0 .3  0.02 0.1 0.15 0
 

•
 

H
 

O
 

0
 

.
 

M
 

V
J1

 

1 1 1 1 

16 wire 0.05 

5356-F O n r j  5.00 r\ in B 1 .1 diam. 0.01 5356-F 5.00 B 16 wire 0.01 

7075-F l  f. 2.50 5.60 — 0.30 B 1 .. diam. 0.09 7075-F 2.50 5.60 — 0.30 B 16 wire 0.09 

A. W. G. Fricke, Jr., private communication. 

B. Alcoa Handbook (1962), pp. 42-43. 

Ch 
•tr 



Schematic of Electronic 
Circuitry. 

Positive input of Leeds & 
Northrup recorder. 

Negative input of Leeds & 
Northrup recorder. 

Daytronlc Model 300C transducer 
amplifier-indicator with Daytronlc 
Type 6l differential transformer 
plug-in unit. 

Leeds & Northrup potentiometer 
(with no automatic temperature 
compensator). 

Daytronlc Model 103C linear 
variable differential trans
former (LVDT). 

Ground. 



65 

4-diam -j-rad. 0104 

Thickness = 16 

F i g .  2 .  S h e e t  S p e c i m e n  D i m e n s i o n s  

m 
black white 

F i g .  3 .  S c h e m a t i c  o f  E l e c t r o n i c  C i r c u i t r y .  



The X5053-F alloy was received as 0.300-in. 

plate. To obtain blanks for the Tensilkut machine, 

the plate was first sectioned by the bandsaw into bars 

of dimensions 0.30 x 0.75 x 3.0-in. with the tensile 

axis along the rolling direction. These bars were then 

split in thickness by a bandsaw into pieces each approxi 

mately 0.125-in. thick. The rough faces were then 

milled until the thickness was nominally 0.064-in. 

Further milling by the Tensilkut machine was performed 

as above. Prior to testing, the specimens were indi

vidually measured with a dial indicator gage to insure 

accurate values of the cross-sectional area. 

5.3 Specimens for Stress Relaxation 

Specimens for the stress relaxation tests were 

prepared of alloys 2319-F, 535^-F, and 7075-F by 

cutting 5-ln. lengths from the 0.06H-in. diameter 

wire prior to heat treatment which will be described 

in Section 6.1. The final gage length (length between 

the pin vise grips) was 4.0-in. Both the specimens 

and pin vises were threaded with a No. 1-72 thread; 

this effectively prevented slipping within the grips 

during testing. 



5.4 Test Equipment 

5.4.1 Elevated and Depressed Temperature 

Baths. Tensile tests and relaxation tests were per

formed on an Instron Model TT-C tensile machine described 

below in Sections 5.4.2 and 5-4.3. In order to perform 

tests at elevated and depressed temperatures, use was 

made of the special tripod cage shown in Fig. 4B. It 

allowed the load to be transmitted from the specimen 

through the lower cross-head to the load cell while the 

specimen was immersed in a constant temperature bath. 

The use of the tripod cage did not alter any of the 

basic features of the Instron machine. 

Depressed temperature tests were carried out 

by means of a constant temperature specimen bath shown 

in Pig. 4B and an external refrigerated low-temperature 

bath. A mixture of 80 volume percent ethyl alcohol 

and 20 volume percent water was circulated from the 

external low-temperature bath to the specimen bath and 

back by means of a pump. Temperature was regulated 

by a control unit with a platinum wire resistance 

thermometer and immersion heater in the specimen bath. 

It was possible to control the temperature to within 

+ 0.5°C by this means over the range of temperatures 



Fig.  4 .  Test Equipment. 

A. Non-Relaxing load cell used in 
3tress relaxation. 

B. Tripod specimen cage and associated 
constant temperature bath. 
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Fig.4. Test Equipment. 



from -20°C to +26°C. Due to the rapid circulation of 

the cooling fluid by the pump, no device for agitation 

of the bath fluid was necessary. Tests at 195°K were 

performed in a mixture of solid CO^ and ethyl alcohol. 

Elevated temperature tests were carried out 

in water using the temperature control unit with the 

platinum wire resistance thermometer and the immersion 

heater placed in the specimen bath. Using the control 

unit and a magnetic stirrer, it was possible to con

trol temperature to within +0.5°C over the range of 

temperature from room temperature to 100°C. 

5.4.2 Tensile Test Equipment. Tensile tests 

in this investigation were made on an Instron TT-C 

tensile machine with a Model F load cell. This is a 

relatively "hard" tensile machine, driven at constant 

cross-head speeds from 0.002 to 2 ipm. The load cell 

had an accuracy of 4_0.5$ of the load, regardless of 

the. load scale used, and had a maximum load capacity 

of 10,000 pounds. 

This machine contained a Leeds and Northrup 

strip-chart recorder, with chart speeds of from 0.2 

to 50 ipm. Since both the strip chart and cross-head 

move at constant speeds, the displacement of the chart 



along its time axis was proportional to the specimen 

elongation. In this way, the chart was calibrated to 

read specimen elongation instead of tine (when this 

was desired) by multiplying the displacement on the 

strip chart by the ratio of the cross-head speed to 

the chart speed. Verification of the accuracy of this 

method of measuring strain was made by using a strain 

gage and separate Houston X-Y recorder. The error 

was less than +0.1% of the total plastic strain, the 

accuracy increasing with the strain. 

5.4.3 Stress Relaxation Test Equipment. In 

preliminary investigations, a stiff calibration piece 

was inserted in place of the specimen in order to deter

mine whether any relaxation of the Instron tensile 

machine and load cell occurred. After the motion of 

the lower croSs-head was arrested, a decrease in load 

of about 10 percent occurred within about 60 seconds. 

The effect was observed for the initial loads at which 

the cross-head motion was arrested as small as one 

pound, and increased in magnitude as the initial load 

increased. In some cases, the load at first decreased 

upon relaxation and then increased after a period of 

about ten minutes, sometimes to a load higher than 



the initial load. In addition, on unloading and 

arresting the cross-head motion, a continuous increase 

in the load was observed. 

Using a sensitive linear variable differential 

transformer (LVDT) as transducer, no motion of the 

lower cross-head could be detected during relaxation. 

The Instron recorder had a full-scale rise time of 

about 1.2 seconds (independent of the scale used). 

This was a much shorter characteristic time than that 

of the "machine relaxation," and so it was deduced 

that this effect was caused by the load cell. This 

was later corroborated by Shaw (1966). 

Since it is believed that the anelastic pro

perties of the cement and paper backing of the SR-4 

type strain gages used in the load cell were responsible 

for this effect, a load cell was designed and constructed 

which used an LVDT having a sensitivity of 1.5 mv/V/mil 

as transducer. This type of transducer contains no 

anelastic elements. As shown in Fig. 4A, the LVDT 

(Daytronic Model 103C) was mounted to measure the ver

tical deflection of a simple beam in bending. In this 

load cell, the deflection of the beam was proportional 

to the load. The stiffness of the load cell was 



approximately 0.017 mil/lb., and it was designed for 

a maximum load of 500 pounds. In order to demonstrate 

the linearity of this load cell, and that it was truly 

"non-relaxing," tests were made of the loading char

acteristics. These loading characteristics are shown 

in Fig. 5. The upper curve was obtained by loading 

the cel-l to about 99.5 pounds, and then arresting the 

cross-head motion, using a stiff calibration piece in 

place of the specimen. Over a period of two minutes 

(longer than that used in relaxation tests), the 

"machine relaxation" was negligible; after replacing 

the calibration piece with a specimen, and repeating 

this procedure, a drop in load of over two pounds was 

noted. It should be stated that in preliminary tests 

some "machine relaxation" was observed, but it was 

found that this was due to a small load on the lead 

wires to the LVDT, and by properly supporting them, 

this effect was eliminated. The linearity of the load 

cell is shown in the lower curve of Pig. 5 (°n a 

different load scale than the above curve), obtained 

by hanging dead weights of 5 pounds and 25 pounds 

from the load cell. 
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As shown in Pig. 3, the output from the LVDT 

was fed through a Daytronic Type 6l differential 

transformer plug-in unit into a Daytronlc Model 300C 

transducer amplifier-indicator. The output from the 

transducer amplifier-indicator was fed to the Leeds 

and Northrup strip-chart recorder in the Instron 

testing machine, using a load-time coordinate system. 

In order to greatly magnify the load scale of 

the relaxation curve, a potentiometer (without auto

matic temperature compensation) was used as a voltage 

source to shift the zero of the expanded scale without 

shifting the zero of the less sensitive scale used to 

follow the stress-strain curve prior to arresting the 

cross-head motion. The potentiometer was connected with 

a reverse bias. By calibrating the potentiometer with 

various loads, it was possible to find the proper 

potentiometer setting to magnify the load scale for 

any particular load prior to relaxation. The use of 

this equipment will be described in Section 6.3. 



VI. EXPERIMENTAL PROCEDURE 

6.1 Heat Treatment 

Prom preliminary tests, it was found that each 

of the alloys used could be solution treated by heat

ing the specimen in a salt pot at 465°C for 15 minutes, 

followed by a water quench. A mechanical stirrer in 

the salt pot insured against thermal gradients in the 

molten salt, and it was possible to control the 

solution-treating temperature to within +2°C. After 

quenching, the specimens were aged at room temperature 

for five minutes prior to testing. With the exception 

of the 1100 aluminum specimens, which were tested in 

the P condition, all of the specimens used in this 

study were given this heat treatment prior to testing. 

6.2 Constant Strain Rate Tensile Tests 

Using the equipment described in Sections 

and 5.U.2, tensile tests were performed at constant 

temperature and constant strain rate. Two specimens 

were tested at each condition of constant strain rate 

and constant temperature to insure accuracy in the 
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values obtained. Six temperatures were used: 195°K, 

253°K, 273°K, 299°K, 323°K, and 353°K. At each of 

these temperatures, tests were performed on the sheet 

alloys (2024, X5053, and 7075) at strain rates of 

3x 10 sec-1, 3x 10-4 sec""1", 3x 10"^ sec-1, and 

-2 -1 3x 10 sec , completely covering the range of strain 

rates available on the Instron machine for this 

sample size. Each test sample was Individually 

solution treated and water quenched prior to testing. 

In addition, the tensile machine was recalibrated 

between the testing of every four specimens to insure 

accurate values for loads obtained. 

6.3 Stress Relaxation Tests 

In stress relaxation following plastic deforma

tion (see Appendix A), the specimen was plastically 

deformed and then the cross-head motion was arrested 

at a given load, after which the decrease in load was 

followed as a function of time. As shown in Appendix 

B, the activation energy for plastic flow in stress 

relaxation may be written as 

kTp a Apm,c , 

H  =  ^ ( v f e '  '  



where k is Boltzmann's constant (8.62 x 10~^ eV/atom -

°K or 1.222 x 10~2':" in-lb/mole - °K), and c-^ are 

empirical constants in Eq. (B-l) obtained at tempera

ture from the relaxation curve, and m^ is the slope 

of the elastic portion of the stress vs. total strain 

curve (stress vs. time) at temperature T^. The values 

for the other parameters were obtained at temperature 

Tg, where T2 > T^. Sample calculations of these values 

are provided in Appendix C. 

The experimental procedure to obtain these 

values is shown schematically in Pig. 6. The speci

men was first loaded elastically from A to B at 

temperature T^, and the slope (m) of the elastic por

tion of the stress vs. total strain curve was obtained. 

The"specimen was then unloaded to point C (leaving a 

small load on the specimen to keep the equipment rigid), 

and the temperature bath was changed to the higher 

temperature (T^) bath. After thermal equilibrium was 

obtained (normally a period of ten minutes), the speci

men was loaded to a given load PQ at point D, at which 

the cross-head motion was arrested and the specimen 

was allowed to relax for a period of 90 seconds. This 

is called primary relaxation, and the stress associated 
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with the load P is called the prior stress. In order o * ————— 

to greatly magnify the load scale of the relaxation 

curve, a predetermined reverse bias (see Section 5.^.3) 

was imposed on the recorder by switching the potentio

meter to "Galv" during the loading from C to D. At the 

same time, the load range was switched on the trans

ducer amplifier-indicator to a five pound full-scale 

range. In this way, the recorder zero was temporarily 

shifted to read PQ at full scale, with five pounds as 

a full scale load. This placed the recorder pen off-

scale at the lower load end until a load five pounds 

less than PQ was reached in loading. At this point, 

the pen would begin to move toward the full scale 

reading as PQ was gradually reached. When PQ was 

reached, the cross-head motion was arrested (point D), 

and the primary relaxation curve was obtained. At 

point E, the specimen was unloaded to a small load, 

and the temperature bath was changed to the colder 

bath (T^), and after thermal equilibrium was obtained, 

the relaxation curve from G to H at was obtained 

exactly as above. This is called secondary relaxation. 

The general effects of initial load and relaxa

tion temperature on the relaxation curve for 1100 



aluminum wire are shown in Figs. 7 and 8. In general, 

the relaxation rate increases with either an increase 

in temperature or an increase in the prior stress. 

The question may be raised as to whether the 

stress at which the derivative in Eq. (B-Hb) is taken 

refers to the stress from which relaxation is initiated 

(corresponding to load PQ in Pig. 6), or to the relaxed 

stress (such as point E in Fig. 6). Since there is no 

precedent for thi3 type of experiment, it was decided 

to use the initial unrelaxed stress corresponding to 

load PQ in Fig. 6. This was done for two reasons. 

First, measuring the derivative at this stress gives 

a value for plastic flow at that point on the stress-

strain curve. Second, the relaxed stress, corresponding 

to point E in Fig. 6, is a wholly arbitrary stress; 

thus, one would have to qualify his experimental values 

for the activation energy as that for a particular 

relaxed stress. 

Another question that might be raised is 

whether there is a change in structure of the metal 

during relaxation, and during the changing of the tem

perature bath and subsequent reloading. Such a change 

in structure would render Eq. (B-4b) invalid. It is 
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important to point out that this change in structure, 

if it is to invalidate Eq. (B-4b), must occur during 

the relaxation tests. A change in structure during 

plastic deformation between relaxation tests would 

not invalidate Eq. (B-4b). In order to determine the 

effects of unloading and reloading on the relaxation 

rate (see Fig. 9), an 1100 aluminum wire was loaded 

to about 87.5 pounds, allowed to relax, reloaded to 

87.5 pounds, allowed to relax, and so forth for a 

number of cycles. As can be seen from Pig. 9, the 

relaxation rate gradually decreases with repeated 

relaxation, and thus there is a small change in struc

ture during relaxation. This effect is unavoidable, 

since a small amount of plastic flow occurs in relaxa

tion, and this would Increase the athermal component 

of the stress (see Appendix A). However, in contrast 

to the total strain, this amount of strain is very 

small. In this case, with the load cell having a 

stiffness of 0.02 mil/lb, relaxation of 0.5 pounds 

corresponds to a plastic elongation of the specimen 

-S -2 of about 10 , compared to a total strain of about 10 

While the effect is cumulative, the change In relaxation 

rate during consecutive cycles is very small, much 
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smaller than the effects of stress and temperature, 

as shown In Pig. 10. In addition, the specimen was 

unloaded after about 320 seconds, and reloaded to the 

relaxed stress. The relaxation curve continued as 

before unloading, indicating that, while there may be 

a slight change in structure during relaxation itself, 

unloading and reloading produce no apparent change in 

structure. This is understandable, since unloading 

and reloading to the relaxed stress is almost wholly • 

elastic. 

It is usual (Conrad et al., 1961), in mechani

cal testing, to perform tests where a change of 

temperature is required such that the change is a 

decrease in temperature. This prevents recovery during 

the temperature change. Fig. 10 shows the results of 

first allowing relaxation in 1100 aluminum to occur at 

one temperature and then at another. The wire was 

first loaded to about 75 pounds at 27°C, the cross-head 

motion was arrested, relaxation was allowed, the speci

men was unloaded, the temperature bath was changed to 

one at 50°C, ten minutes were allowed for thermal 

equilibrium to be established, the specimen was reloaded 

to 75 pounds and allowed to relax, and so on. Although 
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there is a slight change in relaxation rate with 

repeated cycling, as explained above, it is very 

small compared to the effect of changing the tem

perature. In addition, the effect is reproducible 

and reversible. Since it is, very little recovery 

takes place during relaxation and during unloading 

and changing the temperature bath. That there is 

very little recovery during this temperature change 

has been substantiated by others (cf. Conrad et al., 

1961), in whose work it is not unusual to allow 15-20 

minutes to pass during the temperature change, even 

at room temperature. 



VII. RESULTS AND DISCUSSION 

Experimental evidence pertaining to the pheno

menon of serrated yielding in selected aluminum alloys 

is presented in the following section. It is divided 

into the categories of tensile studies, where specimens 

were strained at given temperatures and strain rates, 

and relaxation studies, where specimens were strained 

to a given stress, after which the stress was allowed 

to relax. Phenomenological evidence of the effects 

of strain rate and temperature on the character of the 

serrations, the yield stress, and the strain to onset 

of serrated yielding were obtained in the tensile 

studies. In the relaxation studies, quantitative 

data on the mechanisms causing serrated yielding was 

obtained, along with phenomenological evidence. From 

these experimental results, an interpretation of the 

cause of serrated yielding is given in the light of 

previous work described in Section II, and theoreti

cal considerations presented in Section III. A new 

model is developed, based on the escape of dislocations 

from their mlcrocreep atmospheres, which shows the 

proper strain rate and temperature dependence of the 

88 



onset of serrated yielding at lower strain rates and 

higher temperatures. 

7.1 Tensile Studies 

7.1.1 Effect of Temperature and Strain Rate 

on the Character of the Serrations. Stress-strain 

curves of as-quenched 2024 and 7075 alloys, as recorded 

by the strip chart at various temperatures, are shown 

in Pigs. 12 and 13. The very sharp peaks in the -20°G 

and +50°C curves in Fig. 13 and in the +26°C curve in 

Pig. 12 were due to electrical noise (lightning). Both 

figures are similar, in that the strain to onset of 

serrated yielding tends to decrease with increasing 

temperature below room temperature, and to increase 

with increasing temperature above room temperature. 

Type A yielding is exhibited in the 7075 alloy at -20°C, 

+26°C, and +50°C, while it is only present in the 2024 

alloy at +50°C. At -20°C, the serrations for both 

alloys show a group-like character. At +26°C, the 

serrations lose these groupings and show a more uniform 

character. At +50°C, serrated yielding is suppressed. 

With its onset at high stress in the 2024 alloy, how

ever, the first serrations are large, comparable to 



90 

.u 

V) 

(/) 
(A 
a> 
k_ 

•*-» 
(/) 

o 

o 

o 
0.24 0.16 0.08 0 

Elongat ion,  inches 

F i g .  1 2 .  S e r r a t e d  Y i e l d i n g  i n  t h e  2 0 2 4  A l l o y .  



to 
J* 

l/> </> 0) 
4-« 
CO 

0 

0 

0 

F i g .  



those appearing at the same stress in the alloy tested 

at +26°C. Note also that at +50°C, there is a large 

increase in yield stress in the alloys, as well as an 

increase in the rate of work hardening. The phenomenon 

tends to appear only for small rates of work hardening, 

as also noted by Price and Kelly (1964) and Riggs (1964). 

This is given theoretical justification by Eq. (ll), 

which shows that serrated yielding tends to occur below 

a critical rate of work hardening. 

7.1.2 Effect of Temperature and Strain Rate 

on the Yield Stress. In Figs. 14-16, the 0.2$ offset 

yield stress for the 202*1, 5053, and 7075 alloys is 

plotted as a function of temperature for various 

strain rates. These temperatures and strain rates 

correspond to those over which serrated yielding was 

observed. Data for the 5053 alloy show an Increase 

in flow stress with strain rate over the entire range 

of temperatures, while data for the 2024 and 7075 

alloys show this type of behavior only at lower tem

peratures. Above approximately 300°K, the 2024 and 

7075 data show a strong increase in yield stress with 

temperature, presumably due to some solute-dislocation 

interaction. 
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This strong temperature dependence of the 

yield stress is not expected in nonsupersaturated 

solid solutions from theoretical considerations 

(Priedel, 196^; Seeger, 1958), and, indeed, a "room 

temperature plateau" has been observed (Sherby et al., 

1951) in annealed aluminum alloys. However, the 

alloys tested in the present study were highly super

saturated solid solutions with high supersaturations 

of quenched-in vacancies, and were far from being in 

equilibrium. The quenched-in vacancies would Increase 

diffusion rates toward those of the solution-treating 

temperature (638°K, or roughly twice the testing 

temperature) until their concentration would, with 

time, be reduced to an equilibrium concentration. 

Thus, solute atom-dislocation Interactions, not possible 

due to the lower equilibrium diffusion rates in testing 

annealed alloys at room temperature, could strongly 

affect the strength of the as-quenched alloys. 

Whatever strengthening mechanisms occur, the 

strongly increasing temperature dependence of the yield 

strength suggests that these mechanisms are associated 

with diffusion of the solute atoms during deformation 

to dislocations or to zones or precipitates. Because 



of the unstable nature of the metallurgical structure, 

Figs. 13-15 do not show the true temperature dependence 

of the yield stress predicted by models outlined in 

Section III. The strong temperature variation in the 

2024 and 7075 alloys at higher temperatures suggests 

that zone formation is a contributing strengthening 

mechanism in these alloys at higher temperatures, since 

the 5053 alloy is not precipitation-hardenable and it 

does not show this variation. 

7.1.3 Effect of Temperature and Strain Rate 

on the Strain to Onset of Serrated Yielding. In Figs. 

17-19, the strain to onset of serrated yielding, as 

defined in Fig. 1, is plotted as a function of tem

perature, for various strain rates, for the as-quenched 

202M, 5053, and 7075 alloys. The temperature and strain 

rate limits are the same as those of Figs. 14-16, so 

that a direct comparison between the yield strength 

and the strain to onset can be made. 

Figures 17-19 can be pictured as "deformation 

boxes." The various curves describe serrated yield

ing surfaces. Deformation can be depicted as motion 

parallel to the strain axis from a point on the zero 

strain surface. At first deformation occurs smoothly, 
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but when the serrated yielding surface is reached, the 

flow curve begins to experience numerous serrations 

as straining continues. Finally, the specimen fractures 

when it reaches the maximum strain wall of the box. 

Since it has been observed (cf. Sections 2.1.3 and 2.1.^) 

that serrated yielding occurs within a range of strain 

rates and temperatures, there must also be, besides the 

fracture strain surface, surfaces of maximum and minimum 

strain rate and temperature to confine the region of 

serrated yielding. As a first approximation, if' the 

deformation box in which the serrated yielding surface 

is located is a rectangular parallelopiped, as in Figs. 

17-19, the serrated yielding surface can be pictured 

shaped roughly as a paraboloid of revolution, whose 

axis is parallel to the strain axis, and whose nose 

points to the zero strain wall. 

Figures 17-19 show that this serrated yielding 

surface is in fact a much more complicated shape. It 

was impossible to fully define the surface, however. 

It was not mechanically possible to vary the range of 

strain rates beyond those shown. Besides the mechanical 

limitation of cross-head velocity, It would be difficult 

to exceed the upper strain rate limit due to the 
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Inherent limitations of the response of the recording 

equipment, and it would be difficult to exceed the 

lower strain rate limit due to the excessively long 

testing times required. For example, at the highest 

strain rates, the serrations began to appear as ripples 

on the flow curve, and at the lowest strain rates, 

testing times of several hours were required. 

In order to determine whether dislocation 

locking is possible in serrated yielding, values of 

solute concentration and dislocation-solute atom bind

ing energy (Tables 1 and 6) were inserted into Eq. (l), 

which defines the temperature (T ) above which atmos

pheres would not effectively lock stationary disloca

tions. In the 2024 alloy, atmospheres of copper or 

magnesium atoms would be maintained up to l450°K or 

596°K, respectively. Atmospheres of magnesium atoms 

would be maintained in the 5053 alloy up to 750°K. In 

the 7075 alloy, the zinc atoms provide only weak locking, 

and would evaporate above 269°K. The magnesium and 

copper atoms, however, would form stable atmospheres 

up to 675°K and 930°K, respectively. 

The above calculations were based on the assump

tion that each alloying element acts independently upon 



the dislocations. It is more realistic to assume that 

the locking action is provided by the sum of their 

interactions. Equation (1) would then be written as 

n 

T c n ' x 

k Y~ c^) 

i=o 

where n is the number of components, is the binding 

energy of the 1 component to the dislocation, and 

c^ is the concentration of the 1 component in the 

matrix. Since the average binding energy is not 

greatly different from the individual binding energies, 

and since the sum of the concentrations is much larger 

than the individual concentrations, the critical tem

perature given by Eq. (la) should be much larger than 

those calculated above. In addition, a3 pointed out 

by LI (1963), plle-ups of dislocations should be locked 

even more strongly by solute atoms than should single 

stationary dislocations. Prom this, it Is clear that 

for the alloys studied, stationary dislocations should 

be locked over the entire range of serrated yielding. 
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The question of whether dislocations can drag 

atmospheres in the temperature range of serrated yield

ing is more difficult to answer. On the one hand, at 

higher strain rates and lower temperatures, dislocations 

on the average may begin to move easily with just a 

frictlonal stress from the solid solution, and then 

become captured by solute atoms. On the other hand, 

at higher temperatures and lower strain rates, the 

dislocations may begin to move by microcreep, as des

cribed in Section 3.1.4, and then break free (Eq. 46). 

The first of these cases has been treated by 

Cottrell (1953, 1954). The resulting model (cf. Section 

2.2.3) predicts that solute atmospheres may form at a 

sufficient strain in aluminum-base alloys and initiate 

serrated yielding. It also predicts that the strain 

to onset should increase with increasing strain rate 

and decrease with increasing temperature. 

Recent work (Horiuchi et al., 19&5; Horiuchi 

and Yoshinaga, 1965) indicates that at higher tempera

tures and lower strain rates, plastic flow in aluminum 

alloys is governed by microcreep. As suggested by Hart 

(1954), dislocations may be freed from pinning atoms, 

leading to a rapid multiplication of dislocations. 
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Equation (50), below, shows that the stress (or strain) 

to serrated yielding should Increase with increasing 

temperature if the onset of serrated yielding is 

associated with the escape of moving dislocations )vs. 

the capture in the Cottrell theory) from clouds. 

% - • (50) 
0 b 

For completely saturated clouds, the number of solute 

atoms per unit length of dislocation is n = 1/b. The 

maximum shear stress (Eq. 50) in aluminum alloys then 

becomes tf lO-"1" T ksi, where T is in °K. For 
c 

T = 300°K, the escape stress is 30 ksi, in nominal 

agreement with experimental results. 

With increasing strain rates, the number of 

pinning atoms per unit length of moving dislocation 

(n) should decrease as segments of the dislocation 

escape from their atmospheres. If b/n is the activa

tion area of each escape, N is the number of sources 

per unit area, "Z^exp (- E^/kT) is the activation 

frequency, where ̂  is the Debye frequency, and E^ 

is the dislocation-solute atom binding energy, the 

strain rate is approximately 



2 
£ = Wb

n 
exp (" Ebd/kT) 

Combining Eqs. (52) and (5l)* 

e - ̂  exp (- EM/kT) , 

or the stress to onset of serrated yielding should 

decrease with Increasing strain rate. Note that Eq. 

(53) also predicts that the stress to the onset of 

serrated yielding for a given strain rate should also 

increase with increasing stress (or strain). To 
_ Q A 

evaluate this model at 300 K, the values of N = 10 /cm 

(Cottrell, 1954), y = 1013/'sec, V = 30 ksi, and 

= 0.30 eV (Table 6) give a value for the escape 

-1 
strain rate of 3 x 10 sec. , which is within the 

range of strain rates for serrated yielding shown in 

Pigs. 17-19. 

From these considerations, it appears that at 

higher strain rates and lower temperatures, serrated 

yielding is initiated by the capture of mobile dis

locations. Analysis of this process leads to the 

Cottrell-type behavior (cf. Section 2.2.3), where the 

strain to onset of serrated yielding increases with 



increasing strain rate and decreasing temperature. 

At lower strain rates and higher temperatures, however, 

dislocations begin yielding by dragging atmospheres of 

solute atoms, and serrated yielding is initiated at a 

stress sufficiently high to allow dislocations to 

escape from these atmospheres between pinning points, 

as pointed out by Hart (195^). In this case, the 

stress (or strain) to onset of serrated yielding 

decreases with increasing strain rate and decreasing 

temperature. This latter effect has not yet been 

observed in alloys where interstitial impurities form 

atmospheres. It is suggested that it occurs only in 

substitutional fee alloys, where the solute atom-

dislocation binding energy is much lower, and escape 

from atmospheres is possible. 

The Interpretation of Figs. 17-19 is as follows. 

Each "deformation box" contains three regions. The 

nose of the serrated yielding surface corresponds to 

the critical velocity for serrated yielding, above 

which dislocations initially move without atmospheres, 

and below which they initially drag atmospheres. In 

the higher temperature region, dislocations move 

Initially by microcreep, and escape their atmospheres 
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at the serrated yielding surface. Serrated yielding 

then occurs beyond the surface as dislocations repeatedly 

escape and are captured by their atmospheres. In the 

lower temperature region, yielding begins as disloca

tions move unimpeded by atmospheres. Upon reaching the 

serrated yielding surface, however, strain-enhanced 

diffusion causes atmosphere formation, and serrated 

yielding occurs beyond the surface as dislocations are 

repeatedly captured by and escape from their atmospheres. 

While Fig. 17 shows that the 2024 alloy clearly 

exhibits these regions, Figs. 18 and 19 show that the 

serrated yielding surface has a more complex shape. 

Figure 18 (5053 alloy) only shows the microcreep region 

at the lowest strain rates. This is a nearly pure 

aluminum-magnesium alloy. From Table 6, the migration 

energy (E^) for Mg atoms is 0.11 - 0.^5 eV, compared 

to 0.U6 - 0.52 eV for Cu and 0.47 - O.55 eV for Zn. 

Magnesium atoms can thus trail along with dislocations, 

and serrated yielding is controlled primarily by the 

Cottrell mechanism. 

At higher strain rates, data for the 5053 

alloy show a tendency to form two noses In the serrated 

yielding surface. Since this alloy is of fairly high 
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purity, the effect cannot be due to trace elements. 

It is suggested that the effect Is in some way connected 

with the grain-boundary segregation theories outlined 

in Section 2.2.5, since this effect is observed pri

marily in aluminum-magnesium alloys. 

The 7075 alloy, as shown in Pig. 19, likewise 

shows a tendency to form two noses. Since this alloy 

also contains an appreciable amount of magnesium, it 

is possible that the effect is related to grain-

boundary segregation. It may also be due to the 

combined effects of several solutes; however, there 

is little systematic information on the effects of 

trace elements or combinations of solutes on mechanical 

deformation. In fact, as pointed out by McLean (1958), 

"its basic study is 3urely the most neglected problem 

in metallurgy." It is suggested that each nose may 

be associated with the effect of a given element. Since 

the solute atom-dislocation binding energy (Table 6) of 

copper is about 0.30 eV, that of magnesium, 0.20 - 0.27 

eV, and that of zinc, 0.08 - 0.11 eV, it is possible 

that zinc plays no important role in serrated yielding. 

This has been observed by Riggs (1964), who found that 

an alumlnum-zlnc alloy showed little tendency for 



serrated yielding. With this interpretation, the 

higher temperature nose may be associated predominantly 

with copper atmospheres, and the lower temperature nose 

with magnesium atmospheres. 

In order to examine more closely the mechanisms 

governing serrated yielding, it is necessary to study 

the activation enex'gy and activation volume for plastic 

flow under these conditions. 

7.2 Relaxation Studies 

7.2.1 Introduction. As described in 

Appendices A and B, stress relaxation after plastic 

deformation may be used to study the mechanisms 

governing plastic flow. The solid is first deformed 

to a given stress, after which the cross-head motion 

is arrested, and the decrease in load is followed as 

a function of time. Analysis of the relaxation curve 

yields values of the activation energy for plastic 

flow (H), the activation volume (w), the strain rate 

sensitivity (A), and an empirical constant (c) which 

is useful in describing the relaxation curve. The 

experimental procedure for obtaining the primary and 

s e c o n d a r y  r e l a x a t i o n  c u r v e s  i s  o u t l i n e d  i n  S e c t i o n  6 . 3 .  



The physical significance of the activation 

energy (H) and the activation volume (w) are given 

in Appendix A. The activation energy is a measure 

of the energy required to surmount a barrier to 

dislocation movement, such as that shown in Fig. A-3. 

From the value or the activation energy, it 

is possible to determine the dislocation mechanism 

governing plastic flow. The activation volume is the 

average volume of metal swept out by Individual dis

locations as they move from barrier to barrier. 

Values for the activation volume characteristic of 

the various possible dislocation mechanisms are shown 

in Table 7. The strain rate sensitivity is inversely 

proportional to the activation energy (Eq. A-ll), the 

proportionality constant being kT, the thermal energy 

It gives a measure of the sensitivity of the flow 

stress to sudden changes in the strain rate. 

It is difficult to give a physical interpreta 

tion to the c constant. Gulu and Pratt (1964) have 

defined it as 

MkT , Ho " 
0 = aT exp HP > 
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where M is a constant depending upon the temperature, 

machine stiffness, specimen size, and tensile modulus 

(Eq. A-8), A is a frequency factor (Eq. A-l), and Hq 

is the activation energy when the thermal component 

of the stress ( K*)> ̂  defined in Section A.l, is 

zero. By this definition, the c constant should 

Increase with temperature, while being a complicated 

function of the structure of the metal. As shown In 

Appendix B, 

i = - 2\ (B-3) 

at the initiation of stress relaxation, so that the 

c constant relates the strain rate sensitivity (X) to 

the stress relaxation rate. Finally, according to 

Eq. (B-l), the relaxation curve may be looked upon as 

beginning at a time c, so that the c constant may be 

an "incubation time." Further interpretation of the 

values of the relaxation parameters is given in 

Appendices A and B. 

All of the stress relaxation curves obtained 

could be fitted to Eq. (B-l), where the stress decreases 

with the logarithm of the time, but could not be fitted 
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to a Zener (1948)-type of relaxation curve, where the 

stress decreases exponentially %wlth the time. These 

curves were obtained at considerably higher stresses 

than those used for Zener-type relaxation, and it is 

suggested that the reason for the behavior is due to 

the fundamentally different natures of the relaxation 

processes, that of plastic flow by dislocation motion, 

and that of relaxation of anelastic stress components, 

such as the re-ordering of lnterstitials. 

The results of these relaxation studies are 

given in the following sections. The data are pre

sented in Tables 2-5. Prom these data, an interpre

tation of the dislocation mechanisms governing plastic 

flow in the region of serrated yielding is given. 

7.2.2 Range of Relaxation Parameters. The 

values of the c constant ranged from nearly zero to 

2000 seconds, depending on the alloy. The 1100 aluminum 

showed a minimum of 1 second, while the alloys showed 

minimums of the order of 0.1 second. The widest range 

of values for the c constant was obtained for the 5356 

alloy, where it ranged from nearly zero to 2000 seconds. 

The alloys tended to show a greater range of values 

for the c constant than the 1100 aluminum, for which 

it ranged from 1-800 seconds. This indicates a greater 
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TABLE 2 

S-tress Relaxation Data for 1100 Aluminum Wire 

(see-1) T 0 * b3 H 

x 10^ (ksi) (° K) (sec) (psi) x 10~2 (eV) 

323 30 147 4.2 
15.5 1.7 

297 600 37\4 _15l.2 

323 20 . 147 4.2 
ISM 1.4 

297 600 77.6 7.4 

323 200 251 2.J5 
23 .2  

2Q7 100 21.1 2j\_l 

323 15 166 3 . 7  
26.4  1 .3  

297 100 36.4 15.7 

294 2 60. 6 9.3 
15.5 

273 15 94.0 5.6 

294 1.5 92.7 6.1 
1.3 19.4 " 0.62 

273 4.5 48.0 11.0 

294 1.4 147 1.3 
23.2 0.47 

2?13 1.8 89.6 5.9 

263 2 69.3 7.4 
15.5 0.23 

105 2 13.6 2.8 

263 1.8 104 4.9 
2.Q 19.4 0.29 

JLQ5 4 17.8 2.2 

263 1 65.8 7.8 
23.2 0.26 

195 6 48.1 8.0 



TABLE 3 

Stress Relaxation Data for 2319 Aluminum Wire 

115 

(etc"1) To T ? H 

x 10^ (ksi) (° K) (sec) (psi) x 10~2 (eV) 

323 20 87.7 7.1 
15.5 1.8 

299 100 2.11 272 

323 10 91.3 6.8 
19.4 0.80 

299 30 26.9 21.3 

293 0.31 2*1.4 23.2 
15.5 0.84 

273 5 40.4 13.1 

293 4 33.3 17.0 
1.3 19.4 0 .56  

273. 30 55.3 9.5 

293 15 43.4 13.1 
23.2 0 

273 10 63.1 8.4 

263 0.1 17.1 29.8 
15.5 0.36 

1£5 6 17.1 22.5 

263 0.3 33.3 15.3 
2.9 19.4 0.51 

195 5 17.1 22.5 

263 Q.15 1.3 392 
23. 2 

195 4 2*1.3 15.8 



116 

TABLE 4 

Stress Relaxation Data for 5356 Aluminum Wire 

€ , 
(sec ) <r0 T c * 

w 
H 

o
 

i—i 

(ksi) (° K) (sec) (psl) x 10"2 (eV) 

323 10 55.3 11.2 
15.5 

299 200 0.34 1622 
3.0 

323 6 75.6 8.2 
0.13 19.4 

299 2000 3.1 180 
3.3 

323 6 82.5 7.5 
23.2 

299 5 67.6 3.0 
1.4 

293 0.42 21.1 26.9 
15.5 

273 20 29.9 17.7 
1.4 

293 0.46 38.8 14.6 
1.1 19.4 

273 4 19.4 27.2 
1.1 

293 0.26 37.8 15.0 
23.2 

273 0 0 00 
+ 00 

263 0.25 15.5 32.9 
15.5 

195 10 71.8 5.4 
0.19 

263 0.46 20.9 24.4 
3.5 19.4 

195 8 35.8 14.7 

i—1 O
J 

• 

o
 

263 0.26 25.7 19.8 
23.2 

195 15 54.4 7.1 
0.29 
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Stress Relaxation Data for 7075 Aluminum Wire 
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• 
£ 

(sec-1) Co T c -h 
w 

7 H 

x 1021 (ksl) (° K) (sec) (psl) 

OJ 1 o
 

1-
1 

1 
x
 (eV) 

323 20 63.2 9.8 
31.1 

293 100 78.8 7.2 
4.5 

323 8 76.9 8.1 
0.14 34.9 

293 1000 1.6 366 
2.8 

38.8 
323 7 54.7 11.4 

38.8 
293 1000 1.4 420 

2.8 

293 2 74.4 8.4 
15.5 

273 6 134 3.9 
0.49 

293 1.5 75.8 8.2 
1.1 19.4 

273 10 186 2.8 
0.37 

293 l 75.8 8.2 
23.2 

273 3.5 104 5.1 
0.35 

253 .048 25.6 19.2 
27.2 

195 10 64.4 6.0 
0.59 

253 

LT
\ CO o
 • 1 i 38.8 12.7 

3.3 31.1 
195 6 38.8 9.9 

0.40 

253 .13 53.4 8.4 
34.9 

195 20 96.8 4.0 
0.40 



change in structure in the alloys in serrated yielding 

with changing stress, temperature, and strain rate 

than for the 1100 aluminum. 

Values for the strain rate sensitivity in the 

alloys ranged from nearly zero to 186 psi, while it 

ranged from 13-251 psi in the 1100 aluminum, indicating 

that the alloys show a lower strdn rate sensitivity 

than the commercially pure aluminum. Clough (1965) 

showed that the strain rate sensitivity Increases with 

the solute concentration in annealed aluminum-zinc 

alloys. However, those used in the present study were 

in a condition with a high supersaturatlon of solute 

atoms. Clough (1965) attributed the effect to a 

widening of the stacking faults In the presence of 

the solute atoms, and the subsequent increased diffi

culty in cross-slip, making the stress for dislocation 

motion sensitive to the strain rate. The high super-

saturation of solutes in the specimens in the present 

study, however, would not only inhibit cross-slip, 

but would inhibit dislocation glide as well, making 

any dislocation motion sluggish, and less sensitive 

to changes in the strain rate. 
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The activation volume for plastic flow in the 

1100 aluminum ranged from 130-2710 b , where b is the 

Burgers vector, and the activation volume for the alloys 

ranged from 280-162,200 b^. Like the c constant, the 

activation volume for plastic flow in the 1100 aluminum 

shows both a lower minimum and a narrower range than 

that for the alloys. This further emphasizes the un

stable structure of the alloys. The rather large maxi

mum activation volume for the alloys may be associated 

with the intersection of G.P. zones, if compared to the 

values expected for such a process shown in Table 7. 

As shown in Table 7, an expected value for the activa-

tion volume for climb is about 1 b , so that this 

mechanism can be ruled out as a governing mechanism. 

In addition, it is believed (cf. Friedel, 1964) that 

the Peierls-Nabarro force is not very high in fee 

crystals. Thus, the plastic flow of these alloys in 

the serrated yielding range may be governed by: (a) 

intersection of dislocations, (b) non-conservative 

motion of jogs, (c) cross-slip, or (d) intersection of 

G.P. zones. k 

The activation energy for plastic flow ranged 

from 0.23 - 1.7 eV in the 1100 aluminum to nearly zero 

to 4.5 eV in the alloys. 
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TABLE 6 

Activation Energies in Electron Volts for 
Solute Atoms in Aluminum 

Solute Ebv jjn Ebd Ed 

Cu 0.13-0.19 0.46-0.52 0.30 1.42-1.52 

Mg 0.20-0.54 0.11-0.45 0.20-0.27 1.24-1.67 

Si 0.10 0.55 ' 1.33 

Zn 0.10-0.18 0.47-0.55 0.08-0.11 1.21 

Legend 

E, = Vacancy-solute atom binding energy, 
v from Federighi (1965). 

E = migration energy of vacancy in pure 
m aluminum = O.65 eV (Friedel, 1964). 

Em = Em " Ebv ~ miSration energy of solute 

atom, by subtraction (Cottrell, 1958). 

E. , = solute atom-dislocation binding energy, 
from Friedel (1964). 

E, = activation energy for solute atom 
diffusion, from Jost (i960). 
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TABLE 7 
* 

Activation Volumes for Dislocation Mechanisms 

Mechanism Activation Volume 

Overcoming Peierls-Nabarro stress 101 - 102b3 

Intersection of dislocations 102 - 10V 

Nonconservative motion of jogs 102 - 10V 

Cross-slip 101 - 102b3 

Climb 1 b3 

Intersection of G. P. zones 103 - 105b3 

* From Conrad (1964) and Kelly and Nicholson (1963). 



In the 1100 aluminum, the strain rate sensi

tivity decreased on secondary relaxation, the effect 

being more pronounced at lower strain rates and 

higher temperatures. Again, this is probably because 

the easier sources are used up during primary relaxa

tion. For the alloys, however, the strain rate 

sensitivity decreased on secondary relaxation at 

higher temperatures, but it increased at room tem

perature and below. It is suggested that this behavior 

is due to the fact that at higher temperatures, relaxa

tion occurs through mlcrocreep, so that easier sources 

are used up during primary relaxation, decreasing the 

strain rate sensitivity. At lower temperatures, 

however, dislocations may not be captured until a 

certain amount of stress relaxation, so that a greater 

number of dislocations would move by mlcrocreep in 

secondary stress relaxation, increasing the strain rate 

sensitivity. 

For the 1100 aluminum, the activation volume 

(w) showed the same trend of change on secondary 

relaxation as the c constant so they are perhaps 

related. While the c constant decreased on secondary 

relaxation for the alloys as well, the activation 
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7.2.3 Effect of Secondary Relaxation on 

the Relaxation Parameters. The effect of secondary 

relaxation on the relaxation curve has been discussed 

In Section 6.3, where It was shown that the ch.mge In 

structure between primary and secondary relaxation was 

very small compared to the total structure factor. In 

this section, the effect of secondary relaxation on 

the various relaxation parameters will be discussed. 

For all of the specimens tested, the c constant 

was much greater for secondary relaxation thc^n for 

primary relaxation. The difference was much rr.ore pro

nounced under the testing conditions of higher tempera

ture and lower prior strain rate. Since the c constant 

is related to the structure of the metal, and this 

would be expected to change more easily at higher 

temperatures, this is to be expected. Since the c 

constant changes by an order of magnitude during 

stress relaxation, it must be very sensitive to the 

change in structure. If the c constant is viewed us 

an incubation time for plastic flow, it would be 

expected to be higher for secondary relaxation, since 

the easier sources would have been activated In rrlrfcry 

stress relaxation. 



7.2.3 Effect of Secondary Relaxation on 

the Relaxation Parameters. The effect of secondary 

relaxation on the relaxation curve has been discussed 

in Section 6.3, where It was shown that the change in 

structure between primary and secondary relaxation was 

very small compared to the total structure factor. In 

this section, the effect of secondary relaxation on 

the various relaxation parameters will be discussed. 

For all of the specimens tested, the c constant 

was much greater for secondary relaxation than for 

primary relaxation. The difference was much more pro

nounced under the testing conditions of higher tempera

ture and lower prior strain rate. Since the c constant 

is related to the structure of the metal, and this 

would be expected to change more easily at higher 

temperatures, this is to be expected. Since the c 

constant changes by an order of magnitude during 

stress relaxation, it must be very sensitive to the 

change in structure. If the c constant is viewed as 

an Incubation time for plastic flow, it would be 

expected to be higher for secondary relaxation, since 

the easier sources would have been activated in primary 

stress relaxation. 



In the 1100., aluminum, the strain rate sensi

tivity decreased on secondary relaxation, the effect 

being more pronounced at lower strain rates and 

higher temperatures. Again, this is probably because 

the easier sources are used up during primary relaxa

tion. For the alloys, however, the strain rate 

sensitivity decreased on secondary relaxation at 

higher temperatures, but it increased at room tem

perature and below. It is suggested that this behavior 

is due to the fact that at higher temperatures, relaxa

tion occurs through mlcrocreep, so that easier sources 

are used up during primary relaxation, decreasing the 

strain rate sensitivity. At lower temperatures, 

however, dislocations may not be captured until a 

certain amount of stress relaxation, so that a greater 

number of dislocations would move by mlcrocreep in 

secondary stress relaxation, increasing the strain rate 

sensitivity. 

For the 1100 aluminum, the activation volume 

(w) showed the same trend of change on secondary 

relaxation as the c constant so they are perhaps 

related. While the c constant decreased on secondary 

relaxation for the alloys as well, the activation 
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volume for the alloys tended to Increase on secondary 

relaxation above room temperature, showing a decrease 

only at temperatures below room temperature. The 

decrease In the activation volume upon secondary 

relaxation is to be expected, since easier sources 

with larger activation volumes would be partially 

used up during primary relaxation. 

It is difficult to explain why the activation 

volume increased on secondary relaxation for the alloys 

at higher temperatures. The change in some cases was 

very large, and it is suggested that this increase may 

be associated with the formation of Lueders bands, or 

at least the triggering of large regions of plastic 

flow, due to the locking of sources during primary 

relaxation. 

7.2.4 The Effect of Prior Stress on Primary 

Relaxation. The prior stress is the stress (see Pig. 6) 

at which the cross-head motion was arrested and relaxa

tion initiated. For the 1100 aluminum, there is no 

clear trend to the variation of the c constant with 

the prior stress, although it is relatively Insensitive 

to changes in the prior stress at room temperature and 

below. This suggests that the c constant is related 



to the structure of the metal, which would tend to 

change more readily during deformation at higher 

temperatures. For the same reason, the c constant 

for the alloys was insensitive to changes in prior 

stress at lower temperatures, with the exception of 

the 2319 alloy, and showed a general decrease with 

prior stress for relaxation tests conducted above room 

temperature. While the 2319 alloy showed a relative 

insensitivity of the c constant to prior stress at 

temperatures above and below room temperature, it 

showed a general increase with prior stress at room 

temperature. Since it is not clear how the c constant 

Is related to the structure of the metal, the physical 

basis for this behavior is not apparent. 

For the 1100, 2319> and 5356 alloys, the 

strain rate sensitivity generally Increased with the 

prior stress. This effect is usual in deformation 

(cf. Guiu and Pratt, 1964), since it is Inversely 

proportional (Eq. A-ll) to the activation volume (w), 

which decreases during deformation as the dislocation 

density Increases. For the 7075 alloy, however, this 

behavior was only observed below room temperature. 

At room temperature, the strain rate sensitivity was 
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almost Independent of the stress, and the dependence 

was of a mixed character above room temperature. The 

reason for this is not clear, although as shown below, 

it may be associated with the formation of Lueders 

bands. 

The activation volume (w) for all of the 

specimens generally decreased with Increasing prior 

stress, although there was some scatter in the data. 

As explained above, this tendency shows that as the 

specimen is strained, the barriers to plastic flow 

become more closely spaced. 

The activation energy for plastic flow decreased 

with increasing prior stress for the 1100 aluminum or 

was relatively constant, especially at lower tempera

tures. In general, this was also true for the alloys, 

although the 5356 alloy showed an increase in activation 

energy with increasing prior stress at lower tempera

tures. 

A similar decrease in activation energy with 

increasing stress has been observed in pure aluminum 

by Trozera, Sherby, and Dorn (1957). In regard to the 

alloys, Westwood and Broom (1957) observed a continuous 

decrease in the activation energy for strain aging in 
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Al-Mg alloys with increasing pre-strain. Thus, the 

results obtained by stress relaxation are in general 

agreement with those obtained by other methods. The 

significance of this effect will be discussed below. 

7.2.5 Effect of Temperature and Prior 

Strain Rate on Primary Relaxation. The temperature 

of the relaxation test and the strain rate maintained 

prior to arresting the cross-head motion strongly 

affect the stress relaxation parameters. The c constant 

increased with increasing temperature and decreasing 

strain rate for all of the specimens tested. If the c 

constant is viewed as an "incubation time" to initiate 

plastic flow, the opposite behavior would be expected; 

thus, this interpretation must be wrong. Instead, it 

must be viewed as a complicated function of the structure 

of the metal. 

The strain rate sensitivity of all of the speci

mens tended to increase with increasing temperature 

and decreasing strain rate. This behavior is common 

in pyre metals (cf. Carreker, 1950). However, Lubahn 

(1952) found that the strain rate sensitivity became 

negative for alloys in the strain-aging region. Physi

cally, this means that an increase in strain rate is 



accompanied by a decrease in the stress. Obtaining 

a negative strain rate sensitivity is impossible in 

stress relaxation, since by definition the strain 

rate sensitivity is the slope of the relaxation curve, 

as shown in Pigs. B-l and B-2, and a negative strain 

rate sensitivity would cause the load to increase 

after the cross-head motion is arrested. Figures 

14-16, which depict the yield surfaces for the 2024, 

5053, and 7075 alloys in the strain-aging region, show 

that the yield stress decreases with increasing strain 

rate at room temperature and above for the 2024 and the 

7075 alloys. This would lead to the negative apparent 

strain rate sensitivity that Lubahn (1952) observed 

in the as-quenched 2024 alloy at room temperature. 

Below room temperature, where serrated yielding was 

also observed, the strain rate sensitivity of the alloy 

was positive, so that it is not necessary for it to be 

negative for serrated yielding to occur. The fact 

that the strain rate sensitivity as obtained by stress 

relaxation increases with temperature in serrated 

yielding suggests that the values obtained for the 

parameter depend upon the testing technique. 

The activation volume for the 1100 aluminum 

was not strongly dependent on the temperature and the 



prior strain rate. This indicates that the same 

deformation mechanism operates in 1100 aluminum over 

the range of temperatures for serrated yielding as in 

the alloys. In these, the activation volumes decreased 

with increasing temperature and decreasing strain rate. 

The values obtained in primary relaxation, however, 

for the activation volumes were of the same order of 

magnitude ( r*J 1/2 x 10^ - 10^ b^) for both the alloys 

and the 1100 aluminum. Thus, about the same area is 

swept out by a dislocation activation in the alloys 

during serrated yielding as in the 1100 aluminum. 

The activation volumes expected for the various 

dislocation mechanisms have been calculated by Conrad 

(1964) and Kelly and Nicholson (1963), and are shown in 

Table 7. The values obtained in this study (1/2 x 10^ 

10^ b^), rule out overcoming Peierls-Nabarro stress, 

cross-slip, and climb as possible rate-controlling 

mechanisms. Instead, the possible rate-controlling 

mechanisms are: (a) intersection of dislocations, (b) 

non-conservative motion of jogs, and (c) intersection 

of G.P. zones. Naturally, the latter may be ruled out 

as a possibility in the 1100 aluminum. Data obtained 

by creep of high-purity aluminum by Sherby, Lytton and 
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Dorn (1957) indicates that cross-slip controls deforma

tion at around room temperature. However, the strain 

rates used by Sherby et al. were of two to three orders 

of magnitude smaller than those used in the present 

relaxation studies. More recent data by Nunes, Rosen 

and Dorn (1965) obtained by tensile tests in pure poly-

crystalline aluminum indicates that the activation 

2 3 3 
volume varies from 2.5 x 10 - 10^ b , decreasing with 

increasing stress, still larger than that for cross-slip, 

and they concluded that deformation below 370°K (within 

the temperature range of this study) is controlled by 

the dislocation-intersection model. 

Since the activation volume is roughly the same 

for the dislocation-intersection and the non-conservative 

drag of jog motion models, the controlling mechanism in 

the 1100 aluminum must be selected by the values of 

the activation energy obtained. As stated in Section 

7.2.4, the activation energy tended to decrease with 

Increasing stress at higher temperatures, but was rela

tively independent of the stress below room temperature. 

It may be considered (Trozera et al., 1957) that at 

higher stresses more of the work of deformation is done 

by the applied stress, or that (Seeger, 1958a) higher 

stresses reduce the barrier heights. 
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The values for the activation energies in this 

study show a strong temperature dependence. This 

implies that more than one mechanism of deformation 

operates within the range of serrated yielding. The 

activation energy must thus be viewed in this case as 

an effective activation energy, a weighted average of 

the activation energies for the mechanisms possible, 

the dislocation-intersection model and the model for 

the non-conservative drag of jogs. 

For either of these models, the activation 

energy (H) may be written as 

H = Ho - w , (55) 

where HQ is the activation energy when the thermal 

component ( tf*) of the stress, as defined in Appendix; 

A, is zero, and w is the activation volume. According 

to Conrad and Wiedersich (i960), the thermal component 

of the stress is negligible at temperatures around room 

temperature, so that 

r\j 
H = H0 (56) 
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Both the calculated and experimental values 

for Hq for various dislocation mechanisms in aluminum 

are given in Table 8. At higher temperatures and 

lower strain rates, the value of the activation energy 

in the 1100 aluminum decreases from 1.7 to 1.3 eV with 

increasing stress. Comparing these values to those of 

non-conservative jog motion (1.45 eV) and the intersec

tion of dislocations (0.3 - 0.5 eV), it is clear that 

deformation at higher temperatures and lower strain 

rates must proceed almost wholly by non-conservative 

jog motion, with some contribution due to the inter

section of dislocations at higher stresses. At room 

temperature, the value of the activation energy decreases 

to about 0.60 to 0.^7 eV as deformation proceeds, so 

that here dislocation intersections play the largest 

role in deformation. This is probably also true below 

room temperature, where the activation energy varies 

from 0.23 - 0.29 eV. These results, as well as those 

below, are summarized in Table 9. 

The most striking feature of the activation 

energy for the alloys is the rather high activation 

energies obtained at temperatures above room temperature, 

similar to the activation energy peak observed in the 
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TABLE 8 

Activation Energies in Electron Volts for 
Dislocation Mechanisms in Aluminum 

H H 
o o 

References 

1. Seeger (1956). 
2. Seeger, Donth and Pfatt (1957); 
3. Lytton, Shepard, and Dorr. (1958). 
4. Seeger (1954). 
5. Thornton and Hirsch (1958). 
6. Seeger (1956a). 
7. Fridel (1956). 
8. Shoeck and Seeger (1955). 
9. Sherby, Lytton, and Dorn (1957). 
10. Mott (1956). 
11. Fridel (1964). 
12. Byrne et al. (1961). 

Mechanism Calc. Ref. Experimental Ref. 

Overcoming 
Peierls stress 0.15 1,2 

0.16 
0.15 

1 , 2  
3 

Intersection 
of dislocations 

0.5 _ 
0.2(80°K) 

4 
5 

0.5 
0.5+0.35 
0.3 

6 
5 
7 

Cross-slip 1.05 8 1.2 9 

Non-conserva tive 
jog motion 1.45 10,11 — — 

Shearing of zones — 0.5 - 10 12 



TABLE 9 

Dislocation Mechanisms in Serrated Yielding 

Temperature 
and strain Dislocation 
rate Alloy Mechanlsm(s) 

I 1100 A 

II 1100 B 

III 1100 B 

I 2319 A+C+D 

II 2319 B+C 

III 2319 B 

I 5356 A+C+D 

II 5356 A+C 

III 5356 B 

I 7075 A+C+D 

II 7075 B 

III 7075 B 

Legend 

I Higher temperature, lower strain rate. 
II Room temperature, medium strain rate. 
III Lower temperature, higher strain rate. 

A. Non-conservation jog motion. 
B. Intersection of dislocations 
C. Mlcrocreep. 
D. Shearing of zones or precipitates. 
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same temperature range in Al-Mg and Al-Cu alloys 

(Borsch et al., i960; Walton et al., 1961). 

Equation (53), the model developed for escape 

from a Cottrell cloud, gives the correct strain rate 

and temperature dependence for the strain to onset of 

serrated yielding in the upper temperature, lower 

strain rate region. It implies that here dislocation 

motion is governed by the dragging of solute atmos

pheres. It is not unreasonable to assume that disloca

tions in the alloys at the same time are forced to drag 

jogs, since the experimental evidence indicated that 

this occurred in 1100 aluminum in the same temperature 

range, and the activation volumes are similar. The 

activation energy would then be E^ + 1.45 eV, where 

E' is the activation energy for solute movement, obtained 
m ' 

from Table 6. This could lead to maximum activation 

energies for plastic flow in Al-Cu, Al-Mg, and Al-Zn 

alloys of 1.97, 1.90, and 2.00 eV, respectively. The 

maximum value obtained for the 2319 (Al-Cu) alloy was 

1.8 eV, that for the 5356 (Al-Mg) alloy was 3.3 eV, and 

that for the 7075 (Al-Zn) alloy was 4.5 eV. Thus, 

there is nominal agreement for the 2319 alloy, while the 

maximum values obtained for the 5356 and 7075 alloys were 



too high. It Is interesting to point out that Borsch 

et al. (i960) obtained a maximum value of 3.5 eV in 

Al-Mg. It is possible that E^ may be changed by the 

presence of more than one solute. It is also possible, 

as suggested by McReynolds (1949) and Harris (1958), 

that zones or precipitates form in this higher tempera

ture region. The activation energy, for all events 

occurring in parallel, would be E^ + E^ + 1.45, where 

E^ is the energy required to shear a zone. Byrne et 

al. (1961) found E^ (see Table 8) to vary from 0.5 -

10 eV. This would account for the large values 

obtained for the activation energy at the higher tem

peratures. 

In the intermediate strain rate and temperature 

range, the activation energy for plastic flow in the 

5356 alloy (with the exception of the infinite value 

obtained when a specimen showed no measurable secondary 

relaxation) varied from 1.1 - 1.4 eV, decreasing with_ 

stress. The value of E^ + 1.45 eV for this alloy is 

about I.90 eV, so that it is possible that, at this 

lower temperature, deformation occurs partly by micro-

creep and partly by the non-conservative dragging of 

jogs. The activation energy for plastic flow for the 



2319 alloy, In the same region, varied between 0.84 eV 

to aimost zero eV with increasing stress. In this 

region, deformation must be governed by a parallel 

combination of mlcrocreep and the intersection of dis

locations. The corresponding values for the activation 

energy for plastic flow in the 7075 alloy are 0.49 -

0.35 eV, so that deformation is controlled by the 

intersection process. 

And last, for the lower temperature, higher 

strain rate region, the values for the activation 

energy for plastic flow for all three alloys varied 

between 0,19 and 0.59 eV so that deformation is con

trolled in this region by the dislocation intersection 

mechanism. 

7.2.6 Miscellaneous Relaxation Effects. 

This section Is included to demonstrate some other pos

sible uses of stress relaxation, and to point out some 

anomalous relaxation behavior exhibited in the serrated 

yielding range. 

Figure 11 shows the loading of the 7075 alloy 

to 50 pounds at room temperature, taken directly from 

the strip-chart recorder. The specimen was loaded at 

constant strain rate and then allowed to relax. The 



load scale of this figure is greatly magnified, so 

that while a stair-step pattern is exhibited in this 

figure, prior to relaxation, the normal stress-strain 

curve would appear smooth. When large-scale serrations 

are observed in serrated yielding in a rigid machine 

such as this, they appear as vertical deflections (cf. 

Pig. 13). That these micro-serrations are not due to 

equipment noise is Indicated by their regularity, and 

by the fact that they are absent upon relaxation. 

Usually, during stress relaxation, as shown 

for example in Figs. 7 and 8, a decrease in temperature 

results in a decrease in relaxation rate. For some of 

the alloys in the serrated yielding range, however, a 

decrease in temperature resulted in an increased relaxa 

tion rate. This is shown by the primary and secondary 

relaxation curves for the 7075 alloy at 20°C (Fig. 20A) 

and 0°C (Fig. 20B). The activation energy for plastic 

flow remained positive in these cases, since the c 

constant decreased on secondary relaxation. This 

increase in relaxation rate with decreasing tempera

ture occurred in spite of the fact that little or no 

plastic deformation occurred during reloading prior 

to secondary relaxation. It is suggested that the 
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decreased relaxation rate is due to the presence of 

Cottrell atmospheres at 20°C which were unable to 

form at 0°C due to a lower diffusion coefficient. 

For the same alloy loaded to ^9.75 pounds at 

50°C and 22°C (Figs, 21A and 21B), there was little 

difference in the primary and secondary relaxation 

curves. At these two temperatures, there was little 

relaxation at all until a Lueders band could form. The 

delay time is shown by the plateau from about 12 to 31 

seconds, after which a slight drop in stress occurred 

due to heterogeneous plastic deformation. 

It is suggested that the similarity of the 

above two relaxation curves was due to the lack of 

plastic deformation prior to primary relaxation, as 

noted from the steep slope of the curves before relaxa

tion. In Fig. 22A, the same specimen was loaded at 

50°C to about 123.5 pounds, and allowed to relax. The 

reduced slope of the curve prior to stress relaxation 

indicates some plastic flow prior to relaxation. The 

relaxation rate is then much greater than that at the 

lower stress. The secondary relaxation curve obtained 

at '22°C shows a much greater work-hardening coefficient 

piror to stress relaxation. It is thus possible that 
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the relaxation rate is in some way associated with 

the rate of work hardening prior to relaxation. 

Figure 23 shows the primary and secondary 

relaxation curves obtained for the 2319 alloy at 20°C 

and 0°C at a prior relaxation load of about 99.6 

pounds. These curves are interesting from the fact 

that, as shown-in Fig. 23A, serrated yielding was 

observed prior to stress relaxation but not during 

it, while as shown in Fig. 23B, serrated yielding was 

not observed prior to serrated yielding but was observed 

during it. The character of the serrations showed a 

corresponding reversal; prior to relaxation, they showed 

the vertical drops characteristic of a hard tensile 

machine, and during relaxation they seemed to follow 

the horizontal stair-step pattern characterisitc of a 

soft machine. Preliminary tests seemed to show that 

the relaxation rate was the same whether the prior stress 

was taken as that at the top or the bottom of a serra

tion. In addition, Fig. 23B seems to show that the 

•formation of Lueders bands becomes gradually suppressed 

as stress relaxation occurs. 
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VIII. CONCLUSIONS 

The conclusions drawn from the results of this 

investigation may be grouped into the categories of 

stress relaxation and serrated yielding. Prom these 

conclusions, and from the activation energies obtained, 

a model for serrated yielding in aluminum alloys is 

proposed in Section 8.3. 

8.1 Stress Relaxation 

1. For the alloys studied, the stress relaxa
tion curves may be described by o -
Alogc - Alog(c+t), and not by the Zener 
(1949) relaxation curve, in which the 
stress decreases exponentially with 
time. 

2. The c constant is a complicated function 
of the structure of the metal, increas
ing with Increasing activation volume. 
It is not an "incubation time" for stress 
relaxation, since it increases with 
temperature. 

3. The strain rate sensitivity (A) must 
remain positive in stress relaxation. 
It Is not necessary for the strain rate 
sensitivity to become negative during 
serrated yielding. 

4. There is a negligible change in structure 
during stress relaxation, and no appa
rent change in structure during the 
period between primary and secondary 
relaxation. 
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5. The rate of stress relaxation appeared 
to Increase with decreasing rates of 
work hardening prior to relaxation. 

6. Serrated yielding was observed in 
stress relaxation, even though no 
serrated yielding was observed prior 
to stress relaxation. It was also 
found that stress relaxation may be 
smooth and continuous, even though the 
flow curve was serrated prior to relaxa
tion. 

7. The delay time for the formation of 
Lueders bands could be measured using 
stress relaxation. 

8. Micro-serrations unobservable in 
standard stress-strain curves could 
be observed in the highly magnified 
load-time curves used in these tests 
prior to relaxation. 

8.2 Serrated Yielding 

1. Serrated yielding occurs within a 
narrow temperature and strain rate 
range. For the alloys studied, the 
range extended from about 195°K to 
350°K. and from about 10"5 to 10~2 
sec. 

2. The serrated yielding surface showed 
two distinctly different areas. At 
higher temperatures and lower strain 
rates, the strain to onset of serrated 
yielding Increased with increasing tem
perature and decreasing strain rate. 
At lower temperatures and higher strain 
rates, the strain to onset increased 
with decreasing temperature and in
creasing strain rate. The shapes of 
the surface between these areas was 
sometimes characterized by a "double 
nose." 



3. The yield stress of the alloys exhibit
ing serrated yielding depended strongly 
on the temperature, generally increasing 
with increasing temperature. This beha
vior is probably due to the formation 
of zones or precipitates. 

4. Stationary dislocations are locked over 
the entire range of serrated yielding. 
Type A yielding appears to be due to 
conventional strain aging. 

5. The activation volume for plastic flow 
was of the same order of magnitude for 
the alloys used and for a commercially 
pure aluminum. 

8.3 A Model for Serrated Yielding 

Prom the relaxation studies, it was possible 

to identify the probable dislocation mechanisms govern

ing plastic flow in the range of serrated yielding. 

These mechanisms govern stable plastic flow, and may 

be associated with smooth or continuous plastic flow 

before the onset of serrated yielding. Serrated 

yielding occurs when these mechanisms are radically 

altered. This alteration can occur by: (a) the 

thermally-activated capture of moving dislocations by 

solute atom atmospheres, or by (b) the thermally-

activated escape of moving dislocations from these 

atmospheres. These two processes are illustrated in 

Pig. 24. In serrated yielding, these two processes 



(i) 

A0 Capture of Moving Dislocations (Motion—*.) 

(i) (ii) (iii) 

B0 Escape of Moving Dislocations (Motion->) 

Fig» 21f« Dislocation-Atmosphere Dynamics, 
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are cyclic. In this cycle, the freed loop in Pig. 24B 

(iii) is recaptured as in Fig. 24A (i), and the process 

is repeated, as Pig. 24A (iii) is identical to Pig. 

24B (i), and serrations are produced in the flow curve 

as dislocations are repeatedly multiplied and recap

tured. 

to examine the dislocation mechanisms governing plastic 

flow in the serrated yielding range, and to examine 

the serrated yielding surfaces. These results are 

shown in Table 9 and in Figs. 17-19-

region, stable dislocation motion occurs (see Table 9) 

by the intersection mechanism. Here, dislocations 

move through the dislocation forest initially unimpeded 

by solute atom interactions, as in Fig. 24A (i). In 

this same region, as shown in Pigs. 17-19* the strain 

to onset of serrated yielding increases with increasing 

strain rate and decreasing temperature. The Cottrell 

model, in which dislocations are captured by solute 

atmospheres at a sufficient strain, 

To see how this may happen, it is necessary 

In the lower temperature, higher strain rate 

4a 7^ kTNbL1 
(20) 



shows the proper strain rate and temperature dependence 

for the strain to onset of serrated yielding in this 

region. 

In the lower strain rate, higher temperature 

region of the serrated yielding range, stable disloca

tion motion occurs (see Table 9) by dragging solute 

atmospheres and jogs, with some contribution due to 

the shearing of zones. This condition is depicted in 

Pig. 24B (i) for a dislocation segment between jogs 

or zones. In this same temperature and strain rate 

region, as shown in Figs. 17-19, the strain to onset 

of serrated yielding increases with increasing tempera

ture and decreasing strain rate. The assumption by 

Hart (195*0 that moving dislocations can be freed from 

these atmospheres at a sufficient stress applies to 

this case. The model for escape, 

f = ^ exp (- Ebd/kT) , (51 

shows the proper strain rate and temperature dependence 

for the strain to onset of serrated yielding In this 

region. 



Thus, in the lower temperature, higher strain 

rate region, serrated yielding is initiated as moving 

dislocations are captured by solute atmospheres. In 

the lower strain rate, higher temperature region, 

serrated yielding is initiated as moving dislocations 

escape from their atmospheres. 



APPENDIX A 

STRESS RELAXATION AND THERMALLY-ACTIVATED DEFORMATION 

If a solid is deformed in a hard testing machine, 

and then the cross-head motion is arrested at a given 

load, a continuous decrease in load is observed. This 

relaxation of the load or stress is shown schematically 

in Fig. A-l, where the cross-head motion is arrested 

at a point ( £ Q, CTQ), after which the relaxation 

curve <r = <r( t) can be followed from time t = 0. 
There are two types of stress relaxation. The 

first occurs at low stresses, and is described by Zener 

(1948) as arising from the imperfectly elastic or 

"anelastic" nature of solids. The stress relaxes 

exponentially with time, and the relaxation curve is 

characterized by a relaxation time. 

If the solid is first plastically deformed, 

however, the relaxation in stress is associated with 

the movement of dislocations. Here Zener's model 

does not apply, and it is found that the stress relaxes 

logarithmically with the time. The purpose of this 

appendix is to show how this effect can be used to 

study plastic deformation. 
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A.l The Activation Volume for Plastic Plow in 

Stress Relaxation 

In thermally-activated deformation, each time 

a dislocation sweeps through an obstacle to plastic 

flow, It sweeps out an area such as that shown in 

Fig. A-2. Suppose that the width of the obstacle Is 

d, and that these obstacles are spaced a distance X 

apart. The area swept out then Is JL&, anc* If b is 

the Burgers vector of the dislocation, the activation 

volume swept out is Xbd. In the following subsec

tions, a method to measure this activation volume in 

stress relaxation is developed. 

A.1.1 Thermal Activation and the Activation 

Volume. Assuming that a single thermally-activated 

process controls deformation, the strain rate (7) may 

be written as 

7  = A exp G/kT) = A exp (S/k) exp (-H/kT), (A 

where A is a frequency factor, G Is the Gibbs free 

energy of activation, S is the entropy of activation, 

and H is the enthalpy of activation. The following 
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development Is only valid if the frequency factor (A) 

is independent of stress and temperature, as assumed 

by Conrad and Wiedersich (i960) in a related deriva

tion. 

The Gibbs free energy of activation (G) is a 

function of the temperature and the thermal component 

of the stress t* = t - ^ , where tr is the 

applied stress and is a long range internal stress 

which is independent of temperature and strain rate. 

In Pig. A-3, a typical force (P) vs. distance (x) rela

tionship for deformation is plotted. 

Following a similar development by Conrad et 

al., (1961), if a stress f> is applied to the 

dislocation, the dislocation will climb up the barrier 

to a distance F = "2"*b £,*, where b is the Burgers 

vector and JL* is the length of the dislocation segment. 

In order for the dislocation to surmount the barrier 
* 

and travel the distance d* from to xQ , it must be 

supplied the energy G. This is represented by the 

shaded area of the curve, the integral value of which 

is 

F F max max 

0 = xj (F)dF - C x0(F)dP. (A-2) 
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One then defines the activation volume (w) swept out 

by the dislocation as 

W ~ " ~
b ^.p^T * ^A"3^ 

Since (• = x* - xQ from Eq. (A-2), the activation 

volume is 

w = b /*d* . (A-U) 

In order to measure the activation volume 

experimentally, use can be made of Eq. (A-l). This 

equation can be rearranged into 

G = kT (A/7) ,  (A-5) 

so that 

v. - -<-^>T - • (A"6> 

Now if one defines ( ^ as the strain rate 

sensitivity, then 

w = X" ' (A"7) 
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One can then determine the activation volume for 

plastic flow by measuring the change in the applied 

stress with changing strain rate, since (• ~ 0 

by definition. 

A.1.2 Measuring the Activation Volume 

Using Stress Relaxation. Guiu and Pratt (1964) have 

shown that the strain rate in stress relaxation is 

proportional to the stress relaxation rate, so that 

7  = -Mfr , (A- 8 )  

where the modulus (M) is 

M = oC ,  (A-9) 
•*-o 

and 0^ is a factor to convert tensile stress and ten

sile strain into shear stress and shear strain, aQ and 

/ are the initial cross-sectional area and initial A* O 

length of the specimen, s is the stiffness of the tensile 

machine, and E is the tensile modulus of the specimen. 

Since there is very little recovery of the long 

range internal stress ( ) during stress relaxation 

for the first several minutes, Eq. (A-8) may be written 
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as 

7 (A-10) 

The strain rate sensitivity (X) may then be written 

as 

Thus, if the stress ( fcOat any time during stress re

laxation is plotted versus log (- £ ), the slope at any 

point gives a value for the strain rate sensitivity. 

Finally, combining Eqs. (A-7) and (A-ll), the activation 

volume may be written as 

X g - 3  ' 

and by this means, the activation volume for plastic 

flow may be determined by plotting the stress relaxa

tion curve. 
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A. 2 The Activation Energy for Plastic Plow in 

Stress Relaxation 

The following derivation of the activation 

energy for plastic flow in stress relaxation parallels 

that of Clough (1966), and differs from previous deri

vations (Peltham, I96I; Sargent, 1965) because it takes 

machine deformation into account, and is not based on 

a specific thermally-activated deformation model. In 

addition, the following development is only valid if 

the frequency factor (A) in Eq. (A-l) is Independent 

of temperature. 

Combining Eqs. (A-l) and (A-3) gives 

* 

G = -kTjGv^M - kT t/h) . (A-13) 

Differentiating the Gibbs free energy of activation 

with respect to the temperature gives the thermodynamic 

relationship 

C# = ("Hv + ' (fl-") 

where in general 



l6o 

=  ~ s  •  ( A - i 5 )  

Further, differentiating Eq. (A-13) first with respect 

to the temperature gives 

-  - k A / M  -  -  k  M -  V / A ) ,  ( A - 1 6 )  

or 

= ~kT( + f" ' (A-l6a) 

and then v/ith respect to the applied stress gives 

<ir><y • -w< ijUiiv \ • <A-17> 

Since the stress rate is a function of stress and 

temperature, 

( bp*) = _( if )v , ( - tt ) \ (A-18) 
v Ft V / ^ •ld; 

By substituting Eqs. (A-15), (A-l6a), and (A-17) into 

Eq. (A-14), it follows that 



l6l 

-kT( + | = kT( *hr- S , (A-19) 

and because M is independent of stress and stress 

rate, 

Since G = H - TS, the activation enthalpy (energy) for 

plastic flow in stress relaxation may be written as 

In order to determine d ̂ v-M/dT, it is possible 

to use the slope of the elastic portion of the load vs. 

total elongation curve (load vs. time). If dy is the 

total elastic elongation of the specimen and machine, 

dz is the elongation of the machine of effective length 

zQ, and dJt is the elastic elongation of the specimen, 

. (A-20) 

dz + d JL (A-21) 

Now let the slope (m) of the elastic portion of the 

load vs. total elongation curve be defined as 



dP 
dy * 
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(A-22) 

where P is the load. The machine stiffness Is 

s = dP/dz, so that 

* - "d + if) - m 1 + • (A"23) 

If a is the effective cross-sectional area of the 
m 

tensile machine, and E is the effective tensile modulus 
' m 

of the tensile machine, then 

•> - "U + • <A"2i,> 
o o 

However, 

E = d(F/am) = ^ , (A-25) 
m  d z / z

0  
m  

so that 

mEa. 
= -—zr- . (A-26) 
Eao - m to 
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Utilizing Eqs. (A-9) and (A-26), it can be shown that 

<X a 
M = . (A-27) 

& O 

Finally, since 0^ , aQ, £ and s are indepen

dent of temperature and strain rate, the activation 

energy for plastic flow in stress relaxation may be 

written as 

H = kT2 [( • <A"28) 

It is important to note that each of the derivatives in 

this equation is dependent on specimen size, so that 

experimental values obtained for the derivatives must 

pertain to a certain specimen size. The resultant 

activation energy, however, does not depend on the 

specimen size. The experimental procedure for obtain

ing these values is described in Appendix B and Section 

6.3, and sample calculations are given in Appendix C. 



APPENDIX B 

ANALYSIS OP EXPERIMENTAL STRESS RELAXATION VALUES 

In Appendix A, experimental methods were deve

loped to measure the strain rate sensitivity, the 

activation volume, and the activation energy for plastic 

flow in stress relaxation. An alternative method of 

obtaining ;hese values was suggested by Guiu and Pratt 

(1964), and Feltham (1961a). It has been repeatedly 

shown (Feltham, I96I; Feltham, 1961a; Feltham, 1961b; 

Feltham, 1963; Guiu and Pratt, 196^) that the relaxation 

curve is of the form 

^ - tQ = Alogc - 7vlog( t + c) , (B-

where h is the shear stress when the cross-head 
o 

motion is arrested, c is an empirical constant, and 

fand A are the shear stress at time t and the strain-

rate sensitivity, as defined in Appendix A. If ( If -

t ), or the decrease in stress, is plotted against 

log (t + c), where the c constant is adjusted to give 

a straight line (cf. Fig. B-l), then X, or the strain 
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rate sensitivity, is the slope of the curve. Further, 

since 

the activation volume (w) is also determined by the 

3lope of the curve ( f - *£* ) vs. log (t + c) for 

a given temperature, as calculated in Appendix C. 

In order to determine the quantity 

& T)fQ in Eq. (A-28) for the activation energy for 

plastic flow in stress relaxation, use is made of Eq. 

(B-l). Taking the derivative of Eq. (B-l) with respect 

to time gives 

= ~ 2.3(t + c) • 

At time t = 0, where t = t"0, the stress relaxation 

rate is then 

-23? • <B"3) 

Substituting this into Eq. (A-28) gives 

H . kT2 [( (B-4) 
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If c-^, and are the values associated 

with temperature T^, and A2, c2, and m2 are the values 

associated with temperature T2, then Ei;. (B-U) may be 

written, replacing the differentials by finite differ

ences, as 

H = kT I ( 
A1c2) 

Tfi _ rn 
l2 il V O 

(~TT T 
i)  , (B-Ha) 

or 

KT p * \ pm, c. 
h - u A ) (A- 2 1 1 

Alm2C2 
(B-4b) 

where T2 > T^. The experimental procedure for obtaining 

the activation energy for plastic flow is given in Section 

6.3, and sample calculations are given in Appendix C. 
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APPENDIX C 

SAMPLE CALCULATIONS 

In this appendix, sample calculations are made 

of the activation volume (w) and the activation energy 

(H) for plastic flow in stress relaxation. Figures 

B-1 and B-2 show the relaxation curves of Figs. 7 and 

8 plotted on a semilog basis. The c constant in Eq. 

(B-l) is an empirical constant chosen to make these 

relaxation curves linear on a semilog plot. This 

technique is that of Guiu and Pratt (1964). When 

c = 0, a plot of the original relaxation curve of Fig. 

7 is obtained. It has a negative curvature. A linear 

plot is obtained if c = 4, and for values larger than 

4, the curvature becomes positive. 

In order to evaluate the activation volume (w), 

Eq. (B-l) is used. Taking the derivative of the shear 

stress ( ̂  ) with respect to log (t + c), 

* - d log£+ c) • ^ 

Converting the shear stress to load (P), 
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•\ _ _ dP _ _ oC . , f r* ~ i n  ̂
a d log(t + c) a ,v " ' o ov ' o 

where oC is a numerical factor equal to 1/2 (Conrad, 

1964), aQ is the initial cross-sectional area of the 

specimen, and \1 is the slope of the relaxation curve 

plotted in Fig. B-l. Combining Eqs. (C-la) and (A-12), 

a kT 
w =  — .  (C-2)  

o £  V  

It is conventional (cf. Conrad, 1964) to present data 
"5 

in the form w/b , where b is the Burgers vector, so 

that 

"  J - ' ( C  

b _ OL bJA 1 

Since k = 8.62 x 10~5 eV/atom-° K = 1.22 in-lb/mole-° K, 

aQ - 3.22 x 10~3 in2, di = 1/2, and b = 2.86 A = 1.13 x 

10"8 in. (Friedel, 1964), 

«  „  -  (3 -gg  x  10-3) (1 .22  x  10- 2 g )T  =  T _ ( 0 . 3 a )  

b1 (i)(l.l2 x lO"6)3 V * 
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Using T2 = 2g4°K and = I.87 from Fig. B-l, w2/b3 = 

85.5. From Fig. B-2, T1 = 273°K and = 0.717, so that 

Wj/b3 = 207. 

In order to calculate the activation energy (H) 

for plastic flow in stress relaxation, noting that Eq. 
A2 A' 

(C-la) 3hows that = t t  > EQ« (B-4b) may be written 
1 A1 

as 

kT? A'm,c, 
H  =  2 . 3  ( m  _  t )  l o g  ( A f m  c )  •  ( C - U )  

2 1 A1m2c2 

For the relaxation curves shown in Figs. B-l and B-2, 

it was found that m^/m2 = 1.00. Since c^ = 4 and c^ = 

2.5, the activation energy is 

« -  * . 3  ,  ( c . 5 )  

or 

H = 0.173 eV. 
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