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ABSTRACT 

Previous research on austenitic Fe-Cr-Ni alloys resulted in 

observations that were inconsistent with existing theories. These 

observed inconsistencies can be explained by the presence of order 

(either long-range order or short-range order) in the alloy system. 

No concrete evidence for the existence of order in Fe-Cr-Ni alloys 

has ever been obtained. The present research was undertaken to 

determine whether or not ordering existed in this alloy system. 

Four alloys were selected for investigation. These were: 

Type 304 stainless steel; Fe, 25at. %Ni, lOat. %Cr; Fe, 25at. %Ni, 

25at. %Cr; Fe, 40at. %Ni, 20at. %Cr. Electron microscopy and 

electrical resistivity measurements were used as investigational 

methods. 

Imaging of ordered domains by the electron microscope, and 

detection of superlattice reflections in electron diffraction patterns 

were not possible due to the proximity of Fe, Cr and Ni in the per

iodic table. Therefore, it was necessary to analyze the behavior of 

dislocations for evidence of ordering. Definite evidence of short-

range order was found in the Fe, 25at. %Ni, lOat. %Cr, Fe, 25at. %Ni, 

25at. %Cr and Fe, 40at. %Ni, 20at. %Cr alloys. This evidence was in 

ix 
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the form of high apparent stacking fault energy, coplanar arrays of 

dislocations and dislocation pairs of like sign. The degree of short-

range order was a maximum in the Fe, 25at. %Ni, 25at. %Cr alloy. 

Ko change in the dislocation behavior over that in the as-quenched 

condition was noted after heating at 600 °C for times up to 30 hours. 

For this reason it was concluded that only short-range order existed. 

Electrical resistivity measurements were inconclusive, probably 

because of the fact that only short-range order was present. 



INTRODUCTION 

Austenitic alloys (Fe, Cr and Ni), such as the 300 series stain

less steels, are, as a group, more widely used and more valuable to 

the materials engineer than almost any other special group available 

in the present technological era. This utility has provided a great 

stimulus to research on these materials. Most of the research has 

been primarily concerned with areas of interest to the user, such as 

the effects of alloying (intentional-alloying elements and tramp impu

rities) on the physical, chemical and mechanical properties, environ

mental effects on these properties, effect of stress conditions, etc. 

In a review of the literature, one finds several observations 

that have not been adequately explained. Some theories have been ad

vanced in each case, but a theory whic h will apparently satisfy one 

situation is often inconsistent with the results obtained in others. For 

a thorough understanding of this alloy system, it is necessary to uti

lize a unifying theory which is capable of explaining these various 

phenomena consistently. 

The prior research which will be reviewed in the next section 

and the associated anomalies observed can be used to build a strong 

case for the existence of ordering in the austenitic Fe-Cr-Ni alloy 

1 
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system. However, no concrete evidence for the presence of order 

has ever been obtained. It was for this reason that this research pro

gram was undertaken. Proof of the existence of order, whether it be 

long-range order or short-range order, would provide a unifying 

theory to serve as a basis for understanding many of the phenomena 

associated with austenitic stainless steel alloys. 



REVIEW OF PREVIOUS OBSERVATIONS 

Investigations into the areas of stress corrosion cracking, de

formation characteristics and austenite stability of austenitic stain

less steels have resulted in unexplained observations or at least incon

sistent theories regarding the observations, The following is a brief 

review of some of the work in these areas on austenitic stainless. It 

is shown, in the discussion of observations resulting from this work, 

how the concept of ordering may be applied to provide a unifying 

theory capable of giving consistent interpretation of results in these 

three different areas. 

Stress Corrosion 

One area of research on austenitic stainless steels in which a 

great deal of work has been done is that of stress corrosion cracking. 

The mechanism of stress corrosion cracking must, be complex in 

nature, since it requires simultaneous action of corrosive environ

ment and stress. It has been noted in stress corrosion tests on stain

less steels that the path of fracture is transgranular rather than inter-

granular as is the case with aluminum and most copper alloys. The 

mechanism in intergranular fracture probably depends on the fact that 

3 
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grain boundaries are inherently high-energy sites, and chemical at

tack would likely be concentrated there. The action of the stress is 

probably that of causing the initiation and propagation of a crack at a 

sharp notch (stress raiser) caused by the chemical attack. 

The reasons for transgranular failure are much more difficult 

to understand. This type of failure is related to that of intergranular 

failure in that both a corrosive environment and stress must be pres

ent before failure can occur. This relation suggests then that chem

ical attack is initiated at a high-energy site within the grain which is 

more chemically active than the grain boundary. As with intergran

ular failure, the applied stress would probably cause a crack to prop

agate due to the notch formed by chemical attack. The questions that 

arise, however, are what is the nature of these high-energy sites 

within the grains, and why does chemical attack take place at these 

sites rather than at the grain boundary? 

Forty (1959) suggested that stacking faults might play an impor

tant role in the mechanism of transgranular stress corrosion failure. 

Robertson and Tetelman (1962) expanded Forty's ideas into a "unified" 

mechanism for stress corrosion cracking which covered both inter-

crystalline. and transcrystalline modes of fracture. They suggested 

that in metals and alloys of low stacking fault energy, the high-energy 

sites arise from piled-up dislocations. Dislocation pile-ups in alloys 
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of low stacking fault energy result from the fact that the widely ex

tended dislocations are unable to cross slip around obstacles. As a 

qualitative indication of the stacking fault energy, they utilized the 

number of annealing twins per grain. This method assumes that a 

twin boundary has half the energy of a stacking fault. Explanation is 

given by considering a model based on the close packing of hard 

spheres. On this basis the correct stacking order of {ill} planes is 

such that every third plane of atoms lies directly over the first one. 

Using letters to represent the atomic positions, the stacking sequence 

of £lll} planes becomes: 

ABCABCABC. 

A coherent twin boundary corresponds to a single break in the cor

rect stacking order as indicated by the arrows in the sequence below. 

ABCASCSACBA. 1 1 1 
Twiri Boundary 

Thus, a twin boundary represents a reversal in the normal stacking 

order and one violation in the sequence of next-nearest-atomic neigh

bors across the boundary. 

On the other hand a stacking fault results in two violations of 

the normal sequence of next-nearest neighbors as shown in the order 
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below: I—. 

ABCACABCA 

Stacking Fault 

Based on interatomic forces between neighbor atoms and next-nearest 

neighbor atoms, a stacking fault may be assumed to possess approx

imately twice the energy of a coherent twin boundary. With a low 

twin boundary energy the probability for twin formation is great. In 

such a case, the relatively large number of twins per grain would be 

indicative of low stacking fault energy. 

Douglass, Thomas, and Roser (1964) attempted to verify the 

conclusion of Robertson and Tetelman that alloys of low stacking 

fault energy are more prone to transgranular failure than those of 

high stacking fault energy. A technique was employed which had been 

first proposed by Whelan (1959) for measuring the stacking fault en

ergy in materials of low stacking fault energy. This technique was 

considered to give a more accurate value for the stacking fault energy 

than that used by Robertson and Tetelman. Whelan's technique in

volves measuring the radii of curvature of extended dislocation nodes 

by electron-microscopic techniques. The underlying theory, in brief, 

is that the line tensions of the dislocations surrounding the extended 

node are balanced by the energy of the bounded stacking fault. Doug

lass et al. arrived at some rather surprising results. Contrary to 
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the results of Howie and Swann (1961), who found that in the binary 

solid solutions of copper base, silver base, and nickel cobalt alloys, 

the stacking fault energy of the alloys decreased with increasing sol-

r ';e additions, Douglass et al. found that increasing the nickel content 

increased the stacking fault energy in Fe-Ni-Cr alloys. The disloca

tions, however, remained in coplanar arrays even though the stack

ing fault energy increased markedly to the point that no extended dis

location nodes were found. This effect was attributed to the possibil

ity of ordering in the alloys. Concurrently with the investigation of 

Douglass et al., Swann (1963) found similar results in Fe-Ni-Cr al

loys. He suggested the possibility of ordering. 

Reed and Paxton (1962) in stress corrosion tests on single 

crystals of austenitic stainless steels found that in commercial Type 

304 stainless steel and high-purity Fe-20Cr-12Ni single crystals, the 

fracture plane was always approximately perpendicular to the tensile 

axis, while in Fe-20Cr-20Ni single crystals, the fracture plane was 

always the (100) plane upon which the tensile stress was a maximum. 

Further, the fracture surfaces exhibited a "blocky" type structure 

suggesting that the fracture path, while it may have changed direction 

still remained on planes of the form {l00}. Such behavior in a face-

centered cubic metal is most certainly out of the ordinary. In fact, 

it would suggest a behavior similar to that found in ionic crystals 
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(e. g. NaCl and LiF) which exhibit cubic cleavage. Reed and Paxton 

made no attempt to explain this phenomenon. A preferred fracture 

plane could arise from a miscibility gap or a modulated structure in 

which atoms of one species cluster in a periodic manner along a par

ticular direction. This modulated structure was studied in the cop

per-nickel-iron system by Hillert, Cohen, and Averbach (1961). 

Such clustering is considered unlikely as will be shown later. The 

alternative explanation would be ordering. 

From the research cited above, the phenomenon of transgran-

ular stress corrosion cracking exhibited in austenitic stainless 

steels could lead one to believe that ordering may be responsible. 

In fact, it is one of the most attractive theories for explaining some 

of the extraordinary phenomena observed in research into stress 

corrosion cracking. The fact that these phenomena can be explained 

by ordering, however, is not conclusive proof that ordering is re

sponsible, since stress corrosion cracking is quite complex and in

volves electrochemical reactions in addition to mechanical deforma

tion. 

Deformation Characteristics 

Austenitic Stainless Steels —In addition to the above evidence 

from studies of the stress corrosion cracking of austenitic stainless 
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steels, certain phenomena associated with the effects of composition 

on their mechanical properties have also been observed but as yet 

have not been fully explained. An existing complication is that in 

the Fe-Cr-Ni system, any analysis of alloying effects on mechanical 

properties is fraught with dangerous pitfalls due to the complexity 

of the system and the several phase transformations which take 

place in it. Depending upon the composition, cold working frequent

ly results in a shear (martensitic) transformation which complicates 

analysis quite considerably. Occurrence of such a phase transfor

mation results in both an increase in deformation during the trans

formation and an impedance to deformation after transformation. 

Several other phases are encountered in these alloys such as the 

high temperature BCC phase (delta ferrite), the low temperature 

BCC phase (alpha ferrite), and the complex HCP sigma phase. In 

addition there are carbides which are almost always found in com

mercial alloys. These carbides present an impedance to deforma

tion. Therefore, one must exercise great care in the interpretation 

of results of heating, deformation, and variations of chemical com

position when dealing with these alloys. 

In spite of these complications, it is possible to find certain 

trends which have been observed in investigations into stainless 
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s teels. Unfortunately these trends have no truly satisfactory explana

tion. 

Bloom, Goller, and Mabus (1947) investigated the cold-work-

hardening properties of stainless steels with varying nickel and chro

mium contents. As a measure of the cold-work-hardening character

istics these investigators used a term called the cold-work-hardening 

factor. Bloom et al. defined this term a.s the area under the com

pressive load-reduction curve up to 62. 5% reduction. 

In this investigation they found that increasing the nickel con-

I  
tent of the austenitic alloys consistently decreased the cold-work-

hardening factor. The effect of chromium depended on the nickel con

tent. These investigators found further that increasing the carbon in 

an alloy of fixed nickel and chromium content increased the work-

hardening factor, whereas increasing the nitrogen content had the op

posite effect. 

Many trends in the data of Bloom et al. were explained by these 

investigators on the basis of the presence of shear-transformed fer-

rite ("pseudo-martensite"). They hypothesized that this shear-trans

formed ferrite gives rise to second-phase strengthening in alloys con

taining less than 12% nickel. They proposed that the effect on in

creasing chromium content in these alloys of 12% nickel or less was 

that of stabilizing the austenite and thus decreasing the work-
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hardening factor. These explanations are reasonable. However, there 

is some doubt about their explanation for the effect of increasing chro

mium on the work-hardening factor in alloys whose nickel content was 

above 12%. The trend which Bloom et al. noted was that increasing 

the chromium content resulted in a marked increase in the cold-work-

hardening factor. They attributed this effect to solid-solution streng

thening. While it is probable that this does occur, it is doubtful that 

the result would be as pronounced as that found in their investigation. 

Also, if this were the proper diagnosis, then it would be expected that 

nickel would also produce the same effect. Increasing the nickel, on 

the contrary, reduced the work-hardening factor. In order to obtain 

a more reasonable explanation, one must consider the deformation 

process in terms of dislocations and the theory regarding their be

havior during deformation. A brief review of dislocation theory as 

applied to work-hardening is given below. 

Dislocations—-The work-hardening of a metal or alloy is related 

to the number of dislocations which can pile up behind a barrier 

(Seeger, 1957) before dislocation cross slip begins. The extent of the 

pile-up is, therefore, a function of the resistance to cross slip. 

There are two main barriers to cross slip in metals and alloys: (1) 

low stacking fault energy and (2) short-range ordering. 



In the case of alloys and metals of low stacking fault energy, the 

cross slip of dislocations is prevented by the ribbon of stacking fault 

(Ref d, 1953) separating the partial dislocations. In order for cross 

slip to occur, the partial dislocations must be forced together to elim

inate the stacking fault. Since there is a strong repulsive force be

tween these partials, very high stresses are required to initiate cross 

slip. 

It has been suggested by Cottrell (1954) that the presence of 

short-range order would confine slip to well-separated slip planes 

since the short-range order destroyed by the motion of a dislocation 

across one slip plane will lower the stress necessary to move subse

quent dislocations across this slip plane. It should be noted that long-

range order does not produce a similar effect of confining dislocations 

to their slip planes. Dislocations in long-range ordered alloys are 

found in the form of superlattice pairs (Dorn, 1963) which are closely-

spaced ordinary dislocations of the same sign. The theory assumes 

that; the leading dislocation destroys the order creating an antiphase 

domain and the trailing dislocation restores the disorder created. In 

cases where the ordering energy is sufficiently high, the cross-slip 

process is not impeded significantly since the superlattice pair of 

dislocations is very closely spaced. 
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Interpretation of Behavior—It is of interest to apply the disloca

tion theory discussed above to an effect noted by Bloom et al. They 

observed that increasing the chromium content in alloys whose nickel 

content was greater than 12% resulted in a marked increase in the 

cold-work-hardening factor. One can arrive at a more plausible ex

planation than that of solid-solution strengthening which they offered. 

It is not probable that increasing the chromium content in these alloys 

results in a lowered stacking fault energy. Ic has been shown by 

Douglass et al. (1964) and Swann (1963) that the stacking fault energy 

is very high in austenitic alloys whose nickel and chromium contents 

fall in the same range as those investigated by Bloom et al. There

fore, it would seem that the piling-up of dislocations and the resulting 

high value for the cold-work-hardening factor is not a result of the 

dislocations being widely extended due to low stacking fault energy. 

The only remaining possibility for the dislocation pile-ups in these 

alloys would be that of short-range order. 

As was mentioned above, the effect of increasing nickel in the 

alloys studied by Bloom et al. was that of lowering the cold-work-

hardening factor. Their data show a definite break at 12% nickel in 

the curve representing cold-work-hardening factor versus nickel con

tent for steels whose chromium content varied between 14 and 20%. 

Below 12% nickel, the curve is very steep; above 12% nickel the slope 
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becomes much more gradual, but continues to drop with increasing 

nickel. 

It is possible that in these steels with nickel content less than 

12%, either a two-phase structure is present or the austenite has such 

a degree of metastability that a shear V™ a transformation is taking 

place, or that both conditions prevail. However, above 12% nickel, 

the austenite is stable in the deformed samples. This is supported by 

tests performed by Bloom et al. on ferromagnetic properties. There

fore, the continued decrease in the cold-work-hardening factor might 

be interpreted as an increase in the degree of order allowing the pro

cess of cross slip to take place more easily. It will be shown later 

that ordering will also increase the apparent stacking fault energy. 

Thus, the decrease of the cold-work-hardening factor with increasing 

nickel was possibly due to an increase in the degree of order, result

ing in greater ease of cross slip from more closely-paired disloca

tions and increased stacking fault energy. 

Bloom et al. were unable to account for the disparity between 

the effects of carbon and nitrogen on the work-hardening factor. 

Since carbon and nitrogen are both interstitials, it might be presumed 

that they would both behave in similar manner. The effect expected 

would be that of increasing the work-hardening factor through inter

stitial solid-solution strengthening. Obviously such was not the case 
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since carbon increased the work-hardening factor and nitrogen de

creased it. The hypothesis for the existence of order in these alloys 

investigated by Bloom et al. can also be applied to explain this dis

parity. 

It is probable that the increase in the work-hardening factor due 

to the presence of carbon, was due to the impedance to dislocation 

motion arising from chromium carbide precipitation in the alloy. 

Carbon has a very strong tendency to form carbides with chromium as 

evidenced by the necessity for "stabilizing" stainless steels with nio

bium or titanium to prevent intergranular corrosion by depletion of 

the alloy matrix through precipitation of the chromium in the form of 

carbides. 

Nitrogen on the other hand does not have this strong tendency to 

form precipitates with chromium, but there is a very strong affinity 

between chromium and nitrogen. Therefore, it would be expected 

that chromium and nitrogen would prefer to be nearest neighbors in 

the alloy. Any such tendency for preferred nearest neighbors results 

in ordering. Therefore, the effect of nitrogen in an alloy of Fe-Cr-Ni 

may be one of enhancing order. The presence of a higher degree of 

order would then result in a lowered work-hardening factor as was 

pointed out above. 
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Austenite Stability 

The metastability of the austenite in certain alloy compositions 

is another area in which the hypothesis of ordering might be applied. 

According to Bain and Aborn (1948)., metastable austenite is reluctant 

to transform once it has been established at higher temperatures. 

This would suggest that some reaction at elevated temperatures is 

occurring to cause the face-centered cubic structure to become the 

stable form. This means that the free energy of the FCC structure is 

lowered at elevated temperatures to below or very near that of the 

body-centered cubic phase. One way in which the FCC structure can 

lower its free energy is through ordering. 



THEORETICAL CONSIDERATIONS 

Evidence of Ordering 

The process of ordering involves the rearrangement of the com

ponent atoms of the alloy into certain preferred locations in the lattice. 

This rearrangement results in changes in both the physical and me

chanical properties. It is through the measurement of these changes 

that ordering may be detected. Often, depending upon the alloy sys

tem, the change which may occur in a particular parameter is so 

subtle that its measurement or detection is difficult if not impossible. 

Sometimes specialized techniques can be utilized to enhance the effect 

of the change in the parameter making it capable of being detected. 

However, employment of such techniques is generally not feasible. 

Thus, evidence of ordering is often difficult to obtain. 

Diffraction of X-Rays, Electrons and Neutrons 

The most conclusive and direct evidence of order is obtained 

through diffraction techniques (x-ray, electron, or neutron). The or

derly arrangement of atoms of a given species on certain lattice sites 

results in the appearance of additional lines in the diffraction pattern. 

The appearance of these lines is conclusive proof that an ordered lat

tice does in fact exist. However, the absence of these lines in a 

17 



diffraction pattern does not necessarily mean that there is no order in 

the lattice, as will be shown below. 

The intensity of the wave scattered by a given plane in the unit 

cell is proportional to|F|2, where F is called the structure factor, 

and is the sum of the waves scattered by each individual atom in the 

unit cell. For a diffracted beam from a plane whose Miller indices 

are (hkl), is given by the expression (Cullity, 1956): 

N 
. „ 27ri(hu -r kv + Iw ) 

F.. , = if e n n n 
hkl ^ n 

where u , v , w are the fractional 
n n n 

coordinates of the nth atom in the unit 

cell; N is the number of atoms in the 

unit cell, and f is the atomic scattering 

factor for the species of the nth atom. 

For the ordered structure of 3 brass, the structure factors are: 

JT1 f T* f 
Zn Cu when (h + k + 1) is even 

and 

F ^Zn "^Cu when (h + k + 1) is odd 
(superlattice reflections). 

Since the atomic scattering factors are in general only a function of 

the number of electrons in the atom (atomic number) the factor f^ -

f^ is extremely small due to the proximity of Cu and Zn in the 
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periodic table, and, the re fore, the structure factor corresponding to 

the superlattice lines is negligibly small. As a result their intensity-

is far too small to detect. 

Jones and Sykes (1937) were able to confirm the existence of 

these superlattice lines in ordered 3 brass by using zinc Ka radiation 

which has a wavelength very near that of the absorption edge of cop

per. Under these conditions, an anomalous atomic scattering factor 

occurs for the copper and the resulting difference between the factors 

for zinc and copper was large enough to produce an intensity capable 

of being detected. 

The proximity of iron, chromium, and nickel in the periodic 

table results in low intensity superlattice lines similar to those of 

copper and zinc. However, the presence of the three atomic species 

which are so close to one another complicates the matter to the ex

tent that it is not possible to utilize the phenomenon of an anomalous 

scattering factor to make superlattice lines visible if ordering is 

present. 

Since neutrons are scattered by the nucleus of the atom rather 

than the electrons, the atomic scattering factor for neutrons is not 

influenced by proximity of elements in the periodic table and neutron 

diffraction is applicable (Barrett, 1952). However, a nuclear pile 
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was not available for this investigation, and, therefore, this tech

nique could not be employed. 

Thermodynamic Properties 

The order-disorder transition in alloys is a cooperative phe

nomenon. Energy is required to produce disorder and to move the 

atoms into the "wrong" positions. This excess energy required ap

pears as an anomaly in the specific heat. The appearance of this 

anomaly is indirect evidence that a superlattice is present. However, 

if the ordering energy is low, or only short-range order is present, 

the magnitude of the change in the specific heat may make it difficult 

to detect. 

Electrical Resistivity 

Another physical property which may be strongly influenced by 

the state of order of an alloy is the electrical resistivity. The high 

resistivity of a disordered alloy compared to that of an ordered alloy 

is due to the scattering of electrons by the lack of periodicity in the 

lattice. This may arise from differences in atomic sizes of the com

ponent atoms in the alloy, or may be due to electric field variations 

between the various atoms. Upon ordering, the periodicity of the 

lattice becomes more pronounced,and the resistivity decreases mark

edly. The classical example generally cited in most literature on 
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ordering is the behavior of AuCu , which shows very sharp resistivity 

changes with the on-set of long-range order. 

It must be pointed out that resistivity measurements are not in

fallible for determining the existence of an order-disorder transition, 

however. In the order-disorder alloys of 0 brass, FeCo, and Ni^Mn, 

there is little or no change in the resistivity of these alloys upon or

dering. FeCo in the highly ordered state does show a decrease in 

resistivity over the disordered state when measured at room tempera

ture. In the order-disorder alloys of Au^Cu, CoPt and Fe^Al, the in

verse is true (Muto and Takagi, 1955)1 Upon ordering, the resistivity 

increases. 

For alloys which show little or no change in resistivity associ

ated with the order-disorder transition, the theory is that, since the 

elements comprising these alloys are near neighbors in the periodic 

table, the variation of scattering power for electrons by the two atom

ic species is not very different. This is the same argument that was 

used for the lack of superlattice lines in the x-ray diffraction pattern. 

The increase in resistivity of the alloys of Au Cu, CoPt and 
O 

Fe„Al is explained on the basis of a change in the number of conduc-
O 

tion electrons available before and after ordering. The effective num

ber of electrons decreases with order in these alloys. 
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Determination of order through the measurement of resistivity 

changes is accomplished by quenching from a temperature above the 

critical temperature and then reheating to temperatures below the 

critical. A decrease in resistivity on reheating indicates that order

ing has taken place. Problems arise in this technique for determining 

order, however. For example, in addition to those effects discussed 

above it is possible to quench-in a non-equilibrium number of vacan

cies from the elevated temperature if the cooling rate is too high. 

This would result in a resistivity which would be abnormally high. 

Subsequent reheating to a lower temperature would cause the vacancies 

to anneal out, resulting in a decrease in resistivity. Thus, it might 

be erroneously inferred that order existed. Another problem arises 

if the tendency toward short-range order is strong (no sharp critical 

temperature for short-range order exists). It is possible to miss the 

appearance of short-range order by resistivity measurements, since 

it will take place during cooling if the cooling rate is not sufficiently 

rapid. Thus it is apparent that the cooling rate from the "disordering" 

temperature may be critical. This is especially true if one is consid

ering alloys in which only short-range order exists. 
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Magnetic Properties 

Another way in which order manifests itself is in the change of 

magnetic properties. If the alloy is paramagnetic or diamagnetic in 

the disordered state, then in the ordered state the values for paramag

netic or diamagnetic susceptibilities should increase their absolute 

values (Muto and Takagi, 1955). Therefore it may be possible to de

tect order by the change of magnetic susceptibility, a magnetic trans

formation, or a change in the saturation moment in the case of a fer

romagnetic alloy. One of the most striking effects of order on mag

netic properties is found in Ni Mn and the so-called Heusler alloys 
O 

(Cu-Al-Mn). In the disordered state these alloys are paramagnetic 

and in the ordered state they become strongly ferromagnetic. 

However, as with the effect of order on resistivity, anomalies 

exist in the effects of order on the magnetic properties of some order-

disorder alloys. For example, it has been found that the diamagnetic 

susceptibilities for the ordered alloys of Cu-Au show variabilities de

pending upon the ordered alloy considered (Muto and Takagi, 1955). 

For examples, the Cu Au alloy shows a marked increase in its dia-
O 

magnetic susceptibility upon ordering. However, the CuAu alloy 

shows a decrease, and the CuAu alloy no change upon ordering. 
O 

Thus, detection of order through the measurement of magnetic sus

ceptibility may not be successful. 
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Mechanical Properties 

The effects of order on the mechanical properties of an alloy 

can be variable; consequently any changes in the mechanical proper

ties of the alloy when given thermal treatments to induce ordering may 

not be conclusive of ordering. For example, it has been found that 

ordering generally will increase Young's modulus of elasticity, but in 

some alloy systems, ordering will decrease this constant (e. g., 

Fe Al). Hardening is a function of ordered domain size and reaches 
O 

a maximum at an intermediate domain size. Ordering also results in 

the appearance of a yield point in the stress-strain curve (Marcin-

kowski and Miller, 1961). However, in dealing with an iron=base alloy, 

there is always the probability of the presence of interstitials (carbon 

and nitrogen) which can result in Cottrell atmospheres (Cottrell, 1953) 

around the dislocation. This also results in the appearance of a yield 

point. Therefore, it is problematical as to whether or not the me

chanical properties are indicative of order. 

Electron Microscopy 

Another technique for detecting order, and probably the best for 

most purposes, is electron microscopy. The electron microscope 

can give a greater amount of information concerning order than any 

other one of the techniques available. It is usually possible to view 



directly the ordered domains in the microscope and to obtain an elec

tron diffraction pattern of the superlattice. This can be accomplished ~ 

on a single specimen without moving the specimen. 

The problem again arises, however, of the atomic scattering 

factors of the component atoms of the alloy. As with x-rays, elec

trons are scattered by the electrons surrounding the atom, and,there

fore, the atomic scattering factor is a function of the atomic number. 

The intensity of superlattice spots in the electron diffraction pattern 

may be too small to detect. It may likewise be impossible to see the 

antiphase domain boundaries (see Appendix I) due to the lack of this 

superlattice reflection. The behavior of dislocations, however, of

fers the possibility of obtaining evidence in regard to the existence of 

order. For proper appreciation of the value of this method it is of 

interest to discuss here some specific points concerning dislocations. 

Relevant Dislocation Behavior—As was previously mentioned 

(Dorn, 1963), in a long-range ordered la.ttice, dislocations should 

travel in pairs. This has been shown to be true by Marcinkowski, 

Brown, and Fisher (1961) in the AuCu lattice, and by Marcinkowski 
O 

and Miller (1961) in the Ni Mn lattice. Further, it has been shown by 

Cohen and Fine (1963) that even where only short-range order exists, 

dislocations should still travel in pairs. Thus the presence of order

ing can still be inferred in the electron microscope from the presence 
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of dislocation pairs even in the absence of the superlatti.ee reflection. 

It is possible to mistake dislocation dipoles (plus-minus pairs) 

for "superlatti.ee dislocations" (plus-plus or minus-minus pairs) in 

the electron microscope. Thus the appearance of two dislocation 

images close together in the electron micrograph does not necessar

ily mean that long or short-range order is present in the lattice. 

However, Bell, Roser, and Thomas (1964) have shown that it is pos

sible through diffraction experiments, to easily distinguish between 

dipoles and superlattice dislocations. (See Appendix II for a discus

sion of the techniques involved. ) 

4 

The theory regarding the existence of "superlattice dislocations" 

is that a single dislocation passing through the lattice will cause the 

lattice to be disordered across the glide plane of the dislocation, but 

a second dislocation of the same Burgers vector will reorder the lat

tice. Therefore, it is energetically favorable for the dislocations to 

travel in closely spaced pairs so as to minimize the amount of dis

order existing in the lattice at any one time. The ordering energy 

determines the equilibrium spacing between the two dislocations. 

Since there is a strong mutual repulsion between two dislocations of 

like sign, the only force holding the two dislocations together is the 

ordering energy, or in other words, the energy of the antiphase 

boundary separating the two dislocations. 



A further consequence of long-range order is that of increasing 

the apparent stacking fault energy of the alloy. This has been studied 

in detail by Marcinkowski and Miller (1961) and Marcinkowski, Brown, 

and Fisher (1961) in the Cu Au and Ni Mn superlattices. The theory 
O u 

regarding this effect can be briefly summarized as follows: In an al

loy which has a low stacking fault energy, the unit dislocations disso

ciate into two pr . ual dislocations which bound a stacking fault. Since 

both of these j^-rtial dislocations have a component which is of the 

same sign, there exists a mutual repulsive force between them. The 

equilibrium separation between the partials is a function of the stack

ing fault energy. The lower the stacking fault energy, the more wide

ly these partials separate. However, in the case of a superlattice 

dislocation, an additional force acts to bring the partial dislocations 

together. This force is the energy of the antiphase boundary between 

the dislocations. This is shown schematically in Fig. 1, for a super-

lattice dislocation having a unit dislocation Burgers vector of •— [110]. 

In Fig. 2 is presented a pictorial view of the disorder (antiphase 

boundary) created by the passage of a dislocation such as represented 

in Fig. 1. This is the representation of a lattice of the AuCu^ "type 

wherein the dark balls represent the gold atoms and the white balls 

represent the copper atoms. With the passage of the leading partial 

dislocation ( [211] shear) as in Fig. 2b, there exists in addition to the 



28 

STACKING FAULT STACKING FAULT 
ANTIPHASE BOUNDARY 

ANTIPHASE 
BOUNDARY 

ANTIPHASE 
BOUNDARY 

-ffclll fj2|| -g-fcil fD?D 

SCHEMATIC OF A 1/2010] SUPERLATTICE DISLOCATION 

FIG. 1 SCHEMATIC OF SUPERLATTICE EXTENDED DISLOCATION 
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stacking sequence error, nearest neighbor viola-lions. Note that one 

row of balls has been removed for clarity in this case. Passage of the 

second partial dislocation ( [ 121] shear) as in Fig. 2c, eliminates the 

stacking fault, but nearest neighbor violations remain. The third 

partial dislocation again produces a stacking fault with disorder, Fig. 

2d, and finally the trailing partial dislocation removes the stacking 

fault and reorders the lattice, Fig. 2e. The result of this disordering 

action by the partial dislocations is an increase of the apparent stack

ing fault energy of the alloy. The apparent stacking fault energy of the 

alloy becomes the sum of the ordering energy and the "real" stacking 

fault energy. 

The stacking fault energy between two adjacent partial disloca

tions may be stated (Marcinkowski and Miller, 1961) as follows: 

E I - E  + S S E O R  
F F ~y~ 

A where: B-, - aopsrer.t stacking fault energy 
r 

S - long-range order parameter 
( S  ~ 1 for perfect order) 

E = "r.Hsj" stacking fault energy b 
EQ^ ordering energy. 

Thus as the degree of order increases, or the ordering energy in

creases, the apparent stacking fault energy increases. 
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The consequences of the decreased separation of the partial dis

locations are that dislocation cross slip becomes much easier, and 

slip should occur on closely-spaced slip planes, as is observed in 

aluminum which has an extremely high stacking fault energy, rather 

than in widely-separated slip planes as is observed in metals of low 

stacking fault energy, such as gold. 

If one considers the dislcoati.cn intersection processes which 

must occur, the situation becomes quite complicated. Theory pre

dicts the formation of three-fold nodes upon intersection of unit dis

locations and the formation of alternately extended and contracted 

three-fold nodes when extended partial dislocations intersect. The 

node configuration formed when two superlattice extended dislocations 

intersect is beyond the comprehension of this investigator. It should 

suffice to say that determination of the stacking fault energy using the 

technique proposed by Whelan (19 59) wherein the stacking fault energy 

is determined by the radius of curvature of extended nodes would meet 

with little success. No doubt the nodes would be too small to measure 

even if they did form. 

The consequences of short-range order are more subtle with 

regard to the effects on dislocation behavior. They too should travel 

in pairs,or at least exist as paj.rs after deformation, as was pointed 

out above. As with long-range order, short-range order should also 



produce an increase in the apparent stacking fault energy. Short-

range order is a nearest neighbor effect, and destruction of the exist

ing order between nearest neighbors by the stacking fault should re

sult in a decrease in the equilibrium spacing between dislocations and 

thus an increase in the apparent stacking fault energy. 

Adopted Techniques 

After some consideration of the foregoing possible detection 

procedures, it was decided to utilize resistivity measurements and 

electron microscopy as investigational tools for this research into 

the possibilities of ordering in the Fe-Cr-Ni alloy system. Electron 

microscopy was selected for its versatility, and the electrical resis

tivity was selected for its relative simplicity. 



EXPERIMENTAL PROCEDURES 

Alloy Preparation 

The alloys selected for study in this investigation were: Fe-25-

Cr-25Ni, Fe-20Cr-40Ni, Fe-10Cr-25Ni, and Type 304 Stainless Steel 

which is basically Fe-18Cr-8Ni. (Note that atomic percentages are 

used throughout in referring to these alloys.) All the alloys, except 

for the Type 304 stainless steel, were prepared from minus 100-mesh 

metal powders. In order to eliminate any surface oxides from enter

ing into the weighings, the powders were heated to 600°C in hydrogen 

before weighing. This resulted in some sintering of the powders, and 

it was necessary to regrind the powders using a mortar and pestle. 

It was decided to use powders for the alloy preparation so as to elimr 

inate the possibilities of inhomogeneity which may arise when large 

pieces of the constituent metals are melted. The weight percentages 

of each alloy were calculated from the desired atomic percentages, 

and weighings were made to the nearest 0. 25 gram. The powders 

were thoroughly mixed and were induction melted in alumina cruc

ibles under an argon atmosphere. Due to the use of fine metal 

powders, it was necessary to employ a graphite susceptor to provide 

sufficient power transfer from the induction generator to the alloy. 

To prevent any carbon pickup from the susceptor, the crucibles were 
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covered and argon gas was admitted to the charge through Vycor tub

ing inserted through a hole in the cover. The alloys were allowed to 

solidify in the crucible and were broken out. The resulting ingots 

weighed approximately 50 grams in each case. 

The ingots were then cold upset and cold rolled down to 0. 010-

inch thick strip. 1. 0 inch wide. Intermediate anneals at 1150° C under 

argon gas were made after approximately 50 per cent cold reduction. 

The high temperature for annealing was chosen to provide homogeni-

zatiori in the event any segregation had occurred during the melting 

and solidification operations. 

As a check on the chemical composition, the cold-rolled strips 

were analyzed by x-ray fluorescence methods using a General Electric 

X.RD-5 x-ray diffraction unit. The standard corresponding to each 

alloy composition for these measurements was made from the metal 

powders carefully weighed and thoroughly mixed. In order to prevent 

the; effects of any segregation from entering into the results, the 

standards were poured out, mixed and repressed into the holder after 

analysis. Each standard was run three times. The analyses were 

made using a tungsten tube operated at 20 ma to excite the character

istic x-ray fluorescence of each element. These x-rays were ana

lyzed with a lithium fluoride crystal. All determinations were made 

using the intensity of the characteristic Ka peak for the particular 



element being analyzed. The intensity of each characteristic peak 

was measured for a period of 100 seconds. This measurement was 

repeated five times for each peak and the average of these five deter

minations was used for analysis. In the case of chromium, the dif

ference in intensity of the Ka peak in the powder sample and that in 

the specimen strip was less than 1%. This difference in intensity 

would correspond to a difference in composition of approximately 

0. 2%. In the case of nickel, the difference was less than 0. 5%. This 

would correspond to a composition difference of less than 0.1%. The 

compositions of the alloys investigated are given in Table I. 

It was decided to attempt to determine the effects  of nitrogen 

on one of the alloys, Fe-25Cr-25N.i. In order to introduce nitrogen, 

the powders were heated to 700 °C and a mixture of ammonia vapor 

and hydrogen was passed over them. The alloy was then prepared in 

a manner similar to that used for the low-nitrogen alloys. It is esti

mated that due to the vacuum annealing treatment, the nitrogen con

tent in the low nitrogen alloys was only a few parts per million, while 

that of the high nitrogen alloys was probably between 0. 01 and 0. 05 

percent by weight. 



36 

Table I 

Composition of Alloys 

Atomic Percentage 

Element Type 304 ss 1 Fe-25Ni-10Cr3 Fe-25Ni-25Cr3 Fe-40Ni-20Crs 

Cr 18.7 10.1 25.07 20.3 

Ni 9.3 25.08 24.9 39.8 

Fe taken as balance 

1 Chemistry from supplier 

2 Wet analysis 

3Analysis by x-ray fluorescence. 

Resistivity Measurements 

Resistivity measurements were conducted by the four-point 

probe method in a device made especially for this investigation. A 

photograph of this device is shown in Fig. 3. The arrangement is 

shown schematically in Fig. 4. The resistance measurements were 

made by passing a constant current through the two outer contacts 

while the voltage drop was measured across the two inner contacts. 

The contacts were made from brass screws tapered to a sharp point. 

In this way the effects of contact resistance were eliminated. A con

stant current was obtained by maintaining a constant voltage drop 

across a standard resistor. Both the sample and the standard resistor 
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were immersed in an ice bath to eliminate the effects of thermal fluc

tuations. Samples for the resistivity measurements were cut in the 

form of strips 0. 5 cm wide by 8. 0 cm long by 0. 025 cm thick. No 

attempt was made to calculate absolute resistivities from the readings 

taken. The magnitude of the voltage drop was used as the basis for 

comparison. The readings were taken with a constant 1. 0 V drop 

across the standard resistor. This corresponded to a current through 

the sample of approximately 1 amp. The voltage drop across the stan

dard resistor was monitored by an NLS Model V3 5A Digital Voltmeter, 

and the voltage drop across the sample was measured by a Leeds and 

Northrup portable potentiometer Model 8691. Current was supplied 

by a Tabtron Variable Voltage Power Supply, Model T32V. A photo

graph of the complete set-up for resistivity measurements is shown 

in Fig. 5. 

The computed sensitivity to changes in resistivity based on the 

sensitivity of the potentiometer, the current flow in the circuit and 

the dimensions of the specimens is of the order of 0. 05%. 

Electron Microscopy 

Specimens for electron microscopic examinations were thinned 

by electrolytic means using the "window" method (Thomas, 1962). 

This method consists of masking the specimen with an acid-proof 
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FIG. 5 RESISTIVITY MEASUREMENT INSTRUMENTA
TION 



lacquer in such a manner as to leave only a rectangular area ("win

dow") in the center unmasked. Due to the viscous anodic film formed 

during electropolishing, the metal at the top of the specimen will be 

dissolved away much more rapidly since the anodic film will flow 

toward the bottom of the window and this thicker film will inhibit the 

rate of attack at the bottom. When break-through of the specimen 

occurs, the specimen is remasked to cover the area which has broken 

through and then inverted in the electrolyte and polished until break

through occurs again. The process is repeated until the specimen is 

thin enough to be transparent to the electron beam. In the case of an 

accelerating voltage of 100 KV, the specimen thickness must be < 3000 
o 
A. It is not possible through electrolytic polishing to obtain a uni

formly thin specimen and generally, only a narrow portion of the 

specimen near the edge is transparent to the electron beam. 

The electrolyte used for polishing all the alloys was composed 

of 55% H PO , 35% H SO , and 10% H O. The polishing current den-
o tc 6 T: ^ 

sity was 0. 5 amp/cm3 at a temperature of 28 °C. A stainless steel 

beaker was used as a combined electrolyte container and cathode. 

For the final finishing polish, the electrolyte temperature was low

ered to 0°C and the current density was decreased to ~ 0. 25 amp/-

cm2. This was done to obtain better control of the polishing rate. A 

photograph of the electrolytic polishing set-up is shown in Fig. 6. 



FIG. 6 ELECTROLYTIC POLISHING SET-UP 
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All electron microscopy was done on a Hitachi Model HU-11A at 

an accelerating voltage of 100 KV. To facilitate diffraction analysis, 

the microscope was fitted with a biaxial tilting stage. 

Heat Treating 

Heat treating of the specimens at temperatures of greater than 

1000 °C was accomplished either in a Leco Combustion tube furnace, 

by direct resistance heating in a vacuum, or else by direct resistance 

heating under a liquid nitrogen bath. These various methods were 

used in order to vary the rate of quenching and the nitrogen content of 

the alloy. 

Low-nitrogen specimens were prepared by direct resistance 

heating in a vacuum of 10 ~8 torr at a temperature of 1200 °C for 15 

minutes. A photograph of this resistance heating set-up is shown in 

Fig. 7. The heating current was supplied from a 5-V 200-amp trans

former which was controlled by a silicon-controlled-rectifier module. 

This transformer and module are part of a Sloan DTM-2a Deposit 

Thickness Monitor used for monitoring and controlling vacuum evap

oration. Heating at this temperature under the high vacuum results 

in a high degree of denitriding. This direct resistance method of 

heating makes it possible to achieve high cooling rates under vacuum, 

because only the heat within the specimen need be dissipated. 



FIG. 7 RESISTANCE HEATING ARRANGEMENT 



Specimens heated in this manner cooled to below a red heat (~500° C) 

in less than 2 seconds. Temperatures were measured by an optical 

pyrometer. 

High-nitrogen specimens were annealed and argon-quenched in 

a resistance-heated Leco Combustion Tube furnace through which 

argon atmosphere was passed as shown in Fig. 8. The furnace was 

fitted with an extra long Mullite tube so that it was possible to push 

the specimens out of the heat zone to allow them to cool rapidly. This 

operation was facilitated by making a special flange with a gas-tight 

seal through which a push-rod moved. Cooling of the specimens was 

aided by increasing the argon flow before pushing the specimens into 

the cold zone. 

In order to obtain very rapidly quenched specimens, some of 

them were directly resistance heated to the annealing temperature 

under a bath of liquid nitrogen as shown in Fig. 9. It was possible to 

accomplish heating under these conditions since the heat of vaporiza

tion of liquid nitrogen is quite low. Temperatures were measured 

through the liquid nitrogen with an optical pyrometer. The rate of 

cooling of the sample was extremely rapid after cessation of current 

flow and no estimate of the rate was obtained. 

Aging treatments were carried out in a retort-type furnace 

made of stainless steel. The aging was carried out under argon gas. 



FIG. 8 TUBE FURNACE FOR HIGH TEMPERATURE 
ANNEALING 

FIG. 9 LIQUID NITROGEN QUENCH 



To prevent the possibility of diffusion occurring between the stainless 

steel furnace shell and the specimens, the specimens were placed in 

a Mullite protection tube inside the retort. A photograph of this fur

nace is presented in Fig. 10. 
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FIG. 10 RETORT FOR AGING 



RESULTS AND DISCUSSION 

Resistivity Measurements 

The results of resistivity measurements are shown in Table II. 

The term resistivity when used in discussing the results refers to the 

magnitude of the voltage drop and not to an absolute resistivity value. 

TABLE II 

Voltage Drop Corresponding to 

Resistivity Changes With Heat Treat, 

Gas Quenched from 1200 °C 

Millivoltage Drop After Time Indicated at 600 0 C 

Alloy Quenched 1 hr 6 hr 24 hr 30 hr 
Fe-25-25 21. 79 21. 76 21. 60 21.65 -21. 32 

Fe-25-10 18. 26 18. 46 18. 40 18. 39 18. 43 

Fe-25-25-N2 17. 60 17. 80 17. 82 17. 73 17. 65 

Fe-20-40 31. 48 31. 46 31. 49 31. 37 31. 52 

Fe-20-40-N2 29. 40 28. 43 28. 46 28. 53 29. 07 

Type 304 ss 14. 95 14. 96 14. 80 14. 39 15. 01 

The data presented in Table II are the results on only one set of 

determinations of resistivity. Other attempts gave varying results. 

For example, it was found that some scaling of the samples was 
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occurring during the aging treatments. To eliminate this, a set of 

samples was aged for 1 and 6 hours under a hydrogen gas a.tmosphere. 

It was found that the resistivity of these samples increased in 1 hour-

markedly and was slightly higher after 6 hours. Reaging for 1 hour 

in argon, however, brought the resistivity back down to the same (or 

approximate) value as initially found for the argon treatment alone. 

Evidently some hydrogen diffusion had occurred resulting in increased 

resistance. Samples which exhibited scaling were found to drop in 

resistivity, and the scale was found to be ferromagnetic. Passing 

the gas through a drying train (Dryrite and a concentrated H SO bub-
4 

ble column) did not improve matters significantly, probably due to 

the adsorbed oxygen within the system, particularly on the alumina 

protection tube. The samples of Table II were aged by heating for 

15 minutes in hydrogen and then changing the atmosphere to argon. 

The amount of scale formed by this procedure was insignificant. 

The data obtained from resistivity measurements are rather in

conclusive.; none of the alloys tested showed any significant change 

with aging time. The variations of resistivity shown in Table II may 

represent only experimental deviations (possibly due to some speci

men misalignment) rather than true changes in the alloys. These 

results may be interpreted in one of several ways. The possibilities 
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are: no order exists in the Fe-Cr-Ni alloy system; the resistivity 

measurements, as made, are not capable of detecting order; only 

short-range order is present; or due to the proximity of the elements 

in the periodic table, the resistivity is not sensitive to long-range or

der as was discussed previously. It is possible that the latter is the 

correct interpretation; but in light of the experimental data obtained 

through electron microscopy, it is believed that only short-range or

der exists. Although it is true that the potentiometer used for the 

voltage drop measurements was not as sensitive as those ordinarily 

used for resistivity determinations the fact that it was possible to 

detect a resistance change after annealing in hydrogen (probably due 

to adsorbed hydrogen) is taken to be evidence that it was not insensi-

tivity of the method that failed to produce concluseve results in these 

tests. 

Electron Microscopy 

Although the attempts to discover and prove the existence of or

dering in the Fe-Cr-Ni alloys by means of electrical resistivity meas

urements were unfruitful, the results of electron microscopic exami

nation of the alloys under consideration were much more illuminating. 

Photographic results of electron microscopic examinations of 

the alloys investigated are presented in Figs. 11-2 5. The discussion of 
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these electron micrographs attempts to point ouf  the important fea

t ures of each and interpret these features from '.he s'aridp 'itr. of the 

preceding discussion of dislocation behavior. 

Type 304 Stainless Steel-Type 304 stairluss s'.t-e1 i n -  an alloy 

which has what is considered a very low stacking far"- ere rgy. Pic

torial evidence for this is shown in Fig. 11. This macro

graph was obtained from a sample of Type 304. who- h w-. s quenched 

from 1200 °C. At points "a" are extended nodes wh^se ridii of cur

vature are quite large. Measurements of the rsdi. of' ci-oacure of 

these nodes give 18 erg/cm2. Measurements of other nodes in this 

same specimen of Type 304 stainless steel gave an avi-roge value 

for '.he stacking fault energy of ~15 erg/cm2. F'n. <? ag- s well with 

the value of 3.5 erg/cm2 published by Whelan r0 5D). 

Figure 12 J' S  a micrograph of the same )>|>•' 304 a.1 -,/y which had 

been aged for 30 hrs. at 600° after being quern hed from 200 °C. 

The S 'aoking fault energy of this aged material is a:s-> ev> < mc'.y low 

as indicated by the widely extended dislocanons at 'ho: r associated 

stacking faults (alternating black and whi'e fringes alo-ng A - AK The 

faults along A - A are on two or more adjacent s:ip p dr.es.as shown 

by ihe jogs.along the line and the variable coronas' preser :. These 

widely extended dislocations are not found in bulk ma *e rial. but are 

a phenomenon generally found in thin foils of me'ais wh h have low 



FIG. 11 304 STAINLESS STEEL - AS QUENCHED 

FIG. 12 304 STAINLESS STEEL - AGED 
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stacking fault energy. This abnormality is a result of the trailing 

dislocation being "hung-up" due to surface oxide films and the lead

ing dislocation being dragged away by thermal stresses arising from 

heating by the electron beam. Further evidence that the stacking 

fault energy is low is the large extended node at "a". The stacking 

fault energy as determined by measurement of this node was 14 erg/-

cms. The fact that the stacking fault energy is very low and does 

not change significantly with aging suggests that very little, if any, 

ordering takes place in Type 304 stainless steel. 

Fe-25Ni-10Cr-Results of electron microscopic examinations 

of the Fe-25Ni-10Cr alloy are shown in Figs. 13 and 14. Figure 13 is 

an electron micrograph of this alloy in the as-quenched condition 

(from 1200 °C) and Fig. 14 is a micrograph of the same alloy in the 

aged condition (30 hr. at 600 °C). With the exception of the higher 

magnification used to obtain Fig. 14, there is virtually no difference 

in the appearance of the two micrographs. Measurements of the 

radii of curvature of the two nodes at "a" in both figures results in 

a value of approximately 25 erg/cm2 for the stacking fault energy. 

This is significantly higher than that for Type 304 stainless steel 

but still low when compared to metals considered to have high stack

ing fault energy (e. g. A1 with a stacking fault energy of ~300 

< •  /  



FIG. 13 Fe-25Ni-10Cr ALLOY - AS QUENCHED 

FIG. 14 Fe-25Ni-10Cr ALLOY -AGED 



erg/cm2). The fact that there is an increase in the stacking fault 

energy over that of the Type 304 stainless steel can be interpreted 

as evidence that some degree of order is present in this alloy. The 

lack of change in the stacking fault energy with aging, however, 

would indicate that the order is only short range in nature. It might 

be argued that the increase in stacking fault energy is not. a result 

of ordering, but. rather a result, of changing the alloy content. How

ever. in view of the evidence obtained on the other alloys in this ser

ies, the most probable explanation is that of the onset of short-

range order. 

Fe~25Ni-25Cr-Electron micrographs of the Fe-25Ni-25Cr 

alloy in the as-quenched condition are shown in Figs. 15 and 16. A 

comparison between these micrographs and those for the previous 

two alloys, shows that the dislocations are more closely confined to 

thfcir slip planes in the Fe-25Ni-25C.r alloy than in either the Type 

304 stainless steel or the Fe-25N.1 -lOCr alloy. According to dislo

cation theory, the Fe-25Ni-25Cr alloy should have a much lower 

stacking fault energy than the previous two since the micrographs 

give no evidence of the occurrence of cross slip. 

None of the dislocation nodes is extended in Fig. 15. Figure 

16 at first glance appears somewhat confusing in light of the previous 
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FIG. 15 Fe-25Ni-25Cr ALLOY - AS QUENCHED 

FIG. 16 Fe-25Ni-25Cr ALLOY - AS QUENCHED 



statement. It would appear that there are large areas of stacking 

fault present in the alloy and, therefore, that the stacking fault en

ergy is low. Closer examination of these alternate light and dark 

fringes, characteristic of stacking faults, reveals at A that, there are 

also fine lines running across the fringes. Note also that these 

fringes are very close to an extinction contour (area which corre 

sponds to the Bragg condition for strong diffraction). Near an ex

tinction contour, a dynamical diffraction effect takes place and dislo

cation contrast becomes "dotted". This appearance arises from the 

fact that the contrast of the dislocation oscillates periodically with 

depth in the crystal. Thus, the most probable explanation for these 

fringes is over-lapping stress fields of a dislocation "pile-up" made 

visible by the dynamic contrast condition. This "pile-up" is probably 

a group of dislocation dipoles on adjacent planes due to the fact that 

they are so close together. Were it not for this fact, their mutual 

repulsive force would cause them to separate. Proof of this argu

ment, that the fringe contrast is-not due to stacking faults, is shown 

at B. This area is a greater distance from the extinction contour, 

and the dynamic effects are lessened. Note that the fringes are 

much lighter and the dislocation contrast much stronger. 

The second difference between this alloy and the previous 

two which immediately meets the eye in Fig. 15 is the frequency of 



dislocation pairs (e. g. at "A"). Contrast experiments showed that 

the pairs at "A" are of the same sign, while those at "B" are dipoles. 

This is good evidence that order does exist in this alloy. The four 

dislocations to the right of "A" probably comprise a superlattice di-

pole due to the fact that they are so close together, otherwise the 

mutual repulsion would push them apart. 

Figures 17 and 18 are electron micrographs of the same Fe-

25Ni-25Cr alloy which had been aged for 30 hrs. at 600 °C. It is 

apparent from these two figures that extensive pairing of dislocations 

also exists in this alloy after aging. The dislocation pairs seen in 

Fig. 17 are dipoles. It was not possible to complete tilting exper

iments to confirm this fact,according to the technique described in 

Appendix II,due to an electron gun discharge which melted the foil. 

However, it can be seen in the vicinity of "A" that dotted contrast 

is beginning to appear and that the darkening is on opposite sides of 

the individual dislocations comprising a pair. This appearance, 

typical of dislocation dipoles, is shown schematically in Fig. 26 

and discussed in Appendix II. Figure 17 is included as both an illus

tration of this type of dipole contrast and to point out the fact that 

the stacking fault energy of this alloy is very high. It can be seen 



FIG. 18 Fe-25Ni-25Cr ALLOY - AGED 



that the radius of curvature of the nodes at "B" is minute, which 

indicates that the stacking fault energy is very high. 

Tilting experiments showed that the dislocation pairs seen in 

Fig. 18 are of the same sign. In this figure the pairing of dislo 

cations of like sign is clearly seen. Figure 19 is another example 

of dislocation pairs of the same sign. Included in this figure are 

two electron micrographs of the same area along with their diffrac

tion patterns. The fact that the pairs are of the same sign is con

clusively proven. The distance between pairs remains constant 

after changing the sign of s as shown by the shift of the Kikuchi line 

from outside the diffraction spot to inside the diffraction spot (c. f. 

Appendix II). It must be concluded that order does in fact exist in 

the alloy. The spacing between dislocation pairs, which is a meas

ure of order., in the aged and in the unaged conditions, however, 

apparently does not change. This fact would indicate that the order 

is short range in character. Were this not the case, the spacing 

should decrease with aging. 

Figure 20 is an electron micrograph of a specimen of Fe~25Ni~ 

25Cr-N alloy in the as-quenched condition and Fig. 21 is of the 

same alloy after aging. Examination of specimens in both conditions 

failed to produce any areas in which dislocation pairs could be lo

cated. This is unexpected in the light, of the results on the 
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FIG. 19 Fe-25Ni-25Cr ALLOY - AGED 



FIG. 20 Fe-25Ni-25Cr-N ALLOY - AS QUENCHED 

FIG. 21 Fe-25Ni-25Cr-N0 ALLOY - AGED 



Fe-25Ni-25Cr alloy. These two figures, however, do show two sig

nificant. facts. First., ii- both the aged and unaged conditions the dis

locations remain in their slip planes with little tendency for tangling. 

The second noteworthy feature of both of these figures is the ab 

sence of any extended dislocation nodes. It is possible to interpret 

r.Ms in only one way, --that order is present, in spite of the absence 

of. dislocation pairs. The unextended nodes show that the apparent 

stacking fault energy is extremely high. Ordinarily in an alloy of 

high stacking fault energy such as this, the dislocations will cross-

slip and tangle. The fact, that they do remain coplanar is good evi 

dence that the lattice must be ordered. 

It may be that the dislocations are actually pairs, bur. their 

spacing is so small that, it is not possible to resolve them. The 

heavy and dark appearance of the dislocations at A in Fig. 21 sug

gested this, but tilting experiments failed to prove it. Since the 
a 

width of a dislocation image is of the order of 100 A, a superlatd.ee 
o 

pair of spacing less than 100 A would appear as a single dislocation. 

Fe-40Ni-2OCr-Figures 22 and 23 are electron micrographs of 

.'•.he Fe-40Ni--20Cr alloy in the as-quenched condition. The disloca

tion nodes in this alloy, as in the Fe-25Ni - 25Cr alloy, are for the 

most part unextended. However, there are some extended nodes 

f.e.g. "A" in Fig. 23). Measurements of the radius of curvature of 
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FIG. 22 Fe-40Ni-20Cr ALLOY - AS QUENCHED 

FIG. 23 Fe-40Ni-20Cr ALLOY - AS QUENCHED 



these nodes give a value for the stacking fault energy of ~50 erg/cm13 

which is quite high. This is probably above the upper limit for which 

this technique for stacking fault energy measurement is applicable. 

At higher values of stacking fault energy, the radius of curvature be

comes too small to measure with any degree of accuracy. In addition, 

this technique neglects the effects of repulsion between the partial 

dislocations which become very significant as the node size decreases. 

It is probable that the stacking fault energy, as measured in this case, 

is lower than the actual value due to the very small nodes and the 

mutual repulsion of the component partial dislocations. 

Figures 24 and 25 are of the same Fe-40Ni-20Cr alloy after 

aging for 30 hrs. at 600UC. It can be seen from Fig. 25 that the dis

locations are confined to their slip planes. The dislocation nodes are 

extremely small, as was the case with this alloy in the as-quenched 

condition. It appears that there is a large extended node at "A" in 

Fig. 24. This, however, is only a contrast effect and not truly an ex

tended node. The dislocation pairs apparent at "B" are obviously di-

poles from the fact that they are joined at one end. The dislocation 

pairs seen at "C" are also dipoles as shown by the alternating con

trast along their length. The results of electron microscopic exam

inations on the Fe-40Ni-20Cr alloy indicate that if ordering is 



FIG. 24 Fe-40Ni-20Cr ALLOY - AGED 

FIG. 25 Fe-40Ni-20Cr ALLOY - AGED 



present in this alloy, it is only short range in character since there 

is no apparent change in the dislocation configuration with aging. 

It is also apparent, in view of the absence of dislocation pairs that 

the degree of order is less than that of the Fe-25Ni-25Cr alloy. 

This conclusion is confirmed by the fact that the stacking fault 

energy is markedly lower in the Fe~40Ni-20Cr alloy, as indicated 

by the existence of extended nodes of a measurable size as seen in 

Fig. 22. 

Summary of Electron Microscopic Observations-The results 

of electron microscopic examinations of the alloys investigated in 

this research effort may be summarized in the following manner. 

The apparent stacking fault energies of the alloys investigated were 

strongly influenced by alloying additions. The maximum value for 

the apparent stacking fault energy occurred at the composition of 

25% Ni and 25% Cr. Alloys with chromium contents below 25% and 

alloys with nickel contents above and below 25% had lower apparent 

stacking fault energies. In the Fe-25Ni-25Cr alloy there were num

erous dislocation pairs of like-si-gn. There was no apparent change 

in the dislocation pair spacing for the as-quenched and aged con

ditions for this alloy. No dislocation pairs of like sign were found 

in any of the other alloys examined. The interpretation of these 

results is that the behavior of the stacking fault energy is a result 
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of ordering, and the degree of order is maximum at the composition 

of Fe-25Ni-25Cr. This interpretation is supported by the presence 

of the dislocation pairs of like sign at this composition. The fact 

that the spacing between the dislocation pairs does not change with 

aging indicates that the order existing in this lattice is probably 

only short range in character. A further observation, which tends 

to support the belief in the existence of strong short-range order in 

the Fe-25Ni-25Cr alloy, is the presence of numerous closely spaced 

dislocation dipoles. Without ordering, it would be probable for 

cross slip or climb to occur, with the resultant annihilation of a 

f - pair. 



CONCLUSIONS 

Based on the results of electron microscopic examinations, it 

can be concluded that short-range order exists in the Fe-Cr-Ni alloy 

system, and the degree of order is a maximum at or near the compo

sition of 25% Ni, 25% Cr. The behavior of dislocations observed by 

electron microscopic examinations is consistent with theories devel

oped for the effects of short-range order. 

Resistivity measurements yielded no conclusive results except 

to help confirm that the ordering observed was only short range in 

character, since short-range order produces little or no change in 

resistivity. However, in some order-disorder alloys, resistivity is 

not affected by ordering, and this may be the case in the Fe-Cr-Ni 

system. 

The effect of nitrogen on the Fe-25Ni-25Cr alloy was difficult 

to determine. There were no dislocation pairs apparent in the ni-

trided sample, but the heavy appearance of many of the dislocation 

images may be indicative of unresolvable pairs. 

The apparently unexplained phenomena cited in the introduction 

can be explained on the basis of ordering affecting the behavior of 
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dislocations. Trends found in this research tend to support this con

tention. 

The Fe-Cr-Ni system is a difficult system in which to work. 

It is a ternary alloy system in which the constituent atoms are close 

neighbors in the periodic table. Several allotropic forms exist in 

the system which complicate its investigation to a great extent. De

spite these conditions, however, the practical importance of this al

loy system dictates that research effort should be expended in at

tempting to reach an understanding of behaviors observed and anom

alies encountered in the use of such alloys. 



APPENDIX I 

Amaging of Superlattice Domains 

The scattering of x-rays is produced by their interaction with 

electrons surrounding the nucleus of an atom. Thus the scattering 

factor is a function of r.he number of electrons in the atom or the 

atomic number Z. The intensity of the diffracted x-ray wave is 

proportional to the square of the x-ray scattering factor or to 

The scattering of electrons is slightly more complicated since the 

electron interacts with the charge on the nucleus. An approximation 

;o the atomic scattering factor, f(©), of electrons is given by 

t/Thomas. 1962): 

f(Q) •= 2.38 x 10s (Z - f )(— 
x sin© 

a 

where: Z atomic number 

f : :  x-ray scattering factor 

© scattering angle (Bragg angle) 

\ -• deBroglie wavelength of electron. 

Thus it can be seen that the scattering of electrons is also a function 

of atomic number, and near neighbors in the periodic table should 

have similar scattering factors for electrons. 
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The image seen in the electron microscope is generally pro

duced by the scattering of electrons outside of the objective aper

ture. This produces deficiency contrast. However, for the imaging 

of periodic structures (e. g. lattice planes in a crystal or the do

mains in an ordered lattice), the diffracted beam must, be recom-

bined with the transmitted beam of the ordered plane. The diffract

ed beam must be of sufficient amplitude so as to interfere with the 

transmitted beam to produce the image. If it is not, the periodic 

structure will not be resolved. 

The domains in an ordered lattice form a periodic structure 

with a large periodicity such that a diffraction spot splits up into 

s a t e l l i t e s  w i t h  t h e  s p a c i n g  b e t w e e n  t h e s e  s a t e l l i t e s  e q u a l  t o  t h e  r e 

ciprocal of the domain periodicity. However, if the scattering fac

tors of the constituent atoms are nearly equal, the intensity of the 

satellite spots will not be sufficient to make the domains visible. 



APPENDIX II 

Analysis of Dislocation Pairs for Detecting Order in Alloys 

From the kinematical theory of electron diffraction from crys

tals (i. e. assuming that the amplitude of the scattered beam is much 

less than that of the incident beam), it can be shown (Thomas, 1962) 

that any displacement of atoms from their ideal positions in the crys

tal lattice introduces a phase shift, 0, in the diffracted beam. This 

phase shift is a function of g (the reciprocal lattice vector of the 

plane giving rise to the diffracted beam) and R (the displacement vec

tor of the atoms). Mathematically stated, the expression is: 

0 ~ 27Tg " R 

The amplitude. A, of the diffracted beam becomes 

a .. r* ^ 2Tisz 
A  -  J 0 e  e  d z  

where: s deviation from the. exact Bragg condition 

z •" distance through the crystal parallel to the incident 

S7RJ[ G ^ 
beam. The factor e corresponds to the perfect crystal. 

In the case of a perfect crystal, the displacement vector, R, 

corresponds to the Burgers vector, b, of the dislocation. If the 

reciprocal lattice vector and the Burgers vector are mutually 
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perpendicular, the phase factor is zero and the dislocation is invis

ible. Therefore, in order to obtain an image of a dislocation, the 

requirement is g " b ^ 0,, 

The image of a dislocation does not lie on the core of the dis

location but lies to one side or the other depending upon the signs of 

g, b, and s. In a given area of a crystal, g and s are constant. 

Therefore, the sign of b determines the position of the image. In 

the case of a dislocation dipole, the individual images will lie on 

opposite sides of the dislocations. If the dislocations are of the 

same sign, then their images will be on the same-side. Figure 26 

illustrates how the character of a dislocation pair might be deter

mined from tilting experiments. In this technique the crystal is 

tilted so as to change the diffraction conditions, and the spacing of 

the dislocation pair with the change in the diffraction condition is 

observed. Figure 27 is a schematic drawing showing the relation

ship of the parameters g and s and the Kikuchi line. Kikuchi lines 

are formed by the diffraction of incoherently scattered electrons. 

These lines are located at the exact Bragg angle. Therefore, the 

deviation parameter, s, is determined by the distance of the diffrac

tion spot from the Kikuchi line. The sign of s is taken to be positive 

if the Kikuchi line lies outside the diffraction spot and negative if it 

lies inside the diffraction spot. 



Figure 26 illustrates how the spacing between a dislocation di-

pole and a superlattice pair will vary by changing s or g. It can be 

seen that the image of a superlattice pair will shift, but the spacing 

between them will remain constant. The spacing between a dipoie 

pair does shift. 

Figure 26 also shows another way in which the character of a 

dislocation pair may be determined. This is by observing the posi

tion of the "dotted contrast" in the two dislocations. Any discontinu

ity (grain boundary, stacking fault, or dislocations) lying at an angle 

to the crystal surface gives rise to a fringe contrast (intensity var

iations with depth in the crystal) which occurs when the crystal is 

oriented very close to a Bragg condition for the operating reflection. 

In the case of a dislocation, these fringes will lie on one side or the 

other of the dislocation depending upon its sign. Figure 26 shows the 

relationship of these fringes for a dipoie and a superlattice pair. In 

the case of a number of dipoles closely spaced as in Fig. 16, the 

overlapping of the images gives rise to a contrast effect characteris

tic of stacking fault, and may be confused with a stacking fault if 

care is not exercised. 

A third condition illustrated in Fig. 26 is one whereby a dislo

cation may produce two images due to the fact that two reciprocal 



lattice vectors are acting to produce contrast. This condition was 

not encountered, however, in this investigation. 

Figure 28 shows an example of a dislocation dipole and the 

change in its spacing when the sign of s is changed. The diffraction 

patterns are included for reference. Figure 19 shows the lack of 

change in spacing for a superlattice pair. An example of "dotted 

contrast" for a dislocation dipole is shown in Fig. 17. 



77 

Sup«rdMoco1ton Dipola 
b b b -b 

•f i n | 

i"l 1 
.1 < < 

I 
r 
! 
i 

TJ « T: 
2  s  

O Q I? o o 
£ 
£ 

—=*1-

• 
£ •O » £ 

s 
'•6 

ri 

Diffraction pol«*fn 
ond hikbchi li««» 

g,» (gb)i>0 0 

-g,s (g-b)s<0 |« © 

|-g,-» (g-b)s>0 «| « 

g,-s (g-b)s<0 9 

r  
)  

f  * 
M 
\  i  

» 
Tru« position of ^ 

dislocation 

FIG. 26 IMAGE POSITION FOR DISLOCATION PAIRS 
FOR VARYING DIFFRACTION CONDITIONS 
( Courtesy ACTA Met. ) 

ELECTRON 

BEAM 

DIFFRACTION 
SPOT 

TRANSMITTED BEAM 

KIKUCHI 
LINE 

g* l/d 

ORIGIN 

EWALD 
SPHERE 

CRYSTAL 

FIG. 27 RELATIONSHIP BETWEEN KIKUCHI LINES 
AND RECIPROCAL LATTICE VECTORS 
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