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ABSTRACT 

Composition and structure have pronounced effects on the proper

ties of amorphous silicon films. By controlling the composition of 

amorphous silicon films through the proper adjustment of the preparation 

parameters, it is possible to modify the structural and thereby the 

optical properties of the deposited film. We report on an investigation 

into the effects of composition on the optical and structural properties 

of amorphous silicon alloys for use as high temperature stable absorbers 

in photothermal solar energy conversion. 

Amorphous silicon alloys containing boron, carbon, germanium, 

and nitrogen were prepared using chemical vapor deposition (CVD). This 

method is a powerful technique for depositing thin film silicon alloys 

from gaseous compounds at atmospheric pressure using pyrolytic decompo

sition. The silicon alloys were prepared at substrate temperatures of 

575 C to 900 C and with a nominal thickness of 1 ym using silane (SiH^) 

and diborane , acetylene , germane (GeH^), hydrazine , 

or ammonia (NPL). 

We determined the compositional, optical, and structural proper

ties of these amorphous silicon alloys. It was found that the ratio of 

silicon to alloy element in the film was not in general the same as in 

the gas mixture. For silicon-carbon films, a greater amount of carbon 

was found in the film compared to the concentration of carbon in the gas 

phase. For the other three systems, a lower concentration of the alloy 

xiv 
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element was found in the film than was found in the gas mixture. The 

structure of all as-deposited alloy films was amorphous. The optical 

properties, as described by the absorption coefficient and the refrac

tive index, were determined from reflectance and transmittance measure

ments in the spectral range of 0.35 ym to 5 um. The profile of the 

absorption coefficients of the as-deposited amorphous silicon alloys 

resemble closely that of the nonalloyed material, even for large amounts 

of the alloying element present in film, except for the existence of a 

large absorption tail at low photon energies. The refractive index, on 

the other hand, varied strongly with the alloyant concentration, be

coming much smaller for large concentrations of the alloy element. 

High temperature anneal experiments were conducted to determine 

the structural stability with anneal of these alloyed amorphous silicon 

films, compared to the nonalloyed material. These anneals were performed 

at temperatures of 800 C to 1000 C in a reducing atmosphere containing 

hydrogen and nitrogen. It was found that silicon-carbon alloys were 

structurally stable to temperatures of 900 C to 1000 C, depending on the 

carbon concentration. The temperature of crystallization for a given 

anneal time was increased from 650 C for nonalloyed amorphous silicon to 

950 C for a silicon-carbon (18 at.%) film. The optical properties of 

carbon alloyed material also changed during anneal, but in a manner 

different from that of the nonalloyed material annealed at 650 C. In 

the latter case, both the optical and structural properties changed 

simultaneously during the anneal. For the silicon-carbon alloys, the 

profiles of the absorption coefficient and refractive index shifted much 

sooner than structural changes were detected. 
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It was concluded the amorphous silicon-carbon alloys can not be 

described by an anneal-stable concept, and further that such a state 

probably does not exist for such alloys. The optical properties are 

determined by local, short range order which may change rapidly during 

the high temperature annealing, whereas the structural properties are 

determined by macroscopic, long range features that are detectable only 

after a substantial portion of the film has crystallized. Even after 

anneal, however, silicon-carbon alloys possess an absorption coefficient 

only slightly less favorable for photothermal conversion than non-

annealed, nonalloyed amorphous silicon and much more favorable than the 

absorption coefficient of polycrystalline silicon. 

Using these amorphous silicon-carbon alloys, photothermal tandem 

stacks were fabricated using molybdenum as the infrared reflector. Their 

absorptance and emittance were calculated and compared to values for 

amorphous silicon-on-silver stacks. We found that thin (700 %.) layers 

of silicon-carbon on molybdenum possessed better values of a and e than 

thick (1.5 um) amorphous silicon on silver stacks. In addition, such 

amorphous silicon-carbon on molybdenum stacks are temperature stable to 

700 C for decades. 



CHAPTER 1 

INTRODUCTION 

The last 10 to 20 years have seen a new approach to thin film 

physics. A major shift in attitude has resulted in a multi-disciplinary 

approach to thin film research that stresses the understanding of the 

properties of thin solid films and why these properties differ so 

greatly from the bulk. Thin films are a two dimensional phenomena with 

very large surface-to-bulk ratios. Consequently, most of the material 

making up a thin film is close to a surface or interface. It is 

necessary therefore to address the problems of interfaces and surfaces 

in order to explain the differences between a thin film and the bulk. 

The proximity of interfaces and the large surface-to-bulk values lead 

to the formation of stable structural features that are not found in the 

bulk material. Impurities and contaminants can readily diffuse along 

grain boundaries or migrate directly through the film. With such large 

areas exposed to these "foreign" elements, film composition becomes an 

important consideration, particularly at the surface. We are led to 

conclude that structure and composition are two important quantities 

for explaining the differences between thin films and the bulk material. 

The technological problems of thin film deposition and applica

tion include unreliable, irreproducible fabrication, limitation of opera

tions due to a lack of understanding of the basic physical properties, 
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and the inability to explain failure modes. The majority of these can 

be alleviated once a proper understanding of the physics of thin film 

surfaces and interfaces is obtained. Rapid progress in thin film 

science has been made in the last several decades as new and more power

ful techniques were developed to observe and measure surface and inter

face phenomena. As such characterization methods are made available, it 

becomes possible to relate structural and compositional properties to 

the preparation techniques. By varying the process parameters involved 

in thin film deposition and observing the changes present in the result

ing films, we can begin to control the properties. Figure 1.1 shows the 

relationship between the physical properties of the films and the fabri

cation process. The empirical nature of thin film science is removed 

when we can relate the properties of the films to the preparation condi

tions find use the information from one to change the other. 

The technological promise, then, of thin film materials science 

is the ability to controllably vary the properties of thin films by 

proper adjustment of the deposition process. By using the results of 

structural, compositional, optical, electrical, and chemical analysis, 

we can hope to understand the nature of thin film surfaces and interfaces 

and apply this understanding to the tailoring of existing materials to 

meet new applications. 

Many compounds and substances can be prepared in thin film form 

as well as the bulk, from dielectrics to semiconductors to metals. One 

of the important advantages of thin film techniques is the ability to 
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COMPOSITION 

PREPARATION 

Fig. 1.1. Interdependency of the physical properties of 
thin films and their relationship to film pre
paration. 
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produce films with a variety of properties that are not found in the 

bulk, and to study how certain of these properties can influence the 

others. Silicon is a good example of a material than can be produced in 

a variety of thin film forms and whose structural, optical, and elec

trical properties are sensitive to the preparation conditions. Fluctua

tions in density, the presence of voids, the nature of the structure 

(amorphous or crystalline) all affect the properties of silicon films. 

Silicon has been extensively studied in both its crystalline and amor

phous thin film forms. A variety of methods can be used to prepare both 

types of films. Figure 1.2 is a brief schematic of how silicon films 

fit into the general scheme of thin film physics, and include particular 

methods used to prepare silicon films. The study of crystalline silicon 

films has been very extensive and successful, witness the current status 

of the microelectronics industry. However, amorphous silicon films have 

also been investigated widely in the past decade, and hold a particular 

promise not available with crystalline silicon films. This promise is 

the greater possibility of tailoring the properties of amorphous silicon. 

As a result of its disordered nature, amorphous silicon films are capable 

of a wider variation of optical, electrical, and structural properties 

than are crystalline films. This is especially true depending on the 

method used to prepare the films. Such factors as substrate temperature, 

deposition pressure, and source material play important roles in deter

mining the final properties of the deposited films. 

Amorphous silicon films have been fabricated in a number of ways, 

and extensively studied with respect to their optical, structural, and 
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CSi02, MgF2, ..) 

SEMICONDUCTORS Metals 
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(Si, Ge) 
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Epitaxy Laser Annealing 

(Integrated circuit 
technology, etc.) 

Process variables: Pressure Carrier 
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Evaporated \ Sputtering Glow 
Discharge 

CVD 

Reactant Substrate 
gases temperature 

Fig. 1.2. Position of CVD amorphous silicon among all 
thin films (schematic). 
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electrical properties. However, these properties vary from film to film 

depending on the deposition method involved: evaporation (Grigorovici 

and Vancu, 1968); sputtering (Brodsky, et al., 1970; Connell and Paul, 

1972); glow discharge decomposition (Chittick, et al., 1969; Chittick, 

1970; Loveland, et al., 1973); and, chemical vapor deposition (Janai, et 

al., 1979; Hirose, et al., 1977). The variation is strongest for optical 

and electrical properties, and appears closely related to differences in 

the structure of these films. Annealing at elevated temperatures below 

the crystallization temperature results in changes such that the optical 

and electrical properties approach a common value, irrespective of the 

initial conditions. These materials are then in what is called the 

"anneal-stable" state. It is therefore quite evident that the structure 

of the thin film has far reaching effects on the other properties. 

Film composition and its effect on the optical and structural 

properties is also of great interest. This is particularly so for amor

phous silicon alloys. The most well known of these is hydrogenated 

amorphous silicon, but other alloys can be produced by both the glow 

discharge and CVD methods. By the proper variation of composition, it 

should be possible to tailor the properties of the resultant amorphous 

silicon film to solve a given application. Returning to Figure 1.1, it 

is clear that the necessary approach is one that uses the interaction of 

film properties and preparation parameters to map out the behavior of the 

material under different conditions. Because we are concerned here with 

structurally stable amorphous silicon films, we must use composition, 
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optics, and preparation parameters as probes to determine the conditions 

required for the fabrication of such thin films. 

We are interested in structurally stable amorphous silicon films 

as high temperature absorbers in photothermal solar energy conversion. 

This process depends on the availability of suitable materials for use 

at operating temperatures on the order of 500 C. One of the necessary 

materials is an efficient solar absorber film. While amorphous silicon 

is favorable in this respect, the lower limit of 450 C for the crystalli

zation temperature precludes the use of these films in photothermal 

converters since the material would crystallize during operation. If, 

however, the structure and the optical properties could be stabilized 

against crystallization at these operating temperatures, it would be 

possible to use this promising material as one component in a photo

thermal converter surface. 

We begin our study of amorphous silicon alloys in Chapter 2 with 

a discussion of film preparation, including a short review of the more 

popular deposition methods. We then describe in detail the chemical 

vapor deposition method for preparing amorphous silicon films, after 

which we take up the subject of thin film characterization. Chapter 3 

presents a review of the properties of nonalloyed amorphous silicon 

prepared by evaporation, sputtering, glow discharge, and CVD. We intro

duce in Chapter 4 the concepts necessary for a proper understanding of 

amorphous silicon alloys prepared by CVD. Chapter 5 presents experi

mental results of compositional, optical, and structural studies, 

followed in Chapter 6 by a discussion of these results. Chapter 7 
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addresses the application of CVD silicon alloys to solar energy photo-

thermal conversion, and introduces a new photothermal converter design 

using silicon-carbon alloys. 



CHAPTER 2 

PREPARATION AND CHARACTERIZATION OF 

CVD AMORPHOUS SILICON ALLOYS 

Amorphous silicon thin films are prepared in a variety of ways. 

This chapter begins with a brief introduction of the preparation 

methods most commonly employed, and in particular how chemical vapor 

deposition differs from the other methods. We then look in detail at 

the preparation of CVD amorphous silicon and some of its alloys, fol

lowed by the methods of characterizing these films with respect to such 

properties as thickness, optical and structural behavior, and anneal 

characteristics. 

Review of Amorphous Silicon Deposition Methods 

The available methods of producing thin films of amorphous sili

con can be divided into two classes. Physical vapor deposition (PVD) 

proceeds by physically removing atoms from a source material and 

directing them onto the substrate. The two primary PVD methods are 

evaporation and sputtering. Evaporation uses thermal heating of the 

source material in a high temperature crucible to boil atoms off the 

surface. These atoms condense on the cooler substrate to form the film. 

Typical operating parameters include high vacuum on the order of 10~^ 

_7 to 10 torr, substrates maintained at room temperature or above, and 

9 
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source-to-substrate distances of approximately 30 cm. Films of very 

high purity can be prepared, particularly when the deposition system is 

capable of very high vacuum, better than 10 10 torr. 

Sputtering produces the material to be deposited by the ionic 

bombardment of a prepared source material in a low pressure glow dis

charge. Argon is usually used as the background gas in which the glow 

-1 -3 discharge occurs, and is present at pressures of 10 to 10 torr. The 

argon ions that bombard the source material surface eject atoms with 

high velocities in the direction of the substrate, producing the film. 

The atomic momentum is often sufficient to force the source atoms 

through several monolayers into the substrate, creating a non-equilibrium 

situation. Although the substrate is often not heated intentionally, 

during film growth the temperature can increase significantly due to 

localized heating from the sputtering beam. Sputtered amorphous silicon 

films almost always contain argon as an impurity, in amounts as large as 

1 at.%, although other impurities are incorporated in much smaller 

amounts. 

For both evaporation and sputtering, the process parameters play 

a major role in determining the properties of the resultant films. Sub

strate temperatures can vary from room temperature to as high as 700 C 

in some cases, and have a strong effect on the optical, electrical, and 

structural properties of the amorphous silicon films produced. While 

these effects will be discussed in greater detail in Chapter 3, it is 

important to note that such effects are not always found to occur for 

other deposition methods. 
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A second class of methods proceeds by deposition from the gas 

phase. Most prominent among these methods is chemical vapor deposition 

(CVD), in which a compound containing the substance to be deposited is 

used, rather than the pure material itself as in physical vapor deposi

tion. This compound is usually a gas, or is transformed into a vapor 

from a liquid or solid. The gas or vapor is then transported to the 

substrate where a chemical reaction is produced at the surface, resulting 

in the deposition of the intended film. There are two commonly used CVD 

techniques for the deposition of amorphous silicon, both of which use 

silane (SiH^) as the source compound. In glow discharge-assisted decom

position, the energy of an oscillating electric or magnetic field is 

employed to assist the decomposition of the silane gas molecule, whereas 

pyrolytic decomposition relies exclusively on the thermal energy of a hot 

substrate to break apart the silane. Because glow discharge decomposi

tion does not necessarily require a heated substrate for silane decom

position and film growth, substrate temperatures vary from room 

temperature to 500 C. The pyrolysis of silane, on the other hand, 

requires substrates to be heated to temperatures in excess of 500 C, 

since the thermal energy of the substrate is the sole source of energy 

for decomposition. Because the decomposition of the silane atom occurs 

when the molecule strikes the surface and absorbs enough thermal energy 

to break apart, the deposition process is one of thermal equilibrium. 

As a result, films grow with a minimum of distortion and stress, in a 

more gentle fashion than is found for either physical vapor deposition 

or glow discharge decomposition. Another major difference between these 
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two methods concerns the pressure during deposition. While pyrolytic 

decomposition occurs readily at atmospheric pressure, decomposition 

aided by a glow discharge will only occur at reduced pressures on the 

order of 0.1 to 1 torr. 

In the glow discharge decomposition process, variations in the 

substrate temperature and the incomplete decomposition of silane into 

(SiH), (Sil^), and (SiH^) radicals result in the deposition of amorphous 

silicon films containing significant amounts of incorporated hydrogen. 

This amount can vary from less than 5 at.% to greater than 50 at.% and 

is inversely proportional to substrate temperature in the range 25 C < 

Ts < 450 C. Impurity levels in the glow discharge films can be kept 

small by using pure gas sources and maintaining a clean system. Al

though there have been some concerns of sputtering of the substrate 

pedestal or other interior parts of the deposition system, most authors 

report that these parts quickly become coated with silicon, and that 

they do not have any evidence of impurities in the films due to this 

mechanism. Intentional impurities are easily added to amorphous silicon 

films prepared by this method by adding the proper dopant gas to the 

silane-carrier gas mixture. 

The pyrolytic decomposition method differs from all of the pre

viously discussed methods in several important respects. The deposition 

requires relatively high substrate temperatures on the order of 500 C to 

650 C. The pyrolysis proceeds at atmospheric pressures as well as 

reduced pressure, an attribute that none of the other methods can claim. 

This property obviates the need for costly vacuum equipment required for 



evaporation, sputtering, and glow discharge. Such a feature permits the 

deposition of films in a continuous, flow through manner, and has impor

tant consequences for economic, large scale production of amorphous 

silicon films. Because of the pyrolytic nature of the decomposition, 

the growing film is at all times in thermal equilibrium with the sub

strate. As a result, atoms reaching the film surface by decomposition 

have sufficient mobility which permits them to find sites with optimal 

bonding parameters and minimal stress. This type of growth produces 

films of near crystalline density whose optical and structural proper

ties are quite different from both PVD and glow discharge produced films. 

A note on terminology is in order now. Although we have 

referred to glow discharge decomposition as a form of CVD, this term 

will henceforth be reserved for the pyrolytic decomposition technique. 

When the discussion concerns deposition methods, there will now be three 

major types: physical vapor deposition (PVD), glow discharge decomposi

tion (GD), and chemical vapor deposition (CVD). In addition, there is 

one other useful classification scheme that concerns the purity of the 

amorphous silicon film. "Pure" amorphous silicon films are produced by 

PVD methods under very clean conditions, and minimal amounts of impuri

ties are incorporated. For sputtered films, the incorporated Ar is not 

usually considered an impurity since it appears to be inactive for most 

cases. "Hydrogenated" amorphous silicon films contain a significant 

amount of hydrogen that has been accidentally or intentionally incor

porated into the film. This type of film was first produced by the in

complete decomposition of silane in the glow discharge process, and later 



by evaporation or sputtering in a low pressure hydrogen or hydrogen/ 

argon ambient. Although CVD films contain less than 1 at.% due to the 

high substrate temperatures at which they are formed, they must be 

included in the hydrogenated amorphous silicon category because even the 

small amount of hydrogen present in these films is sufficient to give 

these films properties much different from "pure" silicon films. 

Preparation of CVD Amorphous Silicon Alloys 

We should like in this section to discuss in some detail the 

methods and procedures used in the fabrication of CVD amorphous silicon 

films. Methods will then be discussed for the extension of these tech

niques to amorphous silicon binary alloys. The preparation of silicon 

films by CVD proceeds in a straightforward manner. The substrate to be 

coated is placed on a silicon carbide coated graphite susceptor and 

positioned in the reactor cavity. Atmospheric pressure is maintained 

in the deposition chamber by a carrier gas of sufficient purity. After 

purging to establish the operating atmosphere, the susceptor and the 

substrate are heated either by rf induction coupled into the susceptor, 

or by radiant heating by high intensity tungsten lamps. The temperature 

of the susceptor is monitored and regulated by an automatic temperature 

controller. Once the substrate has reached the proper operating temper

ature, a gas mixture consisting of the carrier gas and the reactant gas 

is introduced into the reactor chamber. The carrier is used to transport 

the reactant gases to the substrate and to provide the required dilution 

of these gases. As the gas mixture passes over the hot substrate, the 
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reactant molecules strike the hot surface and break apart if they remain 

there long enough for the transfer of the necessary thermal energy re

quired for decomposition. As the molecules decompose, the element to 

be deposited, silicon for example, remains on the surface and forms the 

film. At low substrate temperatures, 500 C for silane for example, the 

decomposition is slow because of insufficient thermal energy available 

to decompose the silane molecule. At higher substrate temperatures, 

the available thermal energy is larger and the deposition rate is thus 

greater. Deposition is terminated when a film of the proper thickness 

has been grown; this termination is accomplished by removing the reactant 

gases from the gas stream and by reducing the substrate temperature. The 

most important parameters for CVD amorphous silicon, therefore, are (1) 

substrate temperature, (2) reactant gas composition and flow rate, (3) 

the carrier flow rate, and (4) the reactor pressure. 

While not explicitly mentioned above, the resultant film composi

tion is a direct consequence of the composition of the reactant gas 

stream. If silane (SiH^) and acetylene (Car© the reactant gases 

present in the gas stream, for example, then the film will contain Si and 

C in some proportion. We introduce the term incorporation efficiency to 

describe the relative amounts of elements incorporated into the film 

compared to the gas mixture. This efficiency, which will be defined 

quantitatively in a later chapter, is approximately the ratio between 

the reactive gas composition and the film composition. While this 

incorporation efficiency is rarely unity, it usually has some value that 

is approximately constant for the range of compositions of interest. 
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Thus, it is only necessary to vary the ratio of reactant gases to vary 

the film composition, and compositions are in theory able to span the 

whole range of possible values; for example, from pure Si to pure C. 

While in practice such a range of values is not always attainable, 

sufficient range is available for a detailed study of such binary alloy 

systems. 

Deposition System 

The reactor system used for all of the silicon depositions is an 

Applied Materials, Inc. AMH-704 mini-reactor, an atmospheric pressure, 

cold wall, radiation heated, horizontal system. It was a commercially 

available system when it was acquired, and was originally designed for 

the preparation of n-type, epitaxial CVD silicon. It has been locally 

modified to allow greater variety in the available gases, including 

bubbler cylinders to allow the use of liquid sources. Many of these 

modifications were necessary to permit the deposition of amorphous 

silicon binary alloys in addition to amorphous silicon. Figure 2.1 is 

a schematic drawing of the deposition system, including gas sources, 

liquid bubblers, and reaction chamber. 

The reactor chamber is constructed entirely of fused quartz, and 

has approximate dimensions of 5 cm high by 15 cm wide by 38 cm deep. It 

resides in an air cooled cavity which is heated by six linear tungsten 

lamps 15 cm in length and rated at 480 volts at 10 amperes. The heater 

system is designed for operation from 400 C to 1200 C. Inside the 

reactor chamber a fused quartz sled is used to hold and properly position 

a silicon carbide coated graphite susceptor. Samples to be coated are 
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positioned on this susceptor which has an active area for depositions of 

10 cm by 10 cm. The susceptor has a horizontal access hole drilled in 

it from back to center which allows a thermocouple to be positioned in 

the interior of the susceptor. The thermocouple is a type S(P1-10% Rh) 

and is housed in an Inconel sheath. It is used both to report the sus

ceptor temperature and as an input to an Automatic Temperature Controller 

which maintains a fixed set point temperature. Although the temperature 

controller is calibrated to display the susceptor temperature, the 

surface temperature is usually 20 to 40 C cooler. In order to accurate

ly determine the temperature of the surface, a special calibration plate 

was constructed and used to determine surface temperature versus temper

ature controller set point. A 10 cm by 10 cm stainless steel plate was 

prepared with five type K (Chromel-Alumel) thermocouples spot welded to 

the surface at the four corners of a 7.5 cm by 7.5 cm square, with the 

fifth thermocouple located in the center. This plate was then positioned 

on the susceptor and placed in the furnace in the normal fashion. The 

reactor door was closed as much as possible and a calibration heating 

run made. The temperature controller is controlled by a ten turn poten

tiometer, so that the calibration was done for set point reading versus 

substrate temperature. The use of five thermocouples allowed a susceptor 

heating profile to be determined for any given temperature. Although the 

thermocouple system was accurate to ± 1 C, the difference in radiation 

losses between stainless steel and fused quartz limit the calibration 

accuracy to about ± 5 C. The calibration procedure was followed every 

time a reactor thermocouple unit was replaced (due to breakage or junc

tion failure), and also periodically to insure accurate knowledge of the 
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substrate temperature. By proper adjustment of heater controls, it was 

possible to maintain a temperature profile across the susceptor that 

resulted in film thicknesses that were uniform to ± 5% across a 5 cm 

by 5 cm square in the center of the susceptor. 

Another parameter important for maintaining a uniform film thick

ness is the flow pattern of the carrier-reactant gas mixture. This 

should be as uniform as possible since this mixture is the only source 

of material for film growth. This reactor has a diffusion block at the 

entrance of the reactor cavity that provides somewhat of a laminar flow 

that aides significantly in keeping turbulent flow patterns to a mini

mum. When such precautions are not taken, resultant films can have 

large variations in the thickness across even a 2.5 cm by 2.5 cm sub

strate. 

The reactor system was designed for use only with gaseous source 

materials. There are, however, several liquid source materials of 

interest in the CVD processes being studied, and thus modifications were 

undertaken to add liquid sources to the system. Three identical bubblers 

were constructed for this purpose, shown schematically in Figure 2.2. A 

316 stainless steel sampling cylinder had a stainless steel pipe threaded 

tee welded to the inlet in such a manner than stainless steel valves and 

a dip tube could be added. In operation, the carrier gas would flow 

through the valve, down the dip tube, and bubble through the liquid and 

out another valve located on the third branch of the tee. Each cylinder 

was mounted on the reactor in such a way that it could be easily removed 

for charging. A safety check valve located in front of the carrier gas 



20 

Valves Safety Check Valve 

=> 

He Inlet 

Tee 

He + vapor 

outlet 

Sampling 

Cylinder 
Dip tube 

Fig. 2.2. Schematic diagram of bubbler system used to 
vaporize liquid source materials. 



21 

inlet prevented accidental spillage due to loss of carrier gas pressure 

while the cylinder was pressurized. For cases where an increased vapor 

pressure was desired, facilities were available for heating the bubbler 

using an oil bath and magnetic stirrer. During a deposition, carrier 

gas would be allowed to pass through the bubbler, resulting in a certain 

fraction of the liquid being vaporized, and into a rotameter gas flow 

control. At this point, the carrier gas-vapor mixture could be treated 

as any other gas. During a deposition sequence, the carrier gas was 

allowed to flow for a length of time sufficient to insure a stable 

vaporization rate. 

All gases are regulated in the same manner. Sources that are 

gases at atmospheric pressure are first regulated by single stage stain

less steel regulators from a maximum inlet pressure of 2200 psi to an 

outlet pressure of 10 psi. All gases, now at a nominal pressure of 10 

psi, then pass through rotameter flow control units each of which con

sists of a calibrated tube and two float balls, one 316 SS and one glass. 

Gas flows ranged from 1-20 1/min for the carrier gas to 0.003-0.050 1/min 

for the smallest rotameter unit. 

Thickness Monitoring 

A very important control feature when fabricating thin films of 

amorphous silicon is the ability to monitor in situ the thickness of the 

growing films. There are two methods commonly used for this purpose, 

indicated schematically by Figure 2.3. Both methods are based on the 

principle of interference of light. Because light is a wave phenomenon, 
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it is possible to interfere two beams and produce a modulation in their 

intensity. Basically, two beams add if they are in phase, and subtract 

if they are out of phase. As the phase difference varies from 0 to 2ir, 

the net intensity of the interfering beams ranges from a maximum to a 

minimum to a maximum. In monitoring a growing film the light source is 

supplied by the sample itself (Figure 2.3a) or from an external source 

(Figure 2.3b). For either system, the parameters that determine the 

specific behavior of this interference condition are the film thickness, 

the refractive index, and the wavelength of the interfering beams. 

Assuming a fixed wavelength and a known value of the refractive index, 

it is possible to determine the film thickness from an observation of 

the interference fringes of the light reaching the detector from the 

sample. Each interference fringe corresponds to a particular thickness. 

By counting the number of such interference cycles during the deposition, 

it is possible to determine the film thickness. 

The above discussion assumes that the film is not absorbing any 

light so that the maxima and minima of the interference fringes remain 

constant in intensity. If the material being deposited is slightly 

absorbing at the monitoring wavelength, then as the film becomes thicker, 

it will absorb more and more of the light. This results in a reduction 

in the intensities of the maxima and minima of the interference fringes, 

until for thick films no fringes are detected. It is thus possible to 

determine from the behavior of the interference fringes both the thick

ness of the growing film (from the number of interference cycles) and 
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the absorptive nature of the film (from the behavior of interference 

maxima and minima). 

The differences in the two methods shown in Figure 2.3 lie in 

the light source used. In the first method, the radiation emitted from 

the susceptor and/or substrate at the temperature of deposition is used 

as the light source. There are several problems with this type of moni

toring, however. Because the radiation source is a function of deposi

tion temperature, the intensity will decrease proportionally with the 

substrate temperature, reducing the available signal. A more serious 

difficulty is the inability to monitor at shorter wavelengths, a neces

sary requirement for depositing films thinner than 2000 ft. Thermal 

radiation produced at substrate temperatures of 500 C to 900 C is 

sufficiently intense only for wavelengths greater than 2 ym, correspond

ing to an interference cycle of 2500 ft thickness for a refractive index 

of 3.7. For these reasons, it is necessary to have a light source that 

is constant in intensity and available at chosen wavelengths for monitor

ing films of widely varying thickness. 

The second method uses the same interference phenomenon, but 

introduces an external light source (Figure 2.3b). In essence, this 

type of system is a crude reflectometer. Because only relative measure

ments of reflected intensity are required, this method can be powerful 

and yet simple. With an external source such as a tungsten lamp, it is 

now possible to monitor at many wavelengths between 4500 ft and 2 ym. The 

signal level will usually be independent of the substrate temperature, 
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and can be increased or decreased as desired by adjustment of the lamp 

power supply. 

A monitor system was developed based on the reflectance techni

que, shown schematically in Figure 2.4. The light source is a tungsten 

movie projection lamp operated with a variac transformer. The light 

from the lamp passes through a two sector chopper operating at a fre

quency of 90 Hz and is directed onto the substrate by mirrors. A 2.5 cm 

hole was drilled in the reactor chamber shroud to permit the light to 

reach the sample. The light, on reflecting from the sample, is re

directed again by a second mirror through a filter wheel onto the detec

tor. The filter wheel contains five filters: 0.350, 0.480, 0.600, 

0.810, 0.997, and 2.0 ym. The detector is a "two-color" device consis

ting of a PbS detector for infrared radiation overlaid with a silicon 

photodiode for visible radiation. The signal output from the detector 

passes through a standard preamplifier and amplifier to a chart recorder. 

Gain and output controls allow the interference fringes to be scaled to 

fill the maximum range of the chart recorder, operating at a maximum 

signal input of one volt. The same conditions exist for calculating the 

thickness as for the case of emittance monitoring, except that now the 

monitoring wavelength is much shorter and consequently smaller thick

nesses can be monitored. For example, amorphous silicon films monitored 

at 0.480 ym produce one interference cycle for a thickness of about 500 

Thus it is possible to monitor thicknesses from 500 %. to greater 

than 2 ym. 
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The accuracy of the monitoring process is dependent on our know

ledge of the refractive index, since the measurement itself gives infor

mation only on the optical thickness. Assuming that the refractive 

index is well enough known, then the monitoring system can provide 

thickness accuracies within 5%, particularly if the thickness is an inte

gral number of fringes. The system is much more accurate in terms of 

repeatability. Films made in several deposition runs usually have 

thicknesses within 1 to 2% of each other. Variations in film thickness 

across the substrate do not have a strong effect on the monitoring 

process since the thickness differences across a 2.5 cm x 2.5 cm sub

strate is generally less than 2 to 5%. 

Substrates and Gases 

The type and quality of the substrate have strong effects on the 

films produced, an effect that is true for PVD and glow discharge as 

well as CVD. For a high temperature process such as CVD, substrates 

must be chosen carefully with respect to surface smoothness and flat

ness, thermal expansion properties, high temperature properties, and 

durability. For low temperature processes such as evaporation and 

sputtering, and glow discharge decomposition in some cases, regular soda 

lime glass or borosilicate glass are quite adequate. These can be pro

duced with smooth surface finishes and in convenient dimensions. For 

higher temperature work Pyrex can be used and is suitable for substrate 

temperatures up to 600 C to 650 C. For substrate temperatures greater 

than this, or for annealing studies at temperatures above this, only 

refractory materials such as fused quartz (Si02), sapphire (Al^), err 



oxidized crystalline silicon wafers can be used. Because of the high 

cost of sapphire, fused quartz is the standard substrates used in these 

studies. It should be noted here that these are research substrates and 

are necessary for the proper study of the optical and structural proper

ties of the films of interest. In actual practice, the choice of sub

strates will depend on the particular application at hand, and will 

generally, if not always, be metals. Fused quartz can be produced with 

very smooth and flat surfaces, and is very durable. It is stable to 

1200 C or higher, and thus works very well for 1000 C annealing studies. 

Also, the amorphous nature of fused quartz provides a neutral surface 

that will not introduce epitaxy effects. Quartz can be provided in a 

variety of dimensions, and the geometry used for all of the films pre

pared in this program was 2.5 cm x 2.5 cm x 0.1 cm. One disadvantage 

of quartz is that it is not transparent in infrared, becoming opaque at 

about 4.5 ym and remaining so into the far infrared. This does not 

permit the determination of transmittance of silicon films in that 

region. NaCl and KBr are often used for measurements in these spectral 

regions, but these substrates can not be used in CVD because their 

thermal expansions differ greatly from that of the silicon film. On 

cooling from a substrate temperature, T , of 600 C, the silicon films 

delaminate rapidly. The information lost concerns the refractive index, 

and sufficient data can be obtained for the determination of this quanti

ty from transmittance measurements made in the spectral range of 0.35 to 

4 ym. 
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In some cases it is desirable to have silicon deposited onto a 

conductive substrate for measurements such as scanning electron micro

scopy or electron microprobe analysis. Conductive substrates can be 

prepared by first depositing a thin film of CVD molybdenum on the quartz 

substrate. After annealing at 1000 C, such molybdenum films become very 

pure and will not outgas further (Carver and Seraphin, 1979; Carver, 

1979; Carver, 1980). Because molybdenum has a thermal expansion coeffi

cient close to that of silicon, silicon films deposited onto it will not 

delaminate on cooling. Diffusion of silicon into the molybdenum was not 

observed for deposition temperatures as high as 1000 C. Amorphous 

silicon films deposited onto molybdenum films do not appear any different 

in structure or optical properties than silicon prepared directly on 

fused quartz. 

The gases used in CVD preparation of thin films form the heart of 

the process, as they are the only active element of the deposition proce

dure and completely determine the composition of the resultant films. 

There are two classes of gases used, carrier gases and reactant gases. 

The most common carrier gas is hydrogen, used extensively in the micro

electronics industry for the preparation of CVD polycrystalline silicon 

for integrated circuit devices (Fripp, et al., 1970; Cowher and Sedgwick, 

1972; Kamins and Cass, 1973). Nitrogen is also used as a carrier (Hall, 

et al., 1973; Anderson, 1973; Nagasima and Kubota, 1975). Our deposition 

system uses helium, as it had been determined previously (Seraphin, 1973-

1976) that a helium carrier produced films with superior optical quali

ties. In some cases, a helium-8.5% hydrogen mixture has been used to 
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suppress gas phase decomposition of the silane. This results when the 

temperature of the gases above the susceptor becomes high enough that 

decomposition of the silane occurs in the gas phase, rather than at the 

surface of the film. The addition of hydrogen to the helium carrier 

drives the reaction SiH^ -*-»• Si + 2^ to the left, presumably due to the 

increase of the partial pressure of the hydrogen in the gas stream above 

the substrate. This results in a change from a gas phase reaction to a 

surface one. 

Active gases include those that decompose during the deposition. 

For non-alloyed amorphous silicon films, the only reactant gas used in 

our system was silane (SiH^) as a dilute mixture of 10% SiH4 in high 

purity helium. For alloyed amorphous silicon films, this same silane 

source was used together with a variety of dopant gases. All of the 

dopant gases were mixtures of 1% reactant gas in high purity helium. 

These included £^^2 ^ source)» ^ source), NH^ (N source), and 

GeH^ (Ge source). i-n anhydrous liquid form was used in a bubbler 

for a lower temperature source of N. The quality and composition of the 

alloyed films was determined in part by the amount and ratios of these 

dopant gases to the silane. 

Deposition Procedure 

Because CVD depositions involve a number of parameters such as 

temperature and gas flow, it was important that a standard procedure was 

established to insure that depositions proceeded as desired. This pro

cedure was divided into two parts. The first part concerned specific 



deposition parameters that were fixed at particular values. For example, 

the helium carrier rate for a standard deposition was set for 4 1/min, 

while the silane concentration was fixed at 0.5% of this flow rate. 

The second part concerned the deposition sequence, which was standardized 

to help prepare films reproducibly. At the beginning of the first depo

sition of the day, the carrier gas and pneumatic gases (N^) are turned 

on and the regulator pressures checked. Cooling water is turned on, and 

power for the reactor heating and control systems brought on line. These 

steps prepare the reactor for the actual depositions. To begin a run, 

the substrates to be coated are placed on the susceptor which has been 

previously removed from the reactor cavity, and are blown off with a 

squeeze bulb to remove any dust. The susceptor is positioned in the 

reactor cavity, and the door closed. Helium carrier gas is allowed to 

purge for at least two minutes at 7 1/min to establish the operating 

atmosphere. At the end of this time, the temperature controller is ad

justed to produce the desired temperature and the heater is turned on. 

While the chamber is heating up to the proper value, the reactant gases 

are turned on and allowed to purge through a separate vent provided for 

this purpose. The monitor system is also turned on (tungsten lamp, 

cooling fans, and chopper motor), the wavelength filter selected, and 

the amplifier gains set as desired. When the gases have purged for a 

sufficient length of time, as indicated by a stabilization of the float 

position of the rotameter, and the temperature has reached the set point 

temperature within 2 C to 5 C, the deposition is started and so indicated 



on the monitor chart recorder. As the deposition proceeds, the reflec

tance indicated by the chart recorder will start oscillating, with the 

number of fringe maxima giving an indication of the film thickness. When 

the desired thickness has been obtained, the reactant gases are returned 

to vent and the monitor trace is marked to indicate end of the deposi

tion. The carrier gas with the remnants of the reactant gases still 

left in the lines is allowed to flow for at least one minute more with 

the heaters on. This insures that no low temperature decomposition 

products form. After this delay, the heater is turned off and the 

samples are allowed to cool with the carrier gas still flowing. When 

the susceptor has reached a temperature of 300 C, as indicated on the 

calibrated readout, the reactor cavity is opened and the susceptor re

moved. The samples are transferred from the susceptor to an asbestos 

cloth cooling pad and allowed to cool to room temperature, which occurs 

within a matter of minutes. Although this procedure does result in an 

oxide layer forming on the film, such a layer will form even if the 

samples were allowed to cool at room temperature under the carrier gas 

and removed, but would not be as thick. For this cooling procedure, the 

thickness of the oxide layer is judged to be less than 30 

Deposition Parameters 

The specific deposition parameters are, (1) the carrier gas type 

and flow rate, (2) the silane flow rate and net concentration in the 

total flow, (3) any additional dopant gas flow rates and their concen

trations relative to silane, and (4) the substrate temperature. For all 
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depositions reported here the nominal carrier flow rate was fixed at 4 

1/min of helium. In a few cases, a helium-8.5% hydrogen mixture was 

used. The silane concentration varied from 0.2% to 1.0% of the total 

gas flow. For nonalloyed films, changes in the concentration affected 

only the deposition rate and all films fabricated at a given substrate 

temperature and with the same thickness were equivalent regardless of the 

deposition rate. Substrate temperatures for nonalloyed films varied from 

525 C to 660 C for amorphous films, and from 710 C to 800 C for poly-

crystalline films. Although film depositions did occur for substrate 

temperatures lower than 525 C, the rate was very slow with a typical 

value of less than 1 R/sec, compared to rates of 5 to 30 R/sec for higher 

substrate temperatures. Films produced in range 670 C < Tg < 710 C grew 

rough and are probably a mixture of amorphous and polycrystalline struc

tures. Dendritic growth resulting in such surfaces has been reported 

for CVD silicon films undergoing crystallization in this temperature 

region (Anderson 1973). 

Alloying was accomplished by introducing the proper dopant gas 

into the silane-helium gas mixture. Deposition parameters varied widely 

depending on the added gas. Table 2.1 summarizes the substrate tempera

ture, carrier flow rate, silane flow rate, alloyant source gas and flow 

rate for the amorphous silicon alloys studied. 

Amorphous silicon-boron films were prepared at substrate tempera

tures of 550 C to 600 C. No higher temperatures were used because the 

deposition rate was sufficient, and boron-doped amorphous silicon films 

are known to crystallize at lower temperatures. The silane concentration 
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Table 2.1. Summary of deposition parameters. 

Type of 
film 

T 
«5 

He 
(1/min) 

SiH. Rate 
(% of He) 

Alloyant 
source 

Alloyant Rate 
(% of SiHJ v 4 

a-Si 525-660 4 0.2-1.0 
pc-Si 710-800 4 0.2-1.0 - -

a-Si:B 550-600 4 0.2-1.0 B2H6 
0.6-5.6 

a-Si:Ge 600-630 4 0.2-1.0 GeH4 23-110 

a-Si:N 575-630 4 0.2-1.0 nh3 60 

NoH, 2 
2 4 

Si:C 575-900 4* 0.2-1.0 C„H_ 0.4-200 
2 2 

*He/H.2 used as carrier in selected depositions. 

was 0.2 to 1.0% of the helium flow rate, and the diborane flow rate was 

0.6 to 5.6% of the silane flow rate. Incorporation efficiencies were in 

all cases much less than unity. 

Amorphous silicon-germanium films were prepared at temperatures 

of 600 C and 630 C. The germane flow rate varied from 23 to 110% of the 

silane flow rate and the helium and silane flow rates were the same as 

the silicon-boron depositions. Incorporation efficiencies were also 

much less than unity for these depositions. 

Amorphous silicon-nitrogen films were prepared at substrate 

temperatures of 575 C to 630 C, using ammonia (NHg) or hydrazine C^H^). 

The silane concentration was the same as before, and the ammonia concen

tration was approximately 60% of the silane concentration for films pre

pared with ammonia. Because hydrazine gas was vaporized from the liquid 
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at room temperature, it was necessary to determine its vapor pressure in 

order to calculate the amount of hydrazine present in the hydrazine-

helium mixture. Based on a value of 16 torr for its vapor pressure at 

room temperature, the hydrazine-helium mixture contained 2% hydrazine by 

volume. 

The amorphous silicon-carbon system was the most systematically 

studied because, as will later be shown, films prepared from this binary 

system had optimal optical and structural properties for use as high 

temperature photothermal absorber materials. Substrate temperatures 

ranged from 575 C to 900 C, with all films prepared in this range 

determined by x-ray diffraction to be amorphous. Again, the silane con

centration was 0.2% to 1.0%, while the acetylene concentration varied 

from 0.4% to 200% of the silane concentration. For this particular gas 

system, a helium-8.5% hydrogen carrier was used during selected deposi

tions to suppress gas phase decomposition for substrate temperatures, T , 

above 750 C. This allowed the deposition of films to a Tg of 900 C. 

Charaterization and Annealing Procedures 
for Amorphous Silicon Alloys 

The investigation of amorphous silicon films requires the proper 

characterization of the properties of these thin films, in order that one 

might attempt an understanding of the material. The present study is 

concerned with optical, structural, and compositional properties. Cer

tain physical properties must first be determined before we are able to 

properly interpret our measurements. For example, the film thickness 
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must be known before reflectance and transmittance measurements can be 

used to calculate the absorption coefficient or the refractive index. 

Film composition is important for a proper interpretation of the effects 

of alloying on structure, and so forth. The following section describes 

the methods and procedures used to make measurements and to otherwise 

characterize the material at hand. 

Thickness 

An important physical parameter of a thin film is its thickness. 

This quantity is necessary before optical measurements can be reduced to 

the thickness independent quantities absorption coefficient and refrac

tive index. Often the determination of the film thickness is based on 

the spectral location of interference fringes in the reflectance, but 

this method must assume a value of the refractive index since the fringe 

locations are indicative of the optical thickness and not the physical 

thickness. When investigating new materials such as amorphous silicon 

alloys, the refractive index can not be known beforehand and therefore 

the film thickness must be measured directly. This was done for all 

films studied by etching a gap in the film after deposition and measuring 

the depth of this gap either physically by profilometry or optically with 
* 

a two beam interference objective on a microscope. 

The etching of a gap in a thin film involves two steps. The 

first step is to mask the film exposing only the area of the gap to the 

etching solution. The more sophisticated method for doing this employs 



photomasking, in which a photoresist material is evenly coated onto the 

film surface and then exposed by a photomask with the desired pattern. 

After exposure, the exposed area is removed by the proper solvent. The 

step can then be etched into the area of the film not protected by the 

photoresist. This method is involved and requires a level of technolog

ical support that was not available. A much simpler method was developed 

using Scotch brand Magic Transparent Tape. This tape is reasonably un

affected by concentrated HF and HNO^ as long as no water is present. 

Using the cut edge of this tape, a sharp gap with parallel sides 0.5 to 

1 mm in width could be prepared. Any area of the surface not to be 

etched was covered with the tape. Using a solution of 10% HF and 90% 

HNO^, a step was etched in all films along a line parallel to and approx

imately 6 mm away from an edge of the substrate. Although this acid 

solution will etch the quartz substrate, the etch rate is more than an 

order of magnitude greater for the silicon film than it is for the sub

strate, and all of the film in the gap could be removed in a time short 

compared to that necessary to significantly etch the substrate. The 

sharpness of the edge resulting from the rapidness of the etching was 

verified by observing a representative gap at 200x under the microscope. 

The only deviation from this etching procedure was for silicon-carbon 

films having a high concentration of carbon, in which case a 50%-50% 

solution of HF-HNO^ was required. Steps etched with this solution did 

show some etching of the substrate, and it was necessary to take this 

into account when determining the depth of the gap. 
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Once the gap has been etched, there are two different methods 

available to determine the depth of the gap. In profilometry the depth 

of the gap or ridge is measured by scanning a diamond tipped stylus 

across the contour and measuring its vertical displacement by electronic 

means, usually a change in capacitance. A typical instrument (Dektak, 

Tallysurf, Tallystep) is capable of at least 100 %. resolution, with the 

more expensive unit having better resolution. This method is also the 

quickest and most direct. Because no unit was available inhouse, 

special arrangements were made with a local electronics firm to measure 

the thickness of a small but representative set of samples to confirm 

and calibrate the results of optical measurements described below. 

The optical method uses a double beam Mirau interference objec

tive mounted on a Leitz microscope. The method is based on equal path 

interferometry of the Michelson type. It is a double beam, single pass 

measurement that allows one to determine contours of the same height at 

a given focus. When observing the surface of the film at 200x with such 

an objective, a set of parallel colored fringes can be viewed. The 

center fringe is black and represents equal path lengths for the two 

arms of the interferometer. The colored fringes to either side of the 

central fringe represent path lengths differing by integral wavelengths, 

corresponding to phase differences in the two arms of the interferometer 

of multiples of 2tt. It is not necessary to overcoat the etched gap with 

a metal film such as aluminum because even in the region of high silicon 

absorptance the phase shift on reflection from the silicon differs from 

the phase shift at the quartz substrate by less than 2%, and thus does 
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not contribute significant error to the calculation. If a monochromatic 

filter is inserted in the illumination system, the fringes become sharp 

and evenly spaced. One fringe separation corresponds to a specific 

thickness that is dependent only on the wavelength of the filter. In 

operation, as the fringes cross the etched step the central order will 

show a displacement corresponding to a change in path length. By photo

graphing this shift in both white and monochromatic light, it is possible 

to calculate the shift in terms of a fractional number of fringes. This 

is then converted directly to a physical thickness using the wavelength 

of the filter. For a 5461 ft filter, the thickness corresponding to one 

fringe is 2730 ft, and the accuracy of the method for this wavelength is 

about ± 200 ft. For the 1 ym films studied, this resulted in a relative 

accuracy of about ± 2%. 

In practice, three to four sets of fringes were used to calculate 

the thickness from photographic enlargements, and then averaged to give 

the final value for the thickness. The total error for this process was 

generally 2% - 4%. For films containing large amounts of carbon or 

nitrogen, the etching process did not leave a well defined gap and the 

relative accuracy was 5% - 10%. 

Optical Characterization 

The optical characterization of amorphous silicon alloys was 

primarily concerned with the absorption coefficient, refractive index, 

and the optical energy gap, an extrapolated quantity. All of these can 

be derived from reflectance and transmittance measurements together with 



a knowledge of the film thickness and the refractive index of the sub

strate. Two Perkin-Elmer spectrophotometers were used to measure reflec

tance and transmittance of the films. Both instruments operate in the 

double beam mode. The model 450 spans the spectral region 0.35 to 

2.7 ym, while the model 137 spans the spectral region 2.5 to 15 ym. 

Transmittance measurements were limited to the range 0.35 to 2.7 ym 

because the quartz substrate becomes opaque at longer wavelengths. The 

transmittance measurements were made using air as the reference in the 

reference beam at all times, and either air or a sample in the sample 

beam. 100% transmittance was determined by running air against air, 

while sample transmittance was taken by running sample against air. 

Reflectance measurements were made over the spectral range 0.35 to 15 ym, 

using an aged evaporated aluminum reference in the reference beam at all 

times. 100% reflectance was determined by running a second aged alumi

num reference in the sample beam, with the resultant trace representing 

100% of the reflectance of aluminum, and requiring further normalization 

to calculate the absolute reflectance. This normalization was done using 

the data of Bennett, et al. (1962) for aged evaporated aluminum. 

It was also very important that the samples were repeatably 

positioned in the sample beam so that all subsequent measurements were 

made on the same location of the sample. This procedure eliminates 

random errors introduced from one measurement to the next resulting from 

changes in the sample thickness with positioning. Special sample holders 

for the 450 spectrophotometer were built which accurately defined a 

small aperture approximately 0.3 cm x 0.8 cm. This aperture was located 



in the center of a 3 cm x 3 cm positioning recess in the holder. Sam

ples were always positioned with the same orientation as determined by 

the position of the name scribed on the back of the substrate, and were 

always located such that one corner of the sample was set against the 

same corner of the holder. In this manner samples could be placed in an 

identical position for each measurement. Such repeatability is 

necessary when trying to detect small changes in the refractive index 

of the films by measuring the shifts in the location of interference 

fringes. These shifts can be caused by a change in either the index or 

the film thickness. If the film and substrate positioning can be main

tained from one measurement to the next, then changes in the film thick

ness can be kept below 0.5%. If such repositioning is not maintained, 

then the 2 to 5% variation in thickness across the 2.5 cm diameter of 

the sample will produce shifts in the optical interference fringes 

several times larger than shifts produced from changes in the films 

refractive index. In this case, any information of refractive index is 

lost in the thickness uncertainty. 

After establishing a positioning protocol, it was necessary to 

calibrate the wavelength axis of the spectral measurement. This was 

accomplished through the use of a holmium oxide bulk glass standard. 

This material has been well characterized with respect to the spectral 

location of many of its absorption peaks. One peak in the visible at 

0.6375 ym and another in the near infrared at 1.938 • ym were used to 

accurately verify the registration of the chart paper and the mono-

chromater drive. In transmittance the holmium oxide reference was 
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treated as a sample and a partial trace was taken on every chart trace. 

In reflectance, the holmium oxide reference was placed in the beam 

before the detector with aluminum references in both sample and refer

ence holders. 

The spectral data from the spectrophotometer traces was reduced 

in a two step process. First, the traces were reduced to reflected or 

transmitted intensity versus wavelength using a computer controlled 

digitizing pad and an appropriate data reduction program. For trans-

mittance data, the sample value was normalized to the air/air trace, 

while for reflectance data the sample value was normalized to the 

aluminum/aluminum trace, and then the absolute reflectance calculated 

using a lookup table of aged evaporated aluminum values. In both cases 

data files were saved on magnetic media (floppy disks) for further 

processing. Also saved on disk at the same time was an information 

file for each reduced curve containing information on film thickness, 

types of traces, number of data paix*s, and information concerning which 

spectral traces had been used to generate the normalized data. A second 

program processed this data to calculate the final quantities, absorp

tion coefficient and refractive index versus wavelength and photon 

energy. The reduction method uses the phenomenon of interference 

fringes in the spectral data resulting from multiple beam interference 

in transparent media. The interference condition for fringe minima in 

reflectance, and fringe maxima in transmittance, for a film with a 

refractive index greater than the substrate is given by 
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2nd = mX . (2.1) 

For fringe maxima in reflectance, and fringe minima in transmittance, 

the condition becomes 

2nd = (m+0.5)X (2.2) 

In both cases the term 2nd represents the phase shift of the transmitted 

or reflected beam as it passes through the film, and Equations (2.1) and 

(2.2) represent the conditions on this phase shift representing fringe 

maxima or minima. These equations also assume a 180° phase shift on 

reflection from the air-film interface. This is a good assumption for 

4 spectral regions in which the absorption coefficient is less than 10 

cm *, in which case the imaginary part of the refractive index is less 

than 0.05 for a wavelength of 1 ym. In these equations n is the refrac

tive index of the film, d is the film thickness, X is the wavelength of 

fringe maxima or minima, and m is the order number which is an integer. 

The order number is calculated by determining the wavelengths of two 

adjacent fringe maxima or minima and using either Equation (2.1) or 

(2.-2). Afterwards, the fringes are numbered sequentially from low to 

high as the fringes progress from longer wavelengths to shorter wave

lengths . 

The calculation of the refractive index is done by solving either 

Equation (2.1) or (2.2) for n in terms of m, X, and d. While in princi

ple either of these equations can be used, in practice the most accurate 

results are obtained for interference fringe minima in reflectance. 
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This occurs because in the spectral region of increasing absorption, the 

transmittance damps to zero as the absorption coefficient increases in 

magnitude, obscuring the interference fringes. In reflection, on the 

other hand, the interference fringes damp out to some approximately 

constant value around 30%. Thus, while the fringe amplitudes decrease 

at shorter wavelengths, they are not obscured by a larger decrease in 

the average value of the reflectance. By using the film reflectance the 

refractive index can therefore be determined for the spectral region 

4 -1 
where the absorption coefficient is less than 10 cm 

The absorption coefficient was calculated from the transmittance 

according to the equation (Connell, et al. 1973) 

(1-R )(1-R )(1-R ) e~ad 
T  =  ± ^  5 - r  ( 2 . 3 )  

1-R2R3+(2R1R2R3-R1R2-R1R3) e"2ad 

where T is the transmittance, d is the film thickness, a is the absorp

tion coefficient, and R^, R2, and R3 are the reflectances of the air-

film, film-substrate, and substrate-air interfaces, respectively. This 

equation was originally derived for thick films which exhibited no inter

ference fringes. In order to use Equation (2.3) for our purposes, it is 

necessary to average the transmittance in those regions where interfer

ence fringes exist. Equations (2.1) and (2.2) suggest that an approxi

mate average transmittance would be obtained by measuring the 

transmittance at a wavelength corresponding to the average values of the 

wavenumbers of two adjacent fringe extrema. 



45 

The reflectance terms R^, R£, and R^ are determined from 

Fresnel's equation 

2 
n 
1 

n 0 R (2.4) n 1 
+ n, 

0 

where n^, n^ are the refractive indices of the two media on either side 

of the appropriate interface. This approach assumes that the reflectance 

processes are ideal, with no losses due to scattering, surface or bulk 

inhomogeneities, or significant non-normal incidence. In practice, it 

is found that any errors introduced by these assumptions are much 

smaller than the experimental accuracy of the transmittance and film 

thickness. Using Equation (2.3) for films of a nominal thickness of 

3 1 ym, absorption coefficient values can be determined in the range 1x10 

cm * to 5x10^ cm Values less than 1x10^ cm * were not given much 

weight because of large errors from the uncertainty in averaging the 

transmittance for films of this thickness. 

son of values among films produced with different compositions or by 

different deposition methods. The optical gap was first defined by 

Tauc (1972), and is determined by extrapolation to zero absorption of a 

plot of 

The optical energy gap is a quantity primarily used for compari-

Vcthv = A(E - E ) 
g (2.5) 

This extrapolation usually requires absorption coefficient values 

4 -1 
greater than 2x10 cm , and was performed on the available data. 
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Several times we have referred to the assumption of k=0 (imagi

nary part of the refractive index). This is indeed a good assumption as 

4 -1 seen in the following. For the an absorption coefficient of 1x10 cm 

and a wavelength of 1.0 vim, k=0.080. Assuming a conservative value of 

the refractive index of 3, the difference in the reflectance calculated 

by 

IX - „ o  ] 2 ^ 2  

R  =  r  — 1 2  .2 P - «  [nl + no] + k 

is only (0.25 - 0.2503) = 0.003, or less than 0.1%. 

Compositional Analysis 

Knowledge of the composition of amorphous silicon alloys is 

important for proper interpretation and systematic variation of both 

optical and structural properties. It is also the basis for determining 

the incorporation efficiency of the alloying process. Several methods 

were used to determine the content of the CVD amorphous silicon alloys 

studied. Secondary ion mass spectroscopy (SIMS) was used to profile the 

hydrogen content of nonalloyed films. Nuclear reaction techniques were 

used to detect hydrogen in silicon-carbon alloys. Electron microprobe 

was used for measuring the amount of carbon, boron, germanium, and 

nitrogen in these binary alloys of silicon. Table 2.2 summarizes selec

ted features of these three analytic techniques. 

Secondary ion mass spectroscopy is a technique whereby an ion 

beam is used to sputter away the surface of a film. Most of the ejected 
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Method Elements Type of Profiling 
detected Measurement capability 

Accuracy 
(at.%) 

SIMS All Destructive Yes 0 . 0 1 - 0 . 1  

Nuclear 
reactions 

All Non 
destructive 

Yes 0.1-1.0 

Electron Heavier 
microprobe than Be 

Non 
destructive 

No ^ 1 

particles are neutral, but a small fraction are sputtered off as secon

dary ions. These ions are collected and analyzed by a quadrupole mass 

spectrometer and identified (Carlson and Magee, 1978; Carlson, et al., 

1979). The hydrogen content of a set of nonalloyed amorphous silicon 

samples prepared by CVD were measured by C. W. Magee of RCA Laboratories, 

Inc., Princeton, NJ. His system used an argon ion beam and ultrahigh 

vacuum, 10-1̂  torr, to prevent as much as possible any hydrogen contam

ination of the sputtered surface. These measurements were then compared 

to results from a silicon wafer implanted with a proton beam of 1x10^ 

-2 cm flux. Such calibration procedures permitted an accuracy of better 

than 0.1 at.% in the determination of hydrogen in these samples. Because 

the surface of the film is continually being removed, this technique can 

also depth profile the concentration of hydrogen by determining the 

hydrogen content as a function of sputtering time and converting this to 

a thickness at which the material is removed. 
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Nuclear reaction measurements were made on amorphous silicon 

carbon alloys to determine the hydrogen concentration. These measure

ments, made by Dr. D. D. Allred using the accelerator at Oak Ridge 

National Laboratories, Oak Ridge, TN, used a resonance reaction between 

an incident beam of fluorine ions and the protons in the film. The 

reaction creates an excited neon atom which decays to oxygen by emitting 

an alpha particle and gamma rays. These gamma rays are of a character

istic energy and can be monitored to give information on the amount of 

hydrogen present in a given portion of the film and the depth at which 

it was detected (Clark, et al., 1977). Thus, this method can also give 

a depth profile of the hydrogen concentration. However, unlike SIMS, it 

is a non-destructive measurement. 

Electron microprobe analysis is an x-ray technique for deter

mining film composition. In operation, an electron beam is directed onto 

the sample resulting in atoms of the specimen emitting several types of 

particles and radiation. Backscattered electrons and secondary ions 

are used for scanning electron microscopy and are not of interest here. 

Characteristic x-rays, however, are also generated by the atoms of the 

films and these can be collected and analyzed by a wavelength dispersive 

crystal and proportional counter. It is possible to determine both the 

identity and absolute amount of the materials making up the film, when 

compared to a known calibration standard. The equipment used for these 

measurements was an Applied Research Laboratory SEMQ. It has an x-ray 

wavelength range of 1 ft to 95.2 ft, and is capable of detecting all 
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-14 elements heavier than beryllivun. The minimum detectable amount is 10 

to 10 ̂  gm, or 0.005% to 0.050%. For measurements on silicon alloys a 

25-50 ym diameter electron beam was used, defocused to prevent contami

nation from carbon buildup. A beam energy of 5 keV was used to suppress 

beam penetration through the film into the substrate, which would result 

in spurious values for the silicon and oxygen content. Beam currents 

were approximately 100 nA. Wavelength dispersive optics were used to 

analyze the x-rays, using the detector crystals lead stearate for C, 0, 

N, B. and Ge, and pentaerythritol (PET) for Si. 

Since the signal received depends on the environment of the 

emitting atom, it was very important to use calibration standards on the 

electron microprobe in order to verify compositional analyses. The 

silicon standard was CVD amorphous silicon deposited on crystalline 

<100> silicon. Two carbon standards were used, diamond and polycrystal-

line silicon carbide, and gave the same results within the accuracy of 

the instrument. The nitrogen standard was amorphous CVD silicon nitride 

deposited on crystalline <100> silicon. The germanium standard was 

polycrystalline CVD germanium, and the boron standard was a boron nitride 

crystal. Compositional analysis and instrument manipulation was done in 

real time under computer control. The controlling program managed 

element tables, positioned the analyzing crystal and proportional 

counters to the proper angle for the element being determined, and 

logged the results from the detectors. These results became the input 

to a data program that took into account matrix and fluorescence effects, 
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the atomic number, and absorption cross sections. Results were accurate 

to approximately 1 at.% absolute, and 0.1 wt.% relative. Thus, compara

tive measurements made at the same time produced relative results that 

were more accurate than the 1 at.% for absolute measurements. 

Structure Determination 

Two methods were employed to determine the structure of amorphous 

silicon alloys. X-ray diffraction was the standard technique used to 

determine the bulk structure for films as-deposited and after successive 

anneals. The samples on quartz were the same samples used for optical 

measurements and anneals, and were measured using a holder that placed 

the samples in the x-ray diffractometer in the identical position for 

successive measurements. Transmission electron diffraction was used in 

selected cases to observe crystallization occurring in regions on the 

order of 100 X in diameter during anneals. The films for TED could not 

be deposited on the thick quartz substrates, and were prepared especial

ly for these measurements in two ways. The standard method is to 

deposit films on copper or nickel grids. Several samples were prepared 

in this manner by first carbon coating nickel grids, then overcoating 

these with CVD amorphous silicon nitride to eliminate substrate effects. 

Amorphous silicon and amorphous silicon-carbon films were then deposited 

onto the silicon nitride. This method of preparation is very different 

from the normal way of preparing amorphous silicon films, and it was 

probable that films prepared on grids in this manner would not be repre

sentative. A second method was employed to circumvent this problem. 
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Silicon films were deposited onto CVD molybdenum films deposited on 

quartz. Afterwards, the molybdenum was removed by an etchant that does 

not etch amorphous silicon. This resulted in free standing silicon 

films which, although broken up and very small, could be rinsed in de-

ionized water and mounted on bare nickel grids. 

The x-ray diffractometer was a General Electric XRD-5. A high 

intensity copper target was used at 24 mA with a 3 degree source colli

mator slit, a 0.2 degree detector collimator slit, and a nickel filter. 

Several polycrystalline silicon references were used to calibrate 

results and eliminate errors due to machine drift. Two references were 

prepared by CVD at different substrate temperatures to give a range of 

Si<lll> peak intensity for normalization. Intensities were calculated 

by subtracting the background from both the sample and reference traces 

and dividing these values by the background. Afterward, the normalized 

sample value was divided by the value of the reference sample. This 

value could then be compared with values from samples measured at other 

times. The Si<lll> peak was monitored because CVD amorphous silicon 

films were previously found to crystallize preferentially in this 

orientation (Janai, et al., 1979). 

The transmission electron microscope was a Hitachi HU-200. It 

is capable of accelerating voltages of 50 kV, 100 kV, 125 kV, 150 kV, 

175 kV, and 200 kV, although all work done in this study used a potential 

of 150 kV. Magnification capability was l,000x to 200,000x. Bright 

field photographs were taken to show topography in these samples, while 

dark field photographs were taken to show the presence of crystallized 
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regions, particularly regions contributing to electron diffraction rings 

or spots. Electron diffractions photographs were taken to show amor

phous halos, polycrystalline rings, and single crystal Laue spots. Some 

stereoscopic bright field photographs were taken to determine where 

certain structures were located. Bright and dark field magnifications 

ranged from 13,000x to 28,000x. It was possible to determine minimum 

detectable crystallites from dark field measurements and estimate what 

fraction of the bulk of the film these represented. The minimum diameter 

that could be resolved was determined to be 160 ft at a magnification of 

28,000x. Polycrystalline rings and crystalline spots were indexed to 

identify the material producing them, and it was possible in this way to 

monitor the growth of oxide films during the anneal process. Such oxide 

films could not be detected by x-ray diffraction. 

Annealing Procedure 

The crystallization behavior of amorphous silicon alloy films was 

investigated by annealing the samples at a fixed temperature for varying 

lengths of time (isothermal annealing). In general, a trial period of 15 

minutes was used for the first two anneals and subsequent anneals were 

done for twice the length of the total anneal time, thus generating time 

periods of 15, 15, 30, 60, 120, etc. minutes. This approach was neces

sary due to the exponential with time nature of the crystallization 

process. If samples crystallized too rapidly at a given temperature, 

then the temperature was reduced and the anneals repeated with new 

samples at the lower temperature. Before the first anneal, and after 



each successive anneal, reflectance and transmittance measurements were 

made, and x-ray diffraction scans were used to document the progress of 

the anneal. The anneals were done in a hot wall diffusion tube furnace 

under a 90% N2 - 10% H2 atmosphere to retard oxidation. A Chromel/ 

Alumel (Type K) thermocouple was mounted to the fused quartz sample 

holder to monitor the temperature during the anneal. This thermocouple 

was accurate to ± 1 C and the temperature variation over all samples 

annealed at one time never exceeded 5 C. 

The standard anneal procedure was to put the sample into the 

sample holder, insert the holder into the front (colder) portion of the 

furnace, and then purge in the N2~H2 mixture for five minutes. The maxi

mum temperature attained during this warmup was noted, and then the 

sample holder positioned in the center of the furnace. The time was 

noted at which the thermocouple monitor reached -10°C of the desired 

anneal temperature and also the time when the temperature was attained, 

and these times recorded. In general, samples attained their anneal 

temperature within 5 to 10 minutes, depending on the anneal temperature. 

At the end of the anneal period, the sample holder was withdrawn to the 

cooler zone and allowed to cool for five minutes. The temperature at 

this time was recorded, and the samples then removed. This temperature 

was generally in the range of 300 C to 400 C, and sufficiently low to 

preclude any significant oxide buildup resulting from removing hot 

samples in air. The samples were allowed to cool to room temperature 

after being placed on firebrick to prevent thermal shock from overly 

rapid cooling. 



CHAPTER 3 

OPTICAL AND STRUCTURAL PROPERTIES OF 

NONALLOYED AMORPHOUS SILICON 

Amorphous silicon, unlike chalcogenides and glasses, can not be 

produced in bulk form by quenching from the melt. Brodsky (1971) notes 

two conditions apparently necessary to prepare an amorphous semiconduc

tor from the melt: (1) the melt near the freezing point must exhibit 

semiconductor rather than metallic behavior, and (2) there must be some 

continuity in the structure and properties of the liquid and solid 

amorphous forms. Both silicon and germanium exhibit metallic behavior 

in the liquid state near the freezing point and have close packed short 

range order, in contrast to the tetrahedral ordering of the amorphous/ 

crystalline form. As a result, amorphous silicon films can only be 

prepared by various thin film techniques which grow the material a 

layer at a time and can produce the necessary amount of disorder. All 

studies of amorphous silicon have been done on thin films whose thick

nesses varied from 100 % to 100 ym. Chapter 2 briefly discussed the 

common methods available for producing amorphous silicon films: vacuum 

evaporation, sputtering, glow discharge decomposition, and chemical 

vapor deposition. Amorphous silicon films prepared by these methods 

vary widely in their optical, structural, and electrical properties. 

It is therefore instructive to briefly review reported values for 

54 



55 

amorphous silicon films deposited by these methods. This review will be 

presented in several parts. The first section will examine material 

that is pure in the sense that no impurities were intentionally added. 

This includes evaporated and sputtered amorphous silicon produced by 

conventional methods. The second section focuses on amorphous silicon 

to which impurities were intentionally added, hydrogenated amorphous 

silicon produced by evaporation and sputtering being the most prominent 

example. This category also includes those films to which impurities 

were inadvertently added, as occurs in glow discharge decomposition and 

chemical vapor deposition. 

Properties of Interest 

There are a variety of properties characterizing amorphous mater

ials, usually divided into three classes: structural, optical, and 

electrical. While these areas overlap considerably, it is informative 

to study each class independently of the others. Because of our interest 

in the properties and uses of amorphous silicon as a high temperature 

absorber material, our primary concern is with optical and structural 

properties, with references to electrical properties only in those 

instances where such information helps clarify optical and structural 

qualities. 

The optical properties of a material are fully described by the 

spectral profiles of two optical constants, for instance the absorption 

coefficient and the refractive index. Other quantities such as the 

optical gap can be derived from these two basic optical constants. 



These properties sufficiently describe on a simple level the optical 

behavior of amorphous silicon, and provide insight into the physical 

processes within the amorphous silicon film in terms of band structure, 

momentum conservation and polarizability. Since both absorption coeffi

cient and refractive index are spectral quantities which vary with photon 

energy, it is necessary to choose some particular aspect or value of 

their spectral profiles for intercomparison. For the absorption coeffi

cient, two quantities useful for this purpose are and Eq4> the photon 

3 -1 
energies at which the absorption coefficient attains a value of 10 cm 

4 -1 and 10 cm , respectively (Knights, 1976). Although one or two such 

points are insufficient to completely describe the absorption coeffi

cient, they provide an important reference for comparison. Caution is 

advised when making such comparisons, however, since the general shape 

of the curve can be quite different depending on the preparation condi

tions of the amorphous film. The situation is simpler for the refractive 

index. Its spectral profile is almost always of the same shape regard

less of how the film was prepared, the only differences being a vertical 

shift of the profile to larger or smaller values. The value of the re

fractive index at 0.62 eV (2.0 urn) is the choice for comparison. The 

refractive index provides information on the polarizability of the medium 

and how that varies from film to film, as well as the location and nature 

of strong absorption regions which can be described with classical oscil

lator theory. The optical gap is a quantity derived from absorption 

coefficient data, and gives information on an approximate value of the 

band gap of the amorphous silicon film. It is designated variously by 



57 

En and E , but we shall use the E notation exclusively. While the Og g g 

exact meaning of this quantity has been the subject of debate (Spicer, 

et al., 1972), the optical gap has been generally accepted as a useful 

quantity for comparison purposes. 

The structural properties of amorphous silicon are not as easily 

classified. Difficulties in making measurements limit the kinds of data 

available, such as for density or internal void determinations. Problems 

with the detection of small structural changes with annealing further 

limit investigations into structural behavior. The results of such 

measurements, however, enter significantly into the determination of the 

structural characteristics of the amorphous state. Such measurements 

also yield important information on the effects of structure on the 

optical and electrical properties, as well as insight into structural 

changes that occur with anneal at temperatures greater than the substrate 

deposition temperature. Structural properties of particular interest are 

film density, crystallization time and temperature phenomena, and the 

electron spin resonance. 

Nonhydrogenated Amorphous Silicon 

The early research into amorphous silicon films found that the 

basic optical, structural, and electrical properties varied widely with 

deposition procedures. Amorphous silicon films produced from pure 

silicon by evaporation or sputtering possessed properties that depended 

strongly on such parameters as substrate temperature, deposition rate, 

base pressure of the vacuum system, and source-to-substrate distance. 
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Table 3.1 presents a brief comparison of selected data taken on amor

phous silicon films prepared by evaporation and sputtering. Although 

three significant figures are shown for many of the quantities, the 

accuracy is generally limited to ± 5% at best. Additionally, some quan

tities were determined indirectly from statements or data, rather than 

directly from tables or figures. 

We note the wide variation in the values of the optical proper

ties Eq4> and n(0.62). At this point, the distinction should be 

made between variations in material properties due to the preparation 

conditions, and variations resulting from annealing the film after pre

paration. Variations in the properties of as-deposited are due to 

differences in the preparation method, as is discussed in a later para

graph. Variations in properties with annealing are more consistent. 

Values for the same property from different films approach a common 

value after anneal, regardless of the original nature of the film or the 

preparation method. After sufficiently long annealing times, both eva

porated and sputtered amorphous silicon films reach what Lewis (1972) 

terms the "anneal-stable" state. Materials which have reached this 

state have optical properties that are much closer in value to other 

similarly annealed films than for as-deposited films. Such films, which 

have not yet crystallized, are considered to be in the "nearly-ideal" 

amorphous state (Theye, 1976). Further annealing for longer times or at 

higher temperatures produces no further changes in the optical, or elec

trical, properties until crystallization occurs. 



Table 3.1. Comparison of optical and structural properties of pure, nonalloyed amorphous silicon pre
pared by evaporation and sputtering. 

Method 

Preparation 

T 
s 

(C) 

Deposition 
rate (A/m) 

03 
(eV) 

04 
(eV) 

13 
g 

(eV) 

Optics 

n(0.62 eV) 

Structure 

Comments Density Ng Tc 

(g/cm3) (cm"3) (C) 

Hvap 25 100-2000 1, .13 o=10-2 

Evap 1, .13 
Evap 25 1000-2000 1. .14 

Sput 25 200-600 0. .82 1. ,32 1, .26 3. ,7 As-deposited 
Evap 25 300 0. .81 1. .38 
Evap 25 10 4. 6 
Evap 25 10000-13000 4. 6 
Evap 380 10000-13000 4. ,2 
Evap 380 4. ,2 
Evap 25 3 4. ,0 
Evap 25 0.8 3. 8 
Evap 25 100-700 1, .50 3. ,7 530 C Anneal 
Sput 0. .89 1. ,40 
Evap 25 100-2000 1. .54 o=10"6 

Sput 25 200-600 1, .31 1. .60 1 .42 3. 6 396 C Anneal 
Evap 25 1 .45 3. .5 

Evap 25 100-2000 1 .86 o=10"7 

Sput 25 200-600 1 .42 1 .96 3, .2 950 C Anneal 
Evap 25 0.4 3 .1 
Evap 500-1000 1000 

Evap 200-300 200-300 
Evap 25 
Sput 25 100 >

 O 

2 .16  

2.23 

=102 1  

2xl021 550-750 

2.5xl020 

lxlO21 

9xl019 

4xl019 

600-750 

=102° 

<1018  

<1019  

750 

600 
580 
>800 

References 

Le Comber, et al. 1974 
Loveland, et al. 1973 
Beaglehole and Zavetova 

1970 
Brodsky, et al. 1970 
Fischer and Donovan 1972 

Bahl, et al. 1973 
Schwidefsky 1973 
Ibid. 
Schwidefsky 1975 

Bahl, et al. 1973 
Ibid. 
Lewis 1972 
Loveland, et al. 1973 
Le Comber, et al. 1974 
Brodsky, et al. 1970 
Grigorovici and Vancu 
1968 

Le Comber, et al. 1974 
Brodsky, et al. 1970 
Bahl, et al. 1973 
Mountvala and Abowitz 

1965 
Blum and Feldman 1972 
Moss and Gracyzk 1969 
Ackley and Tauc 1977 

cn 
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Amorphous silicon films prepared at room temperature generally 

have values of the absorption coefficient and refractive index that are 

larger than for the crystalline material. Increasing the substrate 

temperature, or annealing films deposited at room temperature, shifts 

values closer to those of crystalline silicon. It is therefore impor

tant when comparing optical properties of amorphous silicon films that 

the anneal history of the sample be well known in addition to the pre

paration history. 

These variations in properties led to concerted efforts to under

stand their nature. Many of the differences were inherent in the deposi

tion methods used in evaporation or sputtering. Spicer, et al. (1972) 

found that evaporated amorphous silicon could be prepared in a repeat-

able manner with a density within 4% of the crystalline material by 

adhering to certain deposition constraints, namely (1) slow evaporation 

rates (100 - 300 X./min), (2) reasonably good vacuum (< 5x10 ^ torr), and 

(3) large substrate-to-source distances (> 40 cm). These parameters, 

while developed for evaporation, give an indication of the problems 

associated with thin film preparation in general. It can be speculated 

that such conditions facilitate thin film growth in such a manner that 

as many atomic bonds as possible are satisfied, resulting in small or no 

voids and a reduced number of unsatisfied bonds as evidenced by electron 

spin resonance measurements. The incorporation of hydrogen plays an 

important role in this context. It separates amorphous silicon films 

into "pure" silicon films and hydrogenated silicon films, as will be 

shown in the next section. 
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Hydrogenated Amorphous Silicon 

Initial research on glow discharge amorphous silicon produced a 

material that possessed properties markedly different from amorphous 

silicon films prepared by evaporation or sputtering. It was several 

years, however, before it was realized that the glow discharge produced 

material contained significant amounts of hydrogen incorporated by the 

incomplete decomposition of the silane source material. With 10 to 50 

at.% hydrogen co-deposited in these glow discharge produced silicon 

films, it was more accurate to describe these films as silicon-hydrogen 

alloys (Fritzsche, et al., 1978). As the role of hydrogen in these 

films became better understood, questions arose as to whether or not 

similar kinds of hydrogenated amorphous films could be prepared by evap

oration or sputtering. It was soon evident that such material could be 

prepared by depositing silicon in the presence of hydrogen (Malhotra and 

Neudeck, 1976; Hauser, 1976; Paul, et al., 1976). These films were 

different in some respects from glow discharge produced material, but 

nevertheless very similar in the basic optical, structural, and electri

cal properties, particularly when the amount of incorporated hydrogen was 

the same for both types. Table 3.2 is a brief review of the properties 

of hydrogenated amorphous silicon prepared by glow discharge assisted 

decomposition (Glow), rf sputtering (Sput) and evaporation (Evap) under 

a partial pressure of hydrogen, and chemical vapor deposition (CVD). 

Before discussing the results summarized in Table 3.2., a couple 

of comments are in order concerning the glow discharge process. Glow-

discharge-assisted decomposition can be accomplished by two commonly 



Table 3.2. Comparison of optical and structural properties of hydrogenated amorphous silicon. 

Method 

Glow 
Glow 

Preparation 

T 
s 

(C) 

17 
17 

Deposition 
rate (A/m) 

600 
600 

03 
(eV) 

1.59 
1.77 

04 
(ev) 

1.84 
2.09 

Optics 

E 
g 

(ev) 

Comments 

Structure 

At.% H Density 

(0.62 eV) 

Cathode 
Anode 

Glow 25 100-700 1. ,36 1.75 3.4 1.9 

Glow 25 1. .45 1.79 1. 65 3.34 Cathode 2.10 

Glow 25 1. .62 1.98 1. .80 3.02 Anode 

Glow Inductive 35 1.47 

Glow Inductive 25 1.70 

Glow 27 100 1, .79 2.12 

Glow 27 100-600 1, .66 Cathode 25 2.10 

Glow 27 100-600 1. ,90 Anode 35 1.92 

Glow 195 100-5000 1.88 3.36 n at 1.24 9 

Sput 200 60 1 .72 1 .75 3.32 n at 0.3 16 2.10 

Evap 225 110 1 .58 1.82 

Glow 227 1 .43 1.92 
Glow 227-327 100 1 .62 1.90 
Glow 237 600 1 .75 1.95 Cathode 2.13 

Glow 237 600 1 .75 1.94 Anode 

Glow 237 600 1 .35 1.80 Cathode, B2Hg 

Glow 237 600 1 .62 1.93 Cathode, PH* 

Sput 250 60 1 .62 1.81 10 

Sput 250 60 1 .52 1.90 PH3 10 

Sput 250 60 1 .05 1.65 B2H6 10 

Glow 250 Inductive 14 2.00 

Glow 250 Inductive 18 2.28 

Glow 250 100 

Glow 267 1.99 1 .86 Cathode 16 2.15 

Glow 267 1.91 1 .78 Anode 13 2.17 

Glow 270 1 .77 1.96 1 .77 3.15 Cathode 

Glow 270 1 .73 1.91 1 .77 3.44 Anode 
Evap 325 100 1 .62 1.81 

N T 
s c 

(g/cm3) (cm"3} (C) 

2.08 
1.40 

=700 

2xl018 680-750 

1x10 

<5x10!7 

1x10 
5x10 

16 
IS 

760 

=780 

References 

Knights 1976 
Ibid. 
Chittick 1970 
Tsai and Fritzsche 

1979 
Ibid. 
Brodsky, et al. 1977 

Ibid. 
Loveland, et al. 1973 
Tsai, et al. 1977 
Ibid. 
Zanzucchi, et al. 1977 
Freeman and Paul 1979 
Ghosh, et al. 1979 
Le Comber, et al. 1974 
Loveland, et al. 1973 
Knights 1976 
Ibid. 
Ibid. 
Ibid. 
Freeman and Paul 1979 
Ibid. 
Ibid. 
Brodsky, 
Ibid. 
Matysik, 

et al. 1977 

et al. 1978 
Tsai, et al. 1977 
Ibid. 
Tsai and Fritzsche 

1979 

Ibid. 
Ghosh, et al. 1979 



Table 3.2. Continued. 

Method 

Preparation 

T s 
(C) 

Deposition 
rate (A/m) 

03 
(eV) 

04 
(ev) 

Optics 

E n Comments 

(0.62 eV) 
e 

(ev) 

Structure 

At.% H Density 

(g/cm3) (cm-3) 
c 

(C) 

References 

Glow 325 1000-5000 1.00 1. .88 1, .72 3.76 n at 1.24 7 Zanzucchi, et al. 1977 
Glow 420 1000-5000 1. .75 1, .66 3.45 n at 1.24 6 Ibid. 
Glow 447 100-600 1 .75 Cathode 20 2. .27 3xl016 Tsai, et al. 1977 

Glow 447 100-600 1. .78 Anode 12 2. .21 6xl015 Ibid. 

CVD 650 360 1.17 1, .71 1, .45 3.48 ^ carrier 2. .26 1, .5xl019 Hirose, et al. 1977 

CVD 300-550 >100 Nj carrier 525 Hall, et al. 1973 

CVD 500-900 N2 carrier 650-675 Anderson 1973 

CVD 625-750 60 N2 carrier 650 Emmanuel and Pollock 

1973 

CVD 650-900 20-6000 N2 carrier 675 Nagasima and Kubota 

1975 

CVD 550-650 90-2000 1.53 1. .70 1 .60 3.72 He carrier <0.7 2. .26 675 Janai, et al. 1979 

o\ 
w 
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used methods, each employing silane gas as the source material. In the 

first method, an rf induction coil is used to excite a plasma discharge 

in the gas. This sytem produces films of one composition for a given 

set of deposition parameters. In the table, such films are labeled 

inductive. A second method uses a capacitance configuration to couple 

rf energy into the silane. One plate is usually grounded (the anode) 

while the "hot" plate (the cathode) is allowed to self-bias to typically 

-90 to -200 volts. These systems produce films having two different 

compositions for a given set of deposition parameters depending on 

whether the film was produced on the anode or the cathode. Anodic films 

generally have more hydrogen incorporated at low substrate temperatures, 

and correspondingly lower density, than do the cathodic films produced 

under the same conditions. 

The variations in properties noted in Table 3.2 result primarily 

from the inclusion of hydrogen in the deposited films. The magnitude of 

the variations depend on both the amount of hydrogen and the form in 

which it is incorporated into the film, e.g. 2 ŝi-H2 or ^-Si-H groups. 

While both the optical and electrical properties depend strongly on this 

incorporated hydrogen, structural properties are not similarly influenced. 

Variations in material properties as a function of deposition parameters 

result primarily from differences in the hydrogen content determined by 

the different deposition parameters. 

Structural changes due to the inclusion of hydrogen are best evi

denced by differences in film density and the number of unsatisfied bonds 

detected by electron spin resonance. Densities of hydrogenated films 
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vary inversely with the hydrogen content, and attain values as low as 

3 3 1.4 g/cm compared to the crystalline value of 2.32 g/cm . ESR values 

1 6  1 7 — 3  
of 1x10 - 1x10 cm for the hydrogenated material are much lower 

21 22 -3 
than the range 1x10 - 1x10 cm observed for pure amorphous silicon 

prepared by evaporation or sputtering. The current explanation of this 

difference in value is that the hydrogen terminates dangling bonds and 

thus reduces the ESR signal originating from unpaired spins. An impor

tant result of this decrease in unpaired spins is that hydrogenated films 

can be doped p- and n-type by adding diborane or phosphine (PH^) 

to the silane. 

Hydrogenated amorphous silicon also exhibits a shift of the 

absorption coefficient profile to higher photon energies, and decreases 

in the magnitude of the refractive index. The direction of these shifts 

can be reversed if the hydrogenated films are annealed to effuse the 

hydrogen. 

Changes in the electrical properties with hydrogenation parallel 

reductions in the ESR signal. As more dangling bonds are satisfied by 

increasing the hydrogen content, the electrical conductivity decreases, 

the character of the conduction process changes from a hopping mechanism 

to an activated one, and the material becomes photoconductive. 

CVD Amorphous Silicon 

In view of the subject of this dissertation, it is important to 

review the properties of nonalloyed CVD amorphous silicon, comparing 

these to the properties of amorphous silicon films produced by the other 



methods. CVD films have been thoroughly characterized by Janai, et al. 

(1979). This material is in the anneal stable state for all substrate 

temperatures below the crystallization temperature of 675 C. The values 

of n, Eq3, Eq4, and are 3.72, 1.53 eV, 1.70 eV, and 1.60 eV respec

tively. If we compare these values to those found in Tables 3.1 and 3.2, 

we can make some general statements concerning the effects of hydrogen 

and/or structure on the properties of amorphous silicon. The absorption 

coefficient quantities EQ3 and E 4̂ for the hydrogenated material are 

found at higher energies than for CVD silicon, while for the pure amor

phous material these quantities are located at lower energies. If films 

of these two types of materials are annealed, their values of Eq3 and E^ 

approach those of CVD amorphous silicon. The refractive index and opti

cal gap show similar behavior. Both Theye (1976) and Tsai, et al. (1977) 

found that irrespective of the preparation method, the assymptotic value 

of the optical gap E was 1.60 eV, the same value determined for CVD 
S 

amorphous silicon. 

The situation is similar for the structural characteristics. 

Regardless of the initial value of the density of an amorphous as-depos

ited film, after sufficiently long anneal the density approaches that 

predicted for the ideal continuous random network (Polk, 1971; Turnbull 

and Polk, 1972). This value of the density is approximately 3% less than 

the density of the crystalline material. Crystallization temperatures 

show a wide variation in value, but the majority of values are found 

within ± 100 C of the value of 675 C for CVD amorphous silicon. 
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A reasonable hypothesis, therefore, is that nonalloyed CVD amor

phous silicon is representative of the "nearly-ideal" amorphous material 

described by Theye (1976). Properties of materials prepared by other 

methods approach more nearly those of CVD silicon after sufficiently 

long anneal. Providing that such annealing has occurred, amorphous 

silicon films exhibit similar properties irrespective of their initial 

preparation histories. 

The Role of Hydrogen in Hydrogenated 
Amorphous Silicon 

In this section we wish to briefly discuss the effects of hydro

gen incorporated into amorphous silicon films as a prelude to discussions 

on CVD silicon alloys. Some of the concepts and hypotheses concerning 

hydrogenated amorphous silicon prepared by glow discharge, evaporation, 

or sputtering can be extended to studies on amorphous silicon alloyed 

with other materials. 

There are two ways in which to incorporate hydrogen, or any other 

element, into an amorphous silicon film. One is by deliberately adding 

the additional element to the source material. For evaporation and 

sputtering, this is done by adding hydrogen gas to the background atmo

sphere. The second method introduces the hydrogen as an impurity result

ing from the incomplete decomposition of the source compound, silane. 

This is the manner in which hydrogen is incorporated into glow discharge 

and CVD produced amorphous silicon films. For all deposition methods, 

the amount of hydrogen built into the film depends strongly (evaporation, 

sputtering, and glow discharge) or entirely (CVD) on the substrate 
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temperature, with smaller amounts of hydrogen incorporated at higher 

substrate temperatures. For processes taking place at non-atmospheric 

pressures the partial pressure of hydrogen or silane also plays an impor

tant role. Depending on the process used, as much as 50 at.% hydrogen 

can be incorporated into the growing amorphous film. 

The hydrogen can be bonded into the film in several different 

forms, but the two most common are^^Si-H^ complexes formed primarily 

at lower substrate temperatures, and -^Si-H complexes formed at higher 

substrate temperatures (Brodsky, et al., 1977; Fritzsche, 1977; Freeman 

and Paul, 1978). Hydrogen evolution studies indicate two effusion peaks 

related to these two bonding forms (Brodsky, et al., 1977; Fritzsche, 

1977; Tsai, et al., 1977; Matysik, et al., 1978; McMillan and Peterson, 

1979; John, et al., 1980; Zellama, et al., 1980). The first effusion 

peak, occurring near 350 C, corresponds to hydrogen being generated from 

broken ̂ ZSi-^ bonds, as determined from infrared absorption spectro

scopy. This type of bonded hydrogen makes up most of the hydrogen in 

the film, and this effusion peak is the stronger of the two. The second 

effusion peak occurs from 510 C to 675 C and corresponds to the libera

tion of hydrogen from ̂ ^Si-H bonding clusters. Although the optical 

properties, particularly infrared Si-H absorption, change with both 

temperatures of anneal, the electrical properties, particularly the con

ductivity, show little change as the material is annealed through the 

temperature range at which the lower temperature effusion process takes 

place. However, these same properties show much larger changes as the 

film is annealed through the higher temperature effusion process. It 
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should be noted that the hydrogen associated with the Si-H effusion is 

generally acknowledged to have the greatest effect on the electrical 

properties of hydrogenated amorphous silicon films. We note at this 

point that CVD amorphous silicon is generally prepared at substrate 

temperatures greater than the high temperature effusion peak, and this 

partially explains the much smaller amount of hydrogen found in CVD 

amorphous silicon. 

The effects of hydrogenation on the optical properties of amor

phous silicon are likely due to the increasing concentration of silicon-

hydrogen bonds which in large numbers significantly alter the optical 

response of these materials. Fritzsche (1977) noted that the optical 

gap always increases when the process of alloying a material like sili

con with another element such as hydrogen promotes stronger bonding in 

the resulting films. Considering the bond energy values for Si-Si and 

Si-H of M2 and ̂ 70 Kcal/mole, respectively, one should expect strongly 

hydrogenated amorphous silicon to have a larger optical gap, and this is 

actually seen in Table 3.2. With increasing optical gap, the absorption 

edge moves to higher energies and the refractive index decreases for a 

given energy. For the most part, these quantities move in unison with 

changes in the hydrogen content. 

The effects of incorporated hydrogen on the electrical properties 

are substantial, and produced the initial impetus for further studies of 

these materials. While we are not concerned here with details concern

ing these properties, it is useful to briefly describe the changes in 

the electrical properties due to the inclusion of hydrogen. The room 
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temperature conductivity decreases more than six orders of magnitude 

-2 -1 -1 from values of 10 cm ft for evaporated or sputtered "pure" amor

phous silicon to 10 8 - 10 9 cm 1 ft 1 for hydrogenated material. At the 

same time the number of unsatisfied or "dangling" bonds as determined by 

21 electron spin resonance measurements decreases from values of 10 

22 —3 16 17 —3 
10 cm for "pure" material to values of 10 - 10 cm for hydro

genated material, whether prepared by glow discharge, evaporation, or 

sputtering. For CVD amorphous silicon (Hirose, et al., 1977; Gaczi and 
1 O 1 Q 7 

Booth, 1980) the value of the ESR signal is 10 - 10 cm This, 

however, might be expected since the CVD films typically contain one to 

two orders of magnitude less incorporated hydrogen. A very important 

discovery was that the more heavily hydrogenated amorphous silicon films 

were photoconductive and dopable, and hence prospective candidates for 

photovoltaic applications. 

The effects of hydrogenation on structure and crystallization 

are not as pronounced. It has been determined that hydrogen not only 

satisfies dangling bonds, but also helps relieve strained bonds by 

allowing these bonds to break and take up additional hydrogen atoms 

(Brodsky and Kaplan, 1979; Brodsky, 1979). This could explain why hydro

genated amorphous silicon contains 100-1000 times as much hydrogen as is 

needed to satisfy the dangling bonds indicated by ESR measurements of 

unpaired spins. The incorporated hydrogen also reduces the density of 

the films, especially for high concentrations. At this point, however, 

the material is more appropriately termed a silicon-hydrogen alloy. The 

annealing behavior of hydrogenated amorphous silicon has been remarked 
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upon earlier during discussion of hydrogen effusion. Even after the 

majority of the hydrogen has outgassed, crystallization does not imme

diately take place. In general, annealing at 100 C higher temperature 

is required before crystallization occurs. Reported values of the 

crystallization temperature of hydrogenated amorphous silicon cluster 

closely about the value of 675 C for CVD amorphous silicon. Differences 

could be due to several parameters, including the amount of incorporated 

hydrogen, the measurement technique (annealing versus differential 

thermal analysis, for example), and differences in the way the crystal

lization temperature is defined. 

Having concluded this brief review of nonalloyed amorphous sili

con, both "pure" and hydrogenated, we now turn to the subject of amor

phous silicon alloys. 



CHAPTER 4 

CHEMICAL VAPOR DEPOSITED AMORPHOUS SILICON ALLOYS 

This chapter discusses the conceptual framework required for an 

understanding of the properties of amorphous silicon binary alloys de

posited by chemical vapor deposition (CVD). Any study involving these 

properties necessarily engages many disciplines as we must consider, 

among others, optical, structural, and compositional factors in order to 

properly interpret the materials of interest. We begin with a discus

sion of the as-deposited structure of CVD silicon alloys, and then look 

at the crystallization behavior and transformational kinetics of these 

materials as they are subjected to high temperature anneal. This will 

include an introduction to the concept of solid solution diffusion and 

the manner by which it retards the crystallization of thin film silicon 

alloys at elevated temperatures. Finally, we turn to a discussion of 

the optical properties of these materials, both as-deposited and with 

anneal. 

Structure of As-deposited Thin Film 
Silicon Alloys 

The structure of amorphous tetrahedral semiconductors such as 

amorphous silicon and germanium is usually interpreted in terms of two 

models. The continuous random network model (CRN) (Turnbull and Polk, 

1972; Steinhardt, et al., 1974; Polk 1971; Theye, 1976) assumes that 
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tetrahedral bonding is maintained for all four bonds, and that only 

small distortions in bond length and/or angle are necessary to enable 

all bonds to be satisfied with a minimum of stress and distortion. The 

microcrystallite model (MM) (Theye, 1976; Brodsky, et al., 1970) assumes 

that small oriented units on the order of 15 % are randomly distributed 

throughout the amorphous matrix. The CRN model has been shown to inter

pret more accurately than the MM model the properties of amorphous sili

con in terms of film density and the radial distribution function. This 

model assumes of course that the amorphous material is in the ideal 

state; i.e., there are no unsatisfied bonds, voids or microsurfaces 

present in the film, for example. 

For "pure" amorphous silicon (evaporated or sputtered without the 

inclusion of hydrogen or other impurities) prepared at room temperature, 

the film is not in the "ideal" state. This is evidenced by the low 

density of the film, the high electron spin resonance signal indicative 

of a large number of dangling or unsatisfied bonds, and the non-anneal 

stable nature of the electrical and optical properties. Annealing at 

temperatures 1-00 C below the crystallization temperature removes any of 

these defects and results in a "nearly-ideal" amorphous film (Theye, 

1976). Such a film has a density within several percent of the crystal

line, a reduced electron spin resonance signal, and optical and electri

cal properties which do not change with further annealing. 

Janai, et al. (1979) have shown that CVD amorphous silicon depos

ited at substrate temperatures between 550 C and 650 C is in this 

"nearly-ideal" state. The density of the films is within 3% ± 1.5% of 



the crystalline. The optical properties are the same for all films 

deposited in this range and do not change with further annealing at 

temperatures below 650 C. On annealing at 650 C the structure, refrac

tive index, and absorption coefficient all change at the same time. 

Because CVD silicon is anneal-stable and has a density close to that of 

crystalline silicon, its structure should be represented by the CRN 

model. It will also be useful to apply this same model to amorphous 

silicon binary alloys, provided it can be shown that these materials do 

not significantly change the assumptions under which the model was 

derived. 

The role of four elements (B, C, N, and Ge) used as doping/ 

alloying components in amorphous silicon was studied. Each case will 

be discussed in turn concerning the expected structure for that parti

cular alloy or doped material. Boron in the form of diborane is known 

to enhance the growth of pyrolytically deposited polycrystalline silicon 

films for substrate temperatures in the range 500 C to 650 C (Hall, et 

al., 1973; Everstyn and Put, 1973). At the same time, these films were 

not significantly doped with the boron used as the catalyst. The films 

studied in this dissertation were nevertheless amorphous for substrate 

temperatures up to 600 C, while still showing low levels of boron in

corporation. Because of the small amount of impurity actually included 

into the films, the structure of these films can be expected to be the 

same as for the undoped case. 

Thin film amorphous silicon-germanium alloys deposited by co-

sputtering have been reported (Beaglehole and Zavetova, 1970; Hauser, 
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1973; Hasegawa, et al., 1978). While these films were amorphous as-

deposited, no extensive structural studies were reported for these 

materials. The maximum germanium content for the films in this study-

was 12 at.%, compared to typically 50 at.% for the films cited above. 

It should be noted that the covalent diameter and lattice constant for 

silicon and germanium are (2.34 ft, 5.42 ft) and 2.44 ft, 5.64 ft) respec

tively (Pauling, 1948). It seems reasonable that for these small 

differences the continuous random network model based on Si-Si bonding 

would need few modifications to include a small atmoic fraction of 

germanium atoms. 

Amorphous silicon-nitrogen alloys require a different approach 

for properly discussing their structure. Stoichiometric silicon nitride 

produced by pyrolysis is amorphous for substrate temperature less than 

1100 C (Doo, et al., 1966; Hu, 1966), and grows as small crystallites 

for temperatures of 1100 C or greater. Similar results hold for silicon 

nitride films produced by evaporation, sputtering, and glow discharge. 

Nitridation performed at temperatures of 1400 C produces crystalline 

films. Silicon nitride crystals exhibit two forms of hexagonal close 

packed structure, a low temperature a phase and a higher temperature 

0 phase, having slightly different lattice constants. 

Because silicon nitride is deposited in the amorphous phase for 

substrate temperatures below 1100 C, the possibility exists that CVD 

amorphous silicon-nitrogen alloys could consist of a mixture of two 

distinct amorphous phases. Indeed, there are reports in the literature 

of silicon-rich silicon nitride (Dong, et al., 1978) and "silicon 



contaminated" silicon nitride (Milek, 1971). In the silicon-rich case, 

it was found that additional silicon could be added continuously in 

amounts that ranged from 0 to 9 at.% above the stoichiometric ratio, 

resulting in films whose silicon content varied from 42 at.% to 51 at.% 

(Dong, et al., 1978). Etching studies on these films indicated that two 

phases existed; an amorphous silicon nitride phase and a connected 

amorphous silicon phase. No similar results were reported for the 

"silicon contaminated" silicon nitride films. 

The CVD amorphous silicon-nitrogen alloys prepared for this 

study spanned a composition range from 17 at.% to 50 at.% nitrogen. 

However, annealing studies were performed only for the 17 at.% sample 

and we limit the discussion to this level of nitrogen inclusion. If we 

consider a silicon-nitrogen alloy (17 at.% N) as a mixture of pure 

silicon and pure silicon nitride, then such a material would appear to 

be 13% silicon nitride and 87% silicon. This is clearly outside the 

region of silicon-rich silicon nitride referred to earlier. It is still 

not clear, however, if this material is a single phase of silicon and 

nitrogen randomly bonded, or a two phase structure of amorphous silicon 

and amorphous silicon nitride interspersed. In the first case, nitrogen 

atoms would be randomly distributed throughout the amorphous matrix with 

no preferential clustering. The covalent atomic diameter of nitrogen is 

1.40 R relative to 2.34 ft for the covalent diameter for silicon. It can 

be reasonably assumed that the nitrogen atoms fit into the amorphous 

tetrahedral matrix of the silicon with small perturbations of the 

lattice, with the fifth and extra bond of the nitrogen perhaps helping 
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to satisfy dangling or non-optimal bonds. Such a bonding scheme should 

be adequately represented by the CRN model. For the case of a two phase 

mixture, amorphous silicon nitride clusters will be randomly distributed 

throughout an amorphous silicon matrix. This would result in a non-

random nitrogen distribution in these films, and it is likely that such 

films would require both the CRN and MM models to accurately predict 

their behavior. It is difficult, however, to determine whether this 

material exists in a single or two phase structure, since both phases 

are amorphous. Neither will exhibit x-ray or electron diffraction spots, 

and unless there is a large difference in the amorphous diffraction halos 

for the silicon and silicon nitride phases it will not be possible to 

separate them. 

The same analysis can not be applied to the amorphous silicon-

carbon system. While silicon and carbon do form a stable compound, SiC, 

it is a refractory material with a melting temperature of approximately 

2800 C. Amorphous silicon carbide films have been reported for several 

deposition methods. The most common of these is rf sputtering of a 

polycrystalline SiC substrate (Fagan, 1974; Gorman and Solin, 1974; 

Mogab and Kingery, 1968; Hartman, et al., 1968), but significant work 

has also been done using the rf glow discharge technique with silane and 

ethylene (Anderson and Spear, 1977; Wieder, et al., 1979; Yoshihara, et 

al., 1978). The composition of these silicon carbide films varied 

widely. Films formed by rf sputtering of a polycrystalline target were 

almost always stoichiometric -- an expected result since the starting 

material is stoichiometric, rf glow discharge produced amorphous silicon 
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carbide films range from carbon rich (Anderson and Spear, 1977) to both 

carbon- and silicon-rich (Wieder, et al., 1979). It should be noted 

that several of these authors expected their films deposited by glow 

discharge to contain significant amounts of hydrogen, although they 

report no specific values. 

The production of crystalline CVD SiC requires substrate temper

atures typically in excess of 1200 C (Weiss and Diefendorf, 1974; 

Wessels, et al., 1974; Fitzer, et al., 1974), although at least one 

reference reports $ type SiC for a substrate temperature of 760 C and 

millitorr pressures (Khan, 1969) using chemical conversion of single 

crystal silicon with acetylene, or cathodic sputtering. It is evident 

from the literature that CVD preparation of silicon-carbon alloys at 

atmospheric pressure will not produce crystalline silicon carbide for 

substrate temperatures below 1100 C to 1400 C. There are reports of 

crystallization of amorphous silicon carbide formed by sputtering (Mogab 

and Kingery, 1968; Kahn, 1968) indicating a crystallization temperature 

of 850 C to 900 C. Annealing above these temperatures transforms the 

amorphous silicon carbide into 3 phase polycrystalline material. It can 

therefore be concluded that for substrate temperatures below 850 C to 

900 C CVD deposited silicon-carbon alloys should be amorphous with the 

carbon randomly distributed throughout the matrix. The covalent dia

meter for silicon and carbon are 2.34 % and 1.54 %, respectively. Thus, 

as in the case of nitrogen, the carbon atom should fit into the tetra-

hedral amorphous matrix of the silicon with only minor distortions of 
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the lattice. The bonding angles may change more than bond lengths, 

however. It is expected that the CRN model should adequately represent 

the structure of these materials, except for cases of high carbon con

tent. For films in which the percentage of carbon is nearly equal to 

that of the silicon, one expects the films to remain amorphous, but 

carbon clusters may form. This will depend on preferential bond forma

tion that favors C-C bonding at the expense of Si-C bonding. From bond 

energies, two Si-C bonds require more energy than a Si-Si bond and a C-C 

bond, 138 kcal/mole to 125 kcal/mole. However, such an argument does 

not take into account other factors suchx as diffusion of carbon atoms 

away from the others in response to concentration gradients. Measurable 

C-C bonding has been reported in amorphous SiC prepared by sputtering of 

a polycrystalline SiC target (Gorman and Solin, 1974), but no similar 

results have been reported for amorphous SiC deposited by other methods. 

Crystallization Behavior and 
Transformational Kinetics 

Amorphous silicon is in a higher free energy state than polycrys

talline silicon, a result of the structural disorder that forces bond 

lengths and angles into nonequilibrium configurations. This being the 

case, the amorphous phase will crystallize at all temperatures at some 

temperature dependent rate. The crystallization behavior for such a 

metastable material is thus time and temperature dependent. This section 

describes the conditions under which such amorphous to crystalline phase 

transformations can occur, and introduces the transformational kinetics 
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required for the proper interpretation of the crystallization behavior. 

We begin with a discussion of the situation for nonalloyed amorphous 

silicon, and extend the treatment to include amorphous silicon alloys. 

Having established the concept that amorphous silicon is a meta-

stable material, we must determine under what conditions it will relax 

into the stable crystalline phase. The driving force for this trans

formation is the difference in (Gibbs) free energy between the initial 

(amorphous) and final (crystalline) phases. This difference in free 

energy arises from distortions in bond length and angle found in the 

amorphous silicon material which increases its free energy. For a 

transformation to occur, however, the difference in free energy is not 

always sufficient to induce the change in structure. There must also 

be available energy in the form of atomic motion to allow restructuring 

of bond angles and lengths, facilitating the amorphous-crystalline phase 

change. This random atomic motion is provided by thermal fluctuations, 

i.e., the temperature of the material. Thus, as the temperature of the 

amorphous silicon film increases, the average displacement of the random 

motion of an atom about its rest position also increases. We therefore 

postulate that increases in temperature provide the additional energy 

required for the bond restructuring necessary for a phase transformation 

from amorphous to crystalline. 

Transformations are usually divided into two classes, homogeneous 

and heterogeneous (Christian, 1965; Darken and Gurry, 1953). Homogeneous 

transformations are those which occur simultaneously throughout the 

system under study. These types of reactions are typified by the 



81 

formation of rain drops in a highly purified, supersaturated water vapor 

system. Such reactions are extremely rare in nature and are usually 

studied from a theoretical standpoint. The more common heterogeneous 

transformation occurs by changes in the system at specific sites termed 

nucleation centers. From these centers, the newly formed phase grows at 

the expense of the surrounding material. It is safe to assume that 

transformational changes in amorphous silicon are of the nucleation and 

growth type and thus heterogeneous. 

Although the existence of nucleation centers is certain, it is 

usually difficult to determine the nature or location of these centers. 

In crystalline materials, nucleation sites are likely to be defect 

centers, dislocations, or similar kinds of crystalline defects. In 

amorphous silicon, these types of defects do not exist since the 

material is disordered to begin with. However, there are areas of high 

stress, such as silicon bonds with greatly distorted angles or length, 

and other characteristics such as dangling bonds that would energeti

cally favor a structural change. 

Once a nucleation center forms and begins to grow, two regions 

of different phase appear, separated by boundaries which are subdivided 

into two types, glissile and non-glissile (Christian, 1965). A glissile 

boundary is one that migrates readily under the action of a proper 

force (stress, for example) even at low temperatures, and does not 

require thermal activation. Non-glissile boundaries move only by pass

ing through a transitory state of higher free energy, so that the bound

ary motion requires the assistance of thermal fluctuations. Such a 
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system is thermally activated, and is virtually immobile at low tempera

tures. Amorphous silicon is clearly a material in which the boundaries 

are non-glissile since elevated temperatures are required to accomplish 

a phase transformation to the crystalline state. 

Non-glissile boundaries can be further divided into two kinds, 

those in which there is no change of composition across the boundary, 

and those dividing regions of different composition. The first type of 

transformation concerns changes from a metastable single phase to an 

equilibrium single phase, as in recrystallization and grain growth. 

These are entirely one phase, order-disorder reactions. The growth rate 

of such transformation is determined by atomic processes in the immediate 

vicinity of the interface only, and hence are "interface controlled." 

This transformation represents well the expected crystallization behavior 

of nonalloyed amorphous silicon in its conversion to the polycrystalline 

phase. 

The second type of non-glissile transformation deals with phase 

changes in which the motion of the interface requires long range trans

port of various atomic species toward or away from the growing region. 

In this case diffusional processes which lead to segregation must be 

considered. There are two extremes within which such diffusional prop

erties exist. In the first, the boundary moves very slowly, even under 

the influence of a high driving force. The growth rate will thus be 

independent of the diffusion rate and we may describe the growth as 

interface controlled. In the second situation, the boundary is highly 

mobile compared to the diffusion rate, and will move as rapidly as 
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segregation can be accomplished. The growth rate will in this case be 

determined almost entirely by diffusion conditions and is termed "diffu

sion controlled." This type of growth can be expected of amorphous 

silicon alloys, where diffusion of the solute away from crystalline 

silicon centers must be accomplished before further crystallization can 

take place. Such segregation is necessary since carbon and silicon are 

insoluble at temperatures below 1400 C (Scace and Slack, 1960), and the 

carbon must thus be removed before the silicon can crystallize. As will 

be shown, this difference in growth rate between interface and diffusion 

controlled processes has a marked effect of the crystallization behavior 

of amorphous silicon alloys compared to nonalloyed amorphous silicon. 

In general most transformations require a combination of inter

face and diffusion controlled growth. Diffusion controlled growth is 

most pronounced when compositional differences are appreciable, and the 

deviation from equilibrium is negligible. In this case the driving 

force is primarily the difference in composition between regions of the 

initial phase near the interface, and metastable regions remote from the 

interface. Because of the necessity to transport solute atoms long 

distances to or from the interface regions, a linear dimension of the 

growing product region is experimentally found to be proportional to the 

square root of time of growth. Such growth is termed parabolic with 

time. In interface controlled growth, where the transformation product 

has essentially the same composition, it is found experimentally in 

nearly all reactions that any dimension of the transformed region grows 

as a linear function of time. A transformation occurring in a dilute 



84 

alloy may first begin as an interface controlled phase change, but be

come diffusion controlled as the initially small product region increases 

in size. The overall kinetics depend on both growth rate and nucleation 

rate, and the net transformational rate will depend mainly on the slower 

of these two stages. 

The nucleation process is conceptually understood in terms of 

the beginning of growth of a new phase at some defect or anomaly in the 

metastable phase. As mentioned previously, the essential driving force 

is the difference in free energies of the initial and final phases. 

However, when a new phase is just formed, the free energy is higher than 

in the initial state. There is thus an activation energy required to 

initiate the phase transformation. This activation energy is expressed 

in terms of an Arrhenius expression 

K . A e(-E/kT) (41) 

where E is the activation energy, k is Boltzmann's constant, and T is 

the temperature. This term will appear again when we discuss the kinet

ic equation describing the crystallization growth process. 

Once nucleation occurs, thermally activated growth proceeds 

along two routes, interface or diffusion controlled, or some combination 

of these. As the material crystallizes the structure does not usually 

assume a preferred orientation unless the volume change is small. Such 

preferred orientation was observed for nonalloyed CVD amorphous silicon 

for which the volume change was less than 3% (Janai, et al., 1979). The 

growth rate for interface controlled boundaries is constant in any 
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direction until impingement occurs, after which growth stops. For dif

fusion controlled boundaries, the growth rate is not constant, but 

begins to decrease when the diffusion fields of neighboring crystallites 

begin to overlap to an appreciable extent, and gradually becomes zero. 

This results from competition for available excess solute or from an 

inability to segregate a pure phase from the increasingly concentrated 

surroundings. This difference in growth mechanism produces the differ

ent growth rates for interface and diffusion controlled growth, i.e., 

linear versus parabolic with time. 

Diffusion mechanisms are usually discussed for crystalline 

materials, and must be reconsidered for application to amorphous solids. 

There are four primary diffusion mechanisms in crystals: interstitial, 

vacancy, interstitialcy, and ring diffusion (Shewmon, 1963). In inter

stitial diffusion, an atom must be able to pass from one interstitial 

site to one of its nearest neighbor sites without permanently displacing 

any of the matrix atoms. The resistance of the matrix atoms against such 

a displacement constitutes the energy barrier acting against the atomic 

motion. In vacancy diffusion, an atom is located next to an unoccupied 

site called a vacancy. The atom then needs much less energy to jump to 

the vacancy since there is much less distortion of the lattice. In 

interstitialcy diffusion, an atom in an interstitial site can push a 

neighboring atom from its lattice site into an interstitial site, with 

the first atom moving onto the lattice site. Again, distortion of the 

lattice is minimal, and diffusion takes place without a large increase 

in free energy. Finally, in ring diffusion, termed place exchange when 

only two atoms are involved, two or more atoms rotate as a group. Place 
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exchange requires a larger increase in the free energy of the lattice 

since significant distortion of the lattice is necessary to permit the 

exchange. Ring diffusion, however, has a much lower change in free 

energy because only minimal distortion is induced in the lattice. 

In a discussion of diffusion in amorphous silicon alloys, inter

stitial mechanisms can be ruled out because there are no interstitial 

sites to speak of. It is reasonable to assume that vacancies, or voids 

perhaps, do exist where all the bonds of either a silicon or solute 

atom are not satisfied. The most probable candidates are a form of 

vacancy diffusion, or some type of ring diffusion. Since amorphous 

silicon is known to contain multimembered rings (Steinhardt, 19 74; Polk, 

1971; Weaire, et al., 1979), ring diffusion is a promising choice. 

Thus far we have established transformations in amorphous sili

con as heterogeneous, non-glissile, and thermally activated. It has 

been pointed out that crystallization in nonalloyed amorphous silicon 

should be interface controlled since there is no change in composition 

with crystallization. Amorphous silicon alloys should exhibit diffusion 

controlled growth, since one of the final products is crystalline sili

con, the other an enriched solution of silicon and solute atoms. It is 

now necessary to address the transformation kinetics and time-temperature 

relationships. 

The formal basis of transformational theory and kinetics has 

been treated in detail by Christian (1965). The standard approach is to 

assume that the time dependence of the newly transformed phase is propor

tional to (1) some combination of the untransformed phase, (2) the 



nucleation rate per unit volume, and (3) the isotropic growth rate of 

the phase boundaries. The final expression will be a function of the 

kind of growth, i.e., interface or diffusion controlled. Although the 

exact details are rather involved and can be found in the previously 

cited reference, the general form of the solution is rather simple. If 

x is the volume of the transformed region (phase) and t is the time, 

then 

x - 1 - (4.2) 

The parameter B is a growth constant dependent upon the transformation 

type under study. It is usually related to the number of nucleation 

sites originally present in the untransformed volume and to the iso

tropic growth rate of the final phase. If the nucleation process is 

thermally activated as we have already assumed, then B will assume the 

form of the Arrhenius expression, Eq. (4.1). The parameter m is indi

cative of the type of transformation, as shown in Table 4.1. We note 

from this table that m decreases from a range of 3 to 4 for interface 

controlled growth to a range of 1.5 to 2.5 for diffusion controlled 

growth. This is a direct result of a growth rate which changes from one 

that is linear with time to one that is parabolic with time. 

Because the kinetic Equation (4.2) is in terms of the volume 

fraction of the transformed phase, it is necessary to relate this 

quantity to some experimentally determined quantity such as x-ray dif

fraction intensity or optical transmittance at a fixed wavelength. For 

such cases, Eq. (4.2) becomes 
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Table 4.1. Values for ra in Eq. 4.2 (after Christian, 1965). 

Conditions m 

a) Interface controlled growth 
increasing nucleation rate > 4 
constant nucleation rate 4 
decreasing nucleation rate 3-4 
zero nucleation rate 3 

b) Diffusion controlled growth 
increasing nucleation rate > 2.5 
constant nucleation rate 2.5 
decreasing nucleation rate 1.5 - 2.5 
zero nucleation rate 1.5 

A = Aq(1 - e(~Bt )) (4.3) 

where B, t, and m have the same interpretation as before. This equation 

can be solved in terms of ln(l/t), and a plot of the data in this form 

should produce a straight line whose slope is m and whose intercept is 

ln(B). By performing such an analysis, it is possible to determine what 

type of transformation is occurring in the material under study. The 

kinetic equation (4.3) clearly involves time as a parameter, but the 

quantity known as the crystallization time must be defined in terms of 

the quantity B. If we define crystallization time to be that time at 

which x = (1 - e-1), i.e., 67% of the volume has crystallized, then the 

criterion for crystallization becomes Btm=l, in which case the equation 

for crystallization time becomes 

T = B_1/m (4.4) 
c 
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By curve fitting data to Eq. (4.3), B can be determined and thence the 

crystallization time. In the remainder of this work, we shall use a 

crystallization time Tc based on Eq. (4.4), so that the crystallization 

time is that time necessary to crystallize 67% of the volume that will 

have crystallized after very long anneal. In comparing our crystalliza

tion times to those determined for other materials, it will be necessary 

to qualify how their crystallization times were defined relative to Eq. 

(4.4). 

It has also been found that the crystallization time can be 

expressed in terms of an Arrhenius expression, Eq. (4.1). In this form, 

we have for B 

B1//m = V ê "Ec/kT) (4.5) 
c 

where E£ is an activation energy for the nucleation process and V£ a 

frequency term representative of the growth process (Blum and Feldman, 

1976). In order to determine these two constants, it is of course 

necessary to perform annealing experiments at at least two temperatures 

and solve Eq. (4.5) as a pair of simultaneous equations. 

Optical Properties 

The optical properties of CVD nonalloyed amorphous silicon have 

been well characterized (Janai, et al., 1979; Hirose, et al., 1977) and 

were compared in Chapter 3 to the optical properties of amorphous sili

con prepared by other methods. This portion of Chapter 4 discusses the 

optical properties of CVD amorphous silicon alloys, for both as-deposited 
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films and films annealed after deposition. A hypothesis will be sug

gested to describe the behavior of silicon-carbon alloys in particular, 

and link their as-deposited optical properties to those of annealed 

films. 

Optical Properties of As-deposited Films 

The optical properties of a material represent the interaction 

of matter with radiation. They are fully described in terms of two opti

cal constants which can be derived from Maxwell's equations. The treat

ment here will be strictly conceptual because of the difficulty in 

applying classical methods to amorphous materials. The refractive index, 

or real part of the dielectric constant, is a measure of the response of 

a dipole to incident radiation. As such it provides information on the 

polarizability of the valence electrons of the atoms making up the 

material. The more easily polarizable these electrons, the higher will 

be the refractive index. Conversely, valence electrons that are not 

easily polarized result in materials with lower values of the refractive 

index. Silicon consists of purely covalent bonds and thus is more 

easily polarized than materials of an ionic nature. 

The absorption coefficient, related to the imaginary part of the 

dielectric constant, is a measure of the ability of incident radiation 

to excite electrons to higher energy levels. In the spectral range of 

interband transitions, the energy necessary to accomplish this excita

tion process is called the band gap energy, and is equivalent to the 

energy separation between the valence and conduction bands. In 
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crystalline silicon these band edges are sharp, and a clearly defined 

gap exists. This sharp edge is a direct consequence of long range 

structural order which results in allowed electronic transitions only 

for energies greater than the band gap energy. In amorphous silicon, 

there is no similar long range order, and the selection rules no longer 

apply. In addition, the structural disorder introduces localized states 

in the gap which allow lower energy transitions. As a result, the 

absorption edge in amorphous silicon is not sharp, but is characterized 

by an absorption tail at smaller energies. The spectral profile of the 

absorption coefficient is thus primarily determined by structural dis

order and localized electronic states resulting from dangling bonds. 

Absorption spectra for this material are broad and featureless, without 

any of the sharp features characteristic of the crystalline material. 

The properties of nonalloyed amorphous silicon were reviewed in 

Chapter 3, where it was found that the absorption coefficient and refrac

tive index were strongly influenced by the deposition conditions. In 

particular, the absorption coefficient tail at lower energies varied 

widely, as evidenced by values for Eq j» the energy at which the absorp-

3 -1 tion coefficient attained a value of 1x10 cm . Experimental results 

on CVD silicon alloys, to be shown in the next chapter, show that the 

alloying process does not radically change the basic nature of the 

absorption coefficient or refractive index. We will thus consider the 

alloying process as having a perturbing influence on these properties, 

and discuss ways in which the added alloy atoms modify the optical 

properties. 
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Philipp (1971) reported extensive work on the Si-Sit^ system in 

which the oxygen content was varied from none (for pure silicon) to 67 

at.% (for silicon dioxide). He was able to explain the changes in 

optical properties by assuming that the dielectric constant was a mix

ture of the dielectric constants of silicon and silicon dioxide. In his 

model, he took only short range order into effect, looking at the way in 

which the local bonding affected the optical properties. We hypothesize 

that the optical properties of CVD silicon alloys can be explained in a 

similar fashion as a mixture of Si-Si bonds and Si-X bonds. The effects 

of such an assumption are more easily understood for the refractive index 

than for the absorption coefficient. When silicon is alloyed with an

other element, the bonds that form are less polarizable, i.e., more 

ionic, because of the difference in electronegativities between the sili

con and alloy atoms. On the basis of our previous arguments, we should 

then expect the refractive indices for these alloys to be lower than the 

index of silicon. This approach does not, however, take into account 

differences in bond stiffness or electron valences. These could have 

unexpected effects on the changes of the index with alloying. For 

example, hydrogenated amorphous silicon prepared by glow discharge 

possesses a refractive index that is larger than the index of nonalloyed 

silicon. However, sputtered hydrogenated silicon exhibits an index lower 

than that of nonalloyed CVD amorphous silicon, so we still can not make 

a definitive statement. 

A major problem with understanding the optical properties of 

amorphous silicon is that the classical approaches do not seem to work 

very well. For example, classical oscillator theory tells us that the 
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refractive index decreases as the energy gap increases. However, for 

the silicon-carbon alloys to be discussed in the next chapter the re

fractive index decreases substantially with carbon content even though 

the optical gap E also decreases or changes very little. The only use-
S 

ful conclusion is that several other mechanisms are at work to produce 

these changes in optical properties. We do note that the refractive 

index appears to respond more strongly to composition and short range 

order than does the absorption coefficient. Perhaps the absorption 

coefficient is more sensitive to long range order, localized states, and 

so forth. 

The spectral profile of the absorption coefficient can be 

divided into two regions, a high energy region which obeys the equation 

/"ohv = A(E - E ) (4.6) 
S  

and a low energy absorption tail region. Eq. (4.6), originally suggested 

by Tauc (1972), empirically has been found to fit well experimental data 

on absorption coefficients for amorphous silicon. It is typically used 

to define the optical band gap energy, E . The low energy absorption 

tail represents in an approximate sense the density of localized states 

in the energy gap, and allows a crude estimate to be made about the 

structural disorder of the material. 

The effect of alloying silicon with other elements, carbon for 

example, has been to increase the magnitude of the absorption tail by a 

factor of two or three. This effect must be due to increased structural 

disorder and/or more dangling bonds because neither Si nor SiC exhibit 
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any crystalline absorption in this spectral region. Changes in the be

havior of the absorption coefficient at higher energies have been more 

systematic. If, in Eq. (4.6), the optical gap energy is increased then 

the absorption coefficient should decrease, resulting in a shift of the 

absorption edge to higher energies. A decrease in the optical gap 

energy should produce the opposite effect. Most of the experimental 

results on the silicon-carbon system indicate that the absorption edge 

of amorphous silicon does indeed shift with carbon alloying, but it also 

exhibits tilting. This can be explained by assuming that increases in 

the absorption tail at lower energies coupled with shifts of the absorp

tion edge to higher energies produce this tilting effect. In Chapter 6, 

this effect will be discussed in conjunction with the carbon concentra

tion of silicon-carbon alloys. 

Effects of Annealing on the Optical Properties 

When nonalloyed amorphous silicon is annealed at temperatures 

above 650 C, it will crystallize in times on the order of 200 to 300 

minutes. As crystallization proceeds the optical properties also change, 

with the refractive index decreasing and the absorption coefficient 

shifting to higher energies and the edge becoming more shallow. These 

optical changes occur at the same time that structural changes are 

occurring. The values of the optical properties of annealed films are 

indicative of the newly acquired long range order of the polycrystalline 

phase. 

When amorphous silicon-carbon or silicon-nitrogen films are 

annealed, the above changes do not occur simultaneously. Rather, the 



optical properties respond to the anneal more rapidly than does the 

structure. In a later chapter we will discuss the anneal behavior of 

amorphous silicon-carbon films in terms of substrate deposition temper

ature and anneal temperature. In the following paragraphs, we wish to 

advance a hypothesis that explains this shifting of the optical proper

ties before the change in structure occurs for high temperature anneals. 

Consider an as-deposited silicon-carbon film in which the carbon 

atoms are assumed to be randomly distributed throughout the amorphous 

matrix. When this film is subjected to anneal temperatures far above 

the crystallization temperature of nonalloyed amorphous silicon, the 

silicon atoms will rapidly begin to reorder into the polycrystalline 

phase. However, because carbon and silicon are insoluble, as pointed 

out earlier in this chapter, the carbon atoms must diffuse away from the 

nucleated polycrystalline regions before further crystallization can 

occur. Thus, an initially rapid nucleation and growth period occurs 

during the early phases of the high temperature anneal, at which time 

small polycrystalline grains form in a sea of carbon-enriched amorphous 

silicon-carbon. Thereafter, the growth rate slows markedly, as diffu

sion limitations begin to take effect. Because the optical properties 

of an amorphous material are influenced primarily by short range order, 

the refractive index and absorption coefficient will show small but 

detectable changes for even short duration anneals at high temperature. 

However, after this initial anneal, changes in these optical properties 

will occur only for much longer anneals. If the carbon content is large, 

then no further changes will be detected, since most of the silicon 
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atoms available for crystallization are quickly exhausted. For films in 

which the carbon content is smaller, the second period of annealing will 

produce additional changes. Further anneals will continue to change the 

optical properties in this manner until all available silicon atoms are 

depleted, resulting in a material with small diameter polycrystalline 

grains randomly distributed in a carbon enriched amorphous silicon-

carbon matrix. Such a model predicts that silicon-carbon films contain

ing greater amounts of carbon in the as-deposited film should show a 

smaller shift of the optical properties with anneal than films contain

ing lesser amounts of carbon. In all cases, the shift of the optical 

properties with anneal should be less for alloyed materials than for 

nonalloyed amorphous silicon. 

The local restructuring which occurs rapidly during the initial 

anneal and results in the optical changes is not sufficient to be 

detected by x-ray diffraction. In fact, structural changes that occur 

at anneal temperatures in excess of 900 C are not detectable for time 

periods an order of magnitude larger than the time periods during which 

detectable optical changes occur. 



CHAPTER 5 

EXPERIMENTAL RESULTS 

The preceeding chapters described the preparation and charac

terization of CVD amorphous silicon alloys, and introduced the terms 

and concepts necessary to discuss the properties of these materials. 

This chapter presents the experimental results of compositional, opti

cal, and structural measurements made on a variety of amorphous silicon 

alloys. The primary emphasis, however, has been on the silicon-carbon 

system. In the discussions that follow, the alloy materials will be 

divided into the Si:C system and Si:X systems, with X = B, Ge, or N. 

We begin with the compositional determinations, as these provide a 

common basis from which to discuss the optical and structural proper

ties . 

Compositional Analysis 

The compositional measurements proved to be a very important 

factor in the total analysis of the amorphous silicon alloys studied. 

It soon became evident that the film composition was not the same as 

the reactant gas composition employed in the fabrication of the film. 

It was thus imperative that film composition be determined by actual 

measurements. The bulk of these measurements were made by electron 

microprobe measurements. These results are most accurate for the 

heavier film constituents (C, Ge, N, and Si) and for higher concentra

tions of the added elements (C, Ge, and N). 

97 



98 

Before continuing with results on alloyed material, it is useful 

to discuss briefly the results of hydrogen depth profiling on nonalloyed 

CVD amorphous silicon. Figure 5.1 shows the variation of the hydrogen 

content as a function of substrate temperature. (Grateful acknowledgment 

is made to C. W. Magee of RCA, Inc., Princeton, NJ for these measure

ments.) Although the amount of hydrogen in these films is very small 

compared to that found in glow discharge films, we note a monotonic 

decrease of hydrogen with increasing substrate temperature. This is an 

important result because hydrogen should be the only non-intentional 

dopant present in the nonalloyed material, and hence present in the 

alloyed materials. This level of hydrogenation is too low, however, to 

be detected by infrared spectroscopy (Freeman and Paul, 1978). 

The Si:C System 

The most extensive work was done on the Si:C system, evidenced 

by the data presented in Figures 5.2, 5.3, and 5.4, and. Table 5.1. 

Compositional measurements made by electron microprobe are accurate to 

± 1 at.%, with values in the range 1 to 5 at.% having the least accu

racy. Figure 5.2 indicates the composition-substrate temperature range 

investigated. It is clear that even for this extensive study only a 

small region of this range could be explored. Table 5.1 is a compila

tion of data on substrate temperature, source gas composition, film 

composition, and the calculated rate of incorporation. This incorpora

tion rate or efficiency was determined by defining 100% efficiency to 

occur when the film composition and gas composition were in the same 

ratio, namely, 
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Table 5.1. Composition of Silicon-Carbon Alloys. 

103 

Sample Ts 
[C2H2] [C] Efficiency 

(C) [SiH4 + C2H2] [Si + C] C%) 

C-023 575 0.036 0.12 175 
C-009 600 0.048 0.24 260 
C-024 600 0.036 0.10 145 

ESR-C-11 630 0.0011 0.02 910 
C-014 630 0.0019 0.02 530 

ESR-C-10 630 0.0022 0.02 455 
ESR-C-1 630 0.0022 0.03 685 
C-007 630 0.0033 0.03 455 
C-013 630 0.0058 0.04 345 

ESR-C-2 630 0.0066 0.06 460 
C-010 630 0.019 0.11 295 

ESR-C-9 630 0.022 0.07 160 
ESR-C-3 630 0.022 0.12 280 
C-020 630 0.048 0.18 195 
C-012 630 0.048 0.20 220 
C-006 630 0.053 0.16 160 
C-001 630 0.053 0.18 180 

ESR-C-5 630 0.076 0.22 155 
C-002 630 0.083 0.27 175 
C-011 630 0.099 0.35 195 

ESR-C-6 630 0.12 0.35 165 
ESR-C-8 630 0.16 0.36 130 
C-008 630 0.16 0.21 75 

ESR-C-7 630 0.23 0.48 130 
C-025 650 0.051 0.16 165 
C-005 700 0.053 0.13 130 
C-026 700 0.066 0.20 160 
C-027 750 0.036 0.13 185 
C-004 750 0.053 0.23 230 
C-028 800 0.036 0.23 330 
C-030 850 0.017 0.32 955 
C-029 850 0.036 0.48 690 
C-031 900 0.036 0.32 460 
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[ c 2 n ]  
[SiH4 + C2H2] * > SlC2 ~ Sl0.33 °0.67 C5,1) 

Note that because there are two carbon atoms per acetylene molecule, 

compared to one silicon atom per silane molecule, there is a non^linear 

relationship between gas composition and film composition for 100% in

corporation. If Z is defined as the acetylene fraction, 

ic,h,] 
Z - tSiH4 * C2H2] C5.2) 

then 100% incorporation efficiency is given by 

,  rci 

Efficiency (%) = ^ x 100 (5.3) (^) 
where [C]/[Si + C] is the measured atomic fraction of carbon in the 

film. Table 5.1 gives composition and efficiency results for a range of 

carbon concentrations and substrate temperatures. Portions of this table 

are shown in Figure 5.3, as carbon content in the film versus gas compo

sition. We note that irrespective of the substrate temperatures for 

values less than 850 C, the values of the incorporation efficiency for 

the acetylene-silane process cluster at 200%. The reasons behind this 

particular rate of incorporation have not been established, but undoubt

edly concern the decomposition processes of both the silane and acetylene 

and their interactions with each other and the substrate. 

Figure 5.4 is another representation of data from Table 5.1 which 

attempts to determine if this 200% incorporation efficiency varies with 
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the substrate temperature. From both this figure and Figure 5.3 it is 

clear that at higher substrate temperatures ( £ , 800 C), the incorpora

tion efficiency increases drastically. This is most certainly due to 

the increased gas phase decomposition of silane at these temperatures, 

which effectively reduces the silane concentration. Silane heated at 

atmospheric pressures begins to strongly decompose in the gas phase at 

temperatures above 800 C. We note that acetylene is more stable than 

silane; for example, silane will burn spontaneously in air while acety

lene does not. Thus as the gas temperature increases more silane than 

acetylene decomposes in the gas phase, and the silane-acetylene ratio 

decreases, resulting in more carbon being built into the growing film. 

This premature silane decomposition can be retarded to a degree by using 

a hydrogen carrier instead of a helium carrier. Nevertheless,, the con

cept of incorporation efficiency is not as useful for higher tempera

tures where the actual amounts of silane and acetylene reaching the 

substrate surface may not be well known. 

In addition to these electron microprobe measurements, nuclear 

reaction measurements were made on several amorphous silicon-carbon (18 

at.%, 630 C) films to determine the hydrogen content. (Grateful acknow

ledgment is made to Dr. David Allred for performing this work.) These 

measurements revealed a hydrogen content of 5 at.%, which is 5 to 10 

times the amount found in nonalloyed amorphous silicon. It is assumed 

that the additional hydrogen is bonded to carbon atoms, an assumption 

supported by electron spin resonance (ESR) measurements reported in a 

later section. The additional hydrogen probably results from incomplete 



106 

decomposition of acetylene into C-H groups which are then included into 

the growing film. 

Other Si:X Systems 

Electron microprobe measurements were also made on a limited set 

of amorphous silicon films alloyed with boron, germanium, or nitrogen. 

Both the germanium and nitrogen alloyed films were reliably measured by 

microprobe due to their larger x-ray crossections and stronger x-ray 

emissions. Boron measurements were much less reliable, and often only 

an upper limit could be determined for the boron concentration. Tables 

5.2, 5.3, and 5.4 give the results of composition measurements for boron, 

germanium, and nitrogen, respectively. The incorporation efficiencies 

for diborane and hydrazine were calculated from the same equation as for 

acetylene, since diborane and hydrazine each have two atoms per molecule. 

For germanium and ammonia, the efficiency is simply the linear ratio of 

the film composition to the gas composition. 

Table 5.2. Composition of Silicon-Boron Alloys. 

Sample T [B2H6] [B] Efficiency 

(C) 
[SiH4 - B2H6] [Si + B] (%) 

B-003 550 0.0097 0.0012 6 
B-001 600 0.0061 < 0.005 < 40 
B-002 600 0.053 0.0078 8 
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The results for silicon-boron alloys were very interesting in 

that very little boron could be incorporated into the films. The in

corporation rates for boron were very low, usually less than 10%. It 

should be noted, however, that boron in the form of diborane is a known 

catalyst for the deposition of silicon from silane, and as such may not 

be easily incorporated into the film even though it contributes impor

tantly to the deposition process. Because of the difficulty in incor

porating boron into the amorphous silicon matrix, and the fact that such 

films were not structurally favorable, a major survey of this material 

was not undertaken. 

Compositional results on the silicon-germanium system were also 

unexpected. Germanium can be deposited from germane at substrate temper

atures as low as 350 C, and thus it was expected that silane-germane 

mixtures used at substrate temperatures of 600 C would result in full 

incorporation of the germanium. This was not true, as indicated by 

Table 5.3. We note an incorporation efficiency of only 10 to 20%. It 

may be that the germane undergoes gas phase decomposition at these tem

peratures in the same manner that silane does at higher temperatures. 

This system was also not studied further because the optical properties 

indicated that the solar absorptance would not be favorable. 

Table 5,3. Composition of Silicon-Germanium Alloys. 

Sample T [GeH4] TGel Efficiency 

(C) [SiH4 + GeH4] 
[Si + Ge] (%) 

Ge-003 600 0.19 0.019 10 
Ge-001 630 0.53 0.11 21 
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Table 5.4. Composition of Silicon-Nitrogen Alloys. 

Sample T s 
(C) 

[NH3] [N2H4] [N] Efficiency 
(%) 

Sample T s 
(C) [SiH4 + NH3] [SiH4 • N2H4] [Si + N] 

Efficiency 
(%) 

N-002 500 0.34 0.28 80 
N-001 575 0.34 0.17 50 
AS# 8 2 600 0.34 0.17 50 
N-004 600 0.15 0.37 140 
N2H4-#1 600 0.38 0.50 90 
N2H4-#2 600 0.52 0.46 67 
N2H4-#3 600 0.66 0.29 35 
AS#81 630 0.60 0.34 55 

The silicon-nitrogen system was much more interesting in terms of 

composition because large amounts of nitrogen could be incorporated, as 

indicated in Table 5.4. It is possible to add nitrogen to silicon across 

the entire spectrum from pure silicon to stoichometric silicon nitride 

containing 57 at.% nitrogen. The incorporation efficiencies, using 

either hydrazine or ammonia, are much better than for either the silicon-

boron or silicon-germanium systems, although not as high as for the 

silicon-carbon system. Incorporation efficiencies seem to be more con

stant for the silane-ammonia system, at about 50%, than for the silane-

hydrazine system. No lightly alloyed samples were prepared because the 

optical properties of this system were not favorable for the same reason 

as for the silicon-germanium system. However, there does not seem to be 

any factors preventing such films from being prepared using these gas 

mixtures. 

We have seen in this section the wide variation possible in 

composition and incorporation efficiencies as a function of the alloyant 
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type, deposition temperature, and gas ratios. The silicon-carbon system 

exhibited the larger incorporation efficiencies with a typical value of 

200%. The remaining systems (Si:B, Si:Ge, and Si:N) all possessed in

corporation efficiencies much less than unity, spanning the range 10% 

to 50%. Substrate temperature, and thus gas temperature, had a marked 

influence on the rate of alloyant incorporation for the silicon-carbon 

system. In the silicon-boron system, however, the boron itself seemed 

to strongly influence the incorporation efficiency. Nitrogen alloyed 

amorphous silicon films were prepared readily using two different 

nitrogen sources, ammonia or hydrazine. Germanium alloyed films 

possessed an unexpectedly small amount of germanium, when one considers 

the lower decomposition temperature of germane compared to silane. 

Optical Properties of As-deposited 
Amorphous Silicon Alloys 

The as-deposited optical properties of CVD amorphous silicon 

alloys are striking in the similarity of their profiles irrespective of 

the alloyant type or concentration. The absorption coefficient profiles 

all show the same shape, i.e., they all exhibit large values in excess 

4 -1 
of 1x10 cm at high photon energies, and a strong absorption tail at 

lower energies. The various alloyants can shift the profile both in 

magnitude and in energy, but the shape is somewhat invariant. Larger 

concentrations tended to shallow the edge and shift it to higher 

energies, while lower concentrations simply increased the strength of 

the low energy absorption tail. Refractive index profiles shifted with 

alloyant concentration and type, but did not exhibit any gross changes 
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in their orientation. We discuss in the following sections specific 

effects of the additional alloyants, beginning with the silicon-carbon 

system. A few comments prior to this discussion are in order to explain 

what is meant by a preferable absorption coefficient profile. This 

profile can be divided into two regions: a high energy region where the 

absorption coefficient obeys a parabolic with energy behavior (see, for 

example, Eq. 4.10), and a low energy tail region. The absorptance of 

an amorphous silicon film is a function of the product of the absorption 

coefficient and the film thickness. If we assume some fixed thickness, 

then we can use absorptance profile and absorption coefficient profile 

interchangably. An increase in the absorptance occurs when the absorp

tion coefficient increases at a given photon energy. Thus, film absorp

tance increases with an increase in the absorption tail at low energies, 

but decreases with shifts of the high energy profile to higher energies. 

We can therefore classify an absorption coefficient profile as advanta

geous or detrimental depending on its shape and location. Large absorp

tion tails together with shifts of the profile to lower energies make 

for better absorbers, while smaller tails and shifts of the absorption 

profile to higher energies make for poorer absorbers. 

The Si:C System 

Because of the number of samples studied for this system, it was 

possible to investigate the effects of both carbon concentration and sub

strate temperature on the optical properties of the amorphous silicon-

carbon films prepared. Carbon concentrations varied from 2 to 35 at.% 

and substrate temperatures varied from 5 75 C to 800 C. 
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Figure 5.5 shows the variation in both the absorption coeffi

cient and refractive index with carbon content for a fixed substrate 

temperature. The absorption coefficient for the lightly doped film is 

very similar to that of nonalloyed amorphous silicon, particularly for 

high values of the coefficient. The only major deviation is the low 

energy absorption tail. As the carbon content increases, this tail 

increases in magnitude, resulting in a slight shallowing of the profile 

and also a slight shift of the profile to lower energies. The shift 

reaches a maximum for 16 at.% C, and then reverses itself as the carbon 

content continues to increase. The absorption tail however continues to 

increase with carbon content up to 27 at.%, after which it begins to 

decrease. Despite the fact that the film containing 35 at.% C almost 

has the stoichiometry of SiC, the absorption coefficient has decreased 

at high energies by less than an order of magnitude. We note that the 

16 at.% carbon alloyed film would make the best absorber material, based 

on the previous discussion of "best", because it possesses the largest 

absorption tail while maintaining a high energy profile shifted as far 

to lower energies as possible. 

The refractive index decreases with increasing carbon content 

with a total decrease of almost 0.5 for the full range indicated. This 

shift is much larger proportionally than the shift of the absorption 

coefficient, and the refractive index appears to be more sensitive to 

changes in the carbon content than the absorption coefficient. We also 

observe that the profile of the refractive index shifts vertically to 
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lower values, but otherwise does not change its shape. This is in con

trast to the behavior of the absorption coefficient, where the profile 

both shifts and tilts. 

Figure 5.6 is a plot of the optical properties for varying sub

strate temperatures and fixed carbon content. We note a similar shift 

of the absorption coefficient first to lower energies and then to higher 

energies. The lower substrate temperatures result in a material with an 

absorption coefficient similar to nonalloyed amorphous silicon, and in

creasing the substrate temperature shallows the edge and shifts it to 

higher energies. The refractive index also increases with increasing 

substrate temperature, then reverses and decreases with increasing 

temperature. As for the previous results, the shift of the refractive 

index is proportionally larger than the shift of the absorption coeffi

cient. It is not clear why the refractive index shows a reversal of the 

direction of shift, but we must mention that the probable error in the 

refractive index measurement from one film to another may be introducing 

a false effect. 

In an attempt to determine the existence of trends in the optical 

properties with carbon content and substrate temperature, the quantities 

n(0.62 eV), and E^ were plotted as a function of these two para

meters. Figures 5.7, 5.8, and 5.9 show the variation of these three 

quantities. The refractive index (Figure 5.7) shows the clearest varia

tion with carbon content. Beginning with an initial value of approxi

mately 3.7, the refractive index decreases with increasing carbon content 
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more or less independently of the substrate temperature. Although there 

is considerable scatter in the data with substrate temperature, there is 

still a definite correlation. We also add that the refractive index of 

silicon carbide is approximately 2.7. We note that the index values for 

the silicon-carbon alloys are approaching this value almost linearly 

with carbon content. 

The same cannot be said for E^, the energy at which the absorp

tion coefficient attains a value of lxlO4 cm 1. Figure 5.8 indicates the 

considerable scatter in the data, with no clear correlation of shifts in 

E^ with either carbon content or substrate temperature. If we review 

the absorption coefficient Figures 5.5 and 5.6, we can attribute this 

scatter in the data to the shifting and shallowing of the absorption 

coefficient. In all likelihood, a proper comparison of the absorption 

coefficient will require extending the measurements to much higher 

energies allowing for a more complete representation of this quantity. 

Strangely enough, however, the optical gap, E , does show some 
S 

correlation with changes in carbon content. Figure 5.9 shows that E 
S 

decreases with increasing carbon content, but more strongly for lower 

substrate temperatures. Because E is based only on the high energy 
S 

region of the absorption coefficient, it may be a more representative 

quantity. A problem with this correlation is that the energy gap for 

silicon carbide varies from 2.2 eV to 3.3 eV, depending on whether the 

material is in the cubic or hexagonal orientation. E should therefore 
§ 

lie at higher energies compared to amorphous silicon. We see instead 

that it is found at lower energies. 



Other Si:X Systems 

Similar behavior of the optical properties was exhibited by the 

Si:X alloys (X = B, Ge, or N). Figure 5.10 indicates the variation of 

the optical properties for Si:B films. One major difference between the 

Si:B systems and all the others is the magnitude of the absorption tail 

compared with the doping level. Boron doping was possible only to 

levels below 1 at.%, yet the low energy absorption tail is much stronger 

than the absorption tails found for the other systems. It requires an 

alloying level of 20 at.% carbon to produce the same absorption coeffi

cient at a photon energy of 0.8 eV that 0.78 at.% boron produces. Simi

larly, the refractive index shows large changes with only small amounts 

of boron present in the film. However, there does not seem to be a 

systematic variation of the refractive index with boron content. It 

should be remembered that the boron concentrations are least well known 

and subject to large errors, making analysis difficult. 

The Si:Ge system was the most puzzling. Whereas germanium 

possesses an absorption coefficient profile located at lower photon 

energies compared to silicon, the silicon-germanium alloys exhibited an 

absorption coefficient profile that was shifted to higher energies com

pared to the amorphous silicon profile. Thus, the absorptance of such 

alloy films is inferior to both silicon and germanium. Figure 5.11 

presents the optical data for this system. For small Ge concentrations, 

the absorption coefficient is very similar to nonalloyed amorphous sili

con. For larger concentrations, the absorption coefficient profile 

becomes much, shallower, and decreases in magnitude while shifting to 
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higher energies. Crystalline Si:Ge alloys exhibit a similar type of be

havior (Tauc and Abraham, 1961), but it was expected that the amorphous 

nature of the CVD produced Si:Ge films would produce different results. 

The refractive index also shows atypical behavior. The profiles for 

different concentrations intersect each other, a result not seen in any 

of the previous systems, and the refractive index exhibits the least 

variation with alloying concentration. It should be noted, however, 

that the refractive index of germanium is much closer to that of silicon 

than to that of compounds such as silicon nitride or silicon carbide. 

The optical properties of the Si:N system shown in Figure 5.12 

are similar in some respects to the Si:C system. Although no films were 

prepared at low nitrogen concentrations, the films containing larger 

concentrations of nitrogen show the same shift of the absorption coeffi

cient profile to higher energies that the Si:C films did. One major 

difference is that the Si:N film having the higher nitrogen concentra

tion does not show the low energy absorption tail representative of the 

other alloy systems. This may indicate that this level of alloying is 

producing a material closer to silicon nitride, which of course is trans

parent in the visible and does not have an absorption tail of the kind 

we have been discussing. For example, the absorption coefficient does 

not show the shallowing of the edge apparent in the other silicon sys

tems, but rather only a shifting to higher energies as the material 

becomes more transparent. It is possible that since silicon nitride can 

be prepared at the same temperatures as these silicon-nitrogen films, a 

smooth transition in the absorption coefficient can be obtained from 
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amorphous silicon to amorphous silicon nitride. This type of behavior 

has been reported for the silicon-silicon dioxide system where the 

amount of incorporated oxygen determined the location of the absorption 

edge (Philipp, 1971). The refractive index also shows a strong variation 

with nitrogen content, and shifts from the value of amorphous silicon 

toward the value of silicon nitride 2.0). 

The variation of the optical quantities n(0.62 eV), E^, and E^ 

with substrate temperature, alloyant type, and alloyant concentration 

are given in Table 5.5. Because of the limited amount of data, it is 

not possible to detect any definite trends of these properties. We 

note, however, that both and are relatively constant irrespective 

of the alloyant type or concentration, whereas the refractive index 

n(0.62 eV) shows large variation with alloyant type. Again, it seems 

that the refractive index is much more sensitive than the absorption 

coefficient to changes in the basic amorphous silicon material produced 

by alloying. 

Table 5.5. Variation of Chosen Optical Parameters 
With Alloyant Type and Concentration. 

Sample T s at.! % n(0.62 eV) E04 
E 
g 

B-002 600 0.78 B 3.94 1.65 1.48 
B-001 600 0.5 B 4.11 1.67 1.56 
B-003 550 0.12 B 3.73 1.67 1.50 

N-001 575 17 N 3.44 1.79 1.57 
N-002 550 28 N 3.3 1.88 1.81 

Ge-003 600 1.9 Ge 3.62 1.81 1.55 
Ge-001 630 11 Ge 3.54 1.71 1.53 
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In summarizing, we have seen that the alloying process produces 

distinct changes in the as-deposited profiles of the absorption coeffi

cient and the refractive index. The changes due to alloying were similar 

for all the alloying materials studied, although they varied in magnitude 

with particular elements. The absorption coefficient developed a sub

stantial absorption tail at low energies which generally increased with 

increasing alloying levels. At higher levels, the high energy absorption 

profiles exhibit a shallowing tilt together with a slight shift to higher 

photon energies. The refractive index, on the other hand, does not show 

any tilting of its profile, but only a vertical shift to higher or lower 

values. In most cases, the index decreases in a somewhat linear fashion 

with increasing alloy levels. 

Optical Properties of Annealed 
Amorphous Silicon Alloys 

Systematic annealing studies were undertaken for the Si:C system, 

and a single study on the Si:N system. Only cursory anneals were done on 

the Si:B system. No annealing studies were done for the Si:Ge system. 

There were several reasons for this approach. The Si:B system was 

expected to have a lower, rather than higher, crystallization tempera

ture, as reported in the literature (Hall, et al., 1973). Several short 

anneals at 650 C and 700 C confirmed that this was indeed the case, with 

this material exhibiting crystallization times shorter than for nonal-

loyed amorphous silicon. Because the intention of this research was to 

investigate methods for increasing the crystallization temperature, no 

further annealing work was done on the Si:B system. No annealing studies 
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were done on the Si:Ge system because the absorbing properties of these 

materials were inferior to nonalloyed amorphous silicon, as explained in 

the previous section. Both the Si:C and Si:N systems produced films 

whose crystallization time-temperature characteristics were an improve

ment over the nonalloyed material, as determined from initial annealing 

work. The Si:C system produced films with the better absorbing proper

ties of the two systems, however. For this reason, only a cursory 

anneal study was undertaken for the Si:N system and most of the investi

gation was concerned with the Si:C system. 

In the experimental results that follow, it is important that 

the reader keep in mind the relative accuracies of the absorption coeffi

cient and refractive index measurements. The absolute values of these 

quantities are limited in their accuracy by the error in the determina

tion of the film thickness. This error was 2% at best and in some cases 

as large as 5 to 10%. The refractive index is particularly affected by 

this error since refractive index measurements have the same accuracy as 

film thickness measurements. Changes in the refractive index, however, 

can be detected more accurately by a factor of ten. This was accom

plished by always positioning the film in the monochromator in the same 

way, so that variations in thickness across the sample would not intro

duce errors in the optical measurement. Special sample holders were 

constructed to allow accurate repositioning. Such a measurement tech

nique allows variations in the film thickness due to positioning error 

to be kept below 0.5%. As a result, shifts of the refractive index with 

annealing are also accurate to within 0.5%. Any systematic variation of 
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of the refractive index with annealing can therefore be given much 

greater confidence than the initial calculated value with its accuracy 

of only 5%. 

The accuracy of the absorption coefficient data is greatest at 

higher values of the coefficient where effects of thickness and/or 

refractive index have the least effect. In these regions, the accuracy 

is generally better than 3%. In the absorption coefficient tail region, 

the errors are much larger, typically 25%. Because of the logarithmic 

scale, however, such an error does not as strongly compromise the 

results. In general, absorption tails were plotted distinct from one 

another only if the trend of the data indicated that there was a true 

difference. Otherwise the absorption coefficient tails were plotted as 

the same curve. 

One of the biggest problems with the annealing research was the 

ever present effects of oxidation. We attempted to reduce this affect 

by using a 8.5% hydrogen/91.5% nitrogen mixture to eliminate some of the 

oxygen. Despite this, we were able optically to detect the onset of 

significant oxidation, usually after 60 to 120 minutes at 900 C or 

higher. This was detected by small, systematic decreases in the refrac

tive index. While not shown in the data that follows, after the large 

changes in the refractive index that occurred during the first 15 to 30 

minutes small decreases in the index began to appear after 60 to 120 

minutes of anneal at these temperatures. These small changes were on 

the order of 0.02 to 0.04 absolute and were detected on all annealed 

samples regardless of the substrate temperature or carbon content. 
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As-deposited amorphous silicon alloys undoubtedly possess a 20 to 30 %. 

surface layer of oxide whose effect is included in the optical properties 

before anneal. It should not be surprising to find this native oxide 

layer increasing by 50 to 200 %. during anneal at 900 C, despite the 

presence of hydrogen in the anneal atmosphere. 

The Si:C System 

Amorphous silicon-carbon films were annealed at four tempera

tures: 800 C for the lowest levels of doping, 900 C for medium to high 

levels of doping, and 940 or 990 C for some higher levels of doping. 

Figures 5.13 through 5.23 portray the anneal behavior of the optical 

properties of absorption coefficient and refractive index as a function 

of anneal time. Carbon concentrations span the range of 2 at.% to 23 

at.%, and substrate temperatures span the range of 575 C to 800 C. In 

the discussion that follows, we will be referring to shifts of the 

absorption coefficient and refractive index profiles. One should think 

of these shifts in terms of the initial and final positions of the pro

files of the annealed films, together with the position of the profiles 

for an amorphous and polycrystalline nonalloyed silicon film. For 

example, we may speak of the shifting of a profile 1/2 or 1/3 of the 

distance between two given reference profiles. 

Figures 5.13 and 5.14 show the results for 800 C anneals of 

films containing low carbon concentrations, (2 at.%, 630 C) and (3 at.%, 

630 C), respectively. For both of these materials, the optical proper

ties shift 1/2 to 1/3 of their total shift in the first 15 minutes of 

the anneal. These profiles reach their final position during the next 
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15 minutes of anneal, such that the profiles for anneals longer than 30 

minutes are the same, within experimental error. Comparing the profiles 

of the carbon alloyed films and the nonalloyed amorphous and polycrys-

talline silicon profiles, we note a significant difference in the behav

ior of the optical properties. The absorption coefficient shifts after 

full anneal to a position approximately half way between the amorphous 

and polycrystalline silicon profile. The refractive index profile, 

however, shifts almost the entire distance between the nonalloyed refer

ence profiles. 

For samples prepared at substrate temperatures below 700 C and 

having intermediate carbon contents (10 to 13 at.%) annealing at 900 C 

produces similar shifts in the absorption coefficient and refractive 

index profiles. In Figure 5.15 (10 at.%, 600 C), the absorption coeffi

cient shifts 1/3 of the total change in the first 15 minutes of anneal, 

and the balance of the change in the next 15 minutes, such that anneal 

profiles for samples annealed for 30 minutes or longer (up to 240 

minutes) are the same within experimental error. The refractive index 

on the other hand shifts 1/3 of total shift in the first 15 minutes, 1/2 

of the total shift in 30 minutes, and completes its changes after 60 

minutes. In Figure 5.16 (11 at.%, 630 C), both quantities shift 2/3 of 

the total shift in the first fifteen minutes, and have stopped shifting 

after 30 minutes at 900. In all four samples1(Figures 5.13 to 5.16), the 

total shift in the absorption coefficient is about the same, and is 

probably representative of these carbon concentrations. The refractive 

index shift is also similar in magnitude for the same samples. 
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The anneal behavior begins to change as the carbon content in

creases. Figure 5.17 shows the anneal behavior of a sample (12 at.%, 

575 C) which exhibits a red shift of the absorption coefficient after 

the first 15 minutes of annealing, followed by a blue shift of the edge 

to higher energies. The total shift, however, is smaller than for the 

previous four samples. Similarly, the refractive index shift, although 

monotonic, is smaller in magnitude than for earlier samples. For the 

remainder of the samples annealed at 900 C (Figures 5.18 through 5.22), 

the shifts in the profiles of the optical properties occur during the 

first 15 minutes, and the profiles show no additional changes with 

longer anneals up to 240 minutes in total length. Also, the shifts are 

much smaller than for the silicon-carbon samples having smaller amounts 

of carbon. This effect is the same for these samples regardless of the 

substrate temperature. We note, however, that as the substrate tempera

ture increases, the magnitude of the shift decreases so that the sample 

deposited at 800 C shows almost no shift of either the absorption coef

ficient or the refractive index. Because the total amount of shifting 

is a function of not only the substrate temperature but also the carbon 

concentration, it is difficult to determine if the final position of the 

profiles of these two optical quantities represent an anneal stable 

state or rather the profile of a crystallized material. We would like 

to draw attention to Figure 5.22 and compare the profiles of the absorp

tion coefficient for a (23 at.%, 800 C) silicon-carbon film and a non-

alloyed silicon film. It is remarkable that the position of the 

absorption coefficient should be much closer to the amorphous silicon 
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quantity that to the polycrystalline quantity, even after long term 

anneal at 900 C. 

One sample was annealed at two different temperatures, and per

haps this can help clarify the difference between optical profiles of an 

anneal stable film and a crystallized one. The sample reported in 

Figure 5.23 (18 at.%, 630 C) was annealed first at 830 C for over a 

thousand minutes. We note a strong shift of the absorption coefficient, 

accompanied by a smaller shift of the refractive index. Annealing at 

990 C for only 15 minutes produces another large shift, after which no 

further changes are detected for anneals up to 150 minutes total. It 

can be hypothesized that the position of the profiles of the absorption 

coefficient and refractive index after the 830 C anneal represents an 

anneal stable state while the final position represents the optical 

properties of the crystallized material. However, the total shift after 

annealing at 990 C is no larger than for samples annealed at 900 C, 

which would indicate that all materials are optically in the "crystal

lized" state. A more reasonable hypothesis is that for these silicon-

carbon samples an anneal stable state does not exist for the optical 

properties. Annealing or depositing amorphous silicon-carbon film at 

temperatures much above the crystallization temperature of nonalloyed 

amorphous silicon, 675 C, will result in a shifting of the profiles of 

the absorption coefficient and refractive index. This shift is much 

smaller than that found in nonalloyed amorphous silicon when it crys

tallizes, and occurs at times very short compared to a true crystalliza

tion time as determined by x-ray diffraction or similar structurally 

oriented measurements. 
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The Si:N System 

One silicon-nitrogen sample was annealed to determine if it 

differed in its anneal behavior from the carbon doped. Figure 5.24 

shows the results of 990 C anneals on an amorphous silicon-nitrogen (17 

at.%, 575 C) film. The basic behavior of the optical properties is the 

same as for the silicon-carbon films. All shifting of the optical prop

erties occur within the first 15 minutes of anneal, with no further 

shifting occurring for anneals up to 150 minutes in length. The total 

shifts in both absorption coefficient and refractive index are also 

about the same in magnitude as in silicon-carbon films. Because both 

films annealed at 990 C did crystallize at 990 C (see next section), it 

is clear that no further changes in the optical properties should be 

expected. 

Shift of the Parameters n(0.62 eV) and with Anneal 

Table 5.6 contains a synopsis of anneal data shown in Figures 5.13 

to 5.24 together with comparison information on n(0.62 eV) and In 

general, the shifts in these quantities are greatest for lower substrate 

temperatures and smaller carbon contents. If the two low carbon concen

trations, samples C-007 and C-014, and the sample deposited at 650 C, 

C-025, are exempted, we note a general clustering of values from 1.71 

to 1.74 eV. This clustering occurs independently of the substrate temper

ature or carbon content. This is a surprising result, particularly since 

absorption coefficient profiles and low energy tails vary so within this 

sample set. The refractive index n(0.62 eV) does not show such a clus

tering of values. However, thickness measurement errors have a much 
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Table 5.6. Variation of Selected Optical Properties with Anneal. 

n(0.62 eV) E04 
Sample at. % Ts T a As 15 min 30+ min As 15 min 30+ min 

(C) (C) deposited deposited 

C-014 2 C 630 800 3.70 3.58 3.51 1.71 1.76 1.80 

C-007 3 630 800 3.65 3.47 3.44 1.68 1.78 1.82 

C-024 10 600 900 3.50 3.43 3.41 1.68 1.70 1.73 

C-010 11 630 900 3.62 3.48 3.44 1.66 1.72 1.76 

C-023 12 575 900 3.36 3.29 3.28 1.72 1.71 1.71 

C-005 13 700 900 3.66 3.61 3.61 1.66 1.73 1.73 

C-027 13 750 900 3.50 3.41 3.39 1.60 1.73 1.73 

C-025 16 650 900 4.13 4.16 4.16 1.77 1.82 1.82 

C-026 20 700 900 3.48 3.43 3.43 1.64 1.73 1.73 

C-028 23 800 900 3.18 3.12 3.12 1.70 1.75 1.75 

N-001 17 N 575 990 3.31 3.24 — 1.78 1.84 — 

1040 min @ 830 1040 min @ 830 
C-001 18 630 990 3.58 3.54 3.43 1.60 1.69 1.72 

15 min @ 990 
II 

15 min @ 990 

4^ 
cn 
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stronger influence on the values of the refractive index than they do on 

the absorption coefficient, and such errors may be obscuring any trends 

that exist in the refractive index. 

We have seen in this section that the variation of the optical 

properties of amorphous silicon alloys with anneal is strikingly differ

ent than the behavior of nonalloyed silicon films. The shifts of the 

absorption coefficient are much smaller for the alloyed films, yet these 

shifts occur much more quickly than for nonalloyed films annealed at 

lower temperatures. It is becoming increasingly clear that the concept 

of anneal stability can not properly explain the behavior of these 

silicon-carbon alloys. 

X-ray Diffraction Results and 
Transformational Kinetics 

X-ray diffraction was the primary technique used to determine the 

structure of the amorphous silicon alloy films. One of the drawbacks 

with this technique is that it is a bulk measurement and does not detect 

small volume fractions that are the first evidences of the beginning of 

crystallization. The minimum amount of crystallized volume that can be 

seen above the background is 5 to 10%. Thus transmission electron dif

fraction measurements were also used to complement the x-ray diffraction 

measurements, and will be reported on in the following section. A second 

difficulty encountered with x-ray measurements concerned the small ampli

tudes of the Si <111> x-ray peak for partially crystallized amorphous 

silicon films. This same behavior was found for nonalloyed amorphous 

silicon as well as alloyed materials. For example, the x-ray diffraction 



peak magnitude for two CVD polycrystalline silicon samples deposited at 

720 C and 800 C can differ by a factor of two, an effect due in large 

part to differences in the grain size. Furthermore, if the 720 C poly

crystalline sample is annealed at 800 C for several hours, the magnitude 

of the <111> x-ray peak will not attain the same value as for the sample 

deposited at 800 C. A distinction therefore needed to be made between 

samples deposited at lower substrate temperatures and annealed, and 

samples at a higher substrate temperature and characterized by a greater 

degree of crystallinity (larger grains, for example). In the results 

that follow, all x-ray diffraction measurements were normalized to the 

maximum intensity of the Si<lll> peak of a polycrystalline silicon 

reference sample deposited at 720 C. No absolute magnitudes are given, 

and all comparisons among samples are strictly relative. The important 

quantity in these results is the relative x-ray intensity profile with 

respect to anneal time, and how this profile is affected by the alloying 

process. 

The Si:C System 

Silicon-carbon alloy films were almost always amorphous as 

deposited, except for one film deposited at 750 C. This result held true 

for deposition temperatures as high as 900 C. It is also true, however, 

that these higher substrate temperatures resulted in films with a large 

carbon content, usually in excess of 30 at.%. A second general result 

was that, independently of substrate temperature, samples containing more 

than 20 at.% C did not show any crystallization after 960 minutes at 900 

C, despite the early shift of the optical properties. Samples containing 
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10 to 18 at.% C did show some crystallization during 900 C anneals, with 

the more heavily alloyed materials showing the least amount of crystal

lization. In all cases, the behavior of the Si<lll> x-ray peak intensity 

was markedly different for the silicon-carbon alloys compared to non-

alloyed amorphous silicon. This was expected in view of the diffusion 

process present in the alloys, a process not found in the nonalloyed 

material. The x-ray intensity profile is not as steep in the alloyed 

material as it is in the nonalloyed films, particularly when the inten

sity is saturating after long anneal times. 

Chapter 4 presented the equation describing the ideal anneal be

havior of a material in the process of crystallizing, and introduced two 

quantities to describe this behavior. The parameter m, the time expo

nent factor, gives information on the nature of the crystallization 

process. From Table 4.1 a value of m of 3 to 4 indicates an interface 

controlled growth process, while a value of m of 1.5 to 2.5 indicates a 

diffusion controlled process. From Eqs. (4.3) and (4.4), the quantity 

B is defined as the crystallization time, and represents the time 

required to crystallize (1 - e *) of the bulk, as determined, for 

example, by the x-ray intensity. Figure 5.25 represents the results of 

a 940 C anneal of a film containing 18 at.% carbon. Because of the 

small change in x-ray intensity even for long term anneal, there is 

considerable scatter in the data. In order to analyze this data and 

determine the quantities m and B m̂, it is necessary to attempt a 

smooth curve through the data. Figure 5.25 shows two possible curves 

that provide a reasonable fit to the data. The first observation is 



18 at.% C 630 C 

940 C 
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M 
2500 min 
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ANNEAL TIME (min) 

Fig. 5.25. Anneal behavior of the intensity of the Si<lll> x-ray diffraction 
peak for a (18 at.%, 630 C) silicon-carbon film annealed at 940 C. 

The curves show two possible fits to the data. 
«£} 
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that even the small differences in the two curves is sufficient to pro

duce a large variation in the quantity m, from 1.1 to 1.8. However, 

despite this level of inaccuracy, it is clear that the value of m is 

close to the range of values indicative of a diffusion controlled pro

cess. A second observation is that the anneal temperature and time for 

this sample are both much larger than for nonalloyed amorphous silicon. 

For nonalloyed silicon, m and B /̂'m are M and 115 minutes at 650 C, 

respectively, while for silicon-carbon (18 at.%) these quantities are 

1.8 and 1800 minutes at 940 C. Therefore, a large enhancement of the 

crystallization behavior of the carbon doped material is attained for 

this level of alloying. 

Figure 5.26 presents similar data on four samples containing 

different amounts of carbon and annealed at different temperatures. All 

data in this figure was normalized to the peak intensity of the 2 at.% 

sample to indicate the relative degree of maximum crystallization. We 

note a distinct trend of increasing crystallization time and decreasing 

x-ray intensity as the carbon content is increased. Note that the 

anneal temperature is also increasing in this figure together with the 

increasing carbon content. As was pointed out in the discussion of 

Figure 5.25, the fitting of smooth curves to this data is somewhat 

arbitrary, and was adjusted until results for the parameters m and 

B were reasonable. This usually required the adjustment of the 

curve near saturation, together with a "best" choice for the maximum 

attainable x-ray intensity. Table 5.7 is a compilation of data on these 

four curves. The first observation is that values of the quantity m 
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Fig. 5.26. Anneal behavior of the intensity of the Si<lll> x-ray diffrac
tion peak for silicon-carbon films as a function of anneal 
temperature and carbon concentration. 
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Table 5.7. Crystallization Times and Temperatures 
for Si:C Alloys. 

Sample T at.% C T m B-i/n. 
O 

CCD (C) 
(min) 

C-014 630 2 800 1.9 28 
C-024 600 10 900 1.7 100 
C-005 700 13 900 1.8 95 
C-001 630 18 940 1.8 1800 

a-Si 550-650 — 650 4 115 

cluster near 2.0, which in the intermediate range for diffusion con

trolled processes. It is also interesting that the values of m are 

almost equivalent irrespective of the carbon content, for concentrations 

of 2 to 18 at.%. It is difficult to determine how accurate these re

sults are, however, because of the errors inherent in the x-ray diffrac

tion measurements and the lack of duplicate samples on which to repeat 

the annealing experiment. Because other samples were not available 

during these anneals, it is not possible on the basis of the four sample 

studied to separate the effects of carbon content, substrate temperature, 

and anneal temperature. Such an experiment should however be able to 

determine how important the substrate temperature is compared to carbon 

content, for example. 

If a crystallization time of about 100 minutes is arbitrarily 

chosen, then from Table 5.7 we can say that 10 to 13 at.% C increases 

the crystallization temperature by 250 C, from 650 C to 900 C. A carbon 

content of 18 at.% would by the same token indicate a crystallization 
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temperature very much in excess of the anneal temperature of 940 C. In 

practice, however, the diffusion process may require we define the crys

tallization time-temperature parameters differently. Previously, the 

crystallization phenomenon was viewed as a process in which changes in 

the optical properties occurred more or less simultaneously with changes 

in structure. However, diffusion-induced retardation of crystallization 

has separated the time frames within which optical and structural changes 

occur. We must therefore decide on what to base our definition of 

crystallization time-temperature. We can choose the crystallization 

time-temperature criterion as that which causes a shift of the optical 

properties to their "crystallized" value, or as that criterion which 

results in a film reaching its maximum state of structural reorganiza

tion. 

The Si:N System 

Several high temperature anneals were performed on a silicon-

nitrogen film at temperatures of 940 C and 990 C. In general, this 

sample containing 17 at.% nitrogen exhibited the same crystallization 

behavior as the silicon-carbon (18 at.%) films. The x-ray intensity was 

less pronounced for the nitrogen alloys, and the crystallization time 

was slightly longer. Otherwise, the shape of the x-ray intensity pro

file was the same. 

Transmission Electron Microscopy 
and Electron Diffraction Results 

Transmission electron microscopy is a powerful tool for the 

detection of structural changes on a very small scale. For this reason, 
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it was employed during anneals to determine if any crystallization was 

occurring at the same time that the optical properties were changing. 

Samples were prepared on both nickel grids and on molybdenum films on 

quartz. In the latter case, the molybdenum was etched off resulting in 

free standing silicon films which were then mounted on nickel grids for 

annealing. As will be shown later in this section, the choice of sub

strate results in strong differences in the crystallization behavior of 

the films. Film thicknesses were approximately 5000 %. for the amorphous 

silicon-carbon films. A CVD silicon nitride layer 500 to 800 % thick 

was used between the silicon film and the nickel grids or molybdenum 

layer to isolate the growing silicon-carbon film from the underlying 

substrate. This isolation was not crucial for the molybdenum based 

sample, but the nickel grids were coated with a carbon support film 

which could introduce substrate effects. The nitride layer was used 

with the molybdenum to keep the film parameters constant. It was possi

ble to remove the silicon nitride from the molybdenum based samples 

afterwards by etching in dilute hydrofluoric acid, and this was done on 

one or two samples to determine if any differences in the anneal be

havior resulted. 

In the electron diffraction photographs that follow, the common 

indexing feature was the Si<lll> amorphous halo found in all amorphous 

silicon films, both nonalloyed and alloyed. This is an approximation 

because it is not known whether the introduction of carbon to the sili

con lattice results in a shrinking of that lattice and hence an increase 
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in the radius of what is termed the Si<lll> amorphous halo. Indexing 

results indicated, however, that the assumption was a good one. Well 

defined rings possessed ratios of their radii that correspond closely to 

ASTM powder pattern lattice parameters. 

Both dark field and bright field transmission electron microscope 

photographs were taken where appropriate to identify the size and loca

tions of regions producing the electron diffraction patterns. The magni

fication in these photographs ranged from 13,000x to 28,000x resulting 

in resolvable regions on the order of 100 ft in diameter. No higher 

magnifications were used because the primary interest was the growth of 

large regions in excess of 100 to 200 ft. 

Nonalloyed Amorphous Silicon 

In order to provide a basis for comparison, nonalloyed amorphous 

silicon films were annealed at 800 C for times up to 13 hours. The 

optical properties of this material change quickly at these temperatures 

together with the structure. Figure 5.27 shows bright field and electron 

diffraction images for a nonalloyed amorphous silicon sample annealed 120 

minutes at 800 C under flowing This sample was prepared on a sub

strate consisting of CVD silicon nitride on molybdenum on quartz, then 

afterwards the molybdenum was etched off and the sample mounted on a 

copper grid as a free standing flake. In the bright field photograph, 

there is little structure in the sense of voids, globules, or clusters. 

There are distinct crystalline areas displaying interference fringes from 

crystal plane dislocations. This type of formation, which is commonly 



(a) (b) 

Fig. 5.27. Transmission electron microscopy photographs of a (free standing) nonalloyed 
amorphous silicon film annealed 120 minutes at 800 C. 

(a) Bright field image (28,000x) showing crystal plane dislocatjon fringes. 
(b) Electron diffraction image showing polycrystalline rings from sil -icon and 

spots from silicon nitri~_c. 
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found in pol/crystalline materials, was not observed at any time for 

carbon alloyed amorphous silicon (18 at.% C). The electron diffraction 

photograph contains the well defined polycrystalline rings of silicon 

corresponding to the <111>, <220>, and <311> orientations. The inten

sity of the polycrystalline rings of the silicon is much larger than for 

the rings found in partially crystallized silicon-carbon alloys. 

The diffraction spots in the electron diffraction pattern of 

Figure 5.27 readily index to polycrystalline silicon nitride, assumed to 

have crystallized during the 120 minutes of annealing. The observation 

that the amorphous silicon nitride layer was crystallizing during the 

anneal was quite unexpected, since silicon nitride was thought to crys

tallize at temperatures in excess of 1000 C. While not important in the 

current context, it is a very important observation and should be inves

tigated more fully at a later time. What is also puzzling is that the 

silicon nitride layer is growing as a very large grained crystal, indi

cated by the presence of diffraction spots instead of diffraction rings. 

The diameter of these diffracting grains must be larger than the several-

micron-diameter electron beam used to produce the diffraction pattern. 

The thickness of this nitride layer is less than 800 ft giving a grain 

diameter to thickness ratio of 10 to 30. 

The Si:C System 

Because the bulk of optical and x-ray data on the silicon-carbon 

system dealt with 18 at.% C films, samples of this concentration were 

prepared for TEM and TED measurements. Several of these samples were 
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prepared on substrates consisting of a nickel grid overcoated with a 

carbon film and then a silicon nitride layer to eliminate any effects 

due to the carbon support film. The silicon-carbon film was then depos

ited onto the silicon nitride layer. Other films were deposited on sub

strates consisting of silicon nitride, molybdenum, and fused quartz. 

Afterwards, the molybdenum was etched off and the free standing silicon-

carbon flakes mounted on nickel grids. Two annealing temperatures were 

investigated, 900 C and 1000 C. 

Figure 5.28 contains a bright field and diffraction photograph 

of a silicon-carbon (18 at.%) film deposited on a nickel grid and 

annealed for 30 minutes at 1000 C in flowing The dark globules 

were determined to be artifacts of the deposition on a nickel grid by 

comparison with photographs of free standing films. Except for these, 

there is little or no structure apparent in this film. Although not 

shown, the dark field photograph also did not indicate any diffracting 

centers. The diffraction photograph shows only a single broad halo 

assumed to be the Si<lll> amorphous halo. The diffraction spots also 

index to crystalline silicon nitride as was observed in the case of the 

nonalloyed silicon annealed at 800 C. From these photographs it is evi

dent that the silicon-carbon film has not yet begun to crystallize after 

30 minutes at 1000. 

A second anneal series was done at 900 C. Some results are 

shown in Figures 5.29 and 5.30. Both of these samples were annealed for 

244 minutes at 900 C in flowing However, the sample photographed 

in Figure 5.29 was prepared on a nickel grid, while the sample in Figure 



(a) (b) 

Fig. 5.28. Transmission electron microscopy photographs of a (18 at.%, 630 C) silicon-carbon 
film deposited on a nickel grid and annealed 30 minutes at 1000 C. 

(a) Bright field image (13,000x) showing artifacts resulting from deposition on 
the 1d eke 1 grid. 

(h) Electron diffraction image showing amorphous ring of silicon-ca ~rhon film and 
spots from silicon nitride. 
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(a) (b) 

Fig. 5.29. Transmission electron microscopy photographs of a (18 at.%, 630 C) silicon-carbon 
film deposited on a nickel grid and annealed 244 minutes at 900 C. 

(a) Dark fieJd image (19,000x) showing crack in film along which crystallites have 
formed, plus globular artifacts from nickel grid deposition. 

(b) Electron diffraction image exhibiting faint polycrystalline silicon rings and 
nmorphous halo. 
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Fig. 5.30. Transmission electron microscopy photograph of a (18 at.~~, 630 C) silicon-carbon 
free stun(Ung f:i 1111 mounted on n nickel gr:id and annealed .' for 244 minutes at 900 C. 

(u) Dark field image (28,000x) shmving separation of silicon-carbon and silicon 
nitride layers, the latter h<tving crystall -i zed. 

(b) Electron diffraction ·illlage showing faint polycryst c-d1:inc silicon rings and 
. silicon nitride spots. 
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5.30 was prepared on a silicon nitride-molybdenum-quartz substrate, and 

the molybdenum etched off. In the dark field image of Figure 5.29, the 

split across the center of the photograph is a region where the silicon 

nitride and silicon-carbon film combination separated during the cooling 

down period after deposition. Along the edge of this split are numerous 

bright spots corresponding to diffracting crystalline silicon nitride 

areas. The large circular clusters are again artifacts of the deposi

tion process, and were never observed on free standing flakes prepared 

from films deposited on molybdenum based substrates. The other bright 

areas in this dark field image are probably due to other silicon nitride 

regions, although perhaps some are due to polycrystalline regions begin

ning to form. The diffraction photograph of this figure indicates 

several kinds of diffracting regions. The faint rings index to polycrys

talline silicon. The diffraction spots, however, do not index readily. 

Some of the fainter spots did index to silicon nitride, but the intense 

spots could not be indexed using the standard powder diffraction stan

dards. The major point to note here is the relative intensity of the 

diffracting silicon rings in this photograph and those found in Figure 

5.27 for nonalloyed amorphous silicon. The difference in intensities 

appears to be at least a factor of two or three, despite the fact that 

both films were of about the same thickness. It can be therefore con

cluded that a much smaller fraction of the silicon-carbon film has crys

tallized at this annealing temperature of 900 C after 244 minutes, than 

for the nonalloyed film annealed 120 minutes at 800 C. 
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Figure 5.30 shows the dark field and diffraction images of a 

film deposited on a molybdenum based substrate and free floated off. It 

does not show the same type of globules found in films deposited direct

ly onto nickel grids. In the upper right corner of the dark field image 

it is possible to observe a splitting of the silicon nitride and silicon-

carbon layers. The bright area is the silicon nitride, and is clearly 

very crystalline. This assumption is supported by the diffraction image. 

The three rings in this photograph index to polycrystalline silicon, 

while the diffraction spots index to crystalline silicon nitride. 

Again, we observe spots rather than rings for this nitride layer, indi

cating large crystal growth rather than small polycrystalline growth. 

Referring again to dark field image, we note that the film texture 

appears to be very smooth and devoid of any surface structure except for 

the large spheres. Because these films were floated onto this nickel 

support grid, it is quite likely that these globules are artifacts, 

particularly since they appear to be much denser than the film itself 

which has a thickness of about 5000 A. 

In summary, we have seen that nonalloyed amorphous silicon shows 

very strong electron diffraction after 120 minutes at 800 C, as expected. 

Silicon-carbon alloys, on the other hand, show no crystallization after 

30 minutes at 1000 C, and only the faint beginning of crystallization 

after 244 minutes at 900 C. The substrate upon which the silicon-carbon 

film is deposited also has a strong effect on the nature of the film, 

with nickel grids introducing artifacts. We note that the environment 

of the nickel grid is very difficult from that of fused quartz, the 

standard substrate. The substrate temperature is very likely different, 
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since the nickel grid does not make as good a thermal contact with the 

susceptor. Another unexpected result was that CVD silicon nitride was 

found to crystallize after 120 minutes at 800 C, after 244 minutes at 

900 C, and after 30 minutes at 1000 C. Finally, we were able to detect 

structural changes in silicon-carbon (18 at.%) films by electron diffrac

tion before we could see such changes by x-ray diffraction. However, the 

annealing times required to see such changes by electron diffraction, at 

900 C for example, were still much longer than the times required for 

the optical properties to change their full amount at these temperatures 

of anneal. 

Electron Spin Resonance Results 
on the Si:C System 

Because of the existence of the large absorption coefficient tail 

at low photon energies, it was of interest to determine the density of 

localized electron states introduced in the optical gap by the addition 

of carbon. To this end, a special set of silicon-carbon samples were 

prepared at a fixed substrate temperature of 630 C and a carbon content 

that ranged from 2 at.% to 48 at.%. The electron spin resonance proper

ties (ESR) of these samples were then measured by Peter Gaczi of the 

James Franck Institute, University of Chicago, in a program of colla

boration. Although several measurements were made (Gaczi and Booth, 

1980), the one of interest for this study is reported in Figure 5.31. 

In this figure the spin density, N , is plotted as a function of carbon 

concentration. The spin density of nonalloyed amorphous silicon pre-

19 -3 
pared at this substrate temperature is about 1 x 10 cm We see from 

this figure that the spin density increases from this value as the carbon 
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Fig. 5.31. Variation of the ESR spin density with carbon 
concentration for silicon-carbon films depos
ited at 630 C. 
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19 -3 content increases, to a saturation value of about 3.5 x 10 cm at a 

carbon content of 25 at.%, and then decreases to a value of about 2 x 

19 -3 
10 cm at 48 at.% carbon. If we return to the optical Figures 5.5 

and 5.6, we note that the profile of the absorption coefficient attains 

its maximum shift to lower energies at 27 at.% C, after which the 

absorption coefficient begins to shift back to higher energies. It 

seems therefore that there is a definite correlation between the spin 

density in these carbon alloyed materials and the position of the spec

tral profile of the absorption coefficient. More study is required 

before a more definite statement can be made concerning such correla

tions . 

An associated result of these ESR measurements was that the 

additional spins added by the alloying process were located on the 

carbon atoms, and not on the silicon atoms. This seems to imply that 

the carbon is not bonding as fully to the matrix as does the silicon. 

It is difficult to explain such a behavior, but perhaps the carbon can 

not bond optimally to the silicon matrix because its bond length is 

approximately 35% smaller than the bond length for silicon. Again, more 

study is necessary before a more definite conclusion can be made. 



CHAPTER 6 

DISCUSSION 

We have seen in Chapter 3 the variations possible in amorphous 

silicon prepared by a number of methods. In Chapter 5 we presented 

results on amorphous silicon alloys deposited by CVD that indicated that 

these too exhibited a wide range in properties. However, the way in 

which the materials differed in their properties was very distinct from 

the manner in which nonalloyed amorphous silicon films differed. Where

as nonhydrogenated amorphous silicon is subject to density variations, 

voids, and non-anneal-stable optical properties, CVD amorphous silicon 

alloys show variations in their properties that can be related to dif

ferences in composition and structure. In this chapter we wish to 

discuss the CVD process of alloying amorphous silicon and the effects 

of composition and structure on the optical properties of these alloyed 

films. We then address the concept of structural stability and its 

consequences for anneal-stability of amorphous silicon-carbon alloys. 

Film Composition and the CVD Process 

We have seen in previous chapters the significant effects of 

composition on the optical and structural properties of amorphous sili

con films. We shall look first at the effects of hydrogen on the prop

erties of silicon films, since in most methods doping by hydrogen is an 

intrinsic feature of the deposition. Chapter 3 noted the changes in 

167 
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both the optical and electrical properties of amorphous silicon as a 

function of hydrogen. Hydrogenated amorphous silicon films deposited at 

substrate temperatures in the range of 200 C to 250 C usually contain 15 

to 20 at.% hydrogen (Tsai, et al., 1977; Freeman and Paul, 1979). Films 

deposited at substrate temperatures in excess of 400 C generally contain 

less than 6 at.% (Zanzucchi, et al., 1977). Hydrogenated silicon films 

are not often deposited at temperatures greater than 450 C. However, 

hydrogen effusion studies have been conducted at higher anneal tempera

tures. Jones, et al. (1979) has shown that glow discharge deposited 

hydrogenated amorphous silicon films begin to effuse their hydrogen 

strongly at 400 C, and after anneal at 600 C less than 1% of the original 

hydrogen remains. A film originally containing 10 at.% hydrogen there

fore contains less than 0.1% after anneal at 600 C. We compare this 

amount with the value of 0.4% for a CVD amorphous silicon film deposited 

at 600 C. Such results support an assumption that the amount of hydrogen 

included into a silicon film by the incomplete decomposition of silane 

depends strongly on the substrate temperature. 

Alloying amorphous silicon with heavier elements such as carbon 

requires a much different interpretation. Hydrogen is a very small atom 

with a single bond which is easily broken by sufficient thermal energy. 

Carbon is a larger atom with a covalent diameter of 1.54 % compared to 

0.56 X for hydrogen. Of more importance, however, is that carbon has 

four bonds compared to only one for hydrogen. It therefore requires 

much greater amounts of energy to enable carbon to move about in the 

amorphous silicon matrix. If we return for a moment to the CVD 
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deposition process, we remember that the alloy film grows atom by atom 

as the silane and alloyant gas, acetylene for instance in the case of 

carbon, thermally decompose on the surface of the film. Alloy atoms 

such as carbon can be expected to remain close to where they were ini

tially deposited. As the film increases in thickness these atoms should 

not be able to segregate or effuse. 

The Importance of Compositional Analysis 

We remarked in Chapter 2 that the elements found in a CVD film 

can only be those found in the gas mixture from which the film was depos

ited. However, we can not expect the ratio of elements in the film to be 

the same as the ratio in the gas phase. Surface reaction kinetics and 

gas phase decomposition are two examples of processes that affect the 

film composition. Consider the silane-acetylene system as an example. 

Silane molecules decompose on the substrate and leave silicon atoms 

bonded to the surface. Acetylene molecules arriving at the surface see 

not only a hot surface but one that contains silicon bonds extending 

from the film. It is not unreasonable to expect these bonds to have an 

effect on the decomposition of the acetylene, although it is very diffi

cult to verify if such an interaction is actually taking place. 

Gas phase decomposition, on the other hand, can be experimentally 

verified. Silane is a very unstable molecule and it spontaneously burns 

in air. In a helium atmosphere it will not decompose for low gas temper

atures. We found empirically that no gas phase decomposition was detect

able for substrate temperatures less than about 700 C. Of course the gas 
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temperature will be cooler than this. As the temperature increases 

above 700 C progressively more silane decomposes in the gas phase and 

can be observed in the form of polysilane powder. Acetylene, on the 

other hand, is much more stable, and no similar decomposition in the gas 

phase was detected for substrate temperatures below 900 C. If we deposit 

a silicon-carbon film from a given silane-acetylene mixture, then we will 

produce a film of one composition at 600 C and another at 900 C which has 

much more carbon. This is not due to an increased incorporation effi

ciency, but rather to a decreased amount of silane reaching the surface 

and available for decomposition. 

We see, therefore, that compositional measurements are very 

important in helping to understand the decomposition process. We noted 

in an earlier chapter that carbon deposited from acetylene had an incor

poration efficiency of 200% while nitrogen deposited from ammonia had an 

efficiency of 50%. Composition measurements enable us to make definite 

statements about the effects of composition on the optical and structural 

properties, in addition to helping us understand the CVD deposition 

process. 

The Effects of Process Parameters 
on Alloy Film Growth 

We have seen that CVD process parameters can be used to produce 

films with different compositions and properties. Substrate temperature, 

for example, affects the amount of the alloyant incorporated into a film. 

The carrier gas also has a strong affect on the growth of a film if it is 

reactive. Hydrogen, for example, can be used to drive a reaction from 
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one located in the gas phase to a surface one. When used for silicon 

deposition from silane, hydrogen helps to reduce the gas phase decompo

sition at higher temperature. It shifts the gas phase reaction SiH^ 

<—> Si + 2H^ in the SiH^ direction. By suppressing the silane decompo

sition in this manner, the use of hydrogen increases the amount of 

silane available at the growing surface and lowers the carbon concentra

tion in the film. 

The alloyant source can also affect film growth. Diborane is a 

known growth enhancer for silicon deposition and was investigated as a 

catalyst for low temperature polycrystalline silicon film growth. Chang 

(1976) has discussed the effects of diborane on silicon growth. He 

argued that the silane decomposition is a two stage process in which the 

silane is first adsorbed onto the surface of the film and then decom

poses. Therefore any agent that favors adsorption should enhance the 

decomposition rate and thus increase the deposition rate. Because boron 

is a trivalent atom, when incorporated into the surface it lowers the 

electron density and thus increases the electron affinity of the surface. 

This in turn increases the attraction of the silane molecule to the 

surface. Acetylene, on the other hand, is a growth retarder. Perhaps 

the acetylene molecule produces an effect opposite to that seen in the 

case of diborane, and thus causes a reduction of silane decomposition 

and deposition rate. This would also help explain why a greater percen

tage of carbon is found in the film compared to the amount found in the 

gas phase. Such effects as these should be able to provide us with in

formation about the surface reactions and kinetics of the deposition 

process. 
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We consider the silane-acetylene system as an example of the 

effects of the above mentioned parameters on film growth. The range of 

substrate temperature was 550 C and 900 C. For temperatures below this 

the deposition rate was too slow, while at temperatures higher than 900 

C the gas phase decomposition of silane became the limiting factor. In 

fact, depositions above 800 C had to be done under a hydrogen containing 

atmosphere to reduce this decomposition problem. Even so, there was 

enough silane decomposed prior to reaching the substrate that carbon 

concentrations for films prepared at these higher substrate temperatures 

were much larger than for lower substrate temperatures. Thus the stan

dard silane-acetylene ratios used for the major part of this work were 

not able to produce films at high temperatures with low carbon concen

trations (Figure 5.3). 

Effects of Composition and Structure 
on the As-deposited Optical Properties 

Chapter 5 presented an extensive array of results on the as-

deposited optical properties of amorphous silicon alloys. The bulk of 

this concerned the Si:C system, but representative data was also given 

on the Si:B, Si:Ge, and Si:N systems. We saw that for these materials 

the absorption coefficient varied remarkably little irrespective of the 

alloyant type and concentration. The general shape of the profile of 

the absorption coefficient remained the same, with relatively minor 

differences in the absorption tail or high energy region. Very large 

concentration of carbon, germanium, or nitrogen did result in a slight 

shift of the absorption coefficient profile to higher energies. There 
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was also a tilting effect observed that seems related to the size of the 

absorption tail. It is remarkable that amorphous silicon-carbon (35 

at.%) exhibits an absorption coefficient profile much closer to amor

phous silicon than to silicon carbide. The value of EQ4 for this silicon-

carbon film was about 1.5 eV compared to a value of 4.2 eV for silicon 

carbide (Phillip and Taft, 1960). The reasons for such a large differ

ence must be inherent in the amorphous nature of the silicon-carbon 

alloys, i.e., long range order versus short range order is very important 

in determining the optical properties of amorphous silicon-carbon versus 

crystalline silicon carbide. Silicon nitride is also transparent in the 

visible while the silicon-nitrogen alloys were still quite strongly 

absorbing in this spectral region as shown in Figure 5.12. 

We can not easily understand why the changes in the absorption 

coefficient should vary so little considering the large differences 

present in the composition. Because this effect was observed for all 

amorphous silicon alloys investigated, the behavior of the absorption 

coefficient can only be influenced by several general phenomena. It 

could be that the absorption is primarily determined by the Si-Si bonds 

of the amorphous matrix, and secondarily affected by Si-X bonds (X = B, 

Ge, and N). However, a more reasonable suggestion is that the disorder 

of the amorphous matrix has a strong influence on the absorption 

process. 

The refractive index, however, behaved as one might expect. As 

the concentration of the alloyant element increased, the index decreased. 

The refractive index is a measure of the polarizability of a bond, and 
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is apparently not strongly affected by the absence of long range order. 

On the other hand, it does vary appreciably with the concentration of 

the alloyant. For example, if we review the variation of n(0.62 eV) as 

shown in Figure 5.7 for the silicon-carbon system we see a systematic 

change in the index. Noting that the refractive index of silicon car

bide is 2.7 (Phillip and Taft, 1960), we see that there is almost a 

linear variation in the refractive index with the carbon content. Thus 

it appears that the refractive index represents an averaging of Si-Si 

and Si-C bond polarizabilities. 

There were not enough results for the other alloyants (B, Ge, 

and N) to make any statements about the variation of the refractive 

index with composition. However, we can discuss how the magnitudes and 

profiles of the index of these materials compare to those of nonalloyed 

amorphous silicon. In the silicon-boron system small amounts of boron 

(less than 1 at.%) were sufficient to produce large absorption coeffi

cient tails, and a refractive index much larger than nonalloyed silicon. 

The index result is very interesting because all other alloyants produced 

films whose refractive index was smaller than that of the nonalloyed 

silicon. It is possible to explain the decrease in index in terms of 

differences in the electronegativity that results in bonds that are more 

ionic in nature than a Si-Si bond which is completely covalent. An 

argument along the same lines can not explain the behavior of the sili

con-boron films, however. We do note that the difference in Pauling's 

electronegativities for silicon and boron is 0.10, compared to value of 

0.70 for Si-C and 1.20 for Si-N. Thus, the Si-B bond is the closest of 
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these alloyants in covalency to the Si-Si bond. Perhaps this fact 

coupled with the fact that boron is trivalent while carbon is tetra-

valent and nitrogen is pentavalent can help explain the refractive index 

values of silicon-boron films. We mention in passing that the boron 

atom is the smallest of all the alloy elements studied. It may be possi

ble that the size of the boron atom together with the small difference in 

electronegativities between boron and silicon contribute to the high 

refractive index. Whatever the basis for this refractive index value, 

we still don't understand how so little boron incorporated into these 

films is capable of such large changes. 

Lightly alloyed silicon-germanium films possessed optical prop

erties whose behavior was similar to the silicon-carbon alloys. Larger 

amounts of germanium produced a large tilting or shallowing of the 

absorption coefficient, not unlike that seen for heavily alloyed carbon 

or nitrogen films. However, the refractive index was different in a 

novel way. The profiles of the refractive indices for lightly and 

heavily alloyed silicon-germanium films crossed each other. Such behav

ior is not clear, but perhaps can be related to the fact that germanium 

is a much larger atom than silicon, rather than a smaller atom as for B, 

C, or N, and perhaps because germanium is a tetrahedral element. 

The silicon-nitrogen system was unique in that amorphous silicon 

nitride can be prepared under the same conditions as the silicon-nitrogen 

films by increasing the nitrogen source to silane ratio. It is also 

known that the silicon-nitrogen system can span the compositional range 

from "pure" silicon to stoichiometric silicon nitride (Milek, 1971). 

The as-deposited optical properties also seem to follow this trend, with 
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increases in both the absorption coefficient and the refractive index 

with an increased amount of nitrogen included into the film. As in the 

silicon-carbon system, however, the relative change in the refractive 

index was much larger than the relative change in the absorption coeffi

cient. It seems likely that the refractive index of silicon-nitrogen 

alloys will exhibit a behavior very similar to the silicon-carbon sys

tem, in which the index appeared to vary linearly with the carbon con

tent. 

Effects of Annealing on the 
Optical Properties 

The annealing experiments required to properly study the change 

of optical properties, as well as film structure, are very time consum

ing for amorphous silicon alloys. For nonalloyed silicon, total anneal 

times approaching 4 to 6 hours are necessary to cover the changes that 

occur in the optical and structural properties. For silicon films 

alloyed with carbon in the amounts of 10 to 20 at.%, it required total 

anneal times of 20 to 100 hours, even though the anneal proceeded at 900 

to 1000 C. As a result, it was necessary to restrict the scope of such 

annealing studies. Because the silicon-carbon system appeared to 

possess the most favorable technological properties, this system was 

chosen for detailed study. 

A few comments can be made at the outset of this discussion con

cerning the anneal behavior of the optical properties of silicon-carbon 

alloys. The position of the absorption coefficient profile never truly 

approached the value of polycrystalline nonalloyed amorphous silicon, 
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even after long term (100 hours) anneal at 1000 C. The maximum amount 

of shift for moderately alloyed silicon-carbon films was approximately 

one half the difference between as-deposited nonalloyed amorphous sili

con and polycrystalline nonalloyed amorphous silicon. 

A second note of importance concerns the problem of oxidation. 

Despite efforts to provide a low oxygen atmosphere by the use of a purge 

gas containing hydrogen, all silicon-carbon films oxidized sufficiently 

after 30 to 60 minutes at anneal temperatures greater than 900 C to be 

detected optically. This oxidation was determined by the small but 

systematic decreases in refractive index that occurred after the rela

tively large changes with the initial anneal. Recalling the detailed 

procedures used to insure that optical properties were always determined 

at the same spot on the film, it was possible to detect changes in re

fractive index of better than 0.5% or 0.03 absolute. This level of 

accuracy in refractive index is equivalent to a change in film thickness 

of 50 to 100 &. This change of film thickness is much too small to be 

detected by the appearance of an interference fringe in the visible 

reflectance of the silicon-carbon film. All silicon-carbon film studied 

at anneal temperatures above 900 C and having carbon contents of 10 at.% 

or more showed similar changes in refractive index. It was clear that 

the apparent change of refractive index was actually a change in film 

thickness due to progressive oxidation, rather than true changes in the 

refractive index with further annealing. 

The results presented in Chapter 5 for the optical properties 

for annealed amorphous silicon-carbon alloys indicated that the 
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absorption coefficient did not change much with anneal, with films con

taining smaller amounts of carbon exhibiting the greatest amount of 

shift. The refractive indices showed larger changes, and in general 

seemed more affected by the annealing process. 

A point of interest concerning the absorption coefficient profile 

is the relative stability of the low energy absorption tail of silicon-

carbon films. Except for a couple of samples, most samples possessed 

absorption tails that did not change as much with anneal as the high 

energy profile did. This was particularly true for the samples having 

lower carbon concentrations and annealed at 800 C. 

Refractive indices, on the other hand, showed larger changes with 

annealing. The magnitude of these changes was about the same as found 

for nonalloyed amorphous silicon. Apparently, changes in the refractive 

index are more affected by the local environment than are changes in the 

absorption coefficient. Perhaps the lack of any long range order is 

sufficient to determine the basic properties of the absorption coeffi

cient, whereas the refractive index is affected primarily by the presence 

of any short range order and/or composition. If this is indeed the case, 

then changes of the refractive index with anneal should be a much better 

indicator of the onset of crystallization in these amorphous silicon 

alloys. We do note, however, that films with carbon concentrations 

larger than 20 at.% possessed indices of refraction that changed much 

less with anneal than for lesser concentrations. It seems therefore 

that for these films containing substantial amounts of carbon that 

crystallization is retarded at 900 C to the point that it simply can not 

occur in time frames possible in the laboratory. 
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Hydrogenation and Structural Stability 

Pure evaporated or sputtered amorphous silicon films deposited 

at room temperature usually have a crystallization temperature on the 

order of 550 C to 800 C (see Table 3.1). Hydrogenated silicon films 

show somewhat higher crystallization temperatures of 650 C to 750 C (see 

Table 3.2). It seems apparent that the inclusion of hydrogen into amor

phous silicon films is increasing the structural stability of the mate

rial. Nonhydrogenated amorphous silicon films prepared at room 

temperature are known to possess a large number of dangling bonds as 

determined by electron spin resonance (Brodsky, et al., 1970). Hydroge-

nation reduces the number of such dangling bonds by 5 to 6 orders of 

magnitude (LeComber, et al., 1974; Tsai, et al., 1977). It is also 

thought that hydrogenation relieves stress in amorphous silicon films by 

permitting silicon bonds to be satisfied by the smaller hydrogen atom 

with only its single bond (Weaire, et al., 1979). By reducing the stress 

and increasing the number of satisfied bonds, the hydrogen appears to 

help stabilize the structure of the amorphous silicon film which is evi

denced in an increase in the crystallization temperature. 

As the substrate temperature increases for hydrogenated silicon 

films, the amount of hydrogen included into the films decreases. We 

noted previously that the amount of hydrogen found in hydrogenated sili

con prepared by evaporation, sputtering, or glow discharge at tempera

tures in excess of 400 C is comparable to the amount found in CVD 

deposited amorphous silicon, on the order of a few atomic percent. 

Apparently, this level of hydrogenation for CVD silicon is sufficient to 

stabilize the structure as efficiently as the larger amounts do in 
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silicon films prepared by the other methods. However, no further 

stabilization to higher temperatures is possible using hydrogen because 

it will completely outgas at the higher temperatures (Fritzsche, et al., 

1978; Jones, et al., 1979). The effects of heavier, multi-valence 

elements added to the amorphous silicon matrix is different in this 

respect. Because these elements are both larger and have more bonds 

than hydrogen, they do not outgas but rather produce a barrier to crys

tallization in the form of diffusion controlled polycrystalline grain 

growth. In the next section we discuss this effect for the silicon-

carbon system and suggest an interpretation of the crystallization time-

temperature results. 

Structural Stability with Anneal 

The structure of a thin film can be determined for the bulk by 

x-ray diffraction, or for local areas by transmission electron diffrac

tion. A basic disadvantage with x-ray diffraction measurements on amor

phous and small grained polycrystalline silicon films is that the peak 

intensity is small compared to the background, making it difficult to 

detect small changes in intensity. We mentioned previously the differ

ence in Si<lll> intensity for two polycrystalline films prepared at 720 

C and 800 C, i.e., the x-ray intensity of the first was a factor of 5 to 

10 smaller than the intensity of the latter. In the case of the amor

phous to polycrystalline transition, the x-ray intensity of the Si<lll> 

for the resulting fine grained polycrystalline film may be a factor of 

10 to 15 smaller than the intensity of the 720 C polycrystal standard. 

The results of such measurements therefore must be judiciously 
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interpreted, and crystallization times that are determined from these 

measurements are understood to have an accuracy of perhaps ± 50%. 

Electron diffraction measurements are well suited for determining 

local structure. Because we believe that the optical properties of amor

phous silicon alloys are primarily affected by short range order, it 

should be possible to detect structural changes that influence the opti

cal properties sooner by electron diffraction than we can by using x-ray 

diffraction. There are some areas of difficulty when using electron 

diffraction, however. The most serious of these concern substrate effects 

that can radically affect the nature of the thin film under study. Elec

tron diffraction measurements require that samples be less than 3 mm in 

diameter and no more than several thousand Angstroms in thickness, in

cluding the substrate. For these reasons, two techniques are usually 

employed to prepared thin film for transmission electron microscope work 

in general. The first method is to deposit the thin film onto a carbon 

coated, metal grid. The second method deposits the film onto a substrate 

that can be removed afterwards, such as bulk NaCl or a molybdenum film. 

The free standing flakes are then mounted on uncoated metal grids. We 

found that silicon-carbon films deposited on the carbon coated grids 

showed artifacts not present in free standing film on grids. For this 

reason, the second method is much better for the preparation of repre

sentative films. Examples of these substrate effects were shown in 

Figures 5.29 and 5.30 

Before discussing the structural stability of silicon-carbon 

alloys, it is instructive to review the nature of crystallization in 



nonalloyed amorphous silicon. When nonalloyed silicon crystallizes, 

both optical and structural changes occur simultaneously. We have also 

seen that a significant amount of the hydrogen outgasses as well. Most 

of the original amorphous phase converts to the polycrystalline phase, 

as indicated by both x-ray diffraction measurements and changes in the 

optical properties. This behavior is to be expected for an interface 

controlled crystallization process. Because most of the volume crys

tallizes, the x-ray and electron diffraction intensities are large. 

The crystallization behavior of the silicon-carbon alloys was 

much different from that of nonalloyed silicon, an expected result if 

the crystallization process is truly diffusion controlled. It has been 

noted that 18 at.% carbon included into a silicon film increased the 

temperature of crystallization some 300 C, and also changed the shape of 

the x-ray intensity versus time curve. Analysis of these curves sug

gested that the parameter m of Eq. C4.2) possessed a value of 1.7 to 

1.9. We recall that values of m of 1.5 to 2.5 indicate a diffusion 

controlled process, with values m of closer to 1.5 indicative of the 

exhaustion of nucleation centers. We can thus conclude on the basis of 

these results, which hold for carbon contents from 2 to 18 at.%, that 

crystallization in amorphous silicon-carbon alloys is a diffusion con

trolled process in which nucleation centers are exhausted soon after 

the crystallization begins. It is surprising that the value of m should 

be about the same regardless of the carbon content. One might expect 

that the less heavily alloyed materials would possess a value of m 

closer to 2.5 rather than 1.5. Evidently, the small amount of carbon 
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present in these latter films is sufficient to prevent the growth of 

large grains, and thus the increase in crystallization is not readily 

detected by bulk methods such as x-ray diffraction. 

Whereas the value of m was reasonably constant for all carbon 

concentrations annealed, the crystallization time varied with carbon 

content. It could be argued that the crystallization time is a good 

measure of the rate of diffusion, with the lighter alloyed materials 

permitting more rapid diffusion and consequently shorter crystallization 

times. In this case we can use the two quantities m and B to deter

mine both the controlling factor of crystallization and the rate of 

diffusion. 

The Meaning of Anneal Stability 
for Silicon-Carbon Alloys 

In discussing the changes in the optical and structural proper

ties of amorphous silicon-carbon alloys with annealing, we have remarked 

several times that these changes do not occur simultaneously as they do 

for nonalloyed amorphous silicon. Optical properties of silicon-carbon 

alloys change very quickly during the first 15 to 30 minutes of anneal 

at 900 C or higher, whereas structural changes are not detected until 

after 2 to 4 hours of annealing have taken place. It thus appears that 

a way has been found to separate the effects of long and short range 

order on the optical properties. Because the optical properties change 

so rapidly with annealing, long before any significant crystallization 

has taken place, local or short range order clearly has a large effect 

on the optical properties. Macroscopic or long range order does not seem 

to affect the optical properties in a similar manner. Of course, even 
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after long term anneal, only a relatively small amount of the silicon-

carbon film has crystallized to polycrystalline silicon in an amorphous 

silicon-carbon matrix. Compared to nonalloyed amorphous silicon, the 

x-ray and electron diffraction intensities are much less intense for the 

silicon-carbon alloys. 

We must therefore ask what meaning, if any, can be given to the 

term "anneal-stable" for these silicon-carbon alloys. In normal usage, 

anneal-stable implies that both optical and structural changes with 

anneal occur at about the same time, as is the case for nonalloyed amor

phous silicon. Typical non-anneal-stable materials, such as room temp

erature, nonhydrogenated, evaporated amorphous silicon, exhibit changes 

in their optical properties at anneal temperatures for which no crys

tallization takes place. After sufficient time at this anneal tempera

ture, no further changes in the optical properties occur until 

crystallization begins. In the case of silicon-carbon alloys, however, 

the optical properties change a small amount at the beginning of the 

anneal, and then do not change any further even after long anneal times 

on the order of tens of hours at 1000 C for an 18 at.% sample. Struc

tural changes begin to be observed after 1 to 3 hours at this anneal 

temperature, and the crystallization determined by the Si<lll> x-ray 

intensity increases slowly with additional annealing times up to 100 

hours in some cases. 

For such alloys, it thus appears necessary to define a new term 

describing the behavior of such crystallization behavior. Perhaps we 

can define an optically anneal stable state as one in which no further 
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changes in the optical properties occur with anneal at elevated tempera

tures. If we choose not to define any new terms, we must still clarify 

what we mean by the crystallization temperature for these amorphous 

silicon-carbon alloys. Because the ultimate use of these materials is 

in photothermal solar energy conversion, we should decide on a defini

tion of an optically stable state with an associated crystallization 

time that refers to the structural stability. I suggest that the shifted 

optical properties resulting from initial high temperature anneal repre

sent the optically stable state, and that these properties be used for 

determining the efficiency of solar absorbers based on these materials. 

The crystallization time would then be the time required for crystalli

zation to proceed to the x = (1 - e"1) point at a given temperature, x 

being the x-ray intensity for example. For comparison with other 

materials, the crystallization temperature would be the temperature at 

which crystallization as defined above occurs in 100 minutes. While 

this is an arbitrary length of time, it has been used previously (Janai, 

et al., 1979; Blum and Feldman, 1976). Because crystallization is a 

time-temperature quantity, one can and should choose the time or temp

erature frame best suited to investigation at hand. The 100 minute 

criterion for the crystallization time is simply one that allows 

determinations to be made in a convenient laboratory time frame. 



CHAPTER 7 

AMORPHOUS SILICON-CARBON ALLOYS IN 

PHOTOTHERMAL SOLAR ENERGY CONVERSION 

Amorphous silicon has traditionally found its primary applica

tion in solar energy conversion, both as a photovoltaic material and as 

a photothermal absorber. As a photovoltaic material, the primary concern 

has been with optical and electrical properties that result in maximum 

efficiency for solar cells. The structural properties are important only 

in their influence on these first two quantities. Material modifications 

are usually aimed at improving the electrical characteristics, resulting 

in improved photovoltaic devices. Because photovoltaic conversion oper

ates at low temperatures, T < 100 C, structural changes are not usually 

a problem. 

The optical properties of amorphous silicon play an important 

role in photothermal applications because a greater fraction of the solar 

input is trapped and converted to heat, than in polycrystalline silicon. 

Photothermal conversion proceeds at much higher temperatures than those 

found in photovoltaic systems, leading to temperatures in the range 500 

C to 550 C. We have seen in a previous chapter that amorphous silicon 

does undergo a structural transformation at these temperatures that 

causes abrupt changes in the optical properties and degrade the perfor

mance of solar converters consisting of amorphous silicon. Material 

186 
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modifications to amorphous silicon for use in high temperature applica

tions, therefore, have been concerned with improving the structural 

properties in order to extend the favorable optical properties into the 

range of temperatures T > 500 C. We saw in Chapter 4 that crystalliza

tion in amorphous silicon is a "creeping" phenomenon, i.e., as the 

temperature of the film decreases the crystallization times become much 

longer. An amorphous silicon film that crystallizes in 110 minutes at 

650 C, will not crystallize for 300 hours at 550 C, 300 days at 500 C, 

and 20 years at 450 C (Booth, et al., 1980). The results of Chapter 5 

showed that the addition of carbon to the amorphous silicon film was able 

to extend the creeping nature of crystallization of amorphous silicon to 

temperatures far above 500 C. Such alloyed films possess the desired 

structural stability to permit their use as high temperature photothermal 

absorbers without degradation of their optical properties due to crystal

lization (Booth, et al., 1979). 

We begin the chapter with a brief review of photothermal solar 

energy conversion and then look at a specific converter configuration — 

the tandem stack. After a discussion of the standard tandem stack 

design, we will introduce a "new" design using the structurally stable 

amorphous silicon-carbon alloys as the absorber layer. 

Basic Principles of Photothermal Conversion 

The purpose of photothermal conversion is to efficiently collect 

the solar insolation falling on a converter surface, convert this radi

ant energy to heat, and suppress thermal losses due to reradiation. 

This requires that a photothermal converter has both high absorptance 
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and low emittance. While this may seem contradictory, we note that the 

spectral ranges of these functions do not overlap to a significant de

gree. 98.5% of the solar insolation is found at wavelengths below 2.0 

ym (Hahn and Seraphin, 1978). The thermal emission depends on the 

operating temperature of the converter surface, as illustrated in Figure 

7.1. For a 650 C blackbody, 95% of the thermal radiation is emitted at 

wavelengths longer than 2.0 urn (Seraphin, 1979). The solution to this 

dilemma, then, is a spectrally selective surface that has high solar 

absorptance in the visible and low thermal emittance in the infrared. 

An ideal selective surface would have a spectral profile as illustrated 

in Figure 7.2, essentially a step function. The optimum location of the 

step depends on the operating temperature of the spectrally selective 

surface. For operation at 500 C, the step should be located at approxi

mately 2 ym. Because the solar flux is fairly dilute, it is necessary 

to concentrate the incoming solar radiation using concentrating collec

tors, in order to attain these operating temperatures (Seraphin and 

Meinel, 1975). This concentration has the effect shown in Figure 7.1 of 

multiplying the solar input by the concentrating factor. We see then 

that a selective surface functions as a "one way" valve that converts 

solar radiation to heat and prevents heat loss due to reradiation. 

Although Figure 7.2 represents the ideal selective surface, it 

is clear that real surfaces can only approximate such a spectral profile. 

In practice, we must strive to maximize the absorptance of the absorber 

across the solar spectrum and maximize the reflectance in the thermal 

infrared, with as distinct a transition between the two regions as 
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Fig. 7.1. Spectral profile of the energy flux of solar input 
for three concentrations, and of reradiative loss 
at three converter temperatures. 
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Fig. 7.2. Spectral profile of the absorptance for an ideal 
photothermal converter. 
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possible. The absorptance and emittance to which we will often refer 

are calculated quantities that describe the efficiency of spectrally 

selective converters. The absorptance, a, is that fraction of the 

available solar energy incident on the converter surface that is 

absorbed. The emittance, e, is similarly defined as the ratio of the 

energy radiated by the converter surface to that radiated by a blackbody 

surface at the same temperature. Both the absorptance and the emittance 

were determined from reflectance measurements using either a graphical 

method, "distorted wavelength" plots (Hass, et al., 1951), or digitally 

by computer using the Thomas-Richmond 100 Selected Ordinates Method 

(Thomas and Richmond, 1978). 

There are numerous methods used for producing spectral selecti

vity. We will not go into detail here because of several very good 

reviews (Hahn and Seraphin, 1978; Seraphin, 1979; Carver, 1980). The 

method of interest for this study is the absorber-reflector stack. This 

design uses the tandem action of a selective absorber together with an 

infrared reflector to produce the step function profile representative 

of a selective surface. In the next section we describe a tandem that 

uses amorphous silicon or an amorphous silicon-carbon alloy as the 

absorber layer, and show how these can improve the performance of the 

standard tandem stack. 

The Conventional Absorber-Reflector Tandem 

The absorber-reflector tandem is by definition a two layer de

vice. There are two configurations for this converter, depending on 

which of the two layers is selective, i.e., its spectral profile 



approximates to some degree the step function behavior of the ideal 

spectrally surface. The most common configuration is the dark mirror 

system. This employs a selective absorber deposited onto a reflector 

layer. Incident solar radiation is absorbed for wavelengths less than 

the absorption edge location and converted to heat. At wavelengths 

longer than the absorption edge the absorber is transparent, allowing 

the reflector below it to "look through" the absorber. Because the 

reflector layer has low emissivity, thermal reradiation losses are 

suppressed. The second, less used configuration is the heat mirror. 

In this system, a selective reflector such as indium tin oxide is depos

ited onto a good absorber. In the solar spectral region, the reflector 

layer is transparent, allowing the incident flux to reach the absorber. 

In the thermal infrared, the reflector is opaque and responds as highly 

reflective metal, and thus possesses a low emissivity in this spectral 

region. 

We want now to examine in more detail the dark mirror approach. 

This system is usually implemented using a semiconductor such as Si or 

Ge as the selective absorber, and a highly reflective metal such as Ag 

as the reflector. We note, however, that only high infrared reflecti

vity is actually required. It will be shown in the next section that a 

metal such as molybdenum with only moderate visible reflectivity can 

enhance the operation of the tandem stack if the solar absorber exhibits 

non-optimal absorptance. Semiconductors are chosen for the absorber 

layer because their absorption edges fall in the near infrared, at about 

1 ym for silicon and 2 ym for gernamium. For wavelengths shorter than 

these values, the semiconductor strongly absorbs the incident radiation, 
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while at wavelengths longer than these values, the semiconductor is 

transparent. There are several problems associated with semiconductor 

absorbers. The most severe problem is that the front surface reflection 

of a semiconductor is large due to the large refractive index of this 

class of materials. However, optical sum rules tell us that high 

absorptivity results from the same optical properties that produce a 

large refractive index. We can not therefore have one without the other. 

As a result, semiconductor absorbers such as silicon must be antireflec-

ted to suppress as much as possible losses due to front surface reflec

tion. This can be accomplished with a silicon nitride AR coating. In 

the discussions and examples that follow, it should always be assumed 

that a silicon nitride AR layer is being used to suppress reflection 

losses. 

Polycrystalline Versus Amorphous Silicon Absorbers 

The earliest work with silicon as the absorber in a tandem stack 

used the polycrystalline form (Seraphin, 1973-1976). While this material 

is an adequate absorber of solar photons, it has a shallow absorption 

profile that allows too many solar photons to pass through unabsorbed, 

even for films several microns in thickness. Amorphous silicon was 

known to possess a superior absorption profile (Seraphin, 1975; Griffith, 

1976) that was both steeper than for the polycrystalline material and 

shifted to lower photon energies. Amorphous silicon films can be pre

pared in a number of ways, but the optical, electrical, and structural 

properties of these films vary widely with the deposition method: eva

poration (Grigorovici and Vancu, 1968); sputtering (Brodsky, et al., 
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1971; Connell and Paul, 1972); glow discharge (Chittick, et al., 1969; 

Chittick, 1970; Loveland, et al., 1973); and, chemical vapor deposition 

(Janai, et al., 1979; Hirose, et al., 1977). We have seen previously 

that uncertainties in the structural properties at high temperatures 

limit the usefulness of amorphous silicon absorbers. The addition of 

carbon to these films increases the structural stability of the amor

phous silicon matrix, however, and now permits amorphous silicon-alloys 

to function for extended periods of time at photothermal operating 

temperatures of 500 C to 550 C. 

In the evolution of silicon as a solar selective absorber, the 

progression has been from polycrystalline silicon to amorphous silicon 

to stabilized amorphous silicon-carbon alloys. Assuming that the 

absorptance of a film can be expressed in terms of Beer's Law, 

A = 1 - e~2otd (7.1) 

where a is the absorption coefficient and d is the film thickness, we 

can then estimate the relative absorbing capabilities of these materials. 

Figure 7.3 compares the bulk absorptance of these three materials based 

on the simplified model implied by Eq. (7.1). These figures have been 

plotted on "distorted wavelength" paper in which the abscissa is linear 

in solar absorptance (air mass = 2). By planimetering the areas under 

the curves of such a plot, the solar absorptance can be calculated 

directly. Part (a) of this figure shows the spectral profiles for the 

indicated materials for a 1 pm thick layer, assuming double pass absorp

tance. We can immediately contrast the shallow absorptance edge of the 
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Fig. 7.3. Calculated bulk absorptance for polycrystalline, amor
phous, and carbon alloyed amorphous silicon films. 

(a) Double pass absorptance for 1 pm thick layer. 
(b) Double pass absorptance for 2 pm thick layer. 
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polycrystalline material with the much steeper edge of the amorphous 

material. It is the steepness of this edge that allows amorphous sili

con to absorb a greater fraction of the solar spectrum input than can a 

polycrystalline layer of equivalent thickness. Part (b) of this 

figure shows that doubling the thickness to 2 pm does not change the 

profile of the amorphous silicon layer much, while the polycrystalline 

edge becomes much steeper. It is therefore advantageous to use thinner 

layers of amorphous silicon which provide greater absorptance while re

quiring less material (Booth and Seraphin, 1979). 

We would like next to compare the absorptance of the amorphous 

and crystalline phases with that of the carbon alloyed material. We 

recall from Chapter 5 that all amorphous silicon-carbon alloys possess 

an absorption coefficient with a low energy absorption tail. The im

portance of this tail feature is dramatically illustrated in Figure 7.3, 

where we have plotted the 1 and 2 ym absorptances of a (20 at.%, 700 C) 

silicon-carbon film. We note that the profile of the edge is very 

similar to that of polycrystalline silicon, but is shifted to longer 

wavelengths resulting in a greater absorptance compared to both poly

crystalline and amorphous silicon. Table 7.1 lists the planimetered 

values of absorptance from Figure 7.3. We note that doubling the thick

ness increases the absorptance of the amorphous silicon film by only 

0.03, compared to increases of 0.08 for the polycrystalline silicon and 

0.09 for the amorphous silicon-carbon. We see therefore that the alloy

ing process has not only stabilized the structure of amorphous silicon, 

allowing it to be used as a stable, high temperature photothermal 

absorber, but has also increased its absorbing power (Booth, et al., 1979). 
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Table 7.1. Solar Absorptances of Silicon Films Based 

Material Thickness Absorptance Thickness Absorptance 
(um) (ym) 

pc-Si 1 0.49 2 0.57 
a-Si 1 0.56 2 0.59 
a-Si:C 1 0.70 2 0.79 

Broadband Reflector Systems 

Substantial work has been done on the silicon-on-silver tandem 

(Seraphin, 1973-1976). Because silver is a broadband reflector through

out the visible and infrared, all absorption occurring in the tandem 

stack must take place in the silicon layer. Also, the silver layer must 

be stabilized to prevent agglomeration at the temperatures of operation 

(Hahn, 1976). These first stacks used polycrystalline silicon, but this 

was later replaced with amorphous silicon. Figure 7.4 shows the spectral 

reflectance profile of a typical, although non-optimal, amorphous silicon-

on-silver stack (silicon thickness = 1.6 ym). It has been plotted on 

"distorted wavelength" scales for both the solar spectrum and a 500 C 

blackbody. The absorption edge of this spectrally selective converter 

is fairly steep, and located near 0.8 ym. While this stack possesses an 

absorptance of only 0.61, optimally designed stacks typically exhibit an 

absorptance of 0.71 (Masterson, 1977). The thermal emittance value of 

0.06 is, however, typical for silver based stacks. The value of 0.71 is 

for a polycrystalline based stack, but it was found that in this config

uration amorphous silicon does not provide the increased absorptance 
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Experimental reflectance of a silicon-on-silver tandem 
stack. Silicon thickness is 1.6 ym. 

(a) Reflectance over the solar spectrum. 
(b) Reflectance over the thermal emission spectrum. 
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expected from Figure 7.3. The use of an AR coating in this stack con

figuration effectively increases the absorptance of the polycrystalline 

silicon. In the near infrared where the polycrystalline silicon is only 

slightly absorbing compared to amorphous silicon, the multiple reflec

tions in the film resulting from the interference effects of the AR 

coating increase the apparent thickness of the films, resulting in 

higher absorptance. "Twin" studies were done in which identical stacks 

were fabricated on stabilized silver substrates and amorphous silicon 

then deposited at 600 C (Booth, et al., 1978). Afterwards one member of 

each twin pair was annealed at 800 C to crystallize the silicon. These 

films were then measured for solar absorptance, and it was found that the 

values differed from each other by typically less than 0.02 with values 

of 0.70 to 0.72. In order to use amorphous silicon efficiently in this 

stack system, thinner layers should be employed. This will not, however, 

result in any gain in absorptance. 

Another major problem with this system is the agglomeration of 

the silver. Although silver can be stabilized by a chromium oxide layer 

(Hahn, 1976), there are still difficulties in doing so repeatably. 

Also, silver can not be deposited readily by CVD, and this requires that 

a vacuum system be used to prepare the silver layer. Both of these 

problems can be eliminated by using a refractory metal such as CVD molyb

denum. This material has been shown to be highly stable at elevated 

temperatures and to possess the required high reflectivity in the 

infrared (Carver, 1980). 
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In summary, silicon-on-silver tandems have been reliably pro

duced and have successfully withstood thousands of hours at 500 C in 

vacuum (Seraphin, 1973-1976). There are, however, several drawbacks to 

using this system. The tendency of silver to agglomerate at high temp

eratures and the necessity of depositing silver films in a vacuum system 

make silver a difficult and expensive material to work with. In addi

tion, such a broadband reflector does not use CVD amorphous silicon to 

full advantage compared to a polycrystalline silicon absorber. 

Transition Element Reflector Systems 

Transition element reflector materials, typified by CVD molyb

denum have high infrared reflectance and moderate visible reflectance. 

A value of 0.98 for the reflectance at 10.0 ym for CVD molybdenum 

(Carver, 1980) rivals that of silver. In the visible, however, the 

reflectance of molybdenum is about 0.50. It begins to increase at 1 to 

1.3 ym, and attains a value greater than 0.97 at 4 to 5 ym. When a 

thick amorphous silicon film (1.5 ym) is deposited on molybdenum, the 

absorption edge in the visible is not nearly as steep as for the silicon-

on-silver tandem. Figure 7.5 shows the reflectance of a typical silicon-

on-molybdenum stack plotted on "distorted wavelength" paper as was 

Figure 7.4. We note that the absorption edge begins at about the same 

spectral location as for the silicon-on-silver stack (0.8 ym), but does 

not rise as steeply. This is a result of the lower reflectance of the 

molybdenum in this spectral range, and of the interaction of the optical 

constants of the amorphous silicon and molybdenum. In the edge region, 
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Fig. 7.5. Experimental reflectance of a thick-silicon-on-molybdenum 
tandem stack. Silicon thickness is 1.4 ym. 

(a) Reflectance over the solar spectrum. 
(b) Reflectance over the thermal emission spectrum. 
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both materials possess refractive indices that are very close in value. 

This produces interference fringes that are very deep. Figure 7.5a 

shows the specular reflectance with interference fringes averaged, but 

fringe minima often approach a reflectance value of 0.08 to 0.10 at 1.5 

ym. Part (b) °f Figure 7.5 does show the interference fringes that 

exist in the infrared. As a result of these film properties and inter

actions, thick silicon-on-molybdenum stacks possess higher absorptance 

than thick silicon-on-silver stacks, with values of a of 0.75 to 0.77 

compared to a value of 0.71. However, these same stacks also possess 

large emittance values of 0.20 to 0.26 compared to 0.06 for silicon-

on-silver. 

Thick silicon-on-molybdenum stacks have been lifetime tested to 

determine the stability of the layers compromising the stack. Most 

tests were done at roughing pump vacuum, since that is the projected 

operating environment. Several tests, however, were conducted in air at 

500 C to accelerate the testing, and to determine the passivating 

effects of the silicon layer on the molybdenum. Such stacks did not 

fail for over 300 hours, at which time the nonalloyed amorphous silicon 

crystallized as expected according to the crystallization kinetics of 

this material. At this point, cracking of the silicon layer permitted 

air to enter the stack and oxidize the molybdenum film. If amorphous 

silicon-carbon films were deposited on the molybdenum, then no crys

tallization took place for testing times of over a thousand hours and 

the stacks did not fail. Silicon-on-molybdenum stacks tested in vacuum 

for a thousand hours experienced no failures. High temperature, con

centrating collector systems employing selective surfaces whose emittance 
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is less than 0.10 must be operated in roughing pump vacuum to reduce 

convection losses (Hahn and Seraphin, 1978). Therefore, the vacuum 

results are the most important of these lifetime tests. 

Finally, hundreds of silicon-on-molybdenum samples were prepared 

by depositing amorphous silicon or silicon-carbon directly onto molyb

denum films at 600 C. No failures due to either oxidation or inter-

diffusion were observed, and optical quality silicon films could be 

repeatably prepared. This capability to deposit silicon directly on 

molybdenum allows us to eliminate any diffusion or passivation layers of 

the type needed for silver stabilization. Even more important, the 

possibility now exists for the first time to deposit an all-CVD absorber-

reflector tandem consisting of molybdenum and amorphous silicon, and 

silicon nitride (AR). 

A "New" Absorber-Reflector Tandem 

In reviewing the current status of silicon-on-silver and silicon-

on-molybdenum, we noted problems with both of these systems. Briefly, 

silicon-on-silver stacks needed diffusion barriers to maintain the 

sharpness of the layers, and stabilizing layers to prevent the agglom

eration of the silver (Hahn, 1976). In addition, the silver must be 

deposited by vacuum evaporation rather than by chemical vapor deposition. 

Finally, the silver layer is a broadband reflector and thus any solar 

photons passing through the silicon absorber layer are "bounced" back 

out and lost. By replacing the silver layer with a molybdenum layer, 

we are able to eliminate the fabrication problems due to the low melting 
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temperature of silver. Molybdenum is a refractory material with a melt

ing temperature of approximately 2600 C, and can be deposited by CVD at 

relatively low temperatures, 300 C to 700 C (Carver, 1980). In addi

tion, the moderate reflectivity in the visible and near infrared allows 

molybdenum to absorb an important fraction of the solar photons passing 

through the silicon absorber layer. However, when molybdenum is used in 

a stack with silicon, the same properties that enable molybdenum to 

absorb visible radiation also result in interference fringes in the 

thermal infrared that are very deep. These fringes, which results from 

the thick silicon layer, lead to an emittance value of 0.20 or so and 

effectively disqualify these stacks for use at temperatures of 550 C. 

Adapting the Absorber-Reflector System to Molybdenum 

The solution to the problem then is to redesign the tandem stack 

to take advantage of molybdenum's properties. We start with the same 

configuration as before, namely molybdenum/amorphous silicon-carbon/ 

silicon nitride, but we adjust the thickness of the silicon layer. The 

deep fringes in the infrared are due in part to the closeness of the 

values of the refractive indices of the silicon and molybdenum. We must 

remove all fringes from the thermal infrared, which requires making the 

silicon-carbon film much thinner than normal. However, we can now use 

to our advantage the closeness of the refractive indices of the two 

materials. In the near infrared and visible, interference fringes for 

silicon-on-molybdenum have minima whose amplitudes are very close to 

zero and we can therefore use the silicon to antireflect the molybdenum 

layer in the same way that silicon nitride antireflects the silicon 
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layer. Figure 7.6 shows the specular reflectance of a thin silicon-on-

molybdenum stack. The silicon-carbon layer is approximately 700 ft thick, 

which results in the first order interference fringe being located at a 

wavelength of approximately 1 ym and the second order fringe being 

located in the visible. Adding the silicon nitride AR layer produces a 

minimum near 0.45 ym and causes the silicon interference fringe pre-

visouly located at 1 ym to move to 1.4 ym, resulting in the spectral 

profile we observe in Figure 7.6. This sample has an absorptance of 

0.71 which close to optimal for a silicon-carbon absorber. If nonalloyed 

amorphous silicon is used instead, then the absorptance can be increased 

to 0.75. The difference in these is due to the smaller refractive index 

of the silicon-carbon alloy relative to the nonalloyed silicon. This 

decrease in the refractive index is evident in the depth of the interfer

ence fringes of the silicon-on-molybdenum stack. For silicon-carbon 

films, these fringes are not as deep, and therefore the stack absorp

tance is not as large. Either value of the absorptance is still better 

than that of the silicon-on-silver stacks, and the emittance is much 

better, with a value of 0.04 compared to 0.06 for silver based stacks 

(see Table 7.2 for comparison summary). We note in part (b) of Figure 

7.6 that there are no fringes in the infrared, and the stack reflectance 

is very close to that of uncoated molybdenum. The emittance of the 

stack, at 0.04, is only slightly higher than of molybdenum, 0.03. We 

have thus been able to replace the thick silicon-on silver system with 

one that is more absorptive, less emittive, and can be deposited entirely 

by CVD. 
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Fig. 7.6. Experimental reflectance of a thin-silicon-on-molybdenum 
tandem stack. Silicon thickness is 600 A to 700 A. 
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Table 7.2. Summary of selective stacks produced using CVD at the Optical Sciences Center. 

Simplified CVD SigNu CVD Si3Nu CVD Si 3^ CVD Si 3^ 
configuration CVD Si (1.5 ym) CVD Si (1.5 y.m) CVD Si(0.07 ym) CVD Si:C(0.07 ym) 

Evap. Ag CVD Mo CVD Mo CVD Mo 

Absorptance 0.71 0.77 0.75 0.72 

Normal 0.06 0.23 0.04 0.04 
Emittance 

K1 
o 
ON 
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In summary, we have seen that molybdenum based stacks eliminate 

all of the problems associated with silver based stacks, and permit us 

to use the flexibility and economy of CVD fabrication. Stacks using 

molybdenum have absorptances that exceed the values for stacks using 

silver, even though the silicon thickness has decreased from 1.5 ym to 

700 X. Silicon-on-molybdenum stacks have also been tested as thoroughly 

as the silicon-on-silver stacks and have in all cases performed as well 

as the silver based stack. In closing this section, we introduce Table 

7.2 to summarize the absorptances and emittances for the various stack 

configurations. 

The Dielectric Nature of Silicon 

One might justifiably ask just how much absorptance is a 700 X 

silicon film capable of? To answer this, we must first make clear the 

role of silicon in these thin silicon-on-molybdenum stacks. The silicon, 

or silicon-carbon, film's primary function in this design is as a struc

turally stable, high index material that is capable of antireflecting 

molybdenum. As such, the silicon layer is performing essentially as a 

dielectric film, with a substantial refractive index but negligible 

absorption. This of course is true only in the near infrared. Below 

0.5 pm, a 700 & thick silicon-carbon film still absorbs 75% of the inci

dent radiation, assuming a double pass through the layer. We have, 

therefore, a situation in which the silicon performs both as an absorber 

and as a dielectric. As a dielectric, silicon enables the molybdenum 

layer to do the bulk of the absorbing for wavelengths longer than 0.5 ym. 
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We are faced with a peculiar situation. The reflector layer is 

now functioning as an infrared reflector to suppress reradiation losses, 

and as a visible absorber with a respectable absorption value of 0.37 

(Carver, 1980). The absorber layer is functioning as dielectric across 

fully one half of the solar spectrum, and as an absorber for the balance. 

We have called this configuration a "new" system because a system very 

similar was developed by Hass, et al. (1951). This system consisted of 

an aluminum reflector overlaid with a germanium absorber film and a 

silicon monoxide film. Each of the last two films was a quarter wave in 

thickness, and produced an antireflecting interference cavity with the 

aluminum layer. The strong visible absorptance of the germanium layer 

helped to enhance the AR induced absorptance of the aluminum film. In 

the infrared, the germanium was of course transparent. Although these 

films possessed an absorptance of 0.75, they were not stable at tempera

tures above 200 C due to diffusion of the aluminum into the germanium. 

The molybdenum/silicon-carbon/silicon nitride configuration is thus not 

a really new one, but rather one that brings thermal stability to an 

existing concept. Mo/SiiC/Si^N^ stacks have absorptances that are com

parable to those of Al/Ge/SiO stacks, but are structurally stable to 

temperatures of 500 C to 700 C. 

All-CVD stacks using molybdenum and amorphous silicon-carbon have 

been lifetime tested in several configurations. One test set consisted 

of Mo/Si:C (700 ft) deposited on a silicon wafer to eliminate thermal 

expansion problems. These stacks were test at 500 C in air and survived 

1000 hours with negligible decreases in the absorptivity or increases in 
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the emittance, although some surface defects did develop into pits and 

craters. The origin of these defects can be traced back to the fabrica

tion process, and do not appear to be caused initially by the 500 C 

testing temperature. A second test set consisted of Mo/Si:C (700 X)/ 

Si^N^ (750 X) deposited on quartz and tested at 500 C in air. This set 

did much worse, with cracking, peeling, and crater formation destroying 

the selective surface after only several hundred hours of testing. Many 

of these defects could be traced back to thermal expansion mismatch 

problems between the substrate, the Mo/Si:C tandem, and the Si^N^ layer. 

When a third set of equivalent samples was tested at 500 C in vacuum, 

the stacks survived more than 1700 hours with negligible changes in the 

absorptance or emittance. Remembering that air tests at 500 C are used 

as a diagnostic technique to accelerate any degradation effects, we 

should use the vacuum test results as the true measure of the thermal 

stability of these stacks. 

Value of Computer Simulations 

When the absorber-reflector tandem consisted only of a spectrally 

selective absorber and a broadband reflector, the only parameter to be 

determined was the silicon absorber thickness. This thickness needed to 

be great enough to absorb the maximum amount possible of the incident 

solar radiation. The situation is more complex when we have to consider 

multiple interference effects. The thin Si:C-on-molybdenum system is in 

essence a double dielectric-on-metal system, and operates efficiently by 

the proper choice of thickness for the dielectric layers. While one 
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layer antireflection coatings are empirically easy to implement, the 

same is not true for a two layer AR coating. It now becomes necessary 

to model stack performance using the optical constants (refractive index, 

absorption constant) of the stack materials and then calculate the best 

choice of thickness for each layer. Such simulations of course require 

accurate values for the optical constants, and this can be a problem. 

It was necessary, for example, to have these quantities determined by 

Kramers-Kroenig analysis of the reflectance on CVD molybdenum films, 

since no such data existed in the literature. Such computer assisted 

design is very important as an aid to our understanding of how these 

selective stacks work and how they might be best improved. They are 

also useful for determining if a new material will improve the stack 

performance. As another example, tungsten is also a refractory, tran

sition element metal which possesses a reduced reflectance in the infra

red that is shifted to longer wavelengths relative to molybdenum. This 

profile can be expected to increase the absorptance of a stack based on 

this material. By using the existing optical constants for tungsten, 

one can predict in an approximate fashion how it will perform in a 

selective surface before ever depositing the first tungsten film. Using 

such an approach, it is possible to eliminate unsuitable candidates for 

selective surface research. 

Improvements to the Thin Silicon-on-Molybdenum Stack 

There are several avenues available for improving the absorp

tance values of this class of "absorber-reflector" tandem stacks using 
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a metal reflector such as molybdenum. First, the depth of the interfer

ence fringes can be increased by replacing the silicon-carbon alloy with 

another silicon alloy that possesses a larger refractive index. Such a 

material would more effectively antireflect the molybdenum and enable 

the fringe minima to be adjusted to another spectral location which 

would increase the absorptivity. Because such a material should also be 

more absorptive, it would help increase the stack absorptance in the 

UV-visible spectral region. We note that the earlier problem with front 

surface reflectivity is not as a factor now, since in this antireflec-

tion mode the silicon alloy does not exhibit true bulk reflectance. 

A second approach would be to extend the CVD alloying procedure 

to a true graded index film, in which a silicon alloy with large refrac

tive index is deposited on the molybdenum, and then the composition 

progressively changed to decrease the refractive index up to a final 

endpoint such as silicon dioxide. Such a graded index film would have 

a much larger acceptance angle than the discrete two layer system 

(Donnadieu and Seraphin, 1978). We note that CVD techniques are ideally 

suited to this approach, since the composition of the film can be 

changed at will by altering the composition of the source gas mixture. 

In all cases, CVD will prove to be a powerful and economic tech

nique for improving spectrally selective surface. We have shown how CVD 

can be used to deposit a range of amorphous silicon alloys, while Carver 

(1980) has described in a similar fashion the advantages of CVD for the 

deposition of highly reflective molybdenum films. The technology and 

scientific understanding now exist to fabricate all-CVD 
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semiconductor-on-metal tandem selective surfaces, and to optimize these 

converter devices by the proper control of the CVD processes used to 

prepare these thin films. 



CHAPTER 8 

SUMMARY 

In the preceeding chapters we have presented an investigation 

into the optical and structural properties of amorphous silicon alloys 

prepared by chemical vapor deposition. This study has demonstrated the 

feasibility of stabilizing the amorphous phase of silicon by the inclu

sion of other elements, and thus to retard the crystallization to temp

eratures typically 300 to 400 C above the crystallization temperature of 

nonalloyed amorphous silicon. 

We presented first an overview of the various deposition methods 

for producing amorphous silicon films, and characterized their proper

ties. Amorphous silicon films can be prepared in a variety of ways, and 

their properties depend crucially on the deposition method. We compared 

the properties of amorphous silicon films prepared by the four most 

widely used methods: evaporation, sputtering, glow discharge, and 

chemical vapor deposition. After reviewing results for films produced 

by the different techniques, we discussed the differences between hydro-

genated and nonhydrogenated, i.e., "pure", amorphous silicon films. We 

then compared these materials to CVD amorphous silicon films prepared 

for this study. We concluded that hydrogen played an important role in 

the properties of these materials. In particular, hydrogen appears to 

strongly affect the structure of such films. 
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The CVD method was then examined in detail. We discussed the 

deposition method itself, the use of reactant gases to determine the 

composition of the film, and the use of in situ monitoring to control 

the film thickness during the deposition. Four major process parameters 

adjusted the properties of the films -- substrate temperature, carrier 

gas, reactant gases, and system pressure. 

We then described the measurement techniques used to characterize 

the physical properties of these CVD amorphous silicon alloys. Optical, 

structural, and compositional studies provided information on the effects 

of the preparation process on these properties. Based on this informa

tion, new values for the preparation parameters were implemented that 

improved the structural properties of these films. The effect of high 

temperature anneal was discussed as a technique for investigating the 

structural stability of amorphous silicon films. 

We then turned our attention to amorphous silicon alloys, and 

established the conceptual framework with which to explain the optical 

and structural properties of these materials. We developed an expression 

describing the crystallization behavior and concluded that the rate of 

structural transformations in alloyed amorphous silicon is influenced by 

the presence of the non-silicon atoms. We were able to show that the 

presence of these atoms was sufficient to bring about a marked retarda

tion of the crystallization of these silicon alloys. The optical proper

ties of amorphous silicon alloys are not readily explained within the 

framework of classical optical theory. However, we were able to suggest 

possible explanations for the profiles of their optical properties, and 
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introduced a hypothesis to explain the change of the optical properties 

with high temperature anneal. 

Results were presented on measurements of the compositional, 

optical, and structural properties of amorphous silicon alloys which 

contained boron, carbon, germanium and nitrogen. Incorporation effi

ciencies from the gas phase during film deposition varied widely depend

ing on the alloy element and the substrate temperature. We explained 

the necessity to measure the composition of the films and to determine 

its variation with substrate temperature and gas composition. The film 

composition can not be determined from the gas phase composition with any 

guarantee of accuracy. The as-deposited optical properties of alloyed 

amorphous silicon films were found to resemble in their profiles those 

of the nonalloyed material. Even large amounts of the alloy element did 

not succeed in drastically changing the absorption coefficient, although 

they did result in substantial changes in the refractive index. When 

silicon-carbon films were annealed at high temperatures, the changes in 

their optical properties could be correlated to the amount of carbon in 

the film. Films containing large amounts of carbon showed the least 

change in their optical properties with anneal, compared to films con

taining lesser amounts. High temperature anneal results showed that 

carbon alloying retarded the crystallization of amorphous silicon-carbon 

films to temperatures 300 C above the crystallization temperature of 

nonalloyed amorphous silicon. Crystallization times and temperatures 

were determined for silicon-carbon films as a function of carbon content 

and compared to nonalloyed silicon. 
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In an observation of significance, it was noted that the optical 

and structural properties no longer changed simultaneously upon anneal. 

Rather, the optical properties changed rapidly at the onset of a 900 C 

anneal, and only after much longer times did the change in structure 

become detectable by either x-ray or electron diffraction. Such films 

were therefore not anneal-stable in the normal sense that the optical 

and structural properties change in unison with anneal. We noted, how

ever, that this anneal temperature is much larger than the crystalliza

tion temperature of nonalloyed amorphous silicon. We discussed the 

question of whether or not an anneal-stable concept can be applied to 

an alloy such as amorphous silicon-carbon, and concluded that it could 

not. We suggested a model for crystallization in which small, short-

range-ordered polycrystalline clusters formed rapidly with the onset of 

anneal at 900 C or higher, after which carbon diffusion slowed the growth 

process greatly. These small polycrystalline grains are sufficiently 

large to affect the optical properties, but are not large enough to be 

detected by bulk techniques such as x-ray diffraction even with long 

anneal times. Even after the optical properties had shifted while the 

films were still amorphous, the profiles of these properties were only 

slightly inferior to that of nonalloyed amorphous silicon. Thus, it 

appears that even though polycrystalline grains are forming, they do not 

have a large effect on the absorption coefficient of annealed silicon-

carbon alloys. 

Besides the scientific relevance of the results summarized above, 

the development of amorphous silicon alloys which are structurally stable 

to temperatures of 900 C to 1000 C has significance for photothermal 
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solar technology. We compared the calculated bulk absorptances and 

showed that amorphous silicon-carbon alloys were better absorbers than 

both amorphous and polycrystalline silicon of the same thickness. When 

incorporated into complete photothermal stacks, however, we found that 

the intrinsic bulk absorptance of a material is not necessarily the 

primary factor in determining the efficiency of such converters. When 

these absorber layers are deposited on a broadband reflector such as 

silver and subsequently antireflected, it was found that this configura

tion could improve the absorptance of polycrystalline silicon mainly 

through the effects of the antireflection layer. We then compared these 

thick silicon-on-silver stacks to systems using molybdenum as the re

flector, for which the visible reflectance is lower and assists the 

absorber layer. Such molybdenum based stacks using thick amorphous 

silicon performed substantially better in absorptance than did equivalent 

silver based stacks. The emittance was, however, much worse due to the 

interaction of the optical properties of the silicon and molybdenum in 

the infrared that resulted in deep interference fringes. 

We then suggested a new approach to the tandem design, based on 

a reduced thickness of the silicon absorber and using the visible absorp

tance of the molybdenum, that enhanced both absorptance and emittance 

compared to the silicon-on-silver stacks. This new design used a thin 

amorphous silicon-carbon layer on molybdenum which removed the inter

ference fringes from the thermal infrared and thus reduced substantially 

the emittance. These amorphous silicon-carbon-on-molybdenum stacks were 

found to be structurally stable at 500 C in vacuum for extended periods 
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of time. Because each component of the stack is stable to temperatures 

above 700 C to 800 C, they should have an operational lifetime at 500 C 

of many decades. 

Noting that there were several areas open to improvement in these 

thin silicon-on-molybdenum stacks, we suggested using the flexibility of 

the CVD process to control the composition of the silicon alloys films. 

By adjusting the type and concentration of the alloy element, for 

example, the refractive index of the resulting silicon alloy film can 

perhaps be increased to provide a better match to the optical properties 

of the molybdenum layer. Such a silicon alloy would then better anti-

reflect the molybdenum, resulting in a stack with increased absorptance 

while maintaining the favorable emittance of the previous thin silicon-

on-molybdenum configuration. 
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ABSTRACT 

Crystalline silicon is a poor absorber of solar photons, requiring 
thick films for complete absorption. In contrast, amorphous silicon 
has a much stronger absorption, permitting absorbers to be of a con
siderably smaller thickness. In order to optimize the use of amorphous 
silicon in our converter stacks, we simulated the performance of twin 
pairs of multilayer stacks. These twins were identical in their fab
rication, except that one stack used amorphous silicon and the other 
used polycrystalline silicon. The results of these simulations indi
cate that stacks containing amorphous silicon perform better than 
stacks using polycrystalline silicon, and, in addition, that silicon-
on-molybdenum stacks perform better than silicon-on-silver stacks. 
Experimental results verify these predictions with values for the solar 
absorptance of molybdenum-based amorphous silicon stacks of up to 0.77, 
compared to a value of 0.70 for silver-based stacks. Thin amorphous 
silicon layers on black molybdenum have produced absorptance values to 
0.79, all values being taken at room temperature. They are expected to 
be higher at 500 C. 

INTRODUCTION 

Photothermal converters utilizing amorphous silicon as the absorbing 
medium have several advantages over polycrystalline silicon absorbers, 
requiring thicker films for complete absorption. Amorphous silicon is 
a much stronger absorber of solar photons with an absorption edge lo
cated further into the Infrared, resulting in the absorption of a lar
ger fraction of the solar Insolation for an equivalent thickness. In 
the thermal infrared amorphous silicon has an absorption lower than that 
of polycrystalline silicon due to a smaller number of free carriers, 
reducing the thermal emission losses (1,2). 

To better define the role of the structure, amorphous vs. polycrystal
line, of the silicon absorber, we designed twin stacks that were essen
tially identical, except that one employed amorphous silicon as the 
absorber and the other a polycrystalline layer. In order to optimally 
design the dimensions of the twin stacks, we began simulations of their 
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performance. We were especially interested in determining how the 
thickness of the absorber might be tailored to take full advantage of 
amorphous silicon's higher absorption. 

We then fabricated an actual twin sample set to test the predictions 
of the simulation using the parameters suggested in the optimizing 
process. These samples did show gains in the solar absorptance of the 
amorphous stack over its polycrystalline twin, and supported the trends 
found in the preceding simulation. 

CVD AMORPHOUS SILICON 

Amorphous Silicon as Photothermal Absorber 

The potential of amorphous silicon as a solar absorber has been realized 
by our group since 1974 (3). It was known, however, that electron beam 
evaporated or sputtered amorphous silicon crystallized at 550 C, pre
cluding Chemical Vapor Deposition (CVD), which requires a minimum depo
sition temperature of 580 C for reasonable deposition rates. Conse
quently, our work used only polycrystalline silicon as the absorber. 
Recent work with radio frequency (RF) glow-discharge-produced amorphous 
silicon has resulted in films that are temperature stable against 
crystallization to 680 C (5). These films contain substantial amounts 
of hydrogen which evolve as the crystallization temperature is ap
proached (5). 

At this point' we realized the possibility of producing amorphous silicon 
by CVD, and began investigations into the nature of our CVD silicon 
deposited at 600 C. We found that these films are amorphous and remain 
so until 670 C, presumably due to the stabilizing action of inclusions 
of trace impurities such as hydrogen and oxygen. 

Preparation 

Our amorphous silicon films are prepared by the pyrolytic decomposition 
of silane {SiH4) in a radiation-heated horizontal reactor. The carrier 
gas is helium at a nominal flow rate of 10 1/min, with a silane concen
tration of 0.25% to 1.0%. The deposition temperature range is 550 C to 
800 C, with deposition rates of 100 A/min to 1500 A/min, depending not 
only on temperature, but also on silane concentration. Thickness ranged 
from 0.100 to 2.00 microns (6, 7). 

Properties 

Figures 1 and 2 show data for the refractive index and absorption coef
ficient, respectively, for both amorphous and polycrystalline silicon. 
These were determined from spectral transmission and reflection measure
ments together with film thickness measurements (6). 

Films produced at temperatures of 550 C to 650 C are amorphous and show, 
within experimental error, the same values for their optical constants 
independent of deposition temperature. The temperature of crystal
lization is 670 C, which was determined by annealing amorphous silicon 
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films at various temperatures for a fixed length of time and measuring 
by X-ray diffraction the onset of crystallization. 

It can be speculated that impurities Incorporated into our films raise 
the crystallization temperature to 670 C. SIMS measurements taken by 
C.W. Magee at the RCA Laboratories, Princeton, NJ, have established the 
hydrogen content of our films to be 0.2 to 0.7 atomic percent (Figure 3) 
leveling off at the temperature of crystallization. 

PHOTOTHERMAL CONVERTER DESIGN AMD MATERIALS 

Our stacks are designed after the dark mirror concept using the tandem 
action of a highly reflective thermal infrared reflector overlaid with 
a solar absorber transparent in the thermal infrared. In the past we 
have used polycrystalline silicon and silver as the absorber and reflec
tor, but are now looking to amorphous silicon as a more absorbing mater
ial, and to molybdenum as a more stable, refractory reflector. 

The Absorber Layer 

The absorber layer would Ideally have a step function profile for Its 
absorption edge, with this step located at 2.0 ym. Polycrystalline 
silicon poorly approximates this step function with a broadly sloping 
absorption edge centered at 0.700 ym, reflecting In this profile Its 
indirect band gap absorption. In contrast, the absorption edge of amor
phous silicon is much steeper than that of polycrystalline silicon and 
is located further Into the near infrared, at 0.775 ym. For an equiva
lent thickness, amorphous silicon should show an Increased solar absorp-
tance relative to polycrystalline silicon. Figure 4 shows that this is 
indeed the case. This comparison of absorption edges for a film thick
ness of 2.0 ym gives an absorptance of 56% for amorphous silicon and 
49% for polycrystalline silicon. These values are representative only 
of the silicon absorber layer, and not for a complete photothermal stack. 

It is also important to tealize that although amorphous silicon has a 
larger absorption coefficient at the wavelength of interest than does 
polycrystalline silicon, the solar absorptance results as a function of 
both absorption coefficient and film thickness, 

A exp(2ad) (1) 

where A 1s the film absorptance, a is the absorption coefficient, and d 
is the film thickness. In addition, the Uneshape of the absorption 
edge Is also significant. As the film becomes thicker, the absorptance 
Increases exponentially. This Increase Is significant, however, only 
in cases where the absorption edge 1s shallow, as for polycrystalline 
silicon (Figure 4). For amorphous silicon with its much steeper absorp
tion edge, increased thickness changes the absorptance much less past 
some minimum thickness, and much thinner films can be used than 1n the 
polycrystalline case. 



The Reflector Layer 

Previously, we have used silver as the Infrared reflecta* because of its 
high reflectivity. However, 1t must be evaporated and stabilized 
against agglomeration at temperatures above 250 C. Molybdenum on the 
other hand is a refractory metal, and 1s capable of high Infrared re
flectance (8) in thin film form. The agglomeration problem is reduced. 
Thin molybdenum films can be produced by CVD and possess reflection 
properties in the near Infrared that enhance stack absorption. Molyb
denum, while having a high reflectance in the thermal infrared, has a 
low reflectance in the visible of R •v 0.50 which increases to 0.97 at 
2.5 um. In this region where silicon Is transparent, the low molybde
num reflectance promotes the absorption of solar photons that have pas
sed through the silicon absorber. 

DETERMINATION OF OPTICAL CONSTANTS FOR SIMULATIONS 

The programs performing the simulations required knowledge of the re
fractive index and absorption constant of the amorphous and polycrys-
talline silicon, and of the silver and molybdenum. In addition they 
required the experimental determination of reflectance of the silver 
and molybdenum. 

Figures 1 and 2 show the experimental values for the refractive index 
and absorption coefficient of amorphous and polycrystalline silicon (6). 
These constants were extrapolated beyond the range of measurements to 
shorter and longer wavelengths as required by the programs. 

The optical constants for both silver and molybdenum were taken from 
the AIP Handbook(third edition). These bulk constants for molybdenum 
are in error for thin films as they do not reproduce the reflectance 
measured on thin molybdenum films. They result in reflectances that are 
lower that the reflectances we measure on thin films, and as a result 
produced simulated solar absorptances that were too large. Reflectance 
values for silver were taken from Kingslake (9), while reflectance 
values for molybdenum were measured on our CVD molybdenum films. 

SIMULATIONS 

Models 

In order to model our stacks, two types of simulations were performed. 
The two models are shown schematically in Figure 5. 

In the "bulk" model we simplified the operation of the stack in order 
to observe the intrinsic absorption processes of the silicon-reflector 
tandem. We assumed no front surface reflection, interference effects 
were disregarded, and all reflections were assumed specular. The stack 
absorptance due to the silicon was calculated according to Beer's Law 

I • IQexp(-ad) ( 2 )  
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where a is the absorption coefficient and d the film thickness. By 
assuming that the absorption due to the reflector layer was unity less 
the reflectance, the stack absorptance became 

A(x) = 1.0 - R(x)exp(-2a(A)d) (3) 

where A(x) is the absorptance, R(x) is the reflectance of the metal 
layer, a(x) is the absorption coefficient of the silicon, and d is the 
absorber layer thickness. 

In the "interference" model (Figure 5) we assumed the full stack con
figuration. Me also assumed radiation at normal incidence, specular 
reflectance at all Interfaces, finite front surface reflection, and 
interference effects. Using the optical constants and thickness of 
each layer, the reflectance and transmittance at each interface was 
sequentially calculated beginning at the air interface and working into 
the film, using the appropriate Fresnel equation. A spectral reflec
tance was calculated and the spectral absorptance was calculated as 
unity minus the spectral reflectance. The transmittance was assumed 
to be zero due to the presence of the opaque reflector. 

Solar Absorptance Calculations 

In both models the method of calculating the solar absorptance was the 
same, based on the Thomas-Richmond 100 Selected Ordinate Method (10). 
This method uses 100 wavelengths chosen such that they divide the Air 
Mass 2 (AM2) solar insolation profile into 100 equal sections. The 
solar absorptance Integration process then becomes one of calculating 
the absorptance at these 100 points, summing and dividing by 100. This 
method does require that the reflections vary slowly compared to the 
sampling frequency of the 100 Ordinates. This condition 1s well satis



fied for silicon thicknesses less than 1.00 microns. In order to ex
tend this calculation procedure to thicker stacks, where interference 
effects lead to rapid fluctuations in the absorptance over a small 
wavelength increment, and in order to insure accurate calculations on 
the thinner films, the 100 Selected Ordinate Method was extended to 
200 points by interpolating once between each of the original 100 
points. To verify that these computations were indeed accurate, 
initial results from computer calculations were compared to a test case 
calculated by hand and planimetered on distorted wavelength paper. The 
differences 1n the two results were generally less than 0.52. 

Parameter Variations 

Parameter variation consisted of adjusting the thickness of the silicon 
absorber layer from 0.060 to 6.00 microns. In the "bulk" model, this 
Increase in thickness produced a monotonic increase In solar absorp
tance. In the "Interference" model, the absorptance at first increased 
and then began to oscillate as Interference effects became effective. 

SIMULATION RESULTS 

Studies were first done for silicon on silver stacks, where 1t was 
found that the solar absorptance of the stack Increased only with an 
increase in the thickness of the silicon absorber layer. This resulted 
from a mismatch of the optical constants of the silicon and silver in 
the region of silicon transparency. The constants for silver and sill-
con in this region (0.8 to 2.6 microns) are approximately n = 0.1, 
k = 6.0 and n = 3.7, k = 0.0, respectively. The reflectance of this 
interface was calculated according to 

(nsi - nM)2  + (ksi - kM)2  

R - 5 r- • (*) 
("SI + nM) + (kSi + kM) 

where n and k are the real and imaginary parts of the refractive index, 
and where Si and M refer to silicon and the metallic reflector layer, 
respectively. The result showed that the stack's reflectance remains 
close to unity in the 0.8 to 2.6 microns range due to the disparity 
in the values of these constants. Thus, once the region of silicon 
transparency is entered, the high reflectance of silver results in a 
loss of absorptance. 

The situation is much different when a material with better matched 
constants of n = 4.0, k » 4.0 such as Mo is overlaid with Si (Figure 6). 
Then reflectance values at interference fringe minima approach zero 
and the silicon effectively "antireflects" the material, in the region 
of silicon transparency, thus adding the reduced reflectance of the 
molybdenum to the absorptance of silicon. Solar photons that penetrate 
the Increasingly transparent absorber are trapped by the "reflector" 
underneath. We see in Figure 7 experimental reflectances of Ag, Mo, 
and Black Mo, and the "transparency" edge of silicon. In contrast to 
silver, we see molybdenum's lower near infrared reflectance permitting 
the absorption of photons that have passed unabsorbed through the trans
parent silicon layer, thereby increasing the stack's absorptance. The 



SIMULATED REFLECTION 

OS U 1B 
WAVELENGTH 

24 pm 

FRACTION OF AM2 SfECTfeM 

Stock Mo 

00 CB 10 ' IB 20 Lfn MMVEUMjTH 

Fig.6. Comparison of simulated re
flectances of Ag- & HO-based stacks 
indicating the effect of the lower 
infrared reflectance of Mo. 

Fig.7. Experimental reflectance 
values of Ag,Mo, and Black Mo 
with the "transparency" edge of 
SI shown for reference. Dashed 
areas Indicate Increases in 
solar absorptance. 

dashed area of Figure 7 shows the gains In absorptance by using molyb
denum, while the crosshatched region indicates the additional absorp
tance gained by using Black Mo as the reflector layer. 

This study indicates that an optimal stack should consist of a very 
thin layer of amorphous silicon, 1000 A to 2000 A thick, deposited on 
a reflector with high n's and k's, such as Mo. The match 1n optical 
constants of amorphous silicon and molybdenum permits amorphous silicon 
to antireflect the molybdenum In the near infrared. This thin layer 
of amorphous silicon is sufficient to absorb the Incident radiation in 
the visible, and reflection losses from the silicon are reduced by an 
antireflection coating. This configuration will also enhance the stack 
performance by reducing thermal emlttance. Amorphous silicon of this 
thickness produces no interference fringes 1n the thermal infrared. 

The major results of the computational studies are that amorphous sili
con performs better than polycrystalline silicon in two respects: It 
1s a better absorber of solar Insolation in the visible, and 1t serves 
as an antireflection material for the molybdenum reflector 1n the near 
Infrared. Amorphous silicon on molybdenum stacks also perform sub
stantially better than polycrystalline silicon on silver stacks. 
Lastly, the amorphous silicon layer should be less than 2000 A in 
thickness. This last result Is important for several reasons. Silicon 
of this thickness produces no Interference fringes in the thermal Infra
red and allows the stack reflectance to approach that of the molybdenun, 
on the order of 97% absolute. This produces stacks of very low emlt
tance. It can be further determined that thin silicon will be more 
resistant to crystallization, less susceptible to thermal stresses that 



degrade stack lifetimes, and more economical In terms of material cost 
and fabrication. 

EXPERIMENTAL RESULTS 

To verify the results of the above calculations, actual twins were pre
pared based on the guidelines from the simulation studies for an optimal 
stack. We found that amorphous silicon performed better than poly-
crystalline silicon by up to 0.04, for silicon thicknesses less than 
2.0 microns. Silicon on molybdenum stacks performed better than silicon 
on silver stacks for all matched thicknesses. Values up to 0.77 for 
silicon on molybdenum stacks were obtained, and the thicknesses of the 
silicon 1n these stacks were less than 0.60 microns. Another stack 
made on Black Mo showed a solar absorptance of 0.79 (Figure 8). This 
stack used a very thin silicon layer, approximately 500 A thick, and 
has not been antireflected In the visible. A similar design made with 
a silicon thickness of approximately 800 A and an ant1reflection 
coating should produce solar absorptances greater than 0.80 by Increas
ing the stack's absorption 1n the visible. 
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F1g.8. Experimental hemispherical re
flectance of a Si-Black Mo stack which 
has a solar absorptance of 0.79. 

CONCLUSIONS 

Silicon on molybdenum stacks are better solar absorbers than silicon on 
silver stacks without the technical difficulties inherent in depositing 
and overcoating silver films. This 1s a result of molybdenum's lower 
reflectance in the near infrared that permits it to absorb those solar 
photons that penetrate the increasingly transparent silicon absorber 
layer. Molybdenum-based photothermal stacks are more refractory than 
are silver-based stacks, and hence are more stable at elevated temper
atures. 

Silicon on molybdenum stacks have shown solar absorptances of up to 
0.79, even without the benefit of an antlreflection layer. By optim
izing the silicon thickness, silicon on molybdenum stacks should produce 

Si/Black Mo 

a • Q79 
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absorptances greater than 0.80. Noting that these values were deter
mined at room temperature, we can expect an additional increase 1n ab
sorptance of 0.05 at 500 C. This is a result of electron-proton inter
actions at elevated temperatures that produce a shift in the absorption 
edge of silicon towards lower energies, increasing the fraction of the 
solar spectrum absorbed. This has been observed for polycrystalline 
silicon, and preliminary results indicate that amorphous silicon shows 
the same shift to longer wavelengths of the absorption edge (11). Me 
thus can expect solar absorptance values for our photothermal stacks of 
0.85 or larger at an operating temperature of 500 C. 

It 1s now possible to use amorphous silicon absorber layers less than 
1000 A thick 1n conjunction with a molybdenum reflector. These stacks 
have no interference fringes in the thermal infrared, and thus a re
duced thermal emittance. These stacks have better mechanical proper
ties, are less susceptible to thermal stresses that degrade lifetimes, 
and are easier to fabricate. 
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By pyrolytic decomposition of silane in the presence of dopant gases, a set of amorphous silicon 
films was prepared that contains various concentrations of carbon, nitrogen, boron or germanium. 
The effect of these dopants on the crystallization process and the optical properties is investigated. 
Films containing about 18 at% carbon show the properties most favorable for solar absorbers. The 
crystallization is retarded to temperatures near 1000;C, and the solar absorptance is greater than 
that of non-intentionally doped CVD amorphous silicon. From the experimentally determined 
activation energy of crystallization, the structural lifetime for such absorber films is extrapolated to 
be in excess of several decades for continuous operation at 700'C. For identical thicknesses of 
absorber layers, spectrally selective stacks of stabilized amorphous silicon deposited on top of a 
molybdenum reflector have higher solar absorptance than stacks composed of polycrystalline 
silicon on a silver reflector, amorphous silicon on molybdenum having been tested at temperatures 
in excess of 500s C. 

1. Introduction 

Efficient conversion of solar radiation into high-temperature heat requires surfaces 
capable of large absorption over the solar emission range, which at the same time 
reduce the thermal emission losses in the infrared [1-3]. Short of finding one single 
material of sufficient spectral selectivity, a standard approach to the problem employs 
the tandem action of a semiconductor absorber deposited on top of a reflector [4], 
Strong interband transitions in the semiconductor provide the solar absorptance. 
At photon energies smaller than its energy gap, the absorber turns transparent, 
permitting the underlying reflector to suppress the emittance in the thermal infrared 

ra-

The optical response of most spectrally selective surfaces can be reduced to such a 
semiconductor-on-reflector tandem [6]. Silicon has long been a favored candidate 
for the absorber material, since its absorption edge falls approximately between the 
solar emission band and the spectral range of the thermal re-emission [7]. Using the 
technological benefits of chemical vapor deposition (CVD), a spectrally selective 
surface based on a silicon absorber was developed that permitted photothermal 
conversion at a temperature of 500° C [8,9]. 

•Work supported by the U.S. Department of Energy, Office of Basic Energy Sciences, under Contract 
ER-78-S-02-4899. 
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In this initial work the silicon absorber was prepared at temperatures in excess of 
700° C, where the pyrolytic decomposition of silane is rapid, resulting in the deposition 
of polycrystalline silicon. The absorption edge of this polycrystalline material is 
shallow and located spectrally in such a manner that too many infrared solar photons 
are permitted to pass through unabsorbed [10]. It was long known that the absorption 
profile of amorphous silicon is superior to that of polycrystalline silicon with respect 
to steepness and spectral position, thereby providing larger solar absorptance [11-13]. 
Sputtered or evaporated amorphous silicon, however, was known to crystallize 
rapidly at 550° C [14]. The resultant converter surfaces would have too short a lifetime 
at operating temperatures necessary for sufficient Carnot efficiency. It consequently 
appeared that the silicon phase having superior optical performance had to be ruled 
out on the basis of insufficient temperature stability. 

Chemical vapor deposition of amorphous silicon improved the situation, however. 
Incomplete decomposition of the silane molecule led to the incorporation of hydrogen 
in the growing film. The resultant material, having a hydrogen content of 1 at% or less, 
did not crystallize as rapidly as its sputtered or evaporated counterparts. Detailed 
studies showed that crystallization in amorphous silicon is a gradual process that 
depends on length and temperature of anneal, and proceeds exponentially at higher 
temperatures. With this in mind, a "crystallization temperature" of 680° C for CVD 
amorphous silicon can be assigned for comparison with the crystallization tempera
ture of 550°C previously observed for sputtered or evaporated amorphous silicon 
films [15]. 

In spite of this improvement, the thermally activated crystallization kinetics of 
CVD amorphous silicon implied that a converter operated at 500° C would have an 
insufficient lifetime. The coincidence of increased resistance to crystallization with the 
presence of hydrogen in amorphous silicon suggested that intentional dopants could 
retard even further the crystallization of CVD amorphous silicon. One constraint 
in this search was the requirement that the favorable optical properties of non-
intentionally doped material be conserved in the stabilized phase. This paper de
scribes a study of the effects of chosen dopants - C, N, B, and Ge - on the crystal
lization behavior of CVD amorphous silicon. Carbon was given the greatest attention 
because the solar absorptance of the alloyed material exceeded even that of the non-
intentionally doped material. In addition, in alloys of silicon with carbon or nitrogen, 
the crystallization is retarded to a point where lifetimes of decades at temperatures in 
excess of 700° C can be predicted. 

2. Experimental procedure 

2.1. Sample preparation 

Samples were prepared by the pyrolytic decomposition of silane and dopant gases 
onto fused quartz substrates in a horizontal, radiation heated, atmospheric pressure 
reactor. A helium carrier gas flow rate of typically 4 1/min was used. Two sources of 
silane were used, one nominally pure, and the other diluted to 11.5% in helium. Dopant 
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gases used were NH3 (100%), C2H2, B2H6 and GeH4, the latter three diluted to 1% 
in helium. Of the total gas flow, silane constituted typically 0.5% and the dopant gases 
typically 0.05%. Deposition temperatures ranged from 550 to 750°C and were 
determined with an accuracy of + 5°C. Deposition rates ranged from 350 to 1300 
A/min, depending on temperature and dopant gas concentration. Most films were 
(1.0+0.20) fim in thickness, and the film growth was monitored in situ using an infra
red interference technique [16]. Fifty carbon-doped, 12 nitrogen-doped, 8 boron-
doped, and 16 germanium-doped amorphous silicon samples were prepared. In 
addition, 20 undoped amorphous silicon samples were prepared as control samples. 

2.2. Thickness measurements 

The thickness of the films was measured with a Mirau two-beam interference 
objective on a Leitz microscope, after etching a step in the doped silicon film. The 
etchant solution consisted of 10% HF and 90% HN03 by volume, although for 
samples heavily doped with carbon or nitrogen, up to 50% HF and 50% HN03 was 
used. The interferograms were recorded in both white and monochromatic (5460 A) 
light, enlarged and analyzed. Using this method, absolute thicknesses were measured 
with an accuracy of +200 A. For most films studied, this resulted in a relative 
accuracy of the thickness determination of +2%. 

In order to verify these measurements, selected samples were measured using a 
Dektak profilometer. These measurements were accurate to approximately ± 100 A, 
and showed our calculated thicknesses to be within the range of accuracy of ± 200 A 
stated above. 

23. Optical measurements 

Optical properties of the silicon films were determined from transmittance and 
reflectance measurements made on two Perkin - Elmer spectrophotometers, model 
137 (2.5 fim < X ^ 15.0 /zm) and model 450 (0.35 fim A < 2.7 fim). Aluminum references 
were used for reflectance measurements, and a holmium glass reference was used as a 
wavelength standard. Optical traces were partially reduced with the aid of a computer 
controlled digitizer having an absolute accuracy of 0.005" (0.13-mm) and a relative 
wavelength accuracy of better than 0.001 fim. 

The refractive index of each film was calculated from the spectral positions of the 
minima of interference fringes of reflected light or the maxima of interference fringes 
of transmitted light The refractive index calculations were made in the wavelength 
region where the absorption coefficient a was less than 5 x 104 cm-1. 

The absorption coefficient was calculated from the transmittance, T, according 
to [17]: 

1 —R2R3 + (2RiR2R3—R1R2 —RlR3)e~2lu'' 1 ' 

where Ru R2 and R3 are the reflectances of the air-film, film-substrate, and substrate-
air interfaces, respectively, and d is the film thickness. In the near infrared, the inter-
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ference fringes were averaged by using only the values of the transmittance at wave
lengths that correspond to the mean values of the wavenumbers of adjacent minima 
and maxima. Values of a are reported only for a> 103 cm-1, due to the large errors 
at lower values resulting from surface roughness and scattering, surface oxide and 
uncertainties in refractive index and thickness. For more specific details on the 
determinations of refractive index and absorption coefficient, the reader is referred 
to the work of Janai and his coworkers [15]. 

2.4. Annealing procedure 

Samples were annealed in the center zone of a tube furnace with a flowing N2/H2 

atmosphere of 70 cm3/min, the H7 content being 8.5%. Hydrogen was necessary to 
prevent the rapid oxidation of the silicon samples which were by necessity annealed 
at temperatures in excess of 90CPC. Groups of samples were annealed at a constant 
temperature for varying amounts of time. The annealing temperature of a sample in 
the center of the set of samples was monitored to ± 1°C, the accuracy for the remaining 
samples within an anneal being + 5°C. Before and after each anneal, the optical 
transmittance and reflectance, and the X-ray diffraction pattern were measured. 
After insertion into the annealing furnace, the samples reached annealing temperature 
within three minutes. No overshoot in temperature was observed, and the annealing 
times started when the samples were inserted into the furnace. 

3. Characterization of the samples 

3.1. Structural characterization 

X-ray diffraction measurements displayed by a General Electric model XRD-5 
X-ray diffractometer insured that the as-deposited material was amorphous. They 
also monitored the progress of crystallization during high temperature anneals. The 
absence of the Si{ll 1} diffraction peak (Cu K„ X-rays at 20 = 28.4°) was regarded 
as evidence of an amorphous structure. On selected samples, scans were made over a 
wide range of angles up to 90° to confirm that no crystalline phases were formed. 

Using transmission electron microscopy (TEM), we studied the microscopic 
changes which occur in carbon-doped amorphous silicon (18 at% C) during high 
temperature anneal [18]. The samples were deposited onto carbon-coated copper 
grids previously passivated with 250 A of CVD Si3N4 to avoid substrate-film inter
action. 

3.2. Compositional analysis 

Quantitative elemental analysis was performed by electron microprobe analysis, 
backscattering spectroscopy and secondary ion mass spectroscopy (SIMS). Of the 
three, the electron microprobe (an Applied Research Laboratory Scanning Electron 
Microprobe Quantometer) was most consistently used. The system is minicomputer 
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controlled and includes data analysis programs to correct for matrix effects. Charge 
buildup was partially avoided by overcoating the sample with a conducting film or by 
depositing the amorphous silicon film on a conducting surface such as a thin moly
bdenum film deposited on fused quartz. 

The B, C, N and Ge content of our films was quantitatively determined by: 1) 
lowering the energy of the excitation electron beam to 5 keV so that the X-ray yield 
from the dopants was enhanced compared to the silicon matrix, 2) increasing the spot 
size to avoid surface contamination, and 3) by using calibration standards. CVD 
Si3N4 was used as the nitrogen calibration standard while a carbon-doped amorphous 
silicon film whose concentration had been determined by backscattering was used 
for the carbon calibration standard. A nominally pure CVD germanium film was used 
as the calibration standard for Ge doped samples. 

Table 1 summarizes the composition of various of the doped amorphous silicon 
films. Certain deposition parameters are included for comparison purposes. For a few 
samples, the composition of the films was microprobed at several representative 
points to determine compositional variation. Within 10% of the measured value, no 
compositional variations were observed over the 5 x 5 cm2 deposition area. Thickness 
variations across the same area were typically 5%, contrasted with the uncertainty 
on the order of 2% in the thickness determination. 

Samples prepared on quartz substrates are very smooth to the eye, except for films 
containing more than 22 at%.C. All other dopants - N, B and Ge - produce very 
smooth films at all concentrations studied. As the carbon concentration increases 
beyond 22 at%, and for some high nitrogen concentrations as well, films crack upon 
cooling from deposition temperatures. 

Table 1 
Representative compositions and CVD process parameters for doped amorphous silicon 

Dopant 
Composition 

(at°0)t 
Substrate 

temperature 
Dopant 

gas 

Molar ratio of 
dopant gas to 

silane* 

Deposition 
rate 

(A/min) 

C 3.4 630 C,H, 0.004 1050 
C 11.5 630 C2H: 0.021 700 
C 18.0 630 C,H2 0.060 840 
C 27.0 630 C2H2 0.096 520 
C 35.0 630 C2H2 0.11 520 
C 15.5 630 C2H2 0.060 1020 
C 13.0 700 C2H2 0.060 1330 
C 23.0 750 C2H2 0.060 640 
N 17 575 NH3 0.63 640 
N 34 630 NH3 0.56 740 
B <0.5 600 B2H6 0.006 1040 
B 0.7 600 B2H6 0.056 680 
Ge 1.9 630 GeH4 0.23 680 
Ge 11 600 GeH4 1.12 820 

•Silane at 0.02 l/min added to helium carrier to give a total flow rate of approximately 4.4 l/min. 
tPrecision of compositional determinations was I0°o for Ge and C, 20°o for N and 50°o for B. 
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All as-deposited doped silicon films are amorphous, except for samples having a 
high boron concentration. The average diameter of coherently scattering regions as 
determined from the angular width of the Si{ 111} peak is 20 A, as is the case for the 
non-intentionally doped material. 

33. Electron spin resonance 

The electron spin resonance of selected carbon-doped and non-intentionally 
doped amorphous silicon samples was measured by Gaczi [19] of the James Franck 
Institute, University of Chicago, Illinois, USA, and compared to similar measurements 
on glow discharge amorphous silicon. 

3.4. Hydrogen content of non-intentionally doped amorphous silicon 

The optical and structural properties of what we now term non-intentionally 
do^ed amorphous silicon have previously been reported by Janai and his colleagues 
[15]. The hydrogen content of this material as determined by secondary ion mass 
spectroscopy (SIMS) by Magee [20] of the RCA Labs was briefly mentioned in this 
paper. Samples were prepared on electrically conductive glass to insure electrical 
neutrality during analysis. We now show in fig. 1 the hydrogen content of non-
intentionally doped amorphous silicon as a function of substrate temperature. 
Pyrolytically deposited amorphous silicon contains much less hydrogen than material 
made by glow-discharge at a much lower substrate temperature, which typically 
contains 2-30 at% hydrogen in as-deposited films [21]. 

4. Experimental results and discussion 

4.1. Effects of doping on crystallization 

Janai et al. [15] reported that CVD amorphous silicon, unlike all other films depos
ited at temperatures much below 600PC, is anneal-stable below the onset of crystal
lization. Increasing the temperature and/or the time of an anneal induces progressive 
crystallization, as indicated by the appearance and subsequent growth of the silicon 
{111} peak. The absorption edge moves to shorter wavelengths after an initial red 
shift, and the refractive index decreases. Our results on non-intentionally doped 
amorphous silicon films confirm the observations of Janai and coworkers. 

In contrast, CVD amorphous silicon films doped with carbon, nitrogen, boron or 
germanium apparently differ in the way the crystallization proceeds, as judged from 
the response of the X-ray spectra, as well as from the optical properties, to annealing at 
various temperatures and for various lengths of time. In the non-intentionally doped, 
rather pure material, the crystallization proceeds throughout the entire volume, 
starting from random crystallization centers embedded in the amorphous matrix. 
Since the hydrogen content is small in a sample about to crystallize, the impurity 
concentrations inside and outside the growing nucleus are approximately the same. 
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Fig. I. Hydrogen content of non-intentionally doped CVD amorphous silicon films, determined by 
secondary ion mass spectroscopy [20]. 

For the material heavily doped with foreign atoms, the X-ray diffraction spectra, as 
well as transmission electron micrographs, indicate that the already crystallized areas 
contain a smaller concentration of dopant atoms than the remaining areas outside. 
The crystallization is apparently accompanied by a rejection of the dopant into the 
still amorphous matrix. It follows that the amorphous fraction of the volume is 
progressively enriched with the dopant as crystallization proceeds. One is reminded 
of the purification of a growing crystal in the floating zone process, although the 
limited diffusivity in the solid phase limits the analogy. 

It follows that the rate of crystallization is further retarded the greater the already 
crystallized fraction. This is suggested by fig. 2, where the intensity of the {111} 
X-ray diffraction peak is plotted as a function of the length of anneal, relative to that 
of a standard CVD polycrystalline film. The non-intentionally doped film annealed 
at 650°C starts to crystallize after less than 2 h, in agreement with the results of 
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Fig. 2. Intensity of the Si•[ 111J diffraction peak (normalized to the peak heights observed for a standard 
CVD polycrystalline sample) vs. annealing time. Tt. 
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Janai et al. [15]. In contrast, a film doped with 18 at% C withstands an anneal at 
950°C for up to 10 h before substantial crystallization starts. The anneal profile, not 
only of the X-ray peak heights, but of the optical properties, as well, is quite different 
in doped films. Note, for instance, that the {111} peak in the non-intentionally doped 
material does not appear during an initial induction period. In carbon-doped films 
it grows with a finite slope right from the beginning of the anneal. The overall change 
is much slower, however, in spite of the much higher temperature, and results in an 
effective retardation of the crystallization. 

Even after longtime anneal, the heights of the {111} diffraction peak fall short of the 
response eventually observed in crystallized non-intentionally doped material. In the 
doped film the crystallization apparently leaves a certain fraction of the volume 
amorphous, due to the residual high concentration of the dopant. Further growth of 
the crystalline regions subsequently proceeds at such a slow rate that it effectively 
ceases before all of the doped silicon is crystallized. 

In order to describe the crystallization process in quantitative terms, we assigned 
a "crystallization time" to the occurrence of the inflection point in the profiles of fig. 2. 
Such a point was observed for all the dopants studied in sufficient detail. Table 2 

Table 2 
Crystallization time 

Anneal Crystallization 
Concentration temperature time* 

Dopant (at°0) rci <b> 

C 18 950 14 + 4 
C 18 990 >2 
C 18 1040 0.4 ±0.1 
C 11 1040 0.3 ±0.1 
C 18 1040 0.4 ±0.1 
C 27 1040 5:10 
C 35 1040 >10 
N 17 950 >90 
N 17 990 >2 
N 17 1040 2± 1 
B <0.5 730 <0.25 

•See text for definition. Times for 18 at°„ C samples are the data 
base for fig. 3. 

I 
summarizes the crystallization time for some dopants and anneal temperatures 
investigated. Plotted as a function of reciprocal absolute temperature, the logarithms 
of the crystallization times given in table 2 fall on a straight line. This suggests expres
sing the rate of crystallization in terms of an Arrhenius equation. Slope and intercept 
with 1/T=0, of the profiles plotted in fig. 3 determine in this equation the activation 
energy and the pre-exponential factor, respectively. For non-intentionally doped 
silicon we obtain 78 kcal/mol (3.4 eV/atom) [24], while the material doped with 
18 at% C gives (110 + 20) kcal/mol [(4.8 ±1) eV/atom]. Note that these activation 
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Fig. 3. Crystallization time vs. anneal temperature for CVD amorphous silicon, based on the data of 
table 2 for 18 at% C. 

energies are roughly twice the bond energies of the Si-Si bond (42 kcal/mol) and the 
Si-C bond (69 kcal/mol) [25]. 

The straight line on the left of fig. 3 represents the most conservative assessment of 
the data. The straight line on the right is based on the data reported by Janai et al. 
[15]. Note, however, that in Janai's interpretation, a slightly different definition of the 
crystallization time was used, resulting in longer times for equivalent crystallization 
at a given temperature. While carbon and nitrogen retard the crystallization, boron 
does not. Note further that for a given temperature of anneal the retardation is most 
effective for a high concentration of the dopant. For a given carbon concentration, 
crystallization proceeds faster at higher temperatures of anneal, as one would expect. 

From the data of fig. 3 we can draw a conclusion of technological significance for the 
structural lifetime of a photothermal converter surface that uses carbon-stabilized 
silicon as the absorber. We can determine this time span from fig. 3 to be on the order 
of several decades, if the surface is continuously operated at 700° C. Day-night cycles 
and cloudy periods extend this time interval even further. Operation at 650CC extends 
the crystallization time to several hundred years. If this extrapolation on the basis 
of the Arrhenius equation has any merit, it is apparent that the retardation of the 
crystallization by carbon doping contributes significantly to the structural lifetime 
of an amorphous silicon solar absorber. 

4.2. Effects of doping on the optical properties 

Retarding the crystallization becomes particularly valuable if the dopants stabiliz
ing the amorphous phase change, at the same time, the optical properties in the direc
tion of an increased solar absorptance. We describe in this section first the effect of the 
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doping on the absorption coefficient of the film, then on its index of refraction, and 
finally the effect of a post-deposition anneal on both optical quantities. A paragraph 
on the electron spin resonance in doped films concludes the presentation of experi
mental results and their discussion. 

42.1. Effects on the absorption coefficient 
Fig. 4 compares the absorption coefficient of non-intentionally doped amorphous 

silicon films after Janai et al. [15] with that of films doped with boron, nitrogen, carbon 
or germanium. Note that all four dopants generate a low-energy tail in front of the 
absorption edge of the non-intentionally doped material. However, only in the case 
of carbon and boron dopants does this tail result in an increased solar absorptance, 
because the corresponding absorption profiles lie, respectively, above or are equal 
to that of the non-intentionally doped material for a sufficient width of the solar 
spectrum. For films doped with nitrogen or germanium, the reduction of the absorp
tion coefficient for photon energies greater than 1.6 eV probably more than eliminates 
any gain in solar absorptance provided by the low-energy tail. 

Fig. 5 plots the absorption coefficient of films doped with carbon at various levels 
of concentration. Note that the gain in solar absorptance is most pronounced for 
films doped with 18 at% C. In films doped with a higher concentration, the profile 
of the absorption coefficient drops below that of the non-intentionally doped material 
above photon energies of 1.6 eV. 
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Fig. 5. Absorption coefficient as function of photon energy for CVD amorphous silicon doped with various 
concentrations of carbon. 

A frequently used quantity for comparing the optical properties of amorphous 
semiconductors is the optical gap E0, defined by: 

J<xhv=A(hv — £0), (2) 

where a is the absorption coefficient, A is a constant and E0 is the energy of the band 
gap. By extrapolating the straight portion of eq. (2), an approximation to the value of 
E0 is obtained. We found for our doped samples values from 1.50 to 1.65 eV, compared 
to 1.60 eV for the non-intentionally doped amorphous silicon. Glow-discharge-
produced amorphous silicon carbide films show values of 2.25 to 3.0 eV, as reported 
by Anderson and Spear [22]. 

4.2.2. Effects on the index of refraction 
Fig. 6 plots the index of refraction for films doped with boron, nitrogen, carbon or 

germanium. The doping results in a lowering of the index of refraction as compared 
to the non-intentionally doped material for the three dopants that are on the same 
column or to the right of silicon in the periodic system. Boron - one column to the 
left of silicon - increases the refractive index significantly. The character of the charge 
transfer upon forming the Si-B bond can speculatively lead to an electron distribution 
that is more easily polarized than the Si-Si bond, thus increasing the index of refrac
tion of the alloy over the elemental lattice [26]. Further work is required to support 
this speculation, however. 
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Fig. 6. Refractive index as function of photon energy for CVD amorphous silicon doped with boron, 
nitrogen, carbon or germanium. 

The lowering of the refractive index compared to the non-intentionally doped 
material, is more pronounced the higher the concentration of the carbon dopant, as 
shown in fig. 7. 

4.2.3. Effects of annealing on absorption coefficient and index of refraction 
Our study of the crystallization of carbon-doped films had shown that noticeable 

changes could only be expected in a reasonable laboratory time frame, if an anneal 
proceeded close to the 1000°C temperature mark. Consequently, we measured the 
changes in absorption coefficient and index of refraction that accompany the crystal
lization after anneals of various lengths at 990° C. The results are shown in figs. 8 and 
9 for a set of films doped with 18 at% carbon. 

Two features are common to both absorption coefficient and refractive index. 
First, the optical properties respond already to the small structural changes that 
precede the inflection point from which the crystallization time was derived. Extrapol
ation of the Arrhenius plot in fig. 3 gives a crystallization time of approximately 120 
min for the anneal temperature of 990° C. The optical changes plotted in figs. 8 and 9 
occur within times that are shorter by one order of magnitude. This indicates that the 
optical properties are sensitive to the small structural changes that precede the rapid 
rise towards the inflection point. 

Note secondly that no further changes are observed after an anneal of 120 min at 
990° C. Neither absorption coefficient nor index of refraction show further changes if 
the anneal is extended beyond this time. 
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The spectral profile of the absorption coefficient is shifted towards higher photon 
energies as the anneal proceeds. This reduces the solar absorptance. Note, however, 
that the spectral shift upon crystallization is arrested long before the spectral profile 
of a crystallized non-intentionally doped amorphous sample is reached, marked 
"polycrystalline film" in fig. 8. This implies that the doped film has a solar absorptance 
superior to that of the non-intentionally doped absorber, even if both films have been 
exposed to anneals at extremely high temperatures. This further supports the assump
tion that the crystallization in the doped samples proceeds in a manner different 
from that of the non-intentionally doped material and probably does not run to 
completion. 

Fig. 9 shows that the refractive index, too, is shifted towards larger photon energies 
without much change in the shape of the spectral profile. The shift comes to a halt 
after 120 min of anneal. 

43. Effects of doping on the electron spin resonance 

Through the collaboration of P. Gaczi at the James Franck Institute of the Univers
ity of Chicago [19], the electron spin resonance of a number of non-intentionally 
doped samples deposited at various substrate temperatures, as well as a set of samples 
doped with carbon at various levels of concentration, was investigated. For the non-
intentionally doped samples deposited at comparable substrate temperatures, the 
results are largely in agreement with those of Hirose and coworkers [23]. In the 
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carbon-doped samples, the number of free spins associated with dangling bonds 
increased with the concentration of carbon atoms in the lattice. The additional spins 
are associated with silicon atoms rather than with the carbon dopant. The results 
are consistent with the assumption that the hydrogen incorporated into the film is 
bonded to the carbon rather than terminating the dangling bonds in the amorphous 
silicon matrix. This is to be expected from a C-H bond energy that is larger than the 
Si-H bond energy. The work is in progress and will be reported on in a later publica
tion. 

5. Stabilized amorphous silicon films in solar converter stacks 

5.1. Solar absorbers of stabilized amorphous, non-intentionally doped amorphous, and 
polycrystalline silicon - a comparison 

To assess the relative merits of materials in terms of their solar absorptance based 
on the differences in the spectral profile of their absorption coefficients is not a 
straightforward method. Since the solar absorptance a is given by 

the value of the hemispherical spectral absorptance a,,(A) must be multiplied by the 
solar flux <DS(A) and normalized to the entire solar output. This is conveniently done 
by plotting the optical properties - reflectance or absorptance - of the converter 
surface on a "distorted /-plot" that is linear in fractions of the solar spectrum. The 
solar absorptance is derived from such a plot by simple planimetry of the areas cut 
out by either reflectance or absorptance spectrum with the area of the entire graph 
representing 100% [27]. 

We show in fig. 10 the absorptance profile derived from 

for polycrystalline, non-intentionally doped amorphous and stabilized amorphous 
silicon (18 at% C) films for a thickness of 1 /im films. To interpret the areas above the 
curves in terms of solar absorptance, the reflection loss at the absorber/air interface 
must be taken into account. 

Note first that the profile for the non-intentionally doped amorphous silicon film 
is much steeper than that for the polycrystalline film. This implies that amorphous 
silicon is superior to the polycrystalline material, in particular for thin films, since a 
steep edge moves much less with thickness than a shallow one. Thus it follows that a 
given absorptance value can be obtained from an amorphous film that is much 
thinner than the absorptance-equivalent polycrystalline film. We wish to stress this 
point with respect to design and performance of the entire reflector-absorber stack. 
The interference fringes generated from multiple reflections at the top and bottom 
surfaces of the absorber layer are, in their spectral position, of importance for the 
performance of the stack. With a much smaller thickness of the amorphous silicon 

P IP <Ds(;.)d;., 
Jo I Jo 

(3) 

A(l)= 1 — exp [ —2a(A)d] (4) 
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Fig. 10. Double-pass absorptance through a 1 thick sample of polycrystalline silicon (pc-Si) [15], non-
intentionally doped amorphous silicon (a-Si) [15], and stabilized amorphous silicon (a-Si, 18 at°„ C) 
plotted on a distorted A-plot. Superimposed are the reflectances of silver, CVD molybdenum [29] and 
black molybdenum [31]. Shaded and crosshatched areas qualitatively correspond to the gain in absorpt
ance over a silver reflector. Note that kinks in the curves are caused by irregularities of the distorted /.-plot 
that represent absorption bands in the solar spectrum. 

absorber, the first fringe is located in a part of the spectrum where it degrades the 
performance least [28]. 

We note for the stabilized amorphous silicon film of fig. 10 that while the absorption 
edge is no longer as steep as that of the non-intentionally doped material, it is now 
slanted to longer wavelengths due to the long wavelength tail of the absorption coef
ficient. This absorption tail adds to the solar absorptance of a stack based on the 
stabilized material. 

5.2. Stabilized amorphous silicon in absorber-reflector tandems 

Besides its thickness, the proper match of the optical spectrum of the absorber layer 
to that of the reflector beneath is of importance for the performance of the entire 
stack. For this reason, we have plotted the reflectance spectra of three reflector 
materials - silver, highly reflecting molybdenum [29], and black molybdenum [30] -
on the distorted A-diagram of fig. 10. The high reflectance of silver in the infrared 
rejects solar photons that pass through the absorber beyond its absorption edge. 
Molybdenum performs much better in this respect, since it reaches its high infrared 
reflectance of more than 97.4% only beyond the extension of the solar spectrum at 
the right hand side of fig. 10 [29], 

The optimal match to the absorption profile of amorphous silicon is given by the 
reflectance profile of black molybdenum, a CVD film prepared by the pyrolytic 
decomposition of molybdenum carbonyl in the presence of oxygen [30], With an 
anti-reflection coating of Si3N4, such stacks are reported to absorb up to 91 % of the 
incident solar flux [31]. By adding an optimal thickness of stabilized absorber between 
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the Si3N4 layer and the black molybdenum reflector, it is potentially possible to 
improve on this value. It is important in this context that the optical constants of 
silicon provide a much better match to those of molybdenum than other dielectrics 
customarily used for anti-reflection layers [28]. 

We are presently engaged in the fabrication, testing and evaluation of photothermal 
converter stacks based on molybdenum reflectors and stabilized or non-intentionally 
doped amorphous silicon absorbers. It has been shown feasible to deposit silicon 
directly on molybdenum with no destructive effects to the molybdenum, and such 
stacks with an anti-reflection coating of Si3N4 have withstood 500 h testing in air at 
500°C without apparent interdiffusion of the layers or degradation of the moly
bdenum reflector. In addition, stacks consisting of 1000 A of carbon stabilized 
amorphous silicon on molybdenum without the protection of an anti-reflection layer 
have v ithstood 750 h at 500°C in air with little or no reduction of the infrared reflect
ance [32, 33]. Future work will be concerned with optimizing the thicknesses of the 
absorber and anti-reflection layers to produce a maximum solar absorptance and 
will be reported on at a later time. 
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