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ABSTRACT 

 
 In this dissertation, I present the results of my research regarding hybrid semiconductor 

interfaces between organic and inorganic semiconductors. Using photoemission spectroscopy, I 

elucidate the important role of defect-induced electronic states within the inorganic 

semiconductor phase. These states significantly affect both the energy level alignment and the 

charge carrier dynamics at the hybrid interface. I demonstrate that the behavior of these hybrid 

semiconductor interfaces is complex and not well characterized by current models for organic 

semiconductor interfaces. Specifically, I show that hybrid interfaces host unique electronic 

phenomena that depend sensitively on the surface structure of the inorganic semiconductor. I 

also demonstrate new applications of photoemission spectroscopies that enable the direct 

analysis of important properties of inorganic semiconductors, including charge carrier behavior 

near hybrid interfaces and the electronic character of defect-induced energy levels. 

 The research presented here focuses on two different n-type inorganic semiconductors, 

tin disulfide (SnS2) and zinc oxide (ZnO). SnS2 is a layered transition metal dichalcogenide that 

presents an atomically flat and inert surface, ideal for sensitively probing electronic interactions 

at the hybrid interface. To probe the electronic structure of the SnS2 surface, I used a variety of 

organic molecules, including copper phthalocyanine, vanadyl naphthalocyanine, chloro-boron 

subphthalocyanine, and C60. ZnO has a complex surface structure that can be modified by simple 

experimental procedures; it was therefore used as a tunable semiconductor substrate where the 

effects of altered electronic structure can be observed. By carefully studying the origin of hybrid 

interfacial interactions, these research projects provide a first step in explicitly elucidating the 

fundamental mechanisms that determine the electronic properties of hybrid interfaces.  
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Chapter 1 │ Introduction 

1.1 │ Motivation and context 

 Hybrid interfaces between organic (molecular) semiconductors and inorganic 

(crystalline) semiconductors are of considerable research interest [1], and are particularly 

relevant to a wide variety of promising organic optoelectronic technologies [2–4]. However, a 

predictive-level understanding of these hybrid interfaces is still lacking. This renders rational 

optimization of key interfacial interactions within such devices problematic. The fundamental 

processes within organic optoelectronics (e.g. charge generation and extraction) are heavily 

interfacial in nature [5]. It is therefore critical to arrive at a fundamental understanding of these 

highly relevant interfaces in order to enable rational design of next-generation optoelectronic 

technologies. 

 Organic thin films have received a great deal of research attention, but this has been 

largely focused on organic/metal and organic/organic interfaces [6–13]; organic/inorganic 

semiconductor interfaces have been less well studied [13,14]. The exception to this rule is the 

heavily investigated hybrid interface present in dye-sensitized solar cells (DSSCs). However, 

DSSC interfaces involve dye molecules that are chemically anchored to a highly conductive 

nanostructured oxide and immersed in a liquid environment [15,16], resulting in very different 

interfacial interactions that are not generally applicable.  

 Early fundamental work on the hybrid semiconductor interface was performed by the 

Parkinson research group. In a series of experiments, the interfacial energy level alignment was 

reported for various molecules on the model inorganic semiconductor tin disulfide (SnS2) [17–

19]. The interfacial electronic structure was characterized in terms of band bending and an 
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interface dipole, ideas that had largely been developed for the inorganic semiconductor/metal 

interface [20,21]. However, these reports provided little insight into the fundamental physics of 

the hybrid interface. For example, the deposition of p-sexiphenyl on SnS2 yielded a modest 

interface dipole and significant band bending in both organic and inorganic phases, while 

deposition of coronene on SnS2 yielded a large interface dipole but a smaller degree of band 

bending [19]. Interestingly, the energetic separation between the SnS2 valence band and the 

molecular HOMO was almost identical for both molecules [19]. These changes to the interfacial 

energetic alignment were generically explained by invoking Fermi level equilibration, with some 

speculation that the observed shifts could be due to SnS2 surface states [19]. 

 In subsequent investigations, different approaches were adopted to describe the 

fundamental character of hybrid semiconductor interfaces. In some cases, the inorganic 

semiconductor was treated like a metal surface, possessing a well-defined Fermi edge [13]. 

Under this approach, the hybrid semiconductor interface was expected to display an interface 

dipole, deviating from the Schottky-Mott limit [13,14]. However, other treatments of the hybrid 

interface emphasized that the Schottky-Mott limit was usually valid for organic/inorganic 

semiconductor interfaces [9]. For example, no interface dipole was observed at the interface 

between the inorganic semiconductor indium tin oxide (ITO) and pentacene [22]. The key 

justification for this approach was that the inorganic semiconductor surface did not have electron 

density tailing into vacuum [9], preventing the formation of an interface dipole by the Pauli 

repulsion effects that are ubiquitous for clean metal surfaces [20]. In these cases, inorganic 

semiconductor surfaces were described as analogous to contaminated metal surfaces [9], which 

approach vacuum level alignment with organic adsorbates. 
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 A unifying explanation for these observations was offered by Fukagawa et al., who 

proposed that the energy level alignment at an organic/substrate interface is determined by only 

two parameters: the ionization energy of the organic molecule and the workfunction of the 

substrate [22]. If the workfunction of the substrate is larger than the molecular ionization energy, 

interfacial charge transfer will occur, developing an interface dipole. This treatment unified 

previous descriptions of the hybrid interface, explaining conformance to the vacuum level 

alignment model based on whether or not interfacial charge transfer occurs. This approach has 

been refined in recent years by an improved understanding of the role of molecular gap states, 

which can alter the interfacial electronic structure by shifting the effective ionization energy for 

subpopulations of the organic molecules [23–25]. Oehzelt et al. have recently summarized these 

concepts in an empirical quantitative model [26]. 

 However, this model is not sufficient to explain the results for SnS2 that were described 

by the Parkinson group. If interfacial charge transfer is the primary driving force for energy level 

alignment, then the magnitude of the interface dipole and band bending should be proportional. 

Instead, they were observed to be inversely related for p-sexiphenyl/SnS2 and 

coronene/SnS2 [19], resulting in similar HOMO energies within the SnS2 bandgap. Interestingly, 

similar results were observed by Koch et al. for pentacene on conductive polymer 

substrates [27]. Despite tuning the workfunction of the polymer substrate over a span of ~1 eV, 

only the interface dipole was affected, and the energy of the pentacene HOMO remained 

constant [27]. Remarkably, selecting metal substrates with workfunctions spanning the same 

range yielded fundamentally different results, with the HOMO energy changing 

significantly [27]. 



21 

 

 Thus, the electronic structure of hybrid semiconductor interfaces is not well predicted by 

current physical models, but displays fundamentally different interfacial interactions from the 

organic/conductor interfaces that the models were developed for. In particular, current models 

fail to fully account for the presence of localized electronic states within the bandgap of the 

inorganic semiconductor substrate, which give rise to significant interactions that alter the 

interfacial electronic structure [28]. My research attempts to further the scientific understanding 

of hybrid interfaces by providing a complete picture of the interfacial interactions in hybrid 

organic/inorganic systems, which must include electronically active gap states within the 

inorganic substrate. 

 

1.2 │ Physics of inorganic semiconductors 

 The electronic properties of bulk inorganic semiconductors have been extensively 

studied, and are generally well understood [29–32]. This section is only intended to serve as a 

brief introduction to the salient properties of inorganic semiconductors, and should not be taken 

as a comprehensive treatment. 

 In contrast to organic semiconductors, which will be discussed in the following section, 

inorganic semiconductors are typically crystalline materials that are held together by strong 

covalent interactions. Inorganic semiconductors have high charge carrier mobilities. The charge 

carriers tend to exist as strongly delocalized, free electrons and holes with low effective masses. 

Thus, a single-electron approximation is often valid, and charge transport can be described in 

terms of band-type carrier transport. However, the critical feature of inorganic semiconductors is 

the presence of an energy bandgap between the occupied valence band states and the unoccupied 

conduction band states. The concept of a bandgap can be developed theoretically by two 



22 

 

different methods: a tight binding treatment using linear combination of atomic orbitals (LCAO) 

and the nearly-free electron approximation (NFE). 

 

1.2.1 │ LCAO description of inorganic semiconductors 

 Under the LCAO approach, we approximate the wavefunction of a solid crystal by the 

linear combination of the wavefunctions of the individual constituent atoms [29]. As a simple 

example, consider a two-level system. Initially, we assume that the levels do not interact at all, 

and are degenerate. If we then perturb the system by introducing a small interaction term, the 

now-coupled levels will give rise to two levels that are split in energy. There will thus be an 

energy gap between the two states where no states exist, analogous to a bandgap in an inorganic 

semiconductor. 

 Taking a semiconductor silicon crystal as an example, the 3s and 3p orbitals of adjacent 

Si atoms couple electronically. This splits the formerly degenerate atomic orbitals, creating 

occupied bonding states that are lower in energy and unoccupied antibonding ones that are 

higher in energy [30]. When the number of silicon atoms is large, the degeneracy of these 

electronic states is lifted, and the collection of states broadens out into an electronic “band”, as 

shown in Figure 1-1. As will be seen in the following section, the periodicity of the lattice plays 

a major role in the formation of these bands. The filled bonding states comprise the valence 

band, the unfilled antibonding states make up the conduction band, and the energy separation 

between the two bands is the bandgap (Eg). The same approach also works for compound 

semiconductors such as ZnO, where the valence band is derived from O 2p and Zn 3d states, and 

the conduction band is primarily based on the Zn 4s orbitals [33]. 
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Figure 1-1: Band formation in silicon from the LCAO approach. (After Yu and Cardona [30]). 

 

1.2.2 │ NFE description of inorganic semiconductors 

 Under the nearly free electron (NFE) approximation, we begin by treating the electrons 

within the semiconductor crystal as free electrons with no Coulomb interactions between 

individual electrons (single electron approximation). Under these conditions, the 1D 

wavefunction for an electron is given simply as a plane wave, 𝜓 ~ 𝑒𝑖𝑘∙𝑥, where k is the electron 

momentum and x is the spatial coordinate. The total energy as a function of momentum is thus a 

parabola, which can be plotted in the reduced zone scheme in Figure 1-2. Since the parabola is 

symmetric, the points at 𝑘 = −𝜋/𝑎 and 𝑘 = 𝜋/𝑎 are degenerate. The linear combination of these 

wavefunctions is given as: 

𝜓1 ~ 𝑒𝑖(𝜋𝑥/𝑎) + 𝑒−𝑖(𝜋𝑥/𝑎) ~ cos (𝜋𝑥/𝑎) 

𝜓2 ~ 𝑒𝑖(𝜋𝑥/𝑎) − 𝑒−𝑖(𝜋𝑥/𝑎) ~ sin (𝜋𝑥/𝑎) 

(1-1) 

Importantly, the peak electron density for 𝜓1 is centered around the atomic nuclei, while the 

electron density for 𝜓2 has minima at the nuclear positions. Under the free electron picture, these 

wavefunctions are degenerate. However, when we introduce a small electrostatic potential 
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associated with the positive nuclei, the degeneracy is lifted. 𝜓1 is energetically stabilized due to 

the attractive interaction of the electrons and nuclei, while 𝜓2 increases in energy. This splits the 

two wavefunctions in energy around 𝑘 = ±𝑛𝜋 𝑎⁄  (where 𝑛 is an integer number), giving rise to 

the grey lines in Figure 1-2, and a bandgap forms. The wavefunction has now an envelope 

function 𝑢(𝑥), such that  𝜓(𝑥) =  𝑢(𝑥)𝑒𝑖𝑘𝑥. Although the treatment of a realistic 2D or 3D 

semiconductor is obviously more complex, the basic principle remains the same. 

 

 

Figure 1-2: Electron bands in a 1D semiconductor, plotted in the reduced zone scheme [29]. The black 

parabola represents a free electron, while the grey line is for nearly free electrons in a periodic lattice 

potential. a is the lattice constant in the 1D crystal. 

 

 

1.2.3 │ Derivation of charge carrier effective mass 

 These simple models provide an explanation for the electronic structure of inorganic 

semiconductors, but shed no immediate light upon the motion of electrons within the 

semiconductors, which is of fundamental interest. Considering an electron to be a wavepacket, 

we can semiclassically describe its group velocity 𝑣𝑔 with two simple equations:  
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𝑣𝑔 =
d𝜔

d𝑘
 (1-2) 

𝑣𝑔 =
d𝑥

d𝑡
 (1-3) 

where 𝜔 is the center frequency of the wavepacket and 𝑘 is the center wavenumber. Replacing 𝜔 

with 𝐸/ħ yields: 

𝑣𝑔 =
1

ħ

d𝐸

d𝑘
 (1-4) 

 When an external force 𝐹 is applied to the electronic wavepacket over a short distance 

d𝑥, the energy of the electron will increase according to: 

d𝐸 = 𝐹d𝑥 = 𝐹𝑣𝑔d𝑡 (1-5) 

After solving for 𝐹, we can employ the previous equations to derive two expressions for 𝐹: 

𝐹 =
1

𝑣𝑔

d𝐸

d𝑘

d𝑘

d𝑡
 (1-6) 

𝐹 =
d(ħ𝑘)

d𝑡
 (1-7) 

Differentiating Equation 1-4 with respect to time, we obtain: 

d𝑣𝑔

d𝑡
=

1

ħ

d

d𝑡
(
d𝐸

d𝑘
) =

1

ħ2

d2𝐸

d𝑘2

d(ħ𝑘)

d𝑡
 (1-8) 

Solving Equation 1-8 for d(ħ𝑘)/d𝑡 and substituting the resultant expression into Equation 1-7 

yields: 

𝐹 =
1

1
ħ2

d2𝐸
d𝑘2

(
d𝑣𝑔

d𝑡
) = 𝑚∗

d𝑣𝑔

d𝑡
 (1-9) 

where 𝑚∗ is designated as the effective mass of the electron, for reasons that are immediately 

clear upon comparison of Equation 1-10 with Newton’s second law of motion. 
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 The effective mass of a charge carrier within an inorganic semiconductor is therefore a 

function of d𝐸/d𝑘. It follows that the band structure of a material, such as that shown in Figure 

1-2, therefore contains information regarding the charge carrier dynamics. Shallow parabolae 

correspond to small values of d𝐸/d𝑘, which translate to large effective masses, slow charge 

transport, and localization of charge carriers. In contrast, steeply curved bands yield small 

effective masses and fast charge transport via delocalized charge carriers. 

 

1.2.4 │ Fermi energy of an intrinsic semiconductor 

 Interestingly, the effective masses of the electron and hole charge carrier also determine 

the position of the Fermi energy within the bandgap of an intrinsic semiconductor. To begin, we 

derive the density of states 𝐷(𝐸) within the semiconductor band from the number of solutions to 

the time-independent Schrӧdinger equation in a given volume of k-space to be: 

𝐷(𝐸) =
𝑚∗√2𝑚∗𝐸

𝜋2ħ3
 (1-10) 

where 𝑚∗ is the effective mass of the charge carrier (either hole or electron). Nominally, the 

valence band of a semiconductor is completely full, and the conduction band completely empty. 

However, at finite temperature, the thermal energy present in the system will promote some 

electrons from the valence band into the conduction band, creating free charge carriers (holes 

and electrons). The extent to which this occurs is described by the Fermi-Dirac distribution: 

𝐹(𝐸) = (1 + 𝑒(𝐸−𝐸𝐹)/𝑘𝑇)
−1

 (1-11) 

where 𝐹(𝐸) is the fraction of occupied states, 𝐸 is the energy, and 𝐸𝐹 is the Fermi energy of the 

material in question. The concentration of electrons within the conduction band 𝑛𝑐 and valence 

band 𝑛𝑣 can thus be estimated by integrating the product of the density of states and the 

fractional occupancy from the Fermi function as follows: 
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𝑛𝑐 = ∫ 𝐷𝑐(𝐸)𝐹(𝐸)𝑑𝐸
∞

𝐸𝑐

 (1-12) 

𝑛𝑣 = ∫ 𝐷𝑣(𝐸)[1 − 𝐹(𝐸)]𝑑𝐸
𝐸𝑣

−∞

 
(1-13) 

where 𝑛𝑐 and 𝑛𝑣 are the number of free charge carriers per cm3 in the conduction band and 

valence band, respectively; 𝐸𝑐 and 𝐸𝑣 are the energy of the conduction band minimum and 

valence band maximum, respectively; and 𝐷𝑐(𝐸) and 𝐷𝑣(𝐸) are the DOS for the conduction 

band and valence band, respectively. Generically, the solution to this integral is given by: 

𝑛𝑖 = 𝑁𝑖

2

√𝜋
ℱ1/2 (−

|𝐸𝑖 − 𝐸𝐹|

𝑘𝑇
) 

𝑁𝑖 = 2(
2𝜋𝑚𝑖

∗𝑘𝑇

ℎ2
) 

(1-14) 

where 𝑖 ∈ (𝑐, 𝑣), 𝑁𝑖 is the maximum possible carrier density derived from 𝑚∗ (and thus DOS), 

and ℱ1/2 (−
|𝐸𝑖−𝐸𝐹|

𝑘𝑇
) is the Fermi-Dirac integral of order 1/2. If the difference between the Fermi 

energy and 𝐸𝑖 is greater than 3𝑘𝑇, the Fermi-Dirac integral can be approximated by an 

exponential function, yielding: 

𝑛𝑐 = 𝑁𝑐𝑒
(𝐸𝐹−𝐸𝑐)/𝑘𝑇 (1-15) 

𝑛𝑣 = 𝑁𝑣𝑒
(𝐸𝑣−𝐸𝐹)/𝑘𝑇 (1-16) 

In an intrinsic semiconductor, 𝑛𝑐 = 𝑛𝑣. Setting Equations 1-15 and 1-16 equal to each other and 

solving for 𝐸𝐹, we arrive at: 

𝐸𝐹 =
𝐸𝑐 + 𝐸𝑣

2
+

𝑘𝑇

2
ln (

𝑁𝑣

𝑁𝐶
) (1-17) 

Using the definition of 𝑁𝑖 from Equation 1-14, we replace 𝑁𝑖 with 𝑚𝑖
∗. Thus, the position of the 

Fermi energy within the bandgap of an intrinsic semiconductor is defined by the carrier effective 

masses as: 
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𝐸𝐹 =
𝐸𝑐 + 𝐸𝑣

2
+

𝑘𝑇

2
ln (

𝑚𝑝
∗

𝑚𝑛
∗
) (1-18) 

Note that when 𝑚𝑝
∗ = 𝑚𝑛

∗ , the intrinsic Fermi energy is simply the midpoint between the 

conduction band and the valence band, since the DOS are the same in the two bands. The Fermi 

energy will also be at the bandgap midpoint for the zero temperature limit, where the Fermi 

function approaches a step edge, leaving the valence band fully occupied and the conduction 

band fully unoccupied. 

 

1.2.5 │ Fermi energy in a doped semiconductor 

 In an extrinsically doped semiconductor, the position of the Fermi energy is altered due 

to the presence of excess electron donors or acceptors within the inorganic semiconductor. When 

the density of dopants is much larger than the intrinsic charge carrier concentration 𝑛𝑖, the shift 

in the Fermi energy ∆𝐸𝐹 is given by: 

∆𝐸𝐹 (Donor−doped) = 𝑘𝑇 ln(𝑁𝐷/𝑛𝑖) (1-19) 

∆𝐸𝐹 (Acceptor−doped) = −𝑘𝑇 ln(𝑁𝐴/𝑛𝑖) (1-20) 

where 𝑁𝐷 and 𝑁𝐴 are the concentration of total donor and acceptor dopants, respectively. Thus, 

the addition of donor dopants will increase the Fermi energy, moving it toward the conduction 

band. At finite temperature, this populates the conduction band with electron charge carriers. 

Doping with acceptors will move the Fermi energy toward the valence band, moving electrons 

out of the valence band states and creating hole charge carriers. To avoid confusion, it is worth 

noting that inorganic semiconductors can be doped by defect states that are intrinsic to the 

material. For example, ZnO can be doped by oxygen vacancies, where a lattice oxygen is 

missing [29].  
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1.2.6 │ Dopant-induced bandgap narrowing 

 In addition to shifting the Fermi energy, extrinsic doping of an inorganic semiconductor 

can also induce narrowing of the bandgap at high dopant concentrations. This occurs due to 

electrostatic interactions between the charge carriers within an inorganic crystal [34]. At high 

charge carrier concentrations, the average distance between opposing charge carriers decreases. 

As a result, the attractive forces between holes and electrons become significant. The activation 

energy of creation for an electron-hole pair is thus reduced, effectively resulting in a narrower 

transport bandgap. This narrowing can be modeled by considering a screened charge carrier 

within an inorganic semiconductor. The potential 𝑉(𝑟) may be determined by solving Poisson’s 

equation: 

∇2𝑉 =
−𝜌

휀
=

𝑞

휀
[𝑁(𝑟) − 𝑁] (1-21) 

where 𝜌 is the charge distribution, 𝑞 is the elementary charge, 𝑁(𝑟) is the charge carrier 

concentration, and 𝑁 is the nominal doping concentration. Using Boltzmann statistics, we can 

write 𝑁(𝑟) in terms of the local potential: 

∇2𝑉 =
𝑞𝑁

휀
(𝑒

𝑞𝑉
𝑘𝑇 − 1) (1-22) 

If we consider only small departures from net neutrality (𝑞𝑉 is small), then Equation 1-22 

simplifies to: 

∇2𝑉 =
𝑞2𝑁𝑉

휀𝑘𝑇
 (1-23) 

The equation for the screened potential is then given as: 

𝑉(𝑟) =
𝑞

4𝜋휀𝑟
𝑒−𝑟/𝐿𝐷  (1-24) 
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𝐿𝐷 = √
휀𝑘𝑇

𝑞2𝑁
 (1-25) 

where 𝐿𝐷 is known as the screening or Debye length. As an example, the screening length along 

the c-axis for a typical SnS2 sample is approximately 350 nm. The expression for the screened 

Coulombic field for the charge carrier within the inorganic semiconductor is thus: 

�⃗� (𝑟) =
𝑞

4𝜋휀𝑟
𝑒

−
𝑟
𝐿𝐷 (

1

𝑟
+

1

𝐿𝐷
) (1-26) 

The energetic stabilization resulting from this polarization of the inorganic semiconductor (∆𝐸𝑔) 

can finally be calculated as the difference in energies between the screened and unscreened 

electric fields [34]: 

∆𝐸𝑔 =
휀

2
∫ [�⃗� 0

2
(𝑟) − �⃗� 2(𝑟)]

 

𝑎𝑙𝑙 𝑠𝑝𝑎𝑐𝑒

d𝜏 (1-27) 

 where 𝐸0 is the unscreened Coulombic field that would result from the charge carrier under 

consideration. Once evaluated, this integral simplifies to the following expression for the 

narrowing of the bandgap [34]: 

∆𝐸𝑔 =
3𝑞2

16𝜋휀
√

𝑞2𝑁

휀𝑘𝑇
=

3𝑞2

16𝜋휀

1

𝐿𝐷
 (1-28) 

For typical SnS2 samples, this yields a bandgap narrowing of about 0.5 meV. This quantity is 

quite small due to the modest dopant concentrations for SnS2 (~1017 cm-3). 

 

1.2.7 │ Conclusions 

 In summary, the first principles of inorganic semiconductor physics arise primarily from 

the atomic orbitals of the constituent atoms and their arrangement within the crystal lattice. This 

band structure determines the intrinsic charge transport properties of the inorganic 
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semiconductor as well. However, the introduction of extrinsic dopants can have significant 

impact upon the electronic character of any inorganic semiconductor, shifting the Fermi level 

and altering the properties of the characteristic bandgap. As will be seen in the following 

chapters of this dissertation, dopants also strongly affect the electronic structure of the hybrid 

interface between inorganic and organic semiconductors. 

 

1.3 │ Electronic character of organic semiconductors 

 To properly set the stage for our discussion of the hybrid interface, it is important to also 

consider the characteristic of organic semiconductors. In some respects, organic semiconductors 

are more complex than inorganic semiconductors, as they are made up of discrete molecular 

units that are bound together only weakly by strongly anisotropic van der Waals interactions. 

Electrons therefore tend to remain localized on individual molecules, giving rise to very different 

electronic properties in comparison to inorganic semiconductors. The resultant weak screening in 

organic semiconductors yields localized charge carriers that significantly polarize the 

surrounding medium. Thus, many-electron polarization effects are often important, and charge 

carriers exist as polaronic quasiparticles, which include both the formal charge carrier and its 

surrounding cloud of screening electron density. These factors are coupled with the relatively 

low charge carrier mobilities within organic semiconductors, where the charge carrier must 

“hop” from molecule to molecule in an activated process. Not surprisingly, the effective mass for 

charge carriers is often large. Band structures for organic semiconductors are thus typically quite 

flat, with energy showing only a weak dependence on 𝑘. Additionally, excitons within molecular 

semiconductors exist as localized Frenkel excitons, with binding energies of 0.1 to 1 eV, while 

inorganic semiconductors tend to have delocalized Mott-Wannier excitons with much lower 
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binding energies, usually about 0.01 eV [35]. Due to all of these factors, the electronic structure 

of organic semiconductors is often dominated by molecular properties rather than crystalline 

ones. 

 

1.3.1 │ Description of van der Waals interactions 

 Despite the relative weakness of the intermolecular interactions, a proper understanding 

of these forces is important in understanding the electronic properties of organic semiconductors. 

Regardless of molecular structure, all molecules experience attractive dispersion forces, first 

described quantum mechanically by London [36]. Essentially, the dipole and multipole moments 

of molecules can be thought of as undergoing dynamic fluctuations, which polarize neighboring 

molecules and exert a net attractive force. Although a rigorous treatment requires a full multipole 

series, an adequate expression can be derived by considering only the dipole-dipole terms [35]. 

Utilizing this approach, the interaction energy between two molecules with an intermolecular 

separation 𝑟 is calculated to be: 

𝑈𝑑𝑖𝑠𝑝𝑒𝑟𝑠𝑖𝑜𝑛(𝑟) = −
2

3𝑟6
∑ 

𝑖′

∑ 
|〈𝑖|𝜇1|𝑖′〉|

2 |〈𝑗|𝜇2|𝑗′〉|
2

𝐸𝑖′ + 𝐸𝑗′ − 𝐸𝑖 − 𝐸𝑗
𝑗′

 (1-29) 

where 𝑖 and 𝑗 denote ground states of the nonperturbed molecules, 𝑖′ and 𝑗′ denote excited states, 

𝐸 represents the energy of the molecule in the indicated state, and 𝜇 is the dipole moment 

operator of the indicated molecule. 〈𝑖|𝜇1|𝑖′〉 is therefore the matrix element of the dipole moment 

between states 𝑖 and 𝑖′ for molecule 1, and the second term is the analogous matrix element for 

molecule 2. 

 London also proposed an approximate formula that is more amenable to practical 

calculations: 
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𝑈𝑑𝑖𝑠𝑝𝑒𝑟𝑠𝑖𝑜𝑛(𝑟) = −
3

2
𝛼1𝛼2

𝐼1𝐼2
𝐼1 + 𝐼2

 
1

𝑟6
 (1-30) 

where 𝛼 is the molecular polarizability and 𝐼 is the molecular ionization energy. In general, more 

polarizable molecules will thus experience stronger dispersion forces, as expected. Finally, the 

dependence on 𝑟−6 means that dispersion forces are short-range. 

 Dispersion forces represent only one type of van der Waals force. If the molecules in 

question possess a permanent dipole moment, the van der Waals forces also include dipole-

dipole and dipole-induced dipole interactions. Although not technically a van der Waals force, 

dipole-quadrupole interactions may also be present. For the sake of completeness, the energy of 

these interactions are given as: 

𝑈𝑑−𝑑 = −
2

3𝑘𝑇

𝜇𝑎
2𝜇𝑏

2

𝑟6
 (1-31) 

𝑈𝑑−𝑖𝑛𝑑 = −
2𝜇𝑎

2𝛼𝑏

𝑟6
 (1-32) 

𝑈𝑑−𝑄 = −
1

𝑘𝑇

𝜇𝑎
2𝛩𝑏

𝑟8
 (1-33) 

where 𝑎 and 𝑏 are the two molecules, 𝜇 is the permanent molecular dipole moment, and 𝛩 is the 

molecular quadrupole moment. To first order, the total molecular interaction energy is given 

simply as the additive sum of the individual van der Waals forces [35].  

 

1.3.2 │ Factors influencing charge transport in organic semiconductors 

 As stated in the preceding sections, the weak van der Waals interactions between organic 

semiconductor molecules tend to yield slow, hopping-type charge transport. However, high 

charge carrier mobilities have been achieved in highly ordered molecular crystals at low 
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temperatures [37,38]. There are two primary principles that can be derived from this simple 

example regarding the charge transport properties of organic semiconductors. 

 The temperature dependence of the charge carrier mobility indicates that scattering of the 

charge carriers by phonons is significant within organic semiconductors [38]. Theoretically, it 

may be possible to select organic molecules that minimize the coupling strength between the 

polaronic charge carriers and the phonons, but it is unlikely that this approach would succeed 

practically due to the difficulty in optimizing this abstract parameter. Regardless, it is important 

to note that altering the phonon modes of the organic molecules would be expected to have an 

impact on the scattering cross section for those molecular sites. Molecular vibrational modes can 

be sensitive to the chemical environment, a fact that has been exploited to study organic 

semiconductors by vibrational spectroscopy [39]. If the chemical environment affects the phonon 

modes, then it also may have an influence upon the scattering by the phonons as well. Thus, 

organic semiconductors will likely exhibit different charge carrier physics depending on the 

chemical environment, i.e. within a bulk organic phase as opposed to near an interface with 

another material. 

 The necessity for highly ordered molecular crystals reveals that charge transport within 

organic semiconductors is extremely sensitive to the spatial arrangements of the individual 

molecules. This has been confirmed experimentally in a variety of contexts [40–42], and appears 

to be particularly relevant for efficient charge separation at organic/organic interfaces [43,44]. 

Contained within this principle are two somewhat related effects. First, the probability (and 

hence the rate) of charge transfer to an organic molecule is affected by the wavefunction overlap 

between the initial and final electronic states. Large wavefunction overlap, such as that achieved 

when extended systems of 𝜋 electrons have a high surface area of interaction, lead to fast 
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transfer. In contrast, molecules that interact only over a small area tend to exhibit slow charge 

transfer [44]. Second, the presence of highly ordered domains of organic molecules appears to 

permit at least partial delocalization of charge carriers, reducing the activation energy associated 

with hopping-type transport and increasing charge mobilities [43]. 

 

1.4 │ Electronic phenomena at hybrid interfaces 

 Interfacial electronic structures are typically discussed in terms of a few key parameters, 

which are briefly defined here. The primary energetic reference for most measurements of 

interfacial energy levels is the vacuum level (Evac). This can be defined as the energy of an 

electron at rest at an infinite distance from the sample surface. By definition, this is a universal 

standard. However, infinite separation of electrons from a surface is not experimentally feasible. 

As a result, the surface vacuum level, defined as the energy of an electron at rest just above a 

surface, becomes the relevant parameter. It is important to note that both the universal and the 

surface vacuum levels are typically abbreviated as Evac for simplicity, a trend which will be 

followed in this dissertation. Generally, Evac will refer to the more experimentally relevant 

surface vacuum level rather than the vacuum level at infinity. 

 When considering hybrid semiconductor interfaces, the energy levels of interest are the 

conduction band (CB) and valence band (VB) of the inorganic semiconductor, plus the 

analogous lowest unoccupied molecular orbital (LUMO) and highest occupied molecular orbital 

(HOMO) of the organic semiconductor. The energy separation between the unoccupied states 

(CB, LUMO) and Evac is given as the electron affinity (EA). The energy difference between the 

occupied states (VB, HOMO) and Evac is defined by the ionization energy (IE). Since the Fermi 

energy (EF) demarcates the boundary between occupied and unoccupied states, the energy 
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separation between EF and Evac represents the minimum amount of energy required to eject an 

electron from the surface, a quantity known as the workfunction (Φ). For metals, Φ is equivalent 

to the IE, but this does not hold for semiconductors. Because of the high doping density for 

inorganic semiconductors, EF and Φ are usually well defined. In contrast, organic 

semiconductors do not generally have significant dopant populations, which means that the exact 

position of EF between the HOMO and LUMO is usually ill-defined. By convention, it is often 

taken to be the midpoint of the bandgap. A summary of these parameters is given in Figure 1-3. 

 

Figure 1-3: Summary of relevant parameters for the electronic structure of surfaces and interfaces 

 

 

 When an interface between two materials is established, a variety of electronic and 

chemical phenomena can occur. In general, these can be divided into two broad categories: 

interface dipole (ID) effects, which are confined to the immediate interfacial region, and band 

bending (BB) effects, which extend into one or both of the materials. Both of these types of 

interactions can significantly alter the electronic structure of the interface, as will be seen in 
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subsequent chapters of this dissertation. Only a brief introduction to each phenomenon is given 

here. 

 

1.4.1 │ Interface dipoles 

 An interface dipole consists of any electrostatic potential offset at an interface. This can 

be caused by a variety of factors, including charge transfer across the interface, electron 

redistribution, chemical reactions, permanent molecular dipoles, polarization of electron density, 

rearrangement of surface structure, and interactions with surface states [6–8,20,45]. Any 

phenomenon that gives rise to a rearrangement of electronic charge at the interfacial region will 

give rise to an interface dipole, and the resultant interfacial electric field will also produce an 

offset in the surface vacuum level [7,8,20], as illustrated in Figure 1-4. 

 

Figure 1-4: Interface dipole and resultant vacuum level offset at a hybrid semiconductor interface 
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energies and workfunctions when studying the electronic structure of interfaces [22]. However, 

the ionization energy is an ensemble measurement, revealing only the energy required to remove 

an electron from the highest lying energy level, i.e. the valence band or HOMO. Defect and 

dopant sites within semiconductors have a density of states (DOS) within the bandgap of the 

semiconductor [23]. These states are not typically captured by the measured ionization energy of 

a material as they are often too scarce to be directly detected. Thus, gap states can lead to the 

unexpected charge transfer and interface dipoles that are the subject of this dissertation [46,47]. 

Critically, these defect-induced phenomena arise despite only small degrees of charge 

rearrangement [48], which is why a full understanding of their effects has been difficult to 

achieve so far. 

 

1.4.2 │ Band bending 

 Band bending (BB) refers to the internal rearrangement of mobile charge carriers near the 

surface/interface of a material in response to an applied field or surface DOS. Notably, BB does 

not occur within metallic conductors, as electric fields are immediately screened at the surface. It 

is strictly a semiconductor or insulator phenomenon, where the low number of mobile charges 

leads to weak charge screening. Because of this weak screening, BB can extend up to many 

microns in depth for some materials. The exact depth to which BB penetrates is governed by the 

number of mobile charge carriers within the semiconductor; a greater number of charge carriers 

will screen any developing electric field more quickly, reducing the penetration. 

 The extent of BB can be described quantitatively by solving the Poisson equation for a 

simple planar surface. The electric field to be screened is modeled as an infinite 2D sheet, held at 

an electrostatic potential 𝜑𝑠. The semiconductor is treated as a large collection of mobile charge 
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carriers with equal concentrations of positive and negative charges within the bulk (𝑛+
𝑏 =

𝑛−
𝑏 = 𝑛𝑏𝑢𝑙𝑘). Finally, at some large separation from the charged sheet, the electrostatic potential 

within the semiconductor 𝜑𝑠 is set to 0. The Poisson equation can thus be written as: 

 

𝜕2𝛿𝜑(𝑥)

𝜕2𝑥
= −

4𝜋

휀
𝛿𝜌(𝑥) (1-34) 

 

where 𝛿𝜌(𝑥) is the charge distribution within the model semiconductor at distance 𝑥 from the 

charged sheet. This charge distribution is defined as the concentration of the excess mobile 

charge carriers at position 𝑥: 

𝛿𝜌(𝑥) = 𝑛+(𝑥)𝑞 + 𝑛−(𝑥)(−𝑞) (1-35) 

where 𝑞 is the elementary charge. We can express 𝑛+(𝑥) and 𝑛−(𝑥) in terms of 𝑛𝑏𝑢𝑙𝑘 by using 

the statistical thermodynamics relationship expressed in Equations 1-15 and 1-16, substituting 

the potential energy gradient 𝛿𝜑 for the energy term. This simplifies the charge distribution to:  

𝛿𝜌(𝑥) = −
2𝑛𝑏𝑢𝑙𝑘𝑞2

𝑘𝑇
 𝛿𝜑(𝑥) (1-36) 

Substituting this expression for 𝛿𝜌(𝑥) back into Equation 1-34, we obtain: 

𝜕2𝛿𝜑(𝑥)

𝜕2𝑥
= −

8𝜋𝑞2𝑛𝑏𝑢𝑙𝑘

휀𝑘𝑇
𝛿𝜑(𝑥) (1-37) 

Given the boundary conditions established for the model, this differential equation can be easily 

solved for 𝜑(𝑥): 

𝜑(𝑥) = 𝜑𝑠𝑒
−
𝑥
𝐿  

𝐿 = √
휀𝑘𝑇

8𝜋𝑞2𝑛𝑏𝑢𝑙𝑘
 

(1-38) 
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As can be seen, the electrostatic potential decays exponentially due to the screening action of the 

mobile charge carriers within the semiconductor. The characteristic length scale 𝐿 over which 

this screening occurs is determined by the concentration of mobile charge carriers, which in real 

systems is typically taken to be the density of dopants. 

 As is apparent from the model presented above, BB is insensitive to the nature or origin 

of the electric field. Any incident electric field will evoke a response from the mobile charge 

carriers, altering the potential distribution within the semiconductor. Thus, BB can be induced by 

e.g. stray electric fields, permanently charged molecular species at the interface, trapped charges, 

and surface states that have accepted charges. However, if the thickness of the semiconductor is 

significantly smaller than 𝐿𝐷, the bands within the semiconductor will be shifted in energy but 

approximately flat. Qualitatively, this corresponds to there being an insufficient number of 

mobile charge carriers to effectively screen the electric field. Since the organic semiconductors 

studied in this dissertation are limited to thin films that are only a few nanometers in thickness, 

BB is only observed within the inorganic side of the hybrid interface. 

 

1.5 │ Interfacial processes within organic photovoltaics 

 In order to provide context for some of the phenomena discussed in this dissertation, I 

include here a brief description of the relevant interfacial process that occur within organic 

photovoltaic cells. The essential function of organic photovoltaic cells can be divided into five 

sequential steps. (1) A photon is absorbed by an organic molecule, creating a bound electron-

hole pair, or exciton. (2) The exciton diffuses to the interface between the donor and acceptor 

organic semiconductors. (3) Interfacial charge transfer splits the exciton into electron and hole 

charge carriers. (4) The charge carriers diffuse to opposite electrodes. (5) The charge carriers are 
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transferred from the organic molecule into the electrode, generating usable electrical current. 

Note that while all of these steps must occur for the organic photovoltaic cell to generate power, 

the scope of this dissertation is concerned primarily with the interfacial processes, i.e. steps (3) 

and (5). 

 Step (3), which I will refer to as charge separation, is unique to organic photovoltaic 

cells. In inorganic-based technologies, such as crystalline silicon cells, effective charge screening 

leads to very low binding energies for the exciton quasiparticles. As a result, excitons split into 

free electrons and holes almost immediately upon photon absorption. In contrast, organic 

semiconductors have very weak screening, so exciton binding energies tend to be on the order of 

~0.5 eV [49,50], much higher than 𝑘𝑇 at any relevant operating conditions. Thus, excitons in 

organic semiconductors must be split at an interface between two organic semiconductors, where 

the energy offset between the two phases can provide the driving force for dissociation [51]. 

Although the research presented in this dissertation is not directly concerned with the 

organic/organic semiconductor interface, many of the principles derived for the hybrid interface 

are likely to be applicable to organic thin films in general, provided the inorganic semiconductor 

has a low dielectric constant, as is the case for ZnO. 

 Step (5) is the extraction of charge carriers from the organic semiconductor active phase. 

Typically, at least one of the electrodes in an organic photovoltaic is composed of an inorganic 

semiconductor, such as a transparent conductive oxide that will transport charge while also 

transmitting light. Additionally, charge-selective interlayers are often incorporated into the 

electrode contacts in order to ensure unidirectional flow of charges. These important hybrid 

interfaces must accommodate rapid interfacial charge transfer and minimize the probability of 

charge recombination. This requires careful tuning of the energy level alignment and control 
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over the interfacial electronic structure. Reactive sites such as defects in either the organic or 

inorganic semiconductor can provide recombination sites that destroy charge carriers and 

negatively impact device efficiency. Weak electronic coupling across the interface can slow 

down charge transfer and contribute to efficiency losses, while strong electronic coupling can 

trap charge carriers near the interface, again leading to loss of efficiency. Thus, a delicate 

balance of interfacial electronic and chemical interactions must be attained in order to maximize 

the performance of these hybrid interfaces. How this might occur and the principles that drive 

these interactions is the subject of this dissertation. 

 

1.6 │ Experimental approach 

 The research presented in this dissertation primarily centers on interfaces involving two 

inorganic semiconductors: tin disulfide (SnS2) and zinc oxide (ZnO). SnS2 is part of a class of 

materials known as transition metal dichalcogenides (TMDs). TMDs grow in 2D sheets, which 

stack on top of each other to form 3D crystals. These crystals thus present atomically flat and 

chemically inert surfaces. My research takes advantage of these near-perfect semiconductor 

surfaces to carefully examine the subtle factors that influence the energy level alignment at 

hybrid semiconductor interfaces. ZnO is commonly used within organic photovoltaic cells as a 

charge-selective interlayer. It has been intensively studied, but a full description of its interfacial 

electronic properties has thus far remained elusive. Therefore, my research uses cutting-edge 

experimental techniques in novel ways to derive new physical insight into the properties of ZnO 

interfaces. In all cases, these experiments are designed to provide physical insight into 

semiconductor interfaces at the atomic level, thus enabling rational, predictive device 

optimization and design. 
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1.7 │ Thesis organization 

 In this chapter, a brief introduction to my research was provided. After discussing my 

motivations and goals, I described the basic principles regarding the electronic structure of 

organic and inorganic semiconductors as well as hybrid semiconductor interfaces. I concluded 

with a brief summary of my experimental approach. 

 In Chapter 2, I detail the experimental materials and methods used during my research. 

This includes a discussion of ultrahigh vacuum (UHV), description of sample preparation 

methods, and a brief introduction to the various forms of photoemission spectroscopy that I 

employed. 

 In Chapter 3, I characterize the hybrid interface between copper phthalocyanine (CuPc), a 

model organic semiconductor, and SnS2, demonstrating that SnS2 gap states control the 

interfacial energy level alignment. To fully characterize the subtle electronic interactions at this 

interface, I employ highly ordered pyrolytic graphite as a model layered substrate with no gap 

states. I thus begin the chapter with a short review of previous research efforts regarding the 

interface between phthalocyanines and layered materials. At the end of the chapter, I discuss the 

identity of the SnS2 gap states, concluding that sulfur vacancies are the most likely candidate. 

 In Chapter 4, I expand on my characterization of SnS2 gap states by showing that these 

states participate in dynamic charge trapping at the hybrid interface upon UV illumination. 

Trapping occurs due to interactions between SnS2 gap states and molecular HOMOs that are 

energetically isolated within the SnS2 bandgap. The resultant poor electronic coupling between 

surface charge traps and bulk SnS2 bands leads to very long lifetimes for trapped charges. These 
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results further demonstrate the importance of gap states in controlling the energy level alignment 

at hybrid interfaces. 

 In Chapter 5, I use angle-resolved photoemission spectroscopy (ARPES) to characterize 

the band structure of SnS2, probing both valence and conduction bands. In addition to shedding 

light on the electronic structure of transition metal dichalcogenides, the ARPES results also 

reveal the presence of defect-induced SnS2 states. Occupied and unoccupied states associated 

with both 0D and 1D defects are observed. Scanning probe microscopy measurements 

complement the ARPES experiments by directly revealing line defects at grain boundaries and 

step edges. These experiments provide insight into the nature and origin of electronically active 

defect states within inorganic semiconductors, even for the highly crystalline and inert surface of 

SnS2. 

 In Chapter 6, I begin my discussion of the second experimental system: thin-film ZnO 

and C60. I present a novel application of core-hole clock spectroscopy by which the ultrafast 

movement of electrons in the ZnO conduction band can be tracked. Critically, this enables direct 

analysis of the perturbative effect of hybrid interface formation on charge carrier behavior within 

an inorganic semiconductor. For the system under study, I show that interactions between the C60 

LUMO and the ZnO conduction band lead to strong charge trapping near the hybrid interface, 

slowing the rate of charge transfer within ZnO by two orders of magnitude. 

 In Chapter 7, I extend the methodology presented in Chapter 6 to the characterization of 

the ZnO surface as a function of surface treatment. Alteration of the surface preparation 

conditions dramatically changes the ultrafast behavior of charge carriers within the ZnO 

conduction band. The interfacial interactions with C60 are also strongly affected, which in turn 

changes the ZnO charge carrier behavior even further. Critically, the charge transfer times in the 
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near-interface region of ZnO are shown to correlate strongly with current densities through a 

simple C60/ZnO bilayer device, suggesting that charge transport in the near-interface region of 

ZnO may be a rate-limiting step with hybrid semiconductor devices. 

 In Chapter 8, I discuss a new application of two-photon photoemission spectroscopy 

(TPPE), the development of which was led by my collaborator Leah Kelly. The use of TPPE 

enables the exclusive interrogation of the ZnO bandgap region. In this way, a ZnO gap state is 

successfully detected. I discuss the interactions of this gap state with adsorbed C60, as well as its 

behavior upon thermal annealing of the ZnO thin film. By comparison to density functional 

theory calculations, the ZnO gap state is tentatively identified as arising from near-surface 

oxygen vacancies.  

 In Chapter 9, I provide a brief discussion regarding some of the potential commercial 

implications of my research. After some general descriptions regarding the business aspects of 

basic research, I discuss both short-term and long-term ways that my research could be 

commercialized. 

 In Chapter 10, I discuss the overall conclusions of the work presented in this dissertation, 

followed by a list of references. 
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Chapter 2 │ Materials and Methods 

2.1 │ Overview 

 The relevant electronic phenomenon for hybrid semiconductor interfaces are often 

dictated by the immediate interfacial region at the Angstrom (Å) scale. Direct experimental 

studies of such interfaces thus require exquisitely clean surfaces and highly sensitive and surface 

selective experimental techniques. Despite their difficulty, such direct studies are necessary to 

provide fundamental insight into the macroscopic performance of organic electronic devices.  

 One of the most common and powerful tools for the characterization of electronic 

interfaces is photoemission spectroscopy (PES), a broad class of surface-sensitive techniques 

based on the photoemission of electrons from a sample. The specific manifestations of PES 

employed in this dissertation will be discussed in more detail in the following sections. However, 

nearly all of these techniques rely on the measurement of electron kinetic energy. This 

measurement necessitates long mean free paths of the free electrons, and so must be performed 

in ultrahigh vacuum (UHV) to eliminate collisions between electrons and gas molecules. 

Importantly, isolating samples in ultrahigh vacuum also enables the preparation and preservation 

of clean sample surfaces. 

 In this chapter, the benefits of working in ultrahigh vacuum will therefore be explained in 

more detail. Then, the sample preparation procedures will be described. Finally, a brief 

description of the photoemission techniques employed in this dissertation will be provided. 

  

2.2 │ Ultrahigh vacuum considerations 

 In general, PES relies on the direct detection of photoelectrons that are emitted following 

optical excitation of a sample. Discrimination based on electron kinetic energy is accomplished 
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through electrostatic optics, where photoelectrons of a select energy are focused onto the 

detector. The photoelectrons must therefore travel through space for distances on the order of 

meters. As was first (unknowingly) observed by Crookes [52], the distance traveled by such free 

electrons becomes appreciable only under vacuum conditions. This is because collisions with gas 

molecules scatter the electrons, destroying the information contained within their kinetic energy 

vectors. If we model the particles under consideration as simple spheres, the mean free path 𝜆𝑃 

can be expressed as a function of pressure 𝑃: 

𝜆𝑃 =
1

√2

𝑘𝑇

𝑃𝜎
 (2-1) 

where 𝜎 is the collision cross-section. At standard conditions, 𝜆𝑃 is on the order of 10-8 m. Under 

UHV conditions, where the pressure can be as low as 10-12 Torr, 𝜆𝑃 can exceed tens of thousands 

of kilometers. This ensures that essentially no electrons are scattered due to collisions with gas 

molecules. 

 At the same time, the extremely low concentration of gaseous molecules under UHV 

conditions enables sample surfaces to be kept clean. This is critically important, as surface 

contamination can profoundly alter the measured electronic structure of a surface or interface. 

Additionally, the limited escape depth of photoelectrons, which gives rise to the surface 

sensitivity of PES, means that even a monolayer of undesired surface adsorbates can greatly 

attenuate the measured signal. 

 To illustrate the rapidity with which a sample surface can become contaminated under 

atmospheric conditions, we can calculate the flux 𝐹 of gaseous particles per unit time per unit 

area as: 

𝐹 =
𝑃

√2𝜋𝑘𝑇𝑚
 (2-2) 
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where 𝑚 is the particle mass. The rate of surface contamination is simply this flux multiplied by 

a sticking coefficient, which has a value between 0 and 1. This coefficient represents the 

probability that an incident particle will remain stuck to the surface. Assuming a sticking 

coefficient of 1 for the sake of simplicity, a full monolayer of approximately 1019 particles/m2 

will form in only 3 nanoseconds at atmospheric pressure. Even under modest vacuum conditions 

of 10-6 Torr, it still requires only about 2 seconds to form a complete adsorbate monolayer. Thus, 

to perform time-consuming measurements of surface electronic structure, it is necessary to 

operate under UHV conditions, where predicted monolayer formation times can exceed 3 weeks. 

This ensures that surfaces remain clean and free of contaminants for the duration of the 

experiments. 

  

2.3 │ Sample preparation 

2.3.1│ Tin disulfide 

 The tin disulfide (SnS2) samples used in this research were generously provided by the 

research group of Dr. Bruce Parkinson. The crystals were grown via the Bridgman method and 

doped with SnCl2 [53]. For all samples presented in this dissertation, the carrier concentration 

was determined to be 2.3(1)·1017 cm-3 by the van der Pauw method [53]. Immediately before 

introduction into UHV, the SnS2 crystals were cleaved with cellophane tape in order to expose a 

fresh sample surface. The samples were loaded into a UHV loadlock with a base pressure of 

1·10-9 Torr. They were then introduced into the photoelectron spectrometer, equipped with an 

integrated sample heater. To remove surface contaminants, the samples were degassed and 

cleaned by holding the sample at ~250°C for approximately 12 hours. At temperatures greater 

than 300°C, the S atoms were observed to sublime, leaving behind metallic tin. These metallic 
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Sn islands were easily observed by the naked eye and created new features in the PE spectra. 

Under normal cleaning procedures, no trace of metallic Sn was observable. 

 SnS2 sample cleanliness was confirmed by PES measurements, as shown in Figure 2-1. 

In x-ray photoemission (XPS), negligible contamination from carbon and oxygen is observed on 

the properly prepared surface, indicating that few adsorbates are present on the surface. In 

ultraviolet photoemission spectroscopy, sample cleanliness can be confirmed by measurement of 

the workfunction and observed peaks. For the SnS2 samples studied here, clean surfaces yielded 

workfunctions of about 5.2 eV, while the workfunction for dirty surfaces ranged from 4.6 to 5.0 

eV. However, the most reliable indicator of sample cleanliness was the intensity of the peaks in 

the middle of the UP spectra, seen in Figure 2-2. Contaminated samples (black line) display 

intense peaks in the middle of the spectra. When the surface is properly cleaned, the intensity of 

these peaks is greatly attenuated (grey line), and the peaks for the S 3s and S 3p bands are clear. 

 

Figure 2-1: X-ray photoemission survey spectrum of clean SnS2 
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Figure 2-2: Comparison of ultraviolet photoemission spectra for dirty SnS2 and clean SnS2, annealed at 

250°C. 
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bandgap means that there are no electronically active gap states. Additionally, molecular growth 
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annealed with an integrated sample heater at ~450°C for approximately 12 hours. Sample 

cleanliness was confirmed by UPS measurement of the workfunction, with a target workfunction 

of 4.45 eV. 

 

2.3.3│ Zinc oxide 

 The zinc oxide (ZnO) samples studied in this dissertation consisted of highly conductive 

thin semiconductor films, with doping densities near the degenerate doping limit [58]. Although 

many fundamental studies have been performed on single-crystal ZnO substrates, these highly 

ordered crystals are not used within real organic electronic devices. Since the goal of this 

research was to provide fundamental insight into the electronic character of technologically 

relevant materials, I focus exclusively on thin-film ZnO. 

 To improve sample conductivity, an ultra-smooth base layer of indium-zinc oxide (IZO) 

(RMS roughness = 0.2 nm) was first deposited via RF-magnetron sputtering onto clean glass 

substrates. ZnO was then deposited by plasma-enhanced atomic layer deposition (peALD) at 

100°C and 0.4 Torr. Diethyl zinc was used as the peALD precursor, while an oxygen plasma at 

300 W RF power supplied the oxygen component. 200 alternating cycles yielded approximately 

20 nm thick polycrystalline films, presenting both (100) and (002) crystal faces, as measured by 

researchers at the National Renewable Energy Laboratory [59]. 

 To modify the surface electronic structure of the ZnO samples, systematically different 

cleaning protocols were employed after introducing the samples into UHV. Primarily, this 

consisted of different Ar+ sputtering conditions. As a control, some samples were not subjected 

to any Ar+ sputtering; these samples are referred to as unsputtered. A second set of samples was 

cleaned via mild sputtering at ion energies of 500 eV, with typical sample currents of about 0.4 
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µA/cm2. These samples are referred to as light-sputtered. Finally, the last set of samples was 

subjected to Ar+ energies of 1 keV, typically yielding sample currents of 10 µA/cm2. These 

samples are referred to as hard-sputtered. Both types of sputter treatment lasted for 45 minutes, 

and both yielded surfaces with no detectable carbon contamination in XPS. Additionally, some 

samples were subject to mild annealing, which will be discussed in Chapter 8. 

 

2.3.4│ Molecular films 

 Results from four different organic semiconductors are presented in this dissertation: 

copper phthalocyanine (CuPc), vanadyl naphthalocyanine (VONc), chloro-boron 

subphthalocyanine (ClB-SubPc), and fullerene (C60). The molecular structures of the three 

phthalocyanines are given in Figure 2-3. Note that CuPc and C60 are nonpolar molecules, while 

VONc and ClB-SubPc have a permanent dipole moment. C60 was purchased from MER Corp. 

and triply purified via gradient sublimation. CuPc, VONc, and ClB-SubPc were all purchased 

from Sigma Aldrich. CuPc and ClB-SubPc were also triply purified via gradient sublimation, but 

VONc decomposed under gradient sublimation conditions and was used without further 

purification. 
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Figure 2-3: Molecular structures for CuPc, VONc, and ClB-SubPc 

 

 

 All molecular films were prepared in UHV (base pressure 1·10-9 Torr) by thermal 

evaporation from home-built Knudsen cells, then transferred directly into the analyzer chamber. 

Separate cells for each molecule were used to avoid contamination. Additionally, the cells were 

first baked at 150°C, and then further degassed by ramping up to the sublimation temperature 

over the course of several hours. Finally, the cells were held at the sublimation temperature of 

the molecule for 30 minutes prior to deposition to establish a constant deposition rate. The rate 

was monitored by a quartz crystal microbalance and calibrated against known thicknesses of 

molecules on HOPG. 
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2.4 │ Photoemission spectroscopies 

 In general, photoemission spectroscopy (PES) is based on the photoelectric effect, first 

explained by Einstein [60]. Essentially, the photoelectric effect occurs when any material 

interacts with photons that have an energy greater than its workfunction. If the photon energy is 

transferred to a single electron, that electron can escape into vacuum and be emitted as a 

photoelectron. Due to the conservation of energy and momentum, the momentum and energy of 

this free photoelectron are related to initial state energy and momentum by the energy of the 

photon that was absorbed. Thus, photoemission spectroscopy consists of measurements of 

photoelectron momentum (or kinetic energy), which can be translated into a picture of the 

material’s electronic structure. 

 Since PES techniques rely on the emission of photoelectrons, the probing depth for these 

measurements are dictated by the inelastic mean free path (IMFP) of electrons within the sample 

material. Although the IMFP does vary somewhat for different solids, it is well described by a 

“universal curve” of IMFP as a function of electron kinetic energy [61], as shown in Figure 2-4. 

Thus, the surface sensitivity of any PES technique can be estimated from the photoelectron 

kinetic energy. In general, IMFP values for x-ray-based techniques will be approximately one or 

two nanometers, and photoelectrons produced by ultraviolet radiation will have IMFP values of 

two or three angstroms. Since IMFP is an average path length, however, there will be 

photoelectrons emitted from deeper within the sample, though a large fraction will be lost due to 

scattering events in the solid. 
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Figure 2-4: The universal curve of electron inelastic mean free path in nanometers (abbreviated as λn) as 

a function of electron kinetic energy [61]. 

 

 The fundamental concept of photoemission spectroscopy is therefore quite simple. As a 

result, multiple varieties of photoemission spectroscopy have been developed, typically based in 

different photon energy regimes. The research presented in this dissertation utilizes a number of 

these techniques. Thus, a brief qualitative description of each specific type of photoemission 

spectroscopy will be provided for the sake of clarity and understanding. A thorough theoretical 

treatment of the process of photoemission is provided in Nahid Ilyas’ dissertation [62] and by 

Hüfner [63]. 
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2.4.1│ X-ray photoemission spectroscopy 

 When X-ray photons are used as the excitation source for PES, the technique is generally 

referred to as X-ray photoemission spectroscopy (XPS), although it is sometimes termed electron 

spectroscopy for chemical analysis (ESCA). Because of the high photon energies involved, XPS 

is typically used to study core electrons, with binding energies ranging from 100 to 1500 eV 

below the Fermi level. From the universal curve, the IMFP for these photoelectrons is 

approximately 2-3 nm, although attenuated signals from depths up to 10 nm may still be 

observed. This makes XPS a surface sensitive technique, although techniques that analyze 

electrons with kinetic energies of about 20 eV are even more surface sensitive. 

 Since the binding energies of core electrons are unique for each element, XPS is a 

powerful tool for elemental analysis, and is capable of detecting all elements except hydrogen 

and helium [64]. XPS can be used quantitatively with proper calibration, although its limit of 

detection is limited to about the part-per-hundred level. 

 Perhaps most importantly, however, the binding energy of the measured core levels is 

sensitive to the chemical environment of the host atom. For example, photoemission peaks from 

the Sn(IV) atoms within SnS2 are significantly shifted with respect to the binding energies for 

metallic Sn(0) peaks. Thus, XPS can provide valuable information regarding both the elemental 

and chemical composition of a variety of sample surfaces, making it an extremely useful 

analytical technique. Indeed, Kai Siegbahn of Uppsala University won the 1981 Nobel Prize in 

Physics for his development of XPS [65].  
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2.4.2│ Ultraviolet photoemission spectroscopy 

 Ultraviolet photoemission spectroscopy (UPS) can be used to refer to a broad range of 

photoexcitation energies, from approximately 10 to 40 eV. However, helium discharge lamps are 

the most commonly used photon source. Under most conditions, the HeIα transition (21.22 eV) 

is the primary source of photons, although in certain situations the photon flux from the HeIIα 

line (40.8 eV) can be used as well. UPS is therefore the most surface sensitive PES technique, as 

the photoelectron energies fall almost exactly at the minima of the universal IMFP curve. 

 Because of the narrowness of the PE spectra, UPS is not well-suited for elemental 

analysis. However, UPS yields much higher spectral resolution than can be achieved by 

XPS [63]. This enables detailed studies of the valence band electronic structure. To illustrate 

this, Figure 2-4 shows an example UP spectra acquired for the Cu(111) surface. As can be seen, 

the spectral resolution is quite good, enabling observation of the individual d bands of the Cu 

crystal. The Fermi energy (EF) is determined from the kinetic energy of the fastest 

photoelectrons. The secondary electron cutoff energy (ESECO) is determined by the photons with 

nominally zero kinetic energy that have only just barely reached Evac. Since it is impossible to 

collect an electron with zero kinetic energy, a negative bias voltage is usually applied to samples 

for UPS studies in order to accelerate slow electrons. The spectral width (EF-ESECO) is therefore 

equal to the difference between the incident photon energy and the sample workfunction. Since 

the photon energy is known, sample workfunctions can easily be measured by comparing ESECO 

and EF. In practice, the Fermi energy of the sample is equilibrated with the Fermi energy of the 

photoelectron analyzer, so that the sample EF remains at a constant kinetic energy, and the 

position of ESECO changes based on the workfunction. 
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Figure 2-5: Example ultraviolet photoemission spectrum of the Cu(111) surface. (*) indicates a satellite 

peak corresponding to HeIβ excitation of the Cu d-bands. 

 

 

 In this dissertation, UPS is employed to carefully study small shifts in the valence band 

electronic structure at hybrid semiconductor interfaces. Specifically, changes in peak position 

and workfunction upon the adsorption of organic molecules on an inorganic substrate provide 

fundamental insight into the electronic interactions at that interface. These spectral changes 

correspond directly to the development of band bending and interface dipoles, discussed in 

Chapter 1. 

 

2.4.3│ Inverse photoemission spectroscopy 

 Inverse photoemission spectroscopy (IPES) is unique among the PES techniques because 

it is not based on the photoelectric effect. In place of photoexcitation, a beam of low-energy 
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electrons is used to probe the sample surface. These free electrons are above the surface vacuum 

level, so they can transition into an unoccupied state within the sample, releasing the excess 

energy in the form of a photon. By measuring the energy of the released photon, the energy 

difference between Evac and the unoccupied state can be calculated. This process is the inverse of 

the normal photoelectric effect, giving rise to the term IPES, although no photoemission occurs. 

 Because IPES probes the manifold of unoccupied levels within a few eV of the Fermi 

energy, it is a useful complement to UPS, which is limited to analysis of occupied levels. Thus, a 

combination of UPS and IPES can be used to measure the complete electronic structure of the 

states involved in charge transport, as illustrated in Figure 2-6. In practice, however, IPES is 

limited by poor spectral resolution, rendering accurate mapping of conduction band and LUMO 

problematic.  

 

Figure 2-6: Summary of UPS and IPES techniques 
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2.4.4│ Two-photon photoemission spectroscopy 

 Two-photon photoemission spectroscopy (TPPE) is unique in that it simultaneously 

probes both occupied and unoccupied electronic states. This is achieved by using a high intensity 

pulsed laser as the photoexcitation source. Several excitation pathways are thus made accessible, 

as illustrated in Figure 2-7.  

 
Figure 2-7: Different two-photon photoemission excitation mechanisms. 

 

 

 The simplest pathway is that of coherent photoemission from an occupied state. Here, an 

electron is promoted above the vacuum level by the simultaneous absorption of two photons, 

transitioning through a virtual intermediate state. Although a non-linear process, this pathway is 

functionally the same as the direct photoemission processes discussed for UPS and XPS. 

Notably, a change in the excitation photon energy of ∆𝐸 will produce a change in photoelectron 

kinetic energy of 2∆𝐸. 
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 If the incident photon is resonant with a transition between an occupied and an 

unoccupied energy level, two different excitation mechanisms can occur: direct intermediate and 

indirect intermediate two-photon photoemission. Although direct intermediate two-photon 

photoemission is typically referred to as direct resonant, I have chosen my terminology to avoid 

confusion with the technique of (x-ray) resonant photoemission that is discussed below in section 

2.4.6. For both of these pathways, the photoemission process occurs via an intermediate state 

with a finite lifetime. The first photon excites the system to an excited state, then the second 

photon photoionizes the system. Direct intermediate photoemission occurs through a single 

intermediate state. For indirect intermediate photoemission, the only difference is that electronic 

relaxation takes places between absorption of the two photons. Both processes primarily probe 

the character of the unoccupied intermediate state. Since these pathways occur through an 

intermediate state of fixed energy, a change in the photon energy of ∆𝐸 will yield a change in 

photoelectron kinetic energy of ∆𝐸. Thus, occupied and unoccupied states can be distinguished 

from each other in TPPE by tracking peak energies as a function of photon energy. 

 The final photoemission mechanism is indirect final state photoemission. After excitation 

above the vacuum level into a transiently bound resonance, the excited electron quickly relaxes 

in energy to a final state of fixed energy. Photoemission does not occur until after this relaxation, 

so the kinetic energy of the photoelectron shows no dependence on the incident photon energy. 

No indirect final state photoemission was observed in this research, though it is important to 

consider final state effects for all photoemission processes, as these can have a significant 

influence on the photoemission spectra. 
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2.4.5│ Angle-resolved photoemission spectroscopy 

 As described in Section 1.2.2, the band structure of an electron within a crystalline solid 

can be described as a nearly free electron. The kinetic energy of this electron as a function of 

electron momentum 𝑘 is therefore a parabola in a large part of the Brillouin zone: 

𝐸𝑘𝑖𝑛(𝑘) =
ħ2𝑘2

2𝑚∗
 (2-3) 

where 𝑚∗ is the effective mass of the electron. The process of photoemission from a surface 

alters the electron momentum perpendicular to the surface 𝑘⏊. However, the momentum 

component parallel to the surface 𝑘// is preserved. Since the momentum of the absorbed photon 

is insignificant, the kinetic energy vector of the emitted photoelectron parallel to the surface is 

equal to the 𝑘// of the electron’s initial state. After solving for 𝑘 in Equation 2-3, 𝑘// can be 

derived from simple geometric considerations as: 

𝑘 =
√2𝑚∗𝐸𝑘𝑖𝑛

ħ
=

𝑘//

sin (𝜃)
 (2-4) 

where 𝜃 is the takeoff angle of the emitted photoelectron, as illustrated in Figure 2-8. By 

measuring the total kinetic energy of the photoelectron and its takeoff angle from the surface, the 

value of 𝑘// can be calculated using Equation 2-4. From this, the effective mass and the band 

structure may be derived from a plot of 𝐸𝑘𝑖𝑛(𝑘//) using the equation: 

𝐸𝑘𝑖𝑛(𝑘//) = 𝐸𝑘𝑖𝑛(0) +
ħ2𝑘//

2

2𝑚∗
 (2-5) 

where 𝐸𝑘𝑖𝑛(0) is the perpendicular component of the kinetic energy.  
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Figure 2-8: Illustration of angle-dependent photoemission based on initial state 𝑘// (A) immediately 

before photoemission and (B) immediately after photoemission 

 

 

 To summarize, the band structure of a material may be measured via angle-resolved 

photoemission spectroscopy (ARPES) because the takeoff angle of the photoelectron is 

determined by the initial state 𝑘// of the electron. In this research ARPES is used to plot the band 

structure of SnS2, using both angle-resolved ultraviolet photoemission spectroscopy (ARUPS) 

and angle-resolved two-photon photoemission spectroscopy (AR-TPPE). 
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 Resonant photoemission spectroscopy (RPES) is a synchrotron-based technique where 

the incident photon energy is scanned across an x-ray absorption edge. The resonant absorption 

of the x-ray photon promotes a core electron into an unoccupied level, leaving behind a core-

hole. This highly excited state decays within a few femtoseconds [66]. There are several possible 
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resonant photoemission [67,68]. Each of these decay channels produces independent signals that 

can be experimentally separated. In this dissertation, I focus exclusively on the resonant 

photoemission process. This decay channel provides the greatest insight into the electronic 

structure and physics of the charge transport levels in the interfacial region. X-ray fluorescence 

measurements are more commonly used for probing bulk properties, while resonant Auger decay 

provides convoluted spectra that can be difficult to interpret in terms of electronic structure. 

 Resonant photoemission is an Auger-like decay process whereby the excitation energy 

from the absorbed x-ray photon is released in the form of a photoelectron. As illustrated in 

Figure 2-9, this can be described as the relaxation of the excited core electron back down into the 

core-hole, ejecting an electron from an occupied state to carry away the excess energy. Since the 

excited core electron participates in the core-hole decay, this process is also termed “participator 

decay.” The final state of this process is identical to that of direct photoemission from that same 

occupied state. This results in resonant enhancement of the measured photoemission when the 

incident x-rays are resonant with a core level absorption transition. Thus, RPES can provide 

useful information regarding the strength of electronic coupling between different energy levels 

and atoms within a multi-element system. 
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Figure 2-9: Comparison of (A) participator decay in resonant photoemission with (B) direct 

photoemission, illustrating (C) the common final state 

 

 

2.4.7│ Core-hole clock spectroscopy 

 Core-hole clock spectroscopy (CHC) is an extension of RPES with attosecond time 

resolution, making it a much more powerful technique. As can be seen in Figure 2-9 above, the 

participator decay process requires the excited core electron to remain electronically coupled 

with the core-hole. Thus, this decay path is only likely if there is significant overlap between 

core-hole and the excited electron wavefunction, i.e. if the excited core electron is localized in 

the vicinity of the core-hole during the core-hole lifetime. Any process that removes the excited 
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core electron from the core-hole neighborhood before the core-hole decays, such as charge 

transfer or delocalization, will suppress resonant photoemission, resulting in a measurable 

decrease in photoemission intensity. This competition between decay channels is illustrated in 

Figure 2-10. Since the core-hole lifetime is largely independent of the surrounding environment, 

the core-hole decay processes can be used to “clock” the ultrafast delocalization of the excited 

core electron on a timescale ranging from hundreds of attoseconds to a few tens of femtoseconds 

by monitoring the intensity of participator decay [69]. 

 

Figure 2-10: Illustration of core-hole clock spectroscopy. (A) Photon absorption with two competing 

decay processes: delocalization into a continuum of states and participator decay. (B) Final state 

following delocalization, where participator decay has been blocked. (C) Final state following participator 

decay, identical to the final state for direct valence band photoemission. 
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Chapter 3 │ Gap States and Energy Level Alignment at Hybrid Interfaces 

3.1 │ Introduction 

 As was discussed in Chapter 1, the energy level alignment at organic semiconductor 

interfaces is a critical factor in determining the performance of organic optoelectronic devices. 

These interfaces are electronically complex, with many elements that influence the energy level 

alignment [26,45,70]. A predictive and quantitative understanding of these interfaces has 

remained elusive, despite a great deal of progress in elucidating and modeling the electronic 

structure of organic thin films. As was also mentioned in Chapter 1, the existence of states within 

the bandgap of organic semiconductors has been demonstrated to play an important role in the 

optimization of charge injection or extraction barriers. In this chapter, I extend this 

understanding of the importance of gap states to the heterointerface between organic and 

inorganic semiconductors. Specifically, I show how gap states in the inorganic semiconductor 

can develop a noticeable influence on the interfacial energy level alignment, often in ways that 

are not expected from current models for organic/metal interfaces.  

 This work was motivated by the findings of several research groups that explored the 

effect of organic semiconductor gap states on interfacial energy level alignment [23,27,47]. 

Since gap states are known to be ubiquitous in inorganic semiconductors [29], it follows that 

these states might also play an active role in establishing the energy level alignment. However, 

unlike organic semiconductors, inorganic materials typically have a well-defined Fermi edge due 

to appreciable doping concentrations and strong lattice site to lattice site coupling, which may 

account for some aspects of the electronic activity of gap states. It is therefore an open question 

to what extent inorganic semiconductor gap states have an effect on the interfacial energy level 

alignment with organic thin films. 
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 To answer this question, I chose to carefully compare the interfaces developed by the 

prototypical organic semiconductor copper phthalocyanine (CuPc) on the quasi-2D layered 

materials tin disulfide (SnS2) and highly ordered pyrolytic graphite (HOPG). These substrates are 

structurally related, but exhibit fundamentally different electronic structure near the Fermi level, 

ideally suited to highlight the influence of substrate gap states on energy level alignment. The 

electronic structure of the CuPc/HOPG interface has also been extensively characterized by 

Ueno and coworkers [22,71–74], enhancing its usefulness as a reference system.  

 This chapter is organized as follows. To provide context for the experimental findings, 

Section 3.2 reviews past progress in describing the interface between phthalocyanines and 

layered materials. Section 3.3 describes the experimental design and methods. Section 3.4 

presents the results for the interfacial electronic structure of CuPc/HOPG and CuPc/SnS2 as a 

function of molecular coverage. Section 3.5 discusses the origins of the different interfacial 

phenomena observed for the two systems, which can only be sufficiently explained by a finite 

density of gap states in the substrate. Finally, Section 3.6 provides some conclusions regarding 

gap states at hybrid semiconductor interfaces. In brief, this chapter explores how substrate gap 

states affect the energy level alignment at hybrid interfaces. In Chapter 4, I show that these gap 

states lead to dynamic shifts in energy level alignment at the organic/SnS2 interface, and their 

importance in determining ultrafast charge carrier behavior is the subject of several subsequent 

chapters. Substrate gap states are therefore integral to a complete understanding of the electronic 

structure of hybrid semiconductor interfaces, exerting a significant influence on energy level 

alignment, temporal stability, and charge carrier behavior.  
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3.2 │ Phthalocyanine thin films on layered materials 

 Taking advantage of the atomically flat surface that is presented by layered materials, 

most research on the interface between molecules and layered materials, such as HOPG and the 

transition metal dichalcogenides (TMDs), has focused primarily on the structure of the molecular 

film. The weak van der Waals forces at this interface are expected to exert little influence on the 

molecular film structure, thus enabling detailed analysis of the organic thin film. Therefore, early 

studies focused on the molecular packing geometry of various phthalocyanines on molybdenum 

disulfide (MoS2) and tin disulfide (SnS2), using techniques such as angle-resolved ultraviolet 

photoemission spectroscopy (ARUPS) and low-energy electron diffraction (LEED) [75–79]. 

These studies provided detailed insight into the growth mode of phthalocyanines on van der 

Waals surfaces. 

 Although the experiments with TMD surfaces provided valuable structural information, 

large workfunction drops were observed upon the deposition of phthalocyanines [80,81]. Such 

interface dipoles strongly perturbed the interfacial electronic structure and potentially hindered 

analysis of more subtle effects that still played important roles at the interface. In contrast, 

HOPG was demonstrated to provide an electronically inert surface, yielding minimal 

perturbation to the workfunction upon phthalocyanine deposition. This enabled the observation 

of very narrow ultraviolet photoemission peak widths for the CuPc HOMO, providing hole 

lifetime and mobility estimates from the observed linewidths [71]. Furthermore, extrinsic control 

over the interfacial electronic structure was demonstrated by the deposition of an ordered layer of 

the polar titanyl phthalocyanine (TiOPc). This creates a uniform electrostatic dipole at the HOPG 

surface and induces a vacuum level offset that exactly mimics an interface dipole [22,72]. 
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 Further experiments continued to reveal the importance of molecular film structure and 

bandgap states in determining interfacial energy level alignment. For CuPc/HOPG, a CuPc phase 

change was observed at 130 K, which led to altered electronic structure at the interface [73]. 

Similarly, defects in molecular packing at the pentacene/HOPG interface were demonstrated to 

control the energy level alignment by perturbing the molecular HOMO level, which results in 

altered Fermi level pinning [25]. Finally, Ueno and coworkers demonstrated the reversible 

creation of gap states in the organic film via exposure to inert gas, which penetrates and alters the 

molecular film structure [23,24,46]. These experiments all established that the energy level 

alignment is often controlled by a relatively small density of states (DOS) in the organic thin 

film. This density of gap states (DOGS) pins the molecular states to the Fermi energy. The 

DOGS is typically quite small and challenging to detect. As a result, it is often difficult to predict 

and thus dictate Fermi level pinning. Full control over interfacial energy level alignment has thus 

remained elusive. 

 The importance of electronic states within the bandgap of organic semiconductors 

suggests that gap states may also be relevant for inorganic semiconductor interfaces. This 

supposition is experimentally supported even for the quasi-2D transition metal dichalcogenides 

(TMDs) that present atomically flat and inert surfaces. Hydrogen and lead phthalocyanines 

(H2Pc and PbPc) both create significant interface dipoles when deposited on MoS2 [80,81], 

despite the fact that the ionization energy of these molecules is in excess of the substrate 

workfunction. This implies the existence of strong interfacial interactions, conflicting with the 

presumed low DOS in the MoS2 bandgap. Furthermore, the surface electronic structure of MoS2 

was observed to depend significantly on the surface preparation [81], demonstrating that the 

surface is both electronically active and dynamic. The relevance of gap states within TMDs is 
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further supported by the observation of defect-induced carrier scattering and trapping [82,83], 

dynamic shifts in energy level alignment [28], and electronic coupling between different stacked 

van der Waals materials [84]. Building on the experimental results discussed here, the following 

sections of this chapter investigate the fundamental causes for the surprisingly strong interactions 

between layered inorganic semiconductors and organic molecules. This is accomplished via 

careful analysis of the energy level alignment at the CuPc/SnS2 interface, revealing the 

importance of substrate gap states and improving the current understanding of hybrid 

semiconductor interfaces. 

 

3.3 │ Experimental approach and methods 

 To explore the effect of these gap states on the interfacial energy level alignment, I 

closely compared the interfacial electronic structure of CuPc on two different layered materials: 

HOPG and SnS2. HOPG is a layered semimetal, and the CuPc/HOPG interface has been well 

studied as a model for a nonreactive organic semiconductor interface [71–73,85,86]. I therefore 

use this system as a reference for the more electronically active surface of the layered 

semiconductor SnS2. Since film structure can play an important role in the interfacial electronic 

structure of organic molecules, I deliberately chose these substrates to provide as similar growth 

modes as possible while varying the electronic nature of the substrate. Previous research 

indicates the general similarity of molecular growth modes on SnS2 and HOPG, which both tend 

to support Stranski-Krastanov type growth [18,19], consistent with my observations as well. 

More specifically, STM studies indicate similar packing structures and unit cells for CuPc 

monolayers on MoS2 and HOPG [55,56]. Therefore, I anticipate that any significant differences 



72 

 

observed between CuPc/HOPG and CuPc/SnS2 can be attributed to changes in the interfacial 

electronic structure, rather than simply differences in the organic thin film growth. 

 All photoelectron spectra were collected at room temperature in a VG EscaLab MK II 

photoelectron spectrometer, base pressure 5·10-10 Torr, with a He(I) lamp (Specs UVS 10/35, 30° 

angle of incidence from normal) as an excitation source. Spectra were referenced to the Fermi 

energy of the analyzer, which was calibrated using sputter-cleaned Au foil. The sample 

workfunction was measured from the baseline intercept with the spectral slope at the inflection 

point of secondary electron cutoff (SECO); a -5 V bias was applied for workfunction 

measurements to obtain a clear SECO. Spectra were recorded with a takeoff angle of 0° with 

respect to surface normal, ±12.5° acceptance angle, 5 eV pass energy, and no bias voltage 

applied. 

Core level photoemission spectroscopy of SnS2 was performed in a Kratos Axis Ultra DLD 

XPS/UPS system using a monochromatized Al Kα anode with a pass energy of 20 eV. For the 

variable power XPS measurements, a constant anode voltage of 15 kV was used, while the 

emission current was varied from 1 mA to 20 mA. 

 Bridgman-grown SnS2 samples were prepared according to previously published 

methods [53]. The carrier concentration of the doped crystal was determined to be 2.3(1)·1017 

cm-3 by the van der Pauw method [53]. Immediately prior to introduction into an ultrahigh 

vacuum loadlock, base pressure of 1·10-9 Torr, the SnS2 sample was cleaved in air with 

cellophane tape. After pumping down, the sample was transferred to the photoelectron 

spectrometer, equipped with an integrated sample heater. The sample was degassed and cleaned 

by annealing at ~250°C for approximately 12 hours. 
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 Highly ordered pyrolytic graphite (HOPG) samples were purchased from SPI (grade SPI-

1). As with the SnS2 samples, the HOPG substrate was cleaved in air via cellophane tape, 

introduced into the photoelectron spectrometer, and then annealed at ~450°C for approximately 

12 hours. 

 Copper phthalocyanine (CuPc) was purchased from Sigma-Aldrich and purified by three 

cycles of gradient sublimation. Prior to deposition from a home-built Knudsen cell, the cell was 

degassed by ramping from 100°C to 360°C over three hours. The cell was then maintained at 

360°C for approximately 30 minutes to establish a consistent deposition rate. Vanadyl 

naphthalocyanine (VONc) was purchased from Sigma Aldrich and used without further 

purification. 

 Molecular films were deposited onto room-temperature substrates at 1 Å/min in a 

custom-built deposition chamber, base pressure of 1·10-9 Torr. Film thicknesses were monitored 

using a quartz crystal microbalance that was calibrated against known thicknesses for molecular 

films on HOPG. 3 Å CuPc constitutes one monolayer equivalent (1 MLE), in agreement with 

previous experiments [86]. 

 

3.4 │ Interfacial electronic structure of CuPc/HOPG and CuPc/SnS2 

 I begin by examining the spectral evolution for CuPc thin films on HOPG as a function of 

coverage. The ultraviolet photoemission (UP) spectra for bare HOPG is spectrally unremarkable, 

consisting primarily of the HOPG σ* peak and a background of scattered electrons, as can be 

seen in Figure 3-1. Deposition of 1 monolayer equivalent (MLE) of CuPc results in significant 

alterations to the spectra as the CuPc peaks grow in. The highest occupied molecular orbital 

(HOMO) is clearly visible, and the lower lying molecular states are also apparent. After 1 MLE 
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coverage is achieved, further deposition of CuPc results in minimal changes to the spectral 

appearance. The intensity of the HOPG σ*
 decreases only slowly and remains prominent even at 

3 MLE coverage. These results suggest strongly that, under these growth conditions, CuPc 

initially forms a wetting layer of mono- or few-layer islands. This is followed by the formation 

of 3D islands that grow predominantly in the vertical direction. 

 

Figure 3-1: Evolution of the UP spectra with CuPc coverage for HOPG. Spectra are offset for clarity. 

 

 

 The UP spectra for bare SnS2, shown in Figure 3-2, reveal a significant DOS between 2 

and 4.5 eV binding energy corresponding to the valence band, which is primarily of S 3s 

character. The measured valence band onset of approximately 2.0 eV is consistent with the 2.2 

eV indirect bandgap of SnS2 and the n-type doping of the sample [53]. Although this results in 
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more cluttered spectra upon deposition of CuPc, the molecular features are still distinguishable. 

As with HOPG, deposition of ~1 MLE CuPc on SnS2 results in significant changes to the UP 

spectra. Critically, additional depositions again result in minimal spectral evolution. This 

indicates that the molecular growth modes for CuPc are identical on HOPG and SnS2, as 

expected from previous studies [18,19,55,56]. Importantly, the correspondence of growth modes 

allows for isolation and careful analysis of differences in interfacial electronic structure. 

 

Figure 3-2: Evolution of the UP spectra with CuPc coverage for SnS2. Spectra are offset for clarity. 

 

 

 I use the evolution of the workfunction as a first indicator for interfacial interactions. As 

can be seen in Figure 3-3(A), the workfunction of CuPc/HOPG changes minimally with CuPc 
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coverage, in agreement with previous studies [72,87,88]. The interface dipole developed at this 

interface is thus negligible. This is expected from the absence of a molecular dipole moment, the 

low DOS near the Fermi energy for HOPG, and the weak interfacial interactions on this surface. 

In contrast, for CuPc/SnS2 the workfunction changes considerably with CuPc coverage, 

decreasing by 0.23(3) eV at only 0.5 MLE CuPc. This workfunction decrease, saturating near 2 

MLE, is clearly seen in the shift of the secondary electron cutoff, shown in Figure 3-3(B). As 

will be seen in following sections, this workfunction change is composed of a combination of a 

developing interface dipole (ID) and substrate band bending (BB). While each of these aspects is 

addressed in detail below, it is already apparent that there are significant electronic interactions 

at the CuPc/SnS2 interface, contrary to expectations that might result from a naïve inspection of 

the SnS2 band structure and its low DOS near the Fermi energy. 

 

Figure 3-3: (A) Workfunction evolution as a function of CuPc coverage on both SnS2 and HOPG. (B) 

Spectral evolution of the secondary electron cutoff region for CuPc/SnS2. 
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 The next consideration is how the different substrates influence the electronic properties 

of the CuPc molecules. As shown in Figure 3-4(A), the evolution of the binding energy of the 

CuPc HOMO, determined here as the peak centroid for the sake of simplicity, exhibits substrate-

dependent behavior that is indicative of differential interfacial interactions. On HOPG, CuPc is 

known to transition from wetting layer growth to growth of bilayer islands before completion of 

the first monolayer [72]. This change in growth mode is accompanied by a switch of the HOMO 

binding energy, observed here at approximately 0.6 MLE in Figure 3-4(B). Since HOPG 

interacts weakly with CuPc [71,88–90], this relatively abrupt shift reflects differential screening 

of the photohole and modification of the substrate image potential [91,92]. This is in agreement 

with the growth mode of CuPc on HOPG, where the tendency of CuPc to aggregate above 0.5 

MLE indicates that there is significant intermolecular interaction and weak molecule/substrate 

coupling [93–95]. No further changes are observed in the molecular electronic structure on 

HOPG once bilayer and eventually island-type growth set in. 
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Figure 3-4: (A) Plot of highest occupied molecular orbital binding energy as a function of CuPc coverage 

for both HOPG and SnS2. (B) Background-subtracted UP spectra of the CuPc HOMO before and after the 

transition from monolayer to bilayer island growth on HOPG. (C) Background-subtracted UP spectra of 

the CuPc HOMO on SnS2. 
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 No abrupt binding energy shift is observed for CuPc on SnS2, as seen in Figure 3-4(C). 

Instead, the HOMO shifts continuously to higher binding energies with coverage, and a discrete 

transition in growth mode cannot be detected spectroscopically. While there are at present no 

comprehensive growth studies of Pcs on SnS2, this observation suggests that polarization energy 

effects for the SnS2 surface and CuPc films are quite comparable, given the likely island-type 

growth mode on this surface. Additionally, weak screening in the SnS2 substrate also reduces 

coverage-dependent image potential effects [91]. Since the CuPc/SnS2 interface does not display 

strong changes in polarization energy or image potential with coverage, the observed binding 

energy shift of the CuPc HOMO must be induced by band bending in the SnS2 substrate. As the 

coverage of CuPc on SnS2 increases, the chemical potential is raised towards the conduction 

band minimum, giving rise to a slow decrease in the binding energy of all observed features. In 

contrast, band bending cannot occur for CuPc/HOPG, and consequently the binding energy of 

the CuPc HOMO does not change significantly for coverages greater than 0.5 MLE. 

 I use the spectral evolution of the SnS2 valence band (VB) features above 2 eV binding 

energy to evaluate quantitatively the band bending contribution at the CuPc/SnS2 interface. The 

VB is dominated by the S 3p band, which can be identified clearly in UPS. Figure 3-5(A) shows 

that the SnS2 VB features indeed shift with CuPc coverage, a hallmark of band bending. I note 

also that the CuPc HOMO tracks the SnS2 VB features exactly over the complete coverage 

range, illustrated in Figure 3-5(B), indicating that band bending occurs exclusively within the 

SnS2 phase. This is expected given the low coverage regime investigated here, which does not 

support a sufficient number of mobile charge carriers in the organic film. Significant band 

bending within the organic phase can be observed in organic thin films in general [17,19] and in 

CuPc films in particular [14,96,97]; such effects are however only supported at coverages in 
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excess of 10 MLE. Furthermore, the related system of VONc/SnS2 also displays significant band 

bending that is confined to SnS2 for the first few monolayers [28]. Finally, molecular adsorption 

has been demonstrated to dope WS2 [98], a closely related TMD, consequently leading to band 

bending. 

 Importantly, the binding energy shift of the CuPc HOMO reported in Figure 3-4(A) is 

entirely induced by substrate band bending, as is apparent from the close agreement in binding 

energy evolution for the SnS2 and CuPc features. Therefore, band bending in SnS2 constitutes the 

main driving force for the evolution of the molecular electronic structure. Since the CuPc 

HOMO is not highly broadened and is at an energy quite different from either valence or 

conduction band of SnS2, band bending in SnS2 must involve states located inside the 

bandgap [28], reinforcing the importance of substrate gap states for energy level alignment. 
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Figure 3-5: (A) UP spectra of the SnS2 valence band, indicating the downward band bending induced in 

the substrate upon adsorption of CuPc. (B) Change in SnS2 workfunction () and binding energy of the 

highest lying SnS2 S 3p VB feature and CuPc HOMO, as a function of CuPc coverage. For coverages in 

excess of 0.5 MLE, all three observables change by the same amount within experimental accuracy. For 

coverages less than 0.5 MLE, a significant interface dipole is present as well. 
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 It is important to reiterate that the interfacial energy level alignment on both substrates is 

predominantly driven by electronic interactions rather than differences in film structure. In 

addition to the observed similarity in growth modes, our experimental observations cannot be 

explained satisfactorily by differences in film growth alone. The significant workfunction drop 

induced by CuPc adsorption on SnS2 reveals a strong interface dipole in excess of 200 meV, not 

expected for a nonpolar molecule in the absence of interfacial electronic coupling or a large 

density of surface electrons. The latter is found commonly on certain surfaces of coinage metals 

and gives rise to exchange correlation effects also referred to as Pauli pushback [20], but is 

absent for both SnS2 and HOPG. Further support for the similarity of CuPc film structure on both 

substrates is also provided by the closely matching peak shape and widths of the CuPc HOMO. 

This is clearly seen in Figure 3-4(B), where the only observable difference is a very small 

multilayer peak for CuPc/SnS2 that appears at higher binding energy, around 1.2 eV. In 

summary, on both substrates the evolution of the CuPc HOMO binding energy (and thus the 

interfacial electronic structure) is primarily driven by electronic interactions. On SnS2, the 

dominant factor is substrate band bending, while on HOPG it is polarization energy and image 

potential effects.  

 Further insight can be gained by examining the very lowest coverages of CuPc on SnS2. 

At this interface, an interface dipole is developed that is much larger than the effects of substrate 

band bending and dominates the large drop in workfunction. The interface dipole is already 

established for the very thinnest CuPc films and saturates at 0.5 MLE coverage. I attribute this 

observation to two separate phenomena during thin film growth. At the lowest coverages, CuPc 

molecules are known to nucleate primarily at step edges and defect sites on metal 

dichalcogenides [75,95,99], such that they likely dominate at these binding sites at low molecular 
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coverages. Such undercoordinated sites lead to strong surface/molecule electronic interactions, 

inducing hybrid gap states that are likely primarily responsible for the interface dipole at low 

coverages. At higher coverages, the workfunction exhibits a weaker dependence on CuPc 

coverage since the CuPc islands grow largely in the vertical direction. 

 In order to describe the interfacial interactions in more detail, the CuPc ionization energy 

on both substrates is extracted and plotted as a function of coverage in Figure 3-6. For HOPG, 

since the workfunction changes minimally with the adsorption of CuPc, the shift to higher CuPc 

ionization energy reflects the monolayer to bilayer island transition and the associated change in 

polarization energies. In contrast, the CuPc/SnS2 sample shows the opposite behavior, i.e. the 

ionization energy decreases as the coverage of CuPc is increased. Thus, the CuPc wetting layer 

is energetically stabilized on SnS2, revealing significant electronic coupling across the hybrid 

interface. For coverages greater than 0.6 MLE, the CuPc ionization energy is independent of the 

substrate within experimental resolution. This close agreement in the molecular electronic 

structure for thicker CuPc films on both HOPG and SnS2 indicates that the electronic interactions 

for the CuPc/SnS2 interface are confined to very low coverages. After growth of an incomplete 

wetting layer, the CuPc electronic structure is not perturbed further by the SnS2 surface. 
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Figure 3-6: Plot of ionization energy of CuPc as a function of coverage for both HOPG and SnS2. Low 

coverages of CuPc exhibit significant differences in ionization energy, indicating different interactions 

across the hybrid interface, while the ionization energy for thicker films is independent of substrate 

identity, as expected for inert substrate surfaces. 

 

 

3.5 │ Effects and origin of SnS2 gap states 

 The results presented in Section 3.4 suggest that the observed differences in the 

interfacial electronic structure cannot be explained by differences in the CuPc film structure 

alone. The combination of band bending, interface dipole, and a significantly perturbed CuPc 

ionization energy indicate instead that significant electronic interactions are occurring at the 

hybrid semiconductor interface. The relative energies of the SnS2 bands in relation to the CuPc 

HOMO clearly point to states within the SnS2 bandgap as the origin of these interactions. To 
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build on this initial understanding, I will now discuss the importance of substrate gap states and 

their effect on the interface in more detail. 

 Previous work has established that the Schottky model of vacuum level alignment is 

sufficient to understand cases where the workfunction of an inert substrate is significantly larger 

than the ionization energy of the molecular adsorbate [12,22]. In this case, vacuum level of 

substrate and organic thin film align, leading to a minimal interface dipole. Although this 

captures the situation for CuPc/HOPG, the interface of CuPc with SnS2 violates this trend. The 

measured CuPc ionization energy of 5.78(2) eV, in agreement with established values [71,72], is 

substantially larger than the SnS2 workfunction of 5.20(3) eV. Nevertheless, the CuPc/SnS2 

interface develops a significant dipole upon adsorption of CuPc, revealed as a vacuum level 

offset that is already observed at rather low coverages. Clearly, additional considerations beyond 

those of the Schottky model must be included in order to understand the observed interfacial 

energy level alignment, suggesting that hybrid organic/inorganic semiconductor interfaces differ 

from organic/metal interfaces in significant and fundamental ways. 

 In order to validate this conclusion, it is important to consider the possibility of extensive 

HOMO band tailing towards the Fermi energy. Charge-transfer during contact formation from 

the substrate to a tail density of states above EF has been suggested to be a principal cause for 

Fermi level pinning [8,11,26]. Merely comparing peak widths and energies from UPS may be 

insufficient to assess the extent to which such tail states exist, as it is by now well established 

that the effective width of the molecular HOMO DOS can be substantially larger than that 

measured by UPS [12,22,25,46,100]. Since a significant interface dipole can be established with 

only a fraction of one electronic charge per molecule transferred across the interface, the 

substrate Fermi level may pin the upper edge of the tailing HOMO DOS. This DOS is small and 
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thus often hard to detect in a typical photoemission experiment [24]. In this case however, I can 

rule out CuPc band tailing above EF as the source for the observed energy level alignment by 

comparing CuPc/SnS2 with the related system of VONc/SnS2. Note that naphthalocyanine films 

are structurally closely related to phthalocyanine films, making a direct comparison of the two 

systems possible [55,101]. As seen in Figure 3-7, the HOMO of VONc lies much closer to the 

Fermi edge on SnS2, with a peak onset at approximately 0.16(3) eV. In contrast, the onset of the 

CuPc HOMO is at 0.65(3) eV, substantially deeper inside the bandgap of SnS2. This difference 

corresponds almost exactly to the difference in ionization energy between CuPc and VONc (5.3 

eV for a 0.5 MLE VONc film on HOPG [57]). Neither VONc nor CuPc are thus strongly pinned 

to the SnS2 substrate Fermi level, and tail states in the CuPc film do not significantly contribute 

to the energy level alignment with SnS2. Rather, the interfacial electronic structure for these 

systems must be driven by interactions with SnS2 gap states [28]. Conventional models used to 

understand organic semiconductor interfaces are thus insufficient for CuPc/SnS2 in particular and 

likely hybrid interfaces in general [59,102]. 
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Figure 3-7: UP spectra of the HOMO for 1 MLE VONc or CuPc deposited on SnS2, demonstrating the 

lack of Fermi level pinning in the case of CuPc/SnS2. Contributions from the HeI satellite have been 

subtracted. 
 
 

 Based on these considerations and the fact that the CuPc HOMO is located well within 

the SnS2 bandgap, the interfacial interactions must result from electronic coupling between the 

CuPc HOMO and states within the SnS2 bandgap. As was shown in Figure 3-6, this is supported 

by the observation that the CuPc ionization energy differs most strongly between the two 

interfaces for the lowest coverages, i.e. in the coverage regime where the molecules interact most 

directly with the surface and hence the reactive sites in the substrate. The SnS2 surface thus hosts 

a small but important DOGS in the near-surface region that alters the interfacial energy level 

alignment. The combination of island growth and the finite density of the substrate gap states 

result in the convergence of the ionization energies on both substrates; following “saturation” of 
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the reactive DOGS, the CuPc ionization energy is determined primarily by the structure of the 

molecular film. My experimental evidence points therefore to electronic coupling at the 

CuPc/SnS2 interface, not film structure, as the dominant source of the observed energy level 

alignment. 

 Direct observation of SnS2 gap states by PES is however challenging. No gap state 

density was directly observable with UPS, further complicated by potentially incomplete He(I) 

satellite background subtraction due to final state effects [103]. It may thus be possible that the 

He(I)β and He(I)γ lines mask the presence of low-density gap states. However, gap states may be 

detected indirectly via surface photovoltage (SPV) measurements with variable power x-ray 

photoemission spectroscopy (XPS) after Gleason-Rohrer et al [104]. This provides a sensitive 

indicator for the presence of surface states on bare SnS2. As can be seen in Figure 3-8, the Sn 3d 

core levels shift about 75 meV over the range of accessibly x-ray powers. This reproducible, 

illumination-induced band flattening and the associated SPV establish that the SnS2 bands of the 

clean surface are bent upwards in the dark by at least 75 meV; the real band bending magnitude 

is likely somewhat larger since the SPV measurements do not capture either the fully dark or 

completely flat-band regimes. Even though SnS2 forms a nominally inert and single-crystal 

surface, such SPV is typical of an n-type semiconductor with a small density of surface states in 

the bandgap.  
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Figure 3-8: Plot of core level shifts, measured by XPS for bare SnS2, as a function of incident x-ray 

power. The decay of binding energy with increasing x-ray power indicates that the SnS2 bands are bent 

upward in the dark, characteristic of surface states in the bandgap. 

 

 

 An “empty bandgap” model of the SnS2 semiconductor surface is evidently insufficient 

for understanding the interfacial electronic structure at this hybrid interface. The question 

remains however as to the identity of this DOGS, and more specifically, if the electronic 

interactions at this interface are merely a result of the extrinsic n-doping of SnS2. In fact, dopant 

levels from Cl- doping of SnS2 are present in insufficient densities to support the observed 

electronic structure evolution. This can be estimated from the observed degree of band bending: 

Adsorption of 1 MLE of CuPc is accompanied by downward band bending of 140 meV (Figure 

3-5), induced by a surface density of charges 𝜌𝑆𝑆 that is estimated as follows [21]: 

∆𝜑𝐵𝐵 =
𝑒(𝜌𝑆𝑆)

2

2휀𝑟휀0𝑁𝐷
 (3-1) 

where ∆𝜑𝐵𝐵 is the band bending magnitude, 𝑒 is the electron charge, 휀𝑟 is the relative 

permittivity of SnS2, 휀0 is the permittivity of vacuum, and ND is the dopant density of SnS2 . This 

results in a charged surface state density (𝜌𝑆𝑆) for CuPc/SnS2 of 4.6·1011 cm-2
. Based on the 
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known Cl- dopant concentration of 2.3·1017 cm-3 [53], and an SnS2 layer thickness of 7 Å, we 

estimate a Cl- density in the surface layer of SnS2 of 2·1010 cm-2. The weak interlayer coupling of 

SnS2 prevents the interaction of deeper-lying Cl- dopants with the molecules [105,106]. The Cl- 

concentration in the near-surface region is thus more than one order of magnitude smaller than 

the value necessary for the observed extent of band bending. Cl- dopants are therefore not 

sufficient to establish the interfacial energy level alignment of CuPc/SnS2.  

 Alternatively, S vacancies (SV) should be considered. Previous reports have implicated 

such point defects as a critical component for the catalytic activity of metal 

dichalcogenides [107,108], demonstrating clearly that they are electronically active. SV have 

been directly observed in SnS2 and other TMDs with both high-resolution transmission electron 

microscopy and scanning tunneling microscopy [95,109–112]. Other defects, such as sulfur 

divacancies and tin vacancies, are also present, but are comparatively scarce and energetically 

unstable in comparison to SV [111], resulting likely in minimal impact on the interfacial energy 

level alignment. In contrast, SV play a significant role in the photoinjection yields observed for 

molecular dyes on SnS2 [95], and in determining charge transport properties of TMDs [110,113]. 

Both computational and experimental work has shown that SV create localized electronic states 

within the bandgap of TMDs [110,112,114]. In the case of MoS2, SV induce both occupied and 

unoccupied gap states [112]. It is thus apparent that SV enable complex interfacial electronic 

interactions as are observed in this chapter. This conclusion is also in agreement with a previous 

report showing that the energy levels of atomic adsorbates are pinned within the bandgap of 

GaAs by vacancy defects [115]. Perhaps most strikingly, it is important to realize that the 

estimated surface density of CuPc molecules is approximately 5·1013 cm-2 [79], well over an 

order of magnitude larger than the surface concentration of the charged substrate gap states. 
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Therefore, the DOGS significantly influences the interfacial energy level alignment, and is thus 

of importance for rational design of efficient hybrid organic/inorganic optoelectronic devices, 

even though it is rather small and likely difficult to observe directly with standard spectroscopic 

approaches.  

 

3.6 │ Conclusions 

 Overall, it is clear from the results presented in this chapter that substrate gap states play 

a significant role in influencing the properties of semiconductor interfaces. Although the 

importance of gap states in molecular semiconductor films has been previously established, my 

research demonstrates that gap states in the inorganic substrate also impact interfacial energy 

level alignment. Thus, these substrate gap states must be accounted for in order to achieve a 

complete understanding of hybrid semiconductor interfaces. Indeed, gap states in metal 

dichalcogenides have already been shown to significantly affect carrier mobility [82,83,116], 

cause dynamic shifts in energy level alignment [28], and induce electronic interactions between 

stacked van der Waals materials [84]. The high degree of control in inorganic semiconductor 

growth, the structural similarity of layered van der Waals materials, and the considerable 

understanding developed for prototypical organic semiconductor interfaces with such materials 

open avenues for controlled exploration of the role of gap states for organic interfaces. These 

effects must be understood at a fundamental level in order to enable next-generation technologies 

that incorporate hybrid organic/inorganic semiconductor interfaces in general, or metal 

dichalcogenides surfaces in particular. As will be seen in the next chapter, the effects of these 

gap states extend beyond the static energy level alignment; substrate gap states can also 
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participate in dynamic charge trapping that leads to temporal evolution of the interfacial 

electronic structure. 

  



93 

 

Chapter 4 │ Persistent Charge Traps at the Organic/SnS2 Interface 

4.1 │ Introduction 

 In Chapter 3, tin disulfide (SnS2) was employed as a model inorganic semiconductor 

substrate and directly compared to highly ordered pyrolytic graphite (HOPG). This shed light on 

the importance of inorganic semiconductor gap states: specifically, their effect on energy level 

alignment at the hybrid organic/inorganic semiconductor interface. In this chapter, I extend the 

understanding of the SnS2 gap states, which are most likely sulfur vacancies (Sv), by 

demonstrating that they participate in photoinduced charge trapping at the molecule/SnS2 

interface. This charge trapping results from the electronic interaction between molecular 

adsorbates and substrate gap states, observed in Chapter 3, combined with weak electronic 

coupling to the bulk SnS2 bands. These results are supported by the observations of similar 

phenomena for the topologically protected surface states of Bi2Se3 [117,118]. Thus, the effects 

described in this chapter likely play a role in charge-transport in organic/2D heterostructures in 

general and are thus of interest for next-generation nanoscale electronics [119]. 

 This chapter is organized as follows. In Section 4.2, I briefly motivate the study of 2D 

materials in general and SnS2 in particular.  In Section 4.3, I describe experimental methods. In 

Section 4.4, I provide a detailed analysis for the interfacial energy level alignment of thin films 

of vanadyl naphthalocyanine (VONc) on SnS2. In Section 4.5, I discuss the photoinduced 

changes to the molecule/SnS2 interfacial electronic structure. I demonstrate that these slow 

changes in energy level alignment are independent of film morphology and molecular structure 

and are not caused by sample charging or degradation. In Section 4.6, I explore the origin of 

these shifts, which are linked to a lack of resonance between the molecular highest occupied 

molecular orbital (HOMO) and the bulk substrate bands. I explain these shifts in terms of 
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electronic coupling and charge-trapping between the organic molecules and SnS2 gap states, 

enabled by the unique properties of the quasi-2D surface. Finally, Section 4.7 provides some 

brief conclusions.  

 

4.2│ Motivation 

 Since the introduction of graphene [120], the chemical library of two-dimensional 

materials has grown rapidly, and new applications of their unique properties continue to be 

discovered. The source of these properties is the unique crystal structure of these materials, 

which grow in extended 2D sheets. Bulk crystals thus consist of many vertically stacked layers. 

Since the individual layers have fully satisfied chemical bonds, the 2D sheets are bonded only by 

weak van der Waals forces. This enables the preparation of mono- or few-layer samples by a 

number of methods, such as e.g.  micromechanical exfoliation [121] and chemical vapor 

deposition [122]. Crystal surfaces of such materials are thus chemically rather inert, atomically 

abrupt, and with little driving force for surface reconstruction.  

 Metal dichalcogenides are particularly interesting due to their finite bandgap, which 

permits their utilization in a variety of optoelectronic devices [123,124], including ultrathin solar 

cells [125], photocatalysts [126–128], spintronics [129], and field effect transistors [130–133]. A 

great deal of progress has been made in understanding the fundamental properties of monolayer 

2D semiconductors, especially regarding the effect of metal contacts [134,135] and simple 

extrinsic doping [136,137]. However, comparatively little is known about the properties of 

hybrid interfaces between organic semiconductors and 2D metal dichalcogenides. The electronic 

asymmetry of such interfaces, coupled with the tunability of molecular properties, promises to 

yield new physics and opportunities for novel applications. 
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 Many of the key physical properties for 2D systems emerge from the properties of the 

bulk quasi-2D materials. Hence, as a first step in this direction, the hybrid interface between 

organic molecules and the bulk van der Waals-layered crystal must be investigated. Indeed, 

metal dichalcogenide/organic interfaces have already been shown to support highly ordered 

molecular growth [95], ultrafast interfacial charge transfer with near-unity quantum 

efficiency [138], and high conductivity [124]. Chapter 3 described an initial investigation into 

the role of gap states at the SnS2 surface. However, a comprehensive understanding of such gap 

states and their effect on the hybrid organic/inorganic interface is still missing, despite an 

increased emphasis on gap states as a driver for interfacial energy level alignment [23,139–141]. 

 In this chapter, I therefore present results for a broad range of organic semiconductors on 

multilayer SnS2 with the goal of describing the dynamic effects of gap states on the interfacial 

electronic structure. SnS2 has a bulk indirect bandgap of 2.2 eV, and yields large micron-sized 

single-crystal domains upon cleavage or micromechanical exfoliation, making it a promising 

candidate for 2D electronics [133,141]. To begin, I employ ultraviolet and x-ray photoemission 

spectroscopies to monitor the evolution of the interfacial energy level alignment of molecular 

semiconductors on the highly ordered SnS2 surface as a function of molecular coverage. The 

interfacial interactions of the as-deposited films are well-described via the approach utilized in 

Chapter 3 for the CuPc/SnS2 interface, indicating that substrate gap states are again relevant in 

describing the interfacial energy level alignment. More importantly, surprising yet reproducible 

shifts of the vacuum level are also observed as a function of UV illumination. Further 

investigation of these experimental results indicate that these shifts arise from interfacial 

interactions that are enabled by electronic coupling between surface-confined gap states and 

molecular states. This suggests therefore that this phenomenon may also play a role in the 2D 
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limit of metal dichalcogenides, and is representative of energetic decoupling of surface states in 

reduced dimensionality systems.  

 

4.3 │ Materials and methods 

UPS spectra were collected at room temperature in a VG EscaLab MK II photoelectron 

spectrometer, base pressure 5·10-10 Torr. The excitation source was a He(I) lamp (Specs UVS 

10/35, 30 angle of incidence from normal). Spectra were referenced to the known position of 

the analyzer Fermi energy, which was calibrated using a sputter-cleaned Au foil. The 

workfunction was measured from the baseline intercept with the spectral slope at the inflection 

point in the low kinetic energy region (secondary electron cutoff, SECO). Full spectra were 

recorded with a takeoff angle of 0 with respect to normal, ±12.5 acceptance angle, -5V sample 

bias, and 5 eV pass energy. In the valence band/highest occupied molecular orbital (HOMO) 

region, no sample bias was used. 

Bridgman-grown SnS2 samples were prepared according to previously published 

methods [53]. The carrier concentration of the doped crystal was determined to be 2.3(1)·1017 

cm-3 by the van der Pauw method [53]. The SnS2 sample was cleaved in air immediately before 

introduction into an ultrahigh vacuum loadlock with a base pressure of 1·10-9 Torr. After 

pumping down, the sample was transferred to the photoelectron spectrometer, equipped with an 

integrated sample heater. The sample was degassed and cleaned by holding the sample at 

~250C for approximately 12 hours. Sample stability at this temperature was confirmed by 

comparison to a SnS2 crystal that was intentionally heated to its degradation point (>300C). At 

this point S begins to sublime, creating an Sn-enriched sample that has a distinctive optical 
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appearance and causing new features to appear in both ultraviolet and x-ray photoelectron 

spectra. 

VONc was purchased from Sigma-Aldrich and used without further purification. Prior to 

sublimation from a home-built Knudsen cell, the cell was ramped from 100 C to 450 C over 

three hours in order to degas the sample. The cell was then maintained at 450 C for 

approximately 30 minutes to establish a steady deposition rate. Copper phthalocyanine (CuPc), 

chloro-boron subphthalocyanine (ClB-SubPc), and fullerene (C60) were purified by gradient 

sublimation and deposited in a similar fashion to VONc, with the temperatures tailored to the 

particular molecule. 

 Sample deposition occurred at around 0.4 Å/min in a custom-built deposition chamber 

with a base pressure of 1·10-9 Torr. Film thicknesses were determined using a quartz crystal 

microbalance that was calibrated against known thicknesses of VONc on highly ordered 

pyrolytic graphite (HOPG) [57,142]. 4 Å VONc was determined to be 1 monolayer equivalent 

(MLE). 

 

4.4 │ VONc/SnS2 interfacial electronic structure 

 Before discussing the dynamic changes to the interfacial electronic structure, the energy 

level alignment at the VONc/SnS2 interface must first be established. The deposition of VONc 

on SnS2 results in clear changes to the photoemission spectra, shown in Figure 4-1. For clean 

SnS2 no gap states are directly visible in the UP spectra of bare SnS2; background subtraction 

indicates that He(I)β satellite radiation accounts for the small observed spectral density between 

0 eV and 2 eV. The VONc HOMO peak is observed at a BE of less than 1 eV, and the HOMO-1 

appears just above the VB onset of SnS2 (see Figure 4-5 for more detail). Several other 
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molecular features can clearly be seen at higher binding energy. The growth of the VONc layer 

also induces a strong workfunction (Φ) decrease despite the inert surface of SnS2 [143], with ∆Φ 

equal to -450 meV at 1 MLE. This is shown in detail in the inset of Figure 4-1, and is in 

agreement with previous studies of thin organic films on SnS2 [17,18,54], as well as the results 

presented in Chapter 3. As with CuPc/SnS2, two separate effects must be distinguished as causes 

for ∆Φ: band bending (BB) at the surface of the inorganic semiconductor and the formation of a 

more localized interface dipole (ID), with ∆Φ = ∆𝜑𝐵𝐵 + ∆𝜑𝐼𝐷. These effects can be isolated 

quantitatively by close examination of the UP spectra. 

 

Figure 4-1: Ultraviolet photoelectron spectra of VONc/SnS2, 0-1 MLE coverage. Tick marks indicate the 

position of VONc bands. The inset shows evolution of the workfunction with VONc coverage. Spectra 

are scaled for clarity. 

 

 

 Careful inspection of the spectra in Figure 4-1 shows that features reflecting SnS2 initial 

states shift systematically towards higher binding energy with VONc coverage, similar to the 
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behavior of CuPc/SnS2. To track this shift, the BE of the S 3p and S 3s SnS2 bands was 

monitored and fit with a Gaussian.  The peak center energies are plotted in Figure 4-2, with both 

peaks displaying a small but systematic shift of ∆𝜑𝐵𝐵 = 120 ±10 meV for growth of a full 

monolayer equivalent. Thus, based on the results presented in Chapter 3, about a quarter of the 

observed workfunction decrease upon deposition of VONc can be directly and quantitatively 

attributed to the donation of electron density from VONc into gap states of the SnS2 substrate. 

Notably, the total magnitude of substrate BB is very similar for VONc/SnS2 (120meV) and 

CuPc/SnS2 (140 meV) despite significant differences in ionization energies. This is entirely 

consistent with the proposition that BB at the SnS2 surface is driven by a finite population of gap 

states. 

 

Figure 4-2: Plot of the binding energies for S 3p and S 3s bands, labeled in Figure 4-1, as a function of 

VONc coverage. The dotted lines are linear least-squares fits. 

 

 

 Knowledge of the band bending magnitude allows isolation of the interface dipole 

contribution to the workfunction change. The remaining workfunction shift, ∆𝜑𝐼𝐷, is plotted in 

Figure 4-3. Also shown is the evolution of the HOMO binding energy, which tracks ∆𝜑𝐼𝐷 to 
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within experimental error, as expected for a workfunction change that is induced by an interface 

dipole. 

 

Figure 4-3: Plot of interface dipole (∆𝜑𝐼𝐷) obtained from removing the effects of band bending from the 

workfunction change, and the measured binding energy of the VONc HOMO, obtained from the peak 

center of a Gaussian fit. 

 

 

 The resulting energy level alignment for the hybrid interface at 1 MLE is shown in Figure 

4-4 with the deconvolution of band bending and the interface dipole. This experimentally 

determined alignment scheme results in a close agreement between the measured HOMO 

position and the observed ionization energy of VONc on HOPG [57], suggesting that the VONc 

molecules are not strongly perturbed by interfacial interactions, even in the presence of moderate 

band bending. This is also in agreement with the results for the CuPc/SnS2 interface presented in 

Figure 3-6. Therefore, the electronic structure of the as-deposited VONc/SnS2 interface is 

described well with an uncoupled combination of band bending and interface dipole, and this 

simple characterization of the energy level alignment can be used to understand the time-

dependent spectral shifts. 
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Figure 4-4: Energy level alignment of the hybrid VONc/SnS2 interface, with the individual contributions 

of band bending (BB) and interface dipole (ID) explicitly indicated for 1 MLE coverage of VONc. 

 

4.5 │ Photoinduced energy shifts at the molecule/SnS2 interface 

 Having establishing an accurate description of the interfacial electronic structure, I next 

describe the energetic changes that are induced by prolonged ultraviolet (UV) irradiation by the 

He lamp. Extended continuous exposure to He(I)α emission over the course of hours leads to 

systematic and reproducible changes in the UP spectra, as illustrated in Figure 4-5 for 1 MLE 

VONc. First, the workfunction decreases by an additional 130±15 meV over 3 hours of 

continuous irradiation; second, the binding energy of all molecular features (HOMO, HOMO-1, 

and lower-lying peaks) increases by the same magnitude. Crucially, however, no shift of the 

SnS2 bands is observed. Based on the analysis in the previous section, the observed changes thus 
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cannot be due to band bending, but rather reflect direct changes that are confined to the 

interfacial electronic structure only, altering the vacuum level offset. Experimental results 

indicate that this phenomenon is based on molecule-surface interactions, as the magnitude of the 

energetic shift is directly proportional to the molecular coverage, i.e. UV illumination of 0.5 

MLE VONc on SnS2 produces shifts of approximately 65 ±10 meV. 

 

Figure 4-5: Effect of extended UV radiation on as-deposited 1 MLE VONc films. (a) UPS spectra of 1 

MLE VONc on SnS2, before and after irradiation. The HOMO region for both scans was smoothed for 

clarity. 

 

 

 A number of causes that would lead to the artifactual observation of spectral changes can 

be excluded in a straightforward manner by a sequence of control experiments. First, for the 

continuously irradiated VONc/SnS2 film, the workfunction vs. time clearly shows a strong 

decrease, mirrored by an identical shift of the VONc spectral features (e.g., HOMO, HOMO-1). 

In contrast, the VONc/SnS2 spectra are stable in the absence of continuous irradiation, as shown 

in Figure 4-6. Thus, a simple temporal evolution of the thin film structure can be excluded. 
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Second, the bare surface of SnS2 is spectroscopically stable under extended UV exposure, 

making light-induced decomposition of SnS2 an unlikely origin for the observed spectral 

evolution of VONc/SnS2. Third, sample charging effects can also be eliminated, as the 

irradiation-induced workfunction shift persists indefinitely (> 60 h) in the absence of 

illumination despite reasonable carrier mobilities in SnS2 [53]. Finally, thin films of VONc 

prepared under identical conditions on highly ordered pyrolytic graphite (HOPG) show no 

change in workfunction with UV radiation, and few-layer VONc films on SnS2 are likewise 

stable. This shows unambiguously that photochemical decomposition of VONc molecules is not 

responsible for the observed spectral changes. 

 

Figure 4-6: Plot of workfunction versus time. The workfunction of an as-deposited 1 MLE VONc film on 

SnS2 (blue circles) was tracked by turning on the He discharge lamp, taking a rapid scan of the SECO 

region, and then immediately turning off the lamp. This procedure was then repeated at all other time 

points for this sample. Subsequently, the same sample was subjected to continuous UV irradiation (red 

triangles). 1 MLE VONc was also deposited on HOPG (green squares) to demonstrate the stability of 

VONc molecules to UV-induced degradation. No illumination was applied between 240 and 1200 

minutes for any of the samples. 

 



104 

 

 The stability of VONc/HOPG also makes temporal changes to the film morphology 

unlikely for VONc/SnS2. VONc grows as a lattice gas on HOPG [57], implying that the 

molecules are mobile on the graphite surface, yet no changes to the electronic structure are 

observed with time. This suggests that UV illumination is insufficient to induce changes in film 

structure. In contrast, SnS2-molecule interactions are more significant, indicating that the VONc 

molecules are more strongly bound, likely less mobile, and thus less prone to molecular 

rearrangement of the thin film.  It is therefore unlikely that the VONc/SnS2 system undergoes 

any morphological changes upon UV illumination. Instead, there must be a different mechanism 

that drives the shift in electronic structure at the interface, with charge trapping at interfacial 

states being the most consistent explanation. 

 Further support for this proposition can be obtained by examining the interface of SnS2 

with CuPc, ClB-SubPc, and C60 over time. These three organic semiconductors have HOMOs 

expected to span most of the bandgap of SnS2. A film of close to 1 MLE coverage on SnS2 was 

prepared for each organic semiconductor and the samples were irradiated for extended periods 

by He(I)α, replicating the protocol for VONc. A summary of the results for these experiments is 

shown in Figure 4-7. Interestingly, VONc, CuPc, and ClB-SubPc, whose HOMOs lie fully 

within the bandgap of SnS2, show almost identical behavior. For all three, prolonged exposure to 

UV photons shifts the vacuum level by approximately 125±20 meV. Clearly, this is the case for 

both non-polar and polar, flat and shuttlecock-shaped molecules, with widely different ionization 

energies (though all inside the bandgap). This finding further supports the lack of degradative 

and/or morphological changes, and precludes molecular reorientation of non-planar molecules 

such as VONc as a source of the observed spectral changes. The fact that three different 

molecules with different ionization energies, electron affinities, dipole moments, molecular 
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dimensions, and packing structures all develop a virtually identical vacuum level change on the 

same timescale indicates a well-defined physical process that is independent of the molecular 

identity as the origin of the UV-induced evolution in the energy level alignment. 

 

Figure 4-7: Positions of molecular HOMOs within the bandgap of SnS2, along with the magnitudes of the 

photoinduced shifts in vacuum level alignment (ΔEvac), which directly affects the workfunction and 

molecular state binding energies. 

 

 

 Interestingly, C60/SnS2 behaves in a dramatically different way, with the workfunction 

actually increasing by 50 meV over time. Energetically, C60 is the only molecule in this group 

whose HOMO overlaps partially with the SnS2 VB, suggesting that the competition between 

electronic coupling to bulk vs. gap states in the near-surface region is of fundamental importance 

in explaining the photoinduced vacuum level shifts. 

 To briefly summarize, hybrid organic semiconductor/SnS2 interfaces display unique 

changes to the interfacial electronic structure following extended exposure to UV photons.  

These changes occur for a wide range of organic semiconductors, all of which are photostable on 

HOPG. Under the present experimental conditions these shifts cannot be attributed to temporal 

evolution of the film structure, molecular reorientation, or UV-induced beam damage. Rather, 

the evolution of the interfacial energetics correlates with the molecular electronic structure and 

its relation to the substrate bandgap. 
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 Further insight into the relevant physics at play may be obtained by studying the effects 

of annealing on the energy level alignment for VONc/SnS2. Figure 4-8 shows the spectral 

evolution of the VONc HOMO at 1 MLE coverage in response to different sequences of 

annealing and irradiation. All thermal annealing took place at ~250 C for 12 hours. In Sequence 

A, extended exposure to UV induces a shift in HOMO BE, i)→ii), matched with a change in the 

interface dipole. Annealing at 250 C for 12 hours, ii)→iii), this shift and interface dipole are 

reversed, moving the HOMO to an even lower BE than prior to any treatment. The reversal of 

the vacuum level shift upon thermal annealing demonstrates reversibility of the photoinduced 

effects. Moreover, it is consistent with the notion that UV illumination does not drive significant 

changes in morphology via a “photoannealing” process or beam damage. To further support this 

conclusion, the barrier for reversal of the UV-induced changes was estimated crudely by 

comparing consecutive annealing cycles of the same film at slightly different temperatures. This 

yielded an Arrhenius activation energy of approximately 200 meV. This barrier is entirely 

consistent with the persistence of the photoinduced vacuum level shift, since it translates to a 

room temperature workfunction reversal of 3 meV per 24 hours, unresolvable in our 

experimental setup. Remarkably, the barrier height is close to the energy difference between the 

Fermi energy and the SnS2 conduction band minimum, suggesting that the creation of free 

carriers in the conduction band may play a critical role in removal of the photoinduced changes 

to the interfacial electronic structure. 
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Figure 4-8: UP spectra of 1MLE VONc on SnS2, showing the evolution of the HOMO position upon UV 

exposure and thermal annealing at 250C. Sequence A consists of extended irradiation followed by 

annealing, while sequence B consists of thermal annealing followed by extended irradiation. Both 

sequences begin with a rapid UP scan to establish the initial HOMO position. (*) indicates the location of 

the He(I)β background arising from the SnS2 VB, subtracted for clarity. 

 

 

 The difference between the mechanisms for photoinduced vs. thermally driven changes at 

the VONc/SnS2 interface can be confirmed by first thermally annealing an as-deposited VONc 

film, followed by extended UV illumination. The results are shown in Figure 4-8, Sequence B. A 

decrease in the interface dipole is again observed upon annealing, almost identical to the 

annealing induced shift from Sequence A. Thermal annealing thus reaches the same 
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thermodynamic equilibrium independent of UV treatment, at least as determined 

spectroscopically and within the resolution of our experiment. Critically, this indicates that while 

the effects of UV irradiation are removed by thermal annealing, the reverse is not true: UV 

illumination produces equivalent changes in the ID regardless of whether the film has been 

thermally annealed. This implies that the irradiation-induced effects are electronic in origin, 

independent of any putative changes in the VONc film structure and is in agreement with all 

other control experiments discussed above. 

 

4.6 │ Origin of charge traps on SnS2 

 The systematic series of experiments for a range of organic semiconductors on SnS2 

demonstrated that UV radiation induces changes in the interfacial energy level alignment, 

altering the workfunction and molecular binding energies. Even small shifts in these values can 

cause significant changes in the physics of interfacial carrier transfer. Thus, it is important to 

elucidate the mechanisms driving such changes for quasi-2D and potentially 2D materials. The 

data show clearly that the observed changes in interfacial electronic structure are not linked to 

the effects of molecular dipoles or film structure, and that both molecule and substrate are 

individually stable under UPS conditions to the limit of our experimental sensitivity. Finally, the 

lack of substantial SnS2 band shifts during irradiation, the persistence of the vacuum level shifts 

far beyond the period of active UV irradiation, and their reversibility all indicate that the 

observed effects are not caused by experimental artifacts such as, e.g., photochemical changes. 

The defining characteristic for the observation of these dynamic changes to the energy level 

alignment is a HOMO level that falls within the SnS2 bandgap. This suggests that the critical 



109 

 

parameters are: i) strong coupling of the molecular HOMO to SnS2 gap states and ii) weak 

coupling of these interfacial states to the bulk bands of SnS2. 

 Critically, VONc/gap state electronic coupling is significant only in the immediate 

interfacial region. The relevant electronic interactions are thus confined to the quasi-2D interface 

and are not coupled to the SnS2 bulk states. Based on this, I propose the following 

phenomenological mechanism for the photoinduced interface dipole development. The key 

process is the photoinduced injection of an electron from VONc into a surface state of SnS2, akin 

to dye sensitization, followed by trapping in this intragap state. Given the results for the as-

deposited electronic structure, these surface states are most likely Sv. The van der Waals nature 

and weak interlayer coupling act as an effective barrier for removal of this charge by transfer to 

bulk bands, since the activation barrier for excitation to the conduction band minimum is at least 

hundreds of meV’s for all molecules investigated, provided the electron originates from the 

HOMO. The precise mechanism for photoinjection and subsequent scattering is at present 

unclear. The electron may originate from either the HOMO or a more strongly bound molecular 

orbital, in both cases accompanied by strongly inelastic scattering involving coupling to the 

surface-confined gap states associated with Sv. It is however in agreement with very high 

sensitization quantum yields for a variety of dyes on SnS2 [75]. The net result is the formation of 

an additional, transient long-lived interface dipole with an electron trapped in SnS2, lowering the 

global workfunction. We emphasize that overall charge neutrality is maintained, as no charging 

effects or substrate band bending is observed. 

 The development of this interaction is limited by the population of sulfur vacancies and is 

independent of the exact HOMO position within the gap. This is fully consistent with the 

observation that molecules as different as CuPc, ClB-SubPc, and VONc all display very similar 
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irradiation-induced vacuum level shifts. In contrast, the HOMO of C60 is energetically near-

resonant with the SnS2 valence band and thus likely more strongly coupled to bulk SnS2 bands 

than to gap states. C60
+ ions, formed via photoemission, are likely quenched via fast electron 

transfer from the substrate valence band, preventing the interfacial electronic rearrangement that 

drives the observed vacuum level shift for the other molecules. The proposed mechanism dictates 

that the hybrid interface is kinetically trapped in an electronically different state due to strong 

coupling to the localized substrate states following the creation of a photohole in the molecular 

layer. Decoupled from the SnS2 bulk states, the transient hybridized states that result are 

quenched only upon extended thermal annealing, which creates highly mobile charge carriers in 

the SnS2 conduction band via thermionic emission. 

 

4.7 │ Conclusions 

 I emphasize that the phenomenological model developed here is not confined to 

photoinduced trap filling and the creation of photoholes in the molecular layer. Other processes, 

such as e.g. charge transport, would necessarily lead to the same result. The model can also be 

compared to recent observations in other layered van der Waals inorganic semiconductor 

surfaces such as Bi2Se3 [144], where similar shifts in the interfacial energy level alignment have 

been reported: Hsieh et al. observed a shift of the Dirac point in Bi2Se3 within the bulk bandgap 

by 340 meV over the course of 18 hours [117]. The effect was independent of radiation dosage, 

and attributed to bond rearrangement at the freshly cleaved surface [117]. Kordyuk et al. also 

observed changes of the Dirac point of Cu-doped Bi2Se3, but traced it to differential surface 

photovoltage of the surface and bulk states by comparing the system response to different photon 

energies [118]. Combined with our results, these experiments capture different mechanisms that 

create similar surface-confined changes of the electronic structure in van der Waals crystals. 



111 

 

Common to all these observations is the weak coupling between surface-confined intragap states 

and bulk due to the layered nature of the (quasi-)2D materials. Although this behavior is 

expected for topological insulators, the discovery that molecules adsorbed to the surface of a 

semiconducting van der Waals crystal can also behave as isolated species and undergo slow 

surface-confined electronic rearrangements is more surprising. 

 Overall, the unique structural and electronic properties of these quasi-2D semiconductor 

materials, such as poor interlayer electronic coupling [105,106], energetic decoupling of surface 

species [117,144], highly uniform surfaces [138,145], and weak screening [146], render them 

sensitive to a delicate balance of weak to intermediate interactions. The interfacial electronic 

structure evolves in time via a variety of proposed mechanisms, such as bond rearrangement, 

reactive defects, or differential surface photovoltage. The critical factor remains however the 

unique electronic properties of the layered semiconductors. 

 More generally, our data suggest that the fundamental theme that enables long-lived 

transient changes to the energy level alignment is weak pinning of the substrate Fermi level 

within the bandgap of these 2D systems due to small interlayer coupling. This allows for slow 

perturbation of interfacial electron density in response to weak stimuli, such as, e.g., the 

evolution of small populations of surface-confined states. In contrast, such processes have little 

effect in systems where the surface electronic structure is more strongly coupled to bulk bands, 

such as for organic/metal oxide interfaces, where the molecular HOMO has been shown to be 

strongly pinned to the bulk Fermi energy [147]. This picture also fits well with the ease with 

which monolayer 2D materials are extrinsically doped via interfacial interactions [130,136], 

which suggests that the intrinsic Fermi energy of 2D semiconductors is easily altered due to the 

low DOS within the bandgap. Fundamentally, this is a result of the much reduced population of 
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gap states within a given energy range, which is filled or emptied quickly by e- transfer. 

Therefore, 2D materials with purportedly inert surfaces represent a rich field for further study, 

potentially offering novel mechanisms for the fine control of interfacial energy level alignment. 

Additionally, even slow shifts in interfacial energy level alignment have the potential both to 

introduce systematic errors in electronic structure measurements and to disrupt the operation of 

devices that incorporate 2D or quasi-2D semiconductors due to long-lived charge-trapping. 

 To summarize, this chapter has described a careful analysis of the forces that determine 

the energy level alignment at the hybrid interface between a VONc and the quasi-2D inorganic 

semiconductor SnS2, disentangling the role of both band bending and interface dipole 

contributions. Significantly, a slow photoinduced shift in the interfacial electronic structure is 

observed, which is universal for the interface between SnS2 and molecules with states completely 

within the substrate bandgap. This evolution is not linked to morphological changes in the 

molecular film, but is due to surface-confined electronic interactions between adsorbed 

molecules and localized SnS2 gap states. These interfacial interactions lead to rearrangement of 

electron density following UV illumination. Weak electronic coupling between surface and bulk 

states is fundamental to the proposed mechanism, and similar observations have been reported 

for the topological insulator Bi2Se3. Thus, it is expected that such effects will be significant in 

general for (quasi-)2D semiconductor materials. Full control over these phenomena in both 2D 

and quasi-2D materials will require detailed studies into processes that are absent in more 

traditional semiconductors. Hybrid semiconductor interfaces thus remain challenging to 

completely characterize, as substrate gap states can strongly influence both static energy level 

alignment, as seen in Chapter 3, and the temporal evolution of the interface, as seen in this 

chapter. In Chapter 5, I discuss the full electronic band structure of SnS2 in both the valence and 
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conduction band manifolds. Although no gap states are directly visible, energy levels associated 

with both point and line crystal defects are visible in the photoemission spectra, indicating the 

importance of such imperfections in the electronic structure of inorganic semiconductors. 
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Chapter 5 │ Electronic Band Structure of Tin Disulfide 

5.1 │ Introduction 

 The previous two chapters of this dissertation focused on understanding and controlling 

energy level alignment at hybrid semiconductor interfaces. Electronic states within the bandgap 

of the inorganic semiconductor tin disulfide (SnS2) were demonstrated to play a critical role in 

the interfacial electronic structure. These studies thus provided new insight into the complex 

interactions at the hybrid interface. However, these experiments were limited to studying 

occupied energy levels under equilibrium or near-equilibrium conditions, and only 

photoemission at the 𝛤 point was considered. A full understanding of hybrid semiconductor 

interfaces and their behavior within next-generation optoelectronics thus requires treatment of 

unoccupied levels, time-resolved charge transport, and effective masses. 

 As an initial step toward achieving these goals, I present here a characterization of the 

SnS2 band structure by both angle-resolved ultraviolet photoemission spectroscopy (ARUPS) 

and angle-resolved two-photon photoemission spectroscopy (AR-TPPE). The AR-TPPE 

measurements are the first application of this technique to a transition metal dichalcogenide 

(TMD), providing new insight into the conduction band structure of this important class of 

materials [119,121,141]. The results from photoemission spectroscopy are enhanced by 

comparison to computational studies and scanning probe microscopy (SPM) experiments. 

Overall, low electron effective masses are observed for the low-lying SnS2 conduction bands, 

suggesting that the intrinsic electron mobility is higher in SnS2 than in other TMDs, such as 

MoS2 [148]. Excellent agreement between theory and experiment is achieved for this highly 

dispersive band. However, puzzling discrepancies occur between the density functional theory 

(DFT) calculations and the experimental observations for the higher-lying conduction band states 
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that are suggestive of perturbative effects to the SnS2 electronic structure by crystal defects. 

Improved charge transport in next-generation optoelectronic devices therefore seems achievable 

with SnS2, but requires a more comprehensive understanding of the full band structure.  

 This chapter is organized as follows. In Section 5.2, I provide experimental details for the 

AR-TPPE, ARUPS, and SPM measurements and DFT calculations. In Section 5.3, I present the 

valence band structure of SnS2, as measured by ARUPS and calculated by DFT. In Section 5.4, I 

discuss the conduction band structure of SnS2, as measured by AR-TPPE and again in 

comparison to DFT calculations. In Section 5.5, I explore the implications of the combined 

photoemission observations in the context of SPM measurements in order to provide further 

insight into the physical structure of the SnS2 surface. In Section 5.6, I finish with conclusions. 

Since Chapter 6 begins my discussion of ZnO as an inorganic semiconductor substrate, Section 

5.6 briefly addresses both the experiments discussed in this chapter and the energy level 

alignment studies from Chapters 3 and 4. 

 

5.2 │ Experimental details 

 SnS2 samples were prepared according to the methods described previously. Briefly, the 

samples were cleaved in air with cellophane tape, introduced into ultrahigh vacuum (UHV), and 

cleaned by thermal annealing at ~250°C for 12 hours. 

 Two-photon photoemission spectroscopy (TPPE) was performed using the frequency-

tripled output of a 15 W pumped Ti:sapphire oscillator (80 MHz repetition rate, ~100 fs pulse 

duration) as the excitation light source.  Following dispersion compensation in a prism pair, the 

pulse train was introduced into the UHV chamber through a fused silica viewport, incident on the 

sample in p-polarization.  Pulse energies were attenuated by a neutral density filter to around 150 
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pJ/pulse.  No evidence of surface photovoltage effects or photodamage was observed.  All TPPE 

spectra were collected at room temperature and the photoelectron kinetic energies were 

referenced to the Fermi energy of the analyzer, calibrated via clean Au foil. The analyzer pass 

energy was 10 eV. Experimental procedures for the collection of UPS spectra are the same as 

described in Chapter 3. To increase angular and spectral resolution for both TPPE and UPS, a 

stainless steel aperture was introduced in front of the electrostatic lens, restricting the acceptance 

angle to ±1.5°. To aid in the collection of slow photoelectrons, a -5 V sample bias was applied 

for ARUPS, and a -3 V bias for AR-TPPE. 

 Scanning tunneling microscopy images were collected at the Center for Functional 

Nanomaterials, part of Brookhaven National Laboratory. Measurements were carried out in an 

RHK Technology UHV 7500 STM system (base pressure < 1·10-10 Torr), equipped with sample 

heating and x-ray photoelectron spectroscopy capabilities. All STM images were obtained using 

electrochemically etched tungsten tips in constant-current mode at room temperature. 

 As a probe of the SnS2 surface structure, cesium was deposited on the SnS2 surface with 

an FT-type alkali metal dispenser filament from SAES. The filament was degassed at a current of 

4.75 A for 10 minutes prior to deposition. Cs was deposited at a filament current of 4.75 A for 15 

minutes. Following deposition, x-ray photoemission spectroscopy (Al Kα anode, 50 eV pass 

energy for survey, 25 eV pass energy for region scans, photoemission takeoff angle at surface 

normal) was performed to evaluate Cs coverage. 

 The SnS2 band structure measurements were complemented by density-functional theory 

(DFT) calculations executed by Mahesh Neupane (UC Riverside) using the projector augmented 

wave method as implemented in the software package VASP [149]. The screened Heyd-

Scuseria-Ernzerhof (HSE) hybrid functional was employed [150] to obtain a reasonable energy 



117 

 

gap. A Monkhorst-Pack scheme was adopted to integrate over the Brillouin zone with a k-mesh 

of 9 x 9 x 1 (8 x 8 x 4) for the SnS2 structure, and a plane-wave basis kinetic energy cutoff of 300 

eV was used. To determine the electronic band structure of bulk SnS2 the 4H-SnS2 structure was 

used, consistent with the polytype identified in previous experiments [141]. The lattice constant 

of monolayer SnS2 was obtained from the DFT-D2 volume optimized bulk SnS2 structure [151], 

and the atomic coordinates for the monolayer were optimized at this fixed lattice constant. To 

simulate a monolayer, a vacuum spacing of 15 Å was used. For the HSE calculations, 25% short-

range exact Hartree-Fock exchange was used with the Perdew-Burke-Ernzerhof (PBE) 

functional. The HSE screening parameter, μ, was empirically set to 0.3 Å-1. Projected density of 

states calculations were performed by integrating over the Brillouin zone using the tetrahedron 

method with Blöchl corrections [152]. 

 

5.3 │ SnS2 valence band structure 

 Angle-resolved UP spectra for the clean SnS2 match well with the non-angle-resolved 

measurements discussed in Chapters 3 and 4. Figure 5-1 illustrates the ARUPS results at 

different emission angles, shown in 5° intervals. Colored circles indicate the peak center of 

Gaussian fits to the observed spectral features. As before, the SnS2 valence band is dominated by 

the manifold of S 3p-derived levels, which span binding energies of -2.0 to -4.5 eV [153]. These 

energy levels reveal differing dispersion in k-space, enabling identification of at least five 

distinct peaks within the S 3p manifold. All of these S 3p levels move to higher binding energies 

with increasing angle of emission, indicating negative effective masses. The features at the 

lowest binding energy shows very little dispersion, resulting in a valence band maximum that 

does not change significantly as a function of  𝑘//, in agreement with previous experimental 



118 

 

studies [141]. Low intensity features are also observed at binding energies ranging from -7 to -11 

eV. Although the feature around -8 eV BE (green circle) is known to correspond to an Sn 5s-

derived level [153], the remaining three features have not been identified in any previous 

experimental or theoretical results, and will be discussed more below. 

 

Figure 5-1: Angle-resolved UP spectra of the SnS2 valence band region for different angles of 

photoemission. Spectral background was removed by a least squares fit to the signal from inelastically 

scattered photoelectrons. Colored circles designate peak centers of Gaussian fits to the observed features. 

Spectra are offset for clarity. 

 

 

 The SnS2 band structure can be straightforwardly constructed from the experimental 

measurements by calculating 𝑘// for each peak from the photoemission angle and photoelectron 
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kinetic energy. The results of this analysis are plotted in Figure 5-2. The effective mass m* for 

each level was calculated from a parabolic fit around the 𝛤 point. Interestingly, the measured 

effective masses for the S 3p-derived levels span nearly an order of magnitude, from  

-4.6(2) to -0.63(5) me. Although these levels are very close in energy at the 𝛤 point, it is expected 

that the mobility of charge carriers will vary significantly between individual bands. Even 

considering the relatively high effective mass for the hole transport level, hole mobilities 

exceeding 10 cm2/V·s have already been reported for SnS2-xSex [154], significantly better than 

even top-performing organic semiconductor thin films [155]. Overall, the ARUPS results agree 

well with μARPES measurements of the SnS2 valence band structure [141], although the 

μARPES was limited to binding energies less than 7 eV and had lower spectral and angular 

resolution. 
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Figure 5-2: Valence band structure of SnS2, as mapped by ARUPS. Points represent peak centers of 

Gaussian fits to experimentally observed features. The color of each level is matched to the colored 

circles in Figure 5-1. Effective mass values were calculated by a quadratic least-squares fit to the 

parabolic region of each level.  

 

 

 Further insight into the electronic structure of SnS2 can be gained by comparing the 

experimental measurements to the band structure calculated by density functional theory (DFT). 

Figure 5-3 shows the direct comparison between experimental and theoretical results.  Most of 

the experimental peaks show good agreement with the theoretical band structure, and are denoted 

by black squares. There are some minor differences between theory and experiment near the 𝛤 

point. These differences are likely due to a combination of peak broadening by an uneven sample 
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surface, imperfect alignment of the sample perpendicular to the axis of rotation, and systematic 

fitting errors caused by spectral congestion. Other slight differences are observed at large values 

of 𝑘//, but these are most probably induced by the experimental averaging over the 𝛤→�̅� and 

𝛤→�̅� directions. The theoretical band structure is thus well reproduced by the experimental 

measurements that are denoted by black squares. 

 

Figure 5-3: Comparison of UPS measured peak positions for SnS2 with the DFT calculated valence band 

structure. Light gray lines are the calculated band structure from 𝛤 to �̅�, while darker grey lines are from 

𝛤 to �̅�. Black squares indicate experimentally measured levels that agree well with theory, while red 

circles denote experimental peaks that do not appear in the calculated band structure. 
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 In contrast, the experimental measurements denoted by red circles do not correspond to 

any levels in the DFT band structure of SnS2, indicating that these bands are induced by 

deviations from the expected SnS2 crystal structure. The dispersion of these peaks offers some 

clues regarding their electronic character. The peak centered around -7 eV binding energy shows 

very little dispersion, yielding an effective mass with a minimum value of +30me. The electronic 

wavefunctions corresponding to this level are thus highly localized. This energy level must 

therefore arise from spatially discrete features on the SnS2 surface, such as point defects (e.g. 

sulfur vacancies) or surface adsorbates. The lack of any observed contamination in x-ray 

photoemission spectroscopy and the inertness of the SnS2 surface suggest that a significant 

population of surface adsorbates is unlikely, while the studies presented in Chapters 3 and 4 

emphasize the importance of defect-induced SnS2 gap states for interfacial energy level 

alignment. Hence, I tentatively assign the -7 eV peak to point defects in the SnS2 surface layer. 

 The two features between -9 and -11 eV binding energy are also very clearly separated 

from any predicted SnS2 bands, and must thus correspond to defects or contaminants. However, 

these peaks show pronounced dispersion as a function of 𝑘//, with effective masses of +0.3(1)me 

and -0.5(1)me. The low effective masses indicate electronic wavefunctions that are highly 

delocalized, such that these levels cannot be explained by isolated point defects or surface 

adsorbates. Higher dimensionality defects represent an intriguing possible identity. Grain 

boundaries in MoSe2 have been demonstrated to create highly dispersive defect states [156], 

while MoS2 step edges have been predicted to host metallic electronic states [157–159]. It should 

therefore be expected that similar line defects within SnS2 would also lead to delocalized 

electronic bands that may be energetically well separated from the bulk SnS2 levels, such as are 

observed here. Line defects that are associated with step edges may not be visible in μARPES 
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measurements, as the SnS2 crystals often yield atomically flat terraces that are many microns in 

size [53,141]. Thus, the micron-sized spot probed by the photoelectron analyzer is not likely to 

include any crystal step edges. 

 Overall, the prominent features observed in ARUPS for bare SnS2 match well with the 

band structure predicted by DFT calculations. Effective masses for the SnS2 valence bands span 

nearly an order of magnitude, indicating that charge transport properties may differ significantly 

between levels that are close in energy. Additionally, features are observed in the ARUP spectra 

that do not correspond to any known bands. Based on their dispersion behavior, these peaks are 

assigned to either point or line defects within the SnS2 crystal. Future experimental and 

theoretical work will focus on definitively identifying these features, but the initial results 

presented here support the conclusions of Chapters 3 and 4 regarding the electronic importance 

of SnS2 defect states. The AR-TPPE results that will be discussed below also display anomalous 

features that can be understood to correspond with crystal defects, further adding weight to this 

interpretation. 

  

5.4 │ SnS2 conduction band structure 

 Once the valence band structure of SnS2 was mapped by ARUPS, I used AR-TPPE to 

explore its conduction band structure. As shown in Figure 5-4, a minimum of four distinct peaks 

are observed in the TPPE spectra, which divide into two sets of overlapping pairs. One set of 

peaks (blue and black solid curves in Figure 5-4) is visible across a wide range of photon 

energies, with final states energies varying between 5.5 and 6.2 eV. The energetic spacing 

between these two peaks is a constant ~300 meV for all photon energies and photoemission 

angles, suggesting a closely related origin of both peaks. The second pair of peaks (red and dark 
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red solid curves in Figure 5-4) occurs at higher final state energies, centered around 7.0 eV. 

These peaks are visible only at high photon energies, and appear to fall out of resonance for 

photon energies less than 4.8 eV. 

 

Figure 5-4: AR-TPPE spectra of bare SnS2 for different photon energies. Spectra were collected for 

photoemission at surface normal (±1.5°). Solid colored peaks represent Gaussian fits to the observed 

spectral features.  
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 The dependence of the final state energy on the excitation photon energy in TPPE is 

determined by whether the state being probed is occupied or unoccupied. To show this, I plot 

final state energy vs. photon energy in Figure 5-5 for all four observed peaks. Each of the 

experimentally observed peaks yields values of 
d𝐸

dℎ𝜈
 that are very close to 1.0, indicating that all 

of the probed levels are unoccupied under normal conditions. A slope of 2.0 would indicate 

occupied levels, but this is clearly not the case for these spectral features. The TPPE spectra of 

bare SnS2 are thus dominated by the conduction band structure, with no direct probing of valence 

band levels, even though such levels are in principle energetically accessible. 

 

Figure 5-5: Plot of final state energy vs. photon energy for the peaks observed in TPPE of bare SnS2. The 

slope of ~1.0 indicates that all observed peaks are unoccupied in the ground state. 
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 Since the levels probed by TPPE are unoccupied, it is the intermediate state for the two-

photon photoemission process that is of interest. This corresponds to the normally unoccupied 

energy level that is populated by the adsorption of the first photon. The electron is then excited 

above the vacuum level by adsorption of the second photon. The conduction band structure for 

SnS2 can thus be mapped by plotting the experimentally observed peak positions on the 

intermediate state energy y-axis as a function of 𝑘//, as shown in Figure 5-6. The photon energy 

was systematically varied, yielding multiple points for each 𝑘// value. The two pairs of spectral 

features show strikingly different dispersion. The lower energy peaks (blue and black squares) 

are highly dispersive, with the measured peak position changing rapidly as a function of 𝑘//. A 

quadratic least-squares fit of the lowest energy conduction band state yields an effective mass of 

+0.17(1)me, suggesting high electron mobilities in the SnS2 transport level. At the 𝛤 point, this 

band has a peak center energy of ~1.0 eV above the Fermi energy, with an onset energy based on 

the FWHM about 0.7 eV above EF. From the ARUPS results presented in Section 5.3, the 

valence band onset occurs at approximately -2.0 eV, yielding a direct bandgap width of ~2.7 eV 

at the 𝛤 point, in agreement with previous work [141]. The minimum direct bandgap of ~2.3 eV 

occurs at the �̅� point [141], which is outside of the 𝑘// range achievable for the AR-TPPE 

experiments. 
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Figure 5-6: Experimental conduction band structure for bare SnS2, as measured by AR-TPPE. Effective 

masses were calculated from a quadratic least-squares fit of all data points for each feature, centered at the 

𝛤 point. Measurement with different photon energies yield multiple points for each 𝑘// value. 

 

 

 In marked contrast, the higher energy peaks (red and dark red circles) show very little 

dispersion and yield large, negative effective masses. There is also a remarkable similarity 

between the dispersion behavior of these unoccupied states and the occupied valence band 

maximum levels at a binding energy of -2.5 eV, plotted in Figure 5-2, which will be discussed 

further below. 

 To shed further light on the TPPE measurements, Figure 5-7 directly compares the 

experimentally determined conduction band structure with DFT calculations. The conduction 

band minimum level shows excellent agreement between theory and experiment in terms of both 

energy and effective mass. However, experimental measurements of the second conduction band 
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state (blue squares) do not line up well with predicted energy levels, and the origin of these 

spectral features is unclear. DFT does indeed predict the existence of a second conduction band 

level with similar dispersion, but at an intermediate state energy of ~1.75 eV, 500 meV higher 

than the experimentally observed peak position. The excellent agreement between theory and 

experiment achieved thus far for SnS2 renders a simple computational error improbable. The 

consistent ~300 meV separation between the first two peaks suggests instead that the second 

peak is derived from a perturbation of the conduction band minimum level. There are several 

plausible mechanisms for such peak splitting. The most probable explanation is the presence of 

1D surface defects, also known as line defects, which can lead to independent energy 

levels [156]. In contrast to 0D points defects, line defects are spatially extended features that 

often possess periodic structure. A common source of these 1D defects is the formation of a 

boundary between two crystalline domains of different orientation, known as crystal twinning, 

which deviates from the expected crystal structure and gives rise to new electronic states. Indeed, 

Lehtinen et al. demonstrated that Se-enriched grain boundaries in MoSe2 induced new 

conduction band levels with similar effective masses to existing states, but offset by 100-200 

meV [156]. LEED measurements of SnS2 confirm the presence of twinning [141], so these grain 

boundaries provide a good explanation of the observed spectral feature.  

 Other possible explanations can be excluded. Although peak splitting could also be 

produced by the presence of SnS2 surface regions with different workfunctions, due to e.g. a 

change in the local vacuum level, this would induce splitting of all observed peaks, in both 

ARUPS and AR-TPPE. This is clearly not the case, and we can assume a consistent local 

vacuum level across the SnS2 surface. Another possibility is that one peak is due to 

photoemission from the surface SnS2 layer, while the other peak originates from deeper-lying 
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SnS2 layers that experience different interlayer coupling, altering the energetics. Since different 

bands may be affected to different extents, it might be possible that only the conduction band 

minimum is significantly split. However, this has not been revealed in DFT measurements. 

Additionally, the intensity ratio between the split peaks would be governed by the inelastic mean 

free path of the photoelectrons, and would thus be expected to vary systematically with photon 

energy and photoemission angle. No such systematic variation is experimentally observed, 

eliminating the possibility of photoemission from different SnS2 layers. Finally, the possibility of 

electronically isolated SnS2 layers, where interlayer coupling has been quenched, can be 

excluded. Although DFT calculations indicate that monolayer SnS2 does indeed display shifted 

energy levels, the effective mass of the conduction band levels are also changed. Since the 

effective mass of the second conduction band level is not altered, this suggests that no 

“monolayer” SnS2 islands are formed at the crystal surface, and the mechanism for the formation 

of such electronically isolated layers is also not apparent. The presence of 1D surface defects 

thus remains the most plausible explanation for the unidentified conduction band. The lack of a 

systematic relationship in intensity between the two peaks can be explained with a combination 

of different coupling terms (leading to different dependence of excitation cross-section as a 

function of photon energy) and inhomogeneous distribution of 1D crystal defects. 
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Figure 5-7: Comparison of TPPE-measured peak positions with the DFT calculated conduction band 

structure. Light gray lines are the calculated band structure from 𝛤 to �̅�, while darker grey lines are from 

𝛤 to �̅�. 

 

 

 Further disagreement between theory and experiment is observed for the second pair of 

TPPE peaks (red and dark red), with intermediate state energies of around 2.25 eV. Not only are 

there no conduction band states predicted to occur near this energy, but DFT indicates that the 

only SnS2 conduction band states with negative effective masses near the 𝛤 point occur 4.5 eV 

above the Fermi energy, more than 2 eV greater than the experimentally measured peak position. 

Therefore, these states do not correspond to any known energy levels, indicating that they are 

induced by crystal defects, as was also observed to occur in the valence band structure. 

 Since these defect bands are unoccupied, their measured initial state energies change as a 

function of excitation photon energy as 
d𝐸𝑖𝑛𝑖𝑡𝑖𝑎𝑙

dℎ𝜈
= 1. However, the initial states energies for these 

bands are observed to center at -2.5 eV below the Fermi energy, exactly at the ARUPS-measured 
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peak positions for the two highest valence bands, as shown in Figure 5-8. Additionally, the 

measured effective masses for these conduction band and valence bands states agree within 

experimental uncertainty. Although this would seem to suggest that the TPPE-observed peaks 

are actually occupied states, their dependence on photon energy shown in Figure 5-5 clearly 

indicates that they are unoccupied. I therefore propose that the features observed in TPPE 

correspond to the SnS2 valence band features that are resonantly enhanced by excitation to a 

localized DOS in the conduction band region. This localized character of this conduction band 

state indicates that it is associated with point defects in the SnS2 crystal. Photoexcitation via the 

first TPPE photon promotes an electron from the valence band into this unoccupied defect level. 

The localized nature of the point defects yields a flat band, so the weak dispersion of the initial 

valence band state is observable due to the bandwidth of the SnS2 levels involved. Critically, this 

mechanism clearly explains why these peaks are observed only for a few photon energies in 

TPPE. For photon energies below ~4.8 eV, there is insufficient energy to promote electrons from 

the valence band maximum states into the unoccupied defect state. Resonance is lost, and the 

spectral feature disappears. In contrast, if the TPPE peak were simply an occupied level probed 

by coherent two-photon excitation, it would be expected to be observed for all photon energies 

employed here, since no resonance condition is required, and would exhibit a two-photon energy 

dependence (
d𝐸

dℎ𝜈
= 2). I note that the conduction band minimum states are observable at nearly 

all photon energies because their initial state energies fall in a spectrally congested region of the 

SnS2 valence band, such that resonance with the unoccupied states is maintained for a wide 

range of photon energies. 
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Figure 5-8: Comparison of initial state energies for high effective mass conduction band states (red 

hollow circles), measured by AR-TPPE, to valence band binding energies, measured by ARUPS (filled 

grey shapes). Multiple AR-TPPE points represent measurements with different photon energies. Although 

the initial state energy varies as a function of photon energy, good agreement is observed between TPPE 

measurements and the UPS features marked by filled gray squares, indicating that the TPPE feature 

probes a resonance between occupied valence band levels and localized conduction band defect states. 

 

 

 In summary, AR-TPPE has been used to successfully map the conduction band structure 

of SnS2. Although the conduction band minimum level shows good agreement between theory 

and experiment, other spectral features indicate deviations from the electronic structure of 

perfect SnS2 crystals. Importantly, AR-TPPE reveals the presence of localized electronic states 

that are suggested to be associated with SnS2 point defects, consistent with similar observations 

of defect-induced energy levels in the ARUPS valence band measurements. In the following 

section, I draw on observations from scanning probe microscopies to discuss these occupied and 

unoccupied defect levels in more detail. 
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5.5 │ Further explorations of the SnS2 electronic structure 

 In order to augment the spectroscopic results presented above, I also employed scanning 

probe microscopies to study the SnS2 surface structure. As a first investigation of the crystal 

surface, atomic force microscopy (AFM) was used to study a freshly cleaved SnS2 crystal. Figure 

5-9 shows a typical image in both height and phase contrast modes. The height contrast in Figure 

5-9(A) clearly shows well-defined step edges between different crystal layers. Aside from the 

step edges, the crystal surface is extremely smooth, with rms roughness < 0.5 Å. However, the 

phase contrast image in Figure 5-9(B) explicitly reveals a significant population of grain 

boundaries, which can be faintly seen in the height image as well. Both step edges and grain 

boundaries deviate from the stoichiometry of the perfect crystal, creating new electronic states 

not captured by DFT calculations of the perfect crystal structure [156–159]. The AFM results 

thus agree well with the spectroscopic observation of 1D defect states in both ARUPS and AR-

TPPE, confirming the presence of extended line defects that can host dispersive electronic bands. 

 

Figure 5-9: AFM images of the bare SnS2 surface for both (A) height and (B) phase contrast. Step edges 

are clearly visible in the height contrast image, while both step edges and grain boundaries are visible for 

the phase contrast. The rms roughness within the black box in (A) is less than 0.5 Å and is largely due to 

instrumental noise. 
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 I also used scanning tunneling microscopy (STM) to investigate the SnS2 surface 

structure. Since the STM system operates in UHV, the SnS2 samples were subjected to the 

standard cleaning procedures, annealing the freshly cleaved surface overnight at ~250 °C. Some 

images of the bare SnS2 surface are shown in Figure 5-10. Note that the magnification of the 

STM images is 30x larger than in the AFM images. Figure 5-10(A) shows a step edge between 

different crystal layers. This step edge appears more jagged than the step edges observed via 

AFM. This indicates that extended thermal annealing of the SnS2 surface may lead to slight 

degradation of the non-stoichiometric step edges, possibly due to evaporation of S, which has a 

higher vapor pressure than Sn. Figure 5-10(B) reveals a high density of divots in the surface 

SnS2 layer. The phase contrast AFM in Figure 5-9(B) also shows small dark speckles, which 

may correspond to the same divots as well. These gaps in the SnS2 surface layer seem to also 

host a large number of nanometer-scale SnS2 flakes. This abundance of non-stoichiometric step 

edges greatly increases the availability of electronically active surface sites, providing a potential 

driving force for alterations in band structure as well as interfacial interactions.  



135 

 

 

Figure 5-10: Constant current STM images (+1.7 V, 400 pA) of the bare SnS2 surface after overnight 

annealing. In panel (A), step edges between large crystal layers are visible. In panel (B), a large surface 

density of holes is visible. The holes are filled with very small SnS2 flakes. 
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 To study the site-specific electronic activity of the SnS2 surface, I deposited a small 

amount of Cs, a strong electron donor, and then tracked the position of the resultant Cs adatoms 

over time via STM. Figure 5-11 shows four consecutive images of the same SnS2 surface region, 

taken over a time period of ~30 minutes. Cs clusters are clearly visible as bright white spots, 

although their presence seems to disrupt the STM measurement somewhat, leading to extra 

noise. Despite the strong perturbation of the tunneling current and associated electric fields, the 

Cs adsorbates can be seen to maintain the same position on the SnS2 surface even at room 

temperature. This suggests significant interactions between the Cs clusters and the SnS2 surface, 

consistent with the expected interfacial charge transfer. The Cs atoms are most likely interacting 

with defect states; the low effective mass for electrons in the SnS2 conduction band suggests that 

electrons donated into this state will strongly delocalize, leading to weak interfacial interactions. 

The immobility of the Cs clusters thus indicates the donation of electrons into localized defect 

states. Importantly, Cs does not show a strong preference for binding at SnS2 step edges, but is 

instead somewhat randomly distributed across the surface. Taken together, these results suggest 

that the Cs clusters are interacting with point defects distributed across the SnS2 surface. The 

surface density of Cs clusters is approximately 1012 cm-2, which corresponds well with the 

estimated surface density of gap states derived from the magnitude of band bending at the 

organic/SnS2 interface (~5·1011
 cm-2). 
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Figure 5-11: Constant current STM images (+1.7 V, 400 pA) of the SnS2 surface with adsorbed Cs 

clusters, which appear as white dots. The four images represent four sequential scans of the same sample 

region over the course of ~30 minutes. Little to no movement of the Cs clusters is observed. 

 

 

 The SPM measurements of the SnS2 surface reveal a significant population of both 1D 

and point defects. These results support the analysis of the ARPES experiments, demonstrating 

the plausibility of defect-induced electronic levels in the experimental band structure. 
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5.6 │ Conclusions for SnS2 

 The primary focus of this chapter was to map the full band structure of SnS2, employing 

both ARUPS and AR-TPPE. Good agreement between experimental measurements and DFT 

calculations was observed for most spectral features. This indicates that the results presented 

here should provide a solid foundation for future work with SnS2, both as a model inorganic 

semiconductor surface as well as a promising candidate for next-generation technologies. 

However, the experimentally measured band structure clearly shows effects from both point and 

line crystal defects. This agrees well with the work presented in Chapters 3 and 4, where the 

interfacial interactions observed between adsorbed organics and the SnS2 substrate could only be 

adequately explained by the presence of electronically active gap states arising from SnS2 

defects. STM measurements indicate that these defects are present in quantities that agree with 

the spectroscopic results. 

 My results from a wide variety of experiments thus point to the critical importance of 

SnS2 defects and the energy levels induced by those defects. These electronically active states 

must be included in a full description of inorganic semiconductor behavior. The extent of their 

influence on the electronic structure of even a highly ordered and inert surface suggests that their 

effects will be even more pronounced on most other inorganic semiconductor surfaces, where 

dangling bonds yield highly reactive and disordered surfaces. 

 In Chapters 6 through 8, I describe my research efforts in the characterization of such a 

disordered surface: thin-film zinc oxide (ZnO). I begin in Chapter 6 by explaining my 

development of a novel experimental method to probe the charge carrier dynamics at both the 

structurally complex ZnO surface and the electronically complex organic/ZnO interface. In 

Chapter 7, I detail how these ultrafast processes are controlled by the ZnO defect population, 
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while Chapter 8 discusses a direct spectroscopic characterization of a gap state in ZnO. These 

chapters thus build on my SnS2 research by providing direct access to defect-controlled ultrafast 

dynamics and electronically active gap states, complementing the energy level alignment and 

band structure measurements presented in Chapters 3 through 5. 
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Chapter 6 │ Ultrafast Charge Carrier Physics in the ZnO Conduction Band 

6.1 │ Introduction 

 The research presented in the preceding chapters focused primarily on tin disulfide (SnS2) 

as a model inorganic substrate, taking advantage of its highly ordered and inert surface. I 

explored the subtle effects that substrate gap states have on the electronic structure of hybrid 

semiconductor interfaces, providing insight into the properties of inorganic semiconductors. To 

complement those research projects, I have also investigated highly-conductive thin-film zinc 

oxide (ZnO) as an inorganic semiconductor substrate. These ZnO samples present a much more 

complex surface structure, with many potential candidates for electronically active gap 

states [160]. These gap states are again expected to play a significant role in the interfacial 

electronic structure, but the disordered nature and chemical reactivity of the surface results in 

different phenomena at the hybrid interface. However, strong interfacial electronic coupling 

remains a dominant theme, and is inextricably linked with substrate gap states. In this chapter, I 

describe an initial characterization of the interactions at the organic/ZnO interface and their 

effect on the ZnO conduction band. Chapter 7 builds on this initial understanding by exploring 

changes in charge carrier behavior due to surface pretreatment, which has been shown to alter the 

population of gap states within ZnO [59]. Finally, Chapter 8 presents results on the direct 

spectroscopic characterization of a ZnO gap state. 

 Transparent conductive oxides (TCOs), such as ZnO or TiO2, have been widely studied 

as carrier harvesting contact layers in organic electronics due to their low-temperature 

processability, wide band-gap (3.2-3.4 eV) [161], and natural abundance [162]. It is known that 

defect and dopant sites play an important role in determining the electronic structure at 

organic/TCO interfaces [163,164]. However, understanding the complex interface between π-
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conjugated organic semiconductors and TCOs remains a formidable challenge: weak screening 

near the interface can create long-lived bound electron-hole pairs [165,166], and the presence of 

multiple stable crystallographic orientations at the interface causes local variations in the 

interfacial energy landscape [167]. This complexity gives rise to interfacial carrier dynamics that 

span timescales in excess of ten orders of magnitude, ranging from a few femtoseconds for the 

fastest charge-injection into TiO2 [168], to many hundreds of picoseconds for residence times of 

coulombically-bound charge pairs at the ZnO/organic interface [165], and finally to hundreds of 

microseconds for photoexcited free carrier lifetimes at the ZnO surface [169]. 

 The bulk of time-resolved studies at hybrid interfaces has focused on ultrafast 

photoinduced charge-transfer across the interface, particularly for the purpose of dye 

sensitization experiments. For organic/ZnO interfaces, this yields timescales of ~100 fs [170–

174]. However, little is known about the fate and ultrafast dynamics of conduction band 

electrons at the TCO interface following e.g. a charge-extraction event from the active layer in 

an organic solar cell. Particularly unclear is the impact of electronic coupling between the 

adsorbed organic semiconductor layer and the inorganic TCO. For bare ZnO, the 4 eV bandwidth 

of the ZnO conduction band [175] suggests that carrier delocalization dynamics, i.e. site-to-site 

charge transfer within the ZnO conduction band (CB), are anticipated to occur on sub-fs time 

scales. Modification of these delocalization dynamics by organic adsorbates has direct 

implications for the efficiency of hybrid organic devices. Interfacial electronic coupling can lead 

to long residence times at the interface, ultimately opening pathways for facile recombination 

and loss of charge carriers. To study the interfacial hybridization, I have used core-hole clock 

spectroscopy (CHC), an extension of resonant photoemission (RPES) with attosecond time-

resolution [67]. With this technique, I monitor the site- and element-specific evolution of the 
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carrier wavefunction in the conduction band at a prototypical hybrid organic/inorganic interface, 

revealing the influence of hybrid interface formation on ultrafast carrier dynamics. 

 Using RPES for the first time to investigate oxide carrier dynamics at a hybrid interface, I 

demonstrate that ultrafast charge carrier delocalization in the conduction band of ZnO is strongly 

disrupted in the presence of C60, leading to much longer lived carriers localized at the hybrid 

organic/inorganic interface. This marked shift in carrier behavior is driven by hybridization of 

the ZnO conduction band with the molecular orbitals of C60, revealing strong electronic coupling 

across the hybrid organic/inorganic interface. This has significant implications for the processes 

of interfacial energy level alignment and carrier separation at hybrid interfaces, potentially 

offering a means for extrinsic control of carrier dynamics via tuned electronic coupling at the 

interface [102,164,176,177]. These results complement previous work on photoinduced charge 

separation by providing access to faster timescales, elemental specificity, and unambiguous 

spatial information regarding the electronically perturbed near-interface region of a metal oxide. 

 This chapter is organized as follows. In Section 6.2, an explanation of the experimental 

approach is provided. In Section 6.3, the RPES results for bare ZnO are presented. In Section 

6.4, the effect of C60 deposition on the electronic structure of ZnO is described. In Section 6.5, I 

discuss the implications of these observations for hybrid semiconductors interfaces in general. 

 

6.2 │ Experimental approach 

6.3.1│ Description of experimental technique 

 Although brief descriptions of RPES and CHC were provided in Chapter 2, I present here 

a more detailed explanation to aid in interpretation of the results. In these experiments, the O K-

edge was interrogated. Thus, resonant absorption of an x-ray photon promotes an O 1s core 
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electron into the ZnO conduction band, which consists of hybridized Zn 4s and O 2p levels [33]. 

For clarity, I use the notation [Zn4s⨂O2p] to describe the hybridized nature of the conduction 

band and [Zn3d⨂O2p] for the hybridized valence band, both of which play an important role in 

the results presented here. X-ray absorption creates an O 1s core-hole that decays with  lifetime 

of 3.6 fs, with several possible decay channels [67,68]. Here, I focus exclusively on participator 

decay. As illustrated in Figure 6-1, this process corresponds to core-hole decay via ejection of a 

valence band (VB) electron to release the excess energy. Due to the hybridized nature of the ZnO 

bands, this ejected valence band electron can originate from the occupied O 2p or Zn 3d VB 

states. This results in a final state identical to that of direct photoemission from the valence band, 

yielding resonant enhancement of the measured O 2p and Zn 3d peaks. Critically, this 

participator decay path is only likely if there exists substantial overlap between the 

wavefunctions of the core-hole and the excited electron, i.e. if the excited core electron is 

localized in the vicinity of the core-hole throughout the core-hole lifetime. Any process whereby 

the excited electronic wavefunction evolves away from the vicinity of the O 1s core-hole prior to 

core-hole decay, such as delocalization within the [Zn4s⨂O2p] conduction band, suppresses the 

resonant enhancement of the VB feature. Therefore, changes in the resonant photoemission 

cross-section directly reflect ultrafast dynamics of excited electronic wavefunctions. In this 

dissertation, I refer to the average time that the excited electron remains localized near the core-

hole before delocalizing as the residence time. Since the core-hole lifetime is largely independent 

of the surrounding environment, the first-order core-hole decay process can be used to “clock” 

the ultrafast delocalization of the excited core electron for residence times ranging from 

hundreds of attoseconds to a few tens of femtoseconds [69,178,179]. Typically, this technique is 

used to study interfacial charge transfer between a molecule and substrate. For the first time, I 
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have extended these principles to study changes in ultrafast substrate carrier behavior as a result 

of molecular adsorption. 

  

Figure 6-1: Measurement process and participator decay in resonant photoemission. (A) Photon 

absorption with two competing decay processes: delocalization into a continuum of states and participator 

decay. (B) Final state following delocalization, where participator decay has been blocked. (C) Final state 

following participator decay, identical to the final state for direct valence band photoemission. (D) 

Calculated ZnO conduction band structure probed by the CHC method [180]. The strong curvature and 

large bandwidth of the Zn 4s,p band point to ultrafast carrier delocalization times in native ZnO. 

 

6.3.2│ Materials and methods 

 Near-edge x-ray absorption fine structure (NEXAFS) and resonant photoemission 

spectroscopy (RPES) measurements were performed on beam line 10-1 at the Stanford 

Synchrotron Radiation Lightsource (SSRL) with linearly polarized x-rays at an incidence angle 

of 70  from surface normal and with the photoemission spectrometer parallel to the e-vector in 

the horizontal plane (photoemission geometry). Spectra were normalized by the photon flux on a 

freshly evaporated gold grid. NEXAFS spectra were collected in the total electron yield (TEY) 
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mode via the drain current. Photoemission spectra were collected using a double-pass cylindrical 

mirror analyzer at a pass energy of 25 eV, where the resolution of the beamline monochromator 

was matched with the analyzer resolution (0.25 eV) to provide a total energy resolution of about 

0.35 eV. 

 Ultra-smooth (RMS roughness = 0.2 nm) indium zinc oxide (IZO) films were deposited 

via RF-magnetron sputtering onto clean glass substrates to improve sample conductivity and 

roughness. 20 nm of zinc oxide (ZnO) was subsequently deposited by plasma-enhanced atomic 

layer deposition (peALD), which yields polycrystalline, highly n-doped ZnO films used as hole-

blocking and electron-harvesting layers in organic electronic devices [181,182]. After 

introduction to ultrahigh vacuum, samples were cleaned by Ar+ sputtering at 1 keV and 5 

A/cm2 for approximately 30 minutes. Removal of adventitious carbon was confirmed with x-

ray photoemission spectroscopy. Immediately after RPES measurement of clean ZnO, one 

monolayer equivalent (1 MLE) of triply sublimed C60 (MER Corp.) was deposited in-situ with a 

home-built Knudsen cell, using a quartz crystal microbalance to calibrate the thickness. 

 

6.3 │ Resonant photoemission of ZnO 

 Collection of resonant photoemission spectra involves stepping the incident photon 

energy across a core-level transition. The ultrafast dynamics of the excited core electron are then 

studied in order to shed light on the conduction band physics. However, meaningful analysis of 

the resultant participator resonant enhancement requires knowledge of the conduction band 

electronic structure, which is acquired by taking x-ray absorption measurements. By examining 

the near-edge x-ray absorption fine structure (NEXAFS), the unoccupied electronic structure can 

be mapped and used as a standard of comparison. Figure 6-2 shows the NEXAFS spectrum for 
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clean ZnO. The O K-edge NEXAFS features for ZnO are quite broad, in agreement with 

previous reports [183,184], and track the theoretical DOS quite well [180]. The characteristic 

transition metal oxide pre-edge absorption feature arising from excitation to unoccupied 

[O2p⨂Metal3d] states is predictably absent due to the filled d-band of ZnO [185]. The onset of 

excitation into a continuum of free electron states (vacuum level) was calibrated to a photon 

energy of 534 eV and is consistent with measured workfunctions and electron affinities on these 

surfaces [59,102,163,183]. The [Zn4s⨂O2p] conduction band of ZnO is therefore accessed by 

photon energies of approximately 530 to 534 eV [33]. The core hole created in NEXAFS is 

localized on the O atom, modifying the Zn 4s density of states in the conduction band only 

minimally [33,183,185,186]. Thus, an initial state description of x-ray absorption, resonant 

photoemission, and resulting carrier dynamics is sufficient to understand the relevant physics. 

 

Figure 6-2: NEXAFS spectrum of bare ZnO in the near-edge region, with a representation of the 

calculated density-of-states of pristine ZnO [180]. 
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 Resonant PE spectra for clean ZnO were obtained by acquiring photoemission spectra 

while stepping the incident photon energy across the O K-edge and are shown in Figure 6-3. The 

ZnO valence band spectra consists of an intense peak at 12 eV (Zn 3d) and two smaller peaks at 

binding energies of approximately 8 and 5 eV (O 2p) [187]. Upon participator decay of the 

excited core electron, these photoemission features will be resonantly enhanced. Thus, intensity 

enhancement of any of these features as a function of photon energy indicates localization of the 

excited electronic wavefunction near the core hole. 

 

Figure 6-3: (A) 2-D plot of the O K-edge resonant photoemission spectra for the valence band region of 

bare ZnO. (B) Resonance enhancement for each photon energy, measured by the Zn 3d peak area (dashed 

line). 

 

 

 For bare ZnO, no participator decay is detectable above the direct photoemission 

background in the conduction band region (530-534 eV), even though NEXAFS spectra clearly 

show photoexcitation of core electrons into the [Zn4s⨂O2p] band. For bare ZnO, O 1s electrons 

excited into this band therefore delocalize on a timescale that is significantly shorter than the 

core-hole lifetime τch of 3.6 fs [66]. This is consistent with the strong band curvature and large 
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bandwidth, seen in Figure 6-1. Electrons excited into higher lying conduction band states give 

rise to resonant enhancement via participator decay, indicating that they remain localized near 

the core-hole at timescales comparable to the core-hole lifetime. The band structure of ZnO 

indicates that these more localized conduction band states are likely dominated by Zn 4p,4d 

character. 

 Interestingly, the resonant enhancement of the valence band photoemission features is 

equivalent for the Zn 3d and O 2p features even though the core hole is localized on an O atom. 

This indicates that the ZnO bands are strongly mixed, in agreement with recent theoretical 

work [33,187]. Since the valence band features all display the same trends, I will focus on the 

intense Zn 3d peak in order to maximize the signal-to-noise ratio for the subsequent core-hole 

clock analysis.  

 

6.4 │ Charge carrier physics at the C60/ZnO interface 

 Upon deposition of 1 monolayer equivalent (MLE) of C60, the overall structure of the 

ZnO NEXAFS is preserved, as seen in Figure 6-4. However, small yet reproducible and 

structured differences are clearly induced across the conduction band region of ZnO. These 

changes correspond to an increase in the density of unoccupied states carrying O 2p-character in 

ZnO. Notably, since the probing depth of the total electron yield detection mode used here is 

approximately 5 nm, the perturbative effect of C60 adsorption is likely more significant right at 

the interface, and the probing-depth-averaged spectra underestimate the influence of C60 

adsorption on the interfacial electronic structure. These differences give a first indication of 

significant interaction across this hybrid interface. Indeed, a previous computational and 

spectroscopic study has already demonstrated clear evidence for strong electronic coupling 
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across the C60/ZnO interface [59], further supported by previous studies of other π-conjugated 

molecular adsorbates on ZnO with significant electronic coupling between the ZnO CB and 

unoccupied molecular states [173,188,189]. 

 

Figure 6-4: (A) O K-edge NEXAFS spectra of ZnO and 1 monolayer equivalent C60/ZnO and difference 

spectrum. The adsorption of C60 increases the x-ray absorption cross-section in the pre-edge conduction 

band region of ZnO, indicating that electronic coupling with molecular orbitals of C60 increases the 

density of unoccupied states with p-character in ZnO. (B) Full XAS spectra for ZnO and C60/ZnO, offset 

for clarity. 
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 As a result of this electronic coupling, the resonant photoemission spectra for C60/ZnO 

reveal striking differences in the conduction band region of ZnO, as seen in Figure 6-5. Upon O 

K-edge excitation with photon energies of 530-534 eV, strong resonant enhancement of the 

valence band photoemission is observed, corresponding to significant participator decay. At the 

C60/ZnO interface, the ZnO conduction band electrons therefore remain localized in the vicinity 

of the core-hole for timescales comparable to the core-hole lifetime. This represents a dramatic 

change in the ZnO charge carrier physics that is induced by the adsorption of C60. 

 

Figure 6-5: (A) 2-D plot of the O K-edge resonant photoemission spectra for the valence band region of 

ZnO with 1 MLE C60. (B) Resonance enhancement for each photon energy, measured by the Zn 3d peak 

area (dashed line). 

 

 

 Figure 6-6 directly compares the resonant enhancement of the Zn 3d peak area as a 

function of incident photon energy for both surfaces. The resonance behavior closely matches for 

photon energies in excess of 534 eV without any further normalization, indicating that the Zn 

4p,4d-derived states are not significantly affected by the interface with C60. However, excitation 
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to the [Zn4s⨂O2p] conduction band (photon energies between 530 eV and 534 eV) clearly 

produces stark differences in resonant intensity. For the C60/ZnO interface, the creation of charge 

carriers in these states results in strong resonance enhancement of the Zn 3d VB emission that 

closely follows the measured x-ray absorption. Therefore, at the hybrid interface, carriers in the 

[Zn4s⨂O2p] band remain localized near the core-hole on the time-scale of its lifetime. This 

leads to the surprising conclusion that adsorption of C60 strongly perturbs delocalization 

dynamics in the conduction band. 

 

Figure 6-6: Direct comparison of the resonant enhancement for bare ZnO and 1 MLE C60/ZnO with the O 

K-edge NEXAFS spectrum of C60/ZnO. The NEXAFS trace provides a measure of core-hole creation. 

Bare ZnO shows no resonant enhancement for photon energies less than 534 eV, indicating ultrafast 

delocalization of photoexcited core electrons. The resonant intensity for C60/ZnO closely tracks the 

NEXAFS in the conduction band region (530 to 534 eV), indicating near-complete localization of the 

excited core electron. 
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This finding is entirely consistent with the observed changes in the structure of the x-ray 

absorption spectra and hence DOS upon adsorption of C60 shown in Figure 6-4. Previous RPES 

studies of hybrid interfaces of π-conjugated organic molecules reported photoinduced charge 

transfer across the interface [168,170,178,179,190]. For the present case however, such a process 

is completely inconsistent with the strong resonant enhancement of Zn 3d emission, which is the 

result of participator decay. Photoinduced charge transfer on the time-scale of core-hole decay 

would prevent participator decay, at variance with the experimental results. Rather, the marked 

change in carrier physics and localization must be driven by strong electronic coupling across the 

hybrid organic/inorganic semiconductor interface. This hybridization of the O 2p orbitals with 

the localized C60 π-electrons serves in turn to localize the CB electrons, disrupting charge 

transfer within the [Zn4s⨂O2p] band of ZnO. This results in transient trapping of the excited 

electron at the interface and enhances participator decay. This interpretation of the disrupted 

delocalization dynamics in ZnO is in excellent agreement with a recent computational and 

spectroscopic study of the C60/ZnO interface [59]. Workfunction changes and the formation of a 

new electronic interface state near the CB edge, supported by DFT, clearly revealed 

hybridization across this interface. The observed coupling of delocalized ZnO CB states to the 

localized molecular levels provides thus the conceptual underpinning for the observed disruption 

of delocalization dynamics. Alternative localization mechanisms, such as adsorbate layer-

induced fluctuations and disorder [191], appear less likely as causes for the observed dynamics at 

the hybrid interface due to the substantial concentration of defects (~1014 cm-2) and dopants 

conveying the high n-type conductivity of the ZnO film [59,102]. 

 To quantitatively evaluate the effect of C60 on the charge carrier physics of the ZnO CB, I 

employ a simple model where electron delocalization and participator decay constitute the main 
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processes on ultrashort timescales. Both processes are in direct competition with each other. A 

key advantage to this approach arises from the exclusive consideration of participator decay. 

This limits the scope of the analysis to the branching ratio between two well-defined final states, 

reached by well-defined reaction pathways: participator decay of the excited core electron with 

the [Zn3d⨂O2p] VB and delocalization of the excited core electron into the [Zn4s⨂O2p] CB. In 

contrast, more commonly used Auger-like processes such as spectator decay result in a wider 

range of possible final states, involve broad convoluted spectra, and thus require additional 

assumptions in order to interpret the spectral changes in terms of dynamics.  

 In the limit of low density broad-band excitation, realized in these experiments, both 

charge carrier delocalization and participator decay can be considered to follow classical first 

order rate laws [67]. By calculating the conditional probability for both processes from the 

integrated spectral intensities of the Zn 3d VB peak, the electron residence time near the ZnO 

surface is obtained [192]. From the difference in resonant photoemission intensity of the Zn 3d 

participator feature, shown in Figure 6-6, it is possible to obtain an lower limit to the charge 

carrier residence time before delocalization at the C60/ZnO interface (𝜏𝑑𝑒𝑙𝑜𝑐.
𝑍𝑛𝑂 ) given the following 

assumptions: i) Based on the work by Sakamaki et al, I take the lifetime for charge carrier 

delocalization in bare ZnO to be approximately 400 attoseconds. This value, significantly faster 

than the O 1s core-hole lifetime, is in excellent agreement with my observation of near-zero 

participator resonant enhancement in the CB of bare ZnO. ii) I take 0.1 (a.u.) to be the maximum 

possible measurement for the resonance enhancement of the Zn 3d peak area in the conduction 

band region for bare ZnO, based on the standard deviation of the background signal for that 

region of the spectra; the experimentally measured value for the resonance enhancement for 1 

MLE C60/ZnO is 0.89 (a.u.). iii) I assume that both the core-hole decay and the charge 
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delocalization process follow first-order rate laws. Beyond normalizing for beam flux and 

subtracting the nonresonant background, the resonant peak areas were not adjusted further.  

 Given these assumptions, the peak area of the Zn 3d peak is directly related to the 

residence time of the conduction band electron via Equation 6-1:  

 1
 𝜏𝑑𝑒𝑙𝑜𝑐.

 1
 𝜏𝑐ℎ

+
 1

 𝜏𝑑𝑒𝑙𝑜𝑐.

=
𝐴𝑙𝑜𝑐𝑎𝑙𝑖𝑧𝑒𝑑 − 𝐴𝑑𝑒𝑙𝑜𝑐𝑎𝑙𝑖𝑧𝑒𝑑

𝐴𝑙𝑜𝑐𝑎𝑙𝑖𝑧𝑒𝑑
 (6-1) 

 where 𝜏𝑑𝑒𝑙𝑜𝑐. represents the maximum residence time before delocalization, 𝜏𝑐ℎ is the known 

lifetime of the O 1s core hole (3.6 fs) [66], Alocalized is the area of the resonant contribution in the 

case of a completely localized conduction band electron, and Adelocalized is experimentally 

measured resonant peak area of the Zn 3d state. From the delocalization lifetime for bare ZnO of 

400 as [172] and its measured resonant intensity, the resonant peak area for a completely 

localized electron is predicted to be approximately 1.00 (a.u.). From this value and the measured 

resonant peak area for 1 MLE C60 on ZnO, I calculate that 29 fs is the minimum possible 

residence time for excited core electrons in the conduction band of ZnO near the interface with 

C60. This represents a greater than 70-fold increase compared to bare ZnO, and falls within the 

generally accepted time-window of [0.1 𝜏𝑐ℎ, 10 𝜏𝑐ℎ] accessible to CHC spectroscopy [67,68]. 

Note that such long lifetimes for carriers trapped at the interface might also be accessible by 

laser-based ultrafast spectroscopies, provided a unique spectral fingerprint can be identified. 

 Both the RPES data and the results from modeling carrier dynamics therefore show that 

the attosecond delocalization dynamics in the ZnO CB are disrupted by the adsorption of C60, 

increasing carrier residence time near the hybrid interface by almost two orders of magnitude. 

This implies strong electronic coupling and hybridization across the interface, as indeed 
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observed by UPS and IPES [59]. As a strong electron acceptor, such hybridization for C60 is 

expected and is in agreement with a theoretical treatment of the analogous system of 

graphene/ZnO [193]. The results clearly show that this hybridization across the interface 

fundamentally alters the charge transport physics in the near-surface region of ZnO. The strength 

of this interaction necessitates its inclusion in a complete and fundamental understanding of 

organic/inorganic semiconductor interfaces. 

 

6.5 │ Implications 

 Though the present study reports directly on the carrier dynamics within the interfacial 

region of the ZnO substrate, the resultant understanding of ultrafast carrier dynamics in the 

presence of organic molecules informs more generally on the mechanism of charge extraction at 

oxide interfaces. Photoinjection of electrons from ZnO into C60 has been documented by 

femtosecond spectroscopies [194], and my observations strongly suggest that the mechanism for 

this photoinjection may consist of multiple steps, where electrons first localize in the near 

surface region before transferring across the interface. The proposed hybridization may not only 

lead to longer carrier residence times near the interface, a direct result of my RPES study, but 

also facilitate injection due to improved wavefunction overlap. Intriguingly, previous work has 

shown the reverse to be true as well: the creation of free charge carriers in ZnO has been shown 

to lag behind the extraction of electrons from an organic semiconductor, potentially due to the 

creation of states that transiently trap the extracted carriers at the 

interface [165,166,170,190,195]. Although the observed carrier localization is explicitly not 

obtained from photoinduced charge transfer, the interface hybridization and associated dynamics 

are expected to play an important role in that scenario as well. These results indicate that 
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interfacial interactions more subtle than the typically invoked Coulombic forces caused by poor 

screening in ZnO play a role in carrier trapping. Indeed, recent work by Strothkämper et al. on 

perylene/ZnO indicates that modified electronic states at the hybrid interface play an integral role 

in delaying creation and removal of free carriers from the interface [196]. My work further 

enhances this view by showing that the charge-trapping behavior at the ZnO/organic interfaces 

arises from fundamental changes to the physics of the ZnO conduction band in the near-interface 

region. 

 To summarize, I have demonstrated a novel use of core-hole clock spectroscopy to 

investigate the strong perturbative effect of an organic adsorbate on the attosecond charge carrier 

physics in highly conductive ZnO films. The simple utilization of a powerful time-resolved 

technique provides unprecedented insight into a previously inaccessible regime of charge carrier 

physics at hybrid interfaces, where strong electronic coupling significantly alters the expected 

carrier dynamics. The elemental specificity provided by x-ray excitation makes my approach 

applicable to a variety of semiconductor systems and interfaces, and the high time resolution 

provides also a basis for the development of theoretical models of many-body dynamics on 

ultrafast time-scales. In Chapter 7, I extend this novel method of analysis to studying the effect 

of surface pretreatment on the charge carrier behavior within ZnO. Since surface pretreatment 

has been demonstrated to correlate with changes to the population of ZnO gap states [59], it is 

clear that the substrate gap states again play a central role in the electronic structure of the hybrid 

interface, as was seen repeatedly in my results for the organic/SnS2 interface.  
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Chapter 7 │ Effect of Surface Pretreatment on ZnO Carrier Physics 

7.1 │ Introduction 

 In Chapter 6, I presented a novel study of the ultrafast charge carrier physics in thin-film 

zinc oxide (ZnO), highlighting the effect of C60 adsorption. The formation of the hybrid interface 

strongly suppresses the transport of electrons within the ZnO conduction band, revealing strong 

interfacial electronic coupling. As mentioned previously, the surface structure of the ZnO thin 

films is complex and electronically active [102,163,167,197,198]. It is anticipated that changes 

to the physical structure will yield differences in electronic structure, thereby altering the 

interfacial interactions. In this chapter, I explore the effect of surface structure modification (via 

Ar+ sputtering) on the ultrafast charge carrier behavior of thin-film ZnO. Not only does surface 

treatment significantly alter the conduction band characteristics of bare ZnO, but it also has a 

dramatic impact on the interfacial interactions with C60 [59]. More energetic Ar+ sputtering leads 

to faster charge carrier delocalization near the bare ZnO surface, but produces the completely 

opposite trend near the hybrid C60/ZnO interface. These results shed light on the complex 

electronic structure of inorganic semiconductors in two ways. First, they demonstrate that the 

ability to efficiently transport charge carriers in the near-surface region is influenced by the 

population of local gap states. Second, these electronically active gap states have significant 

consequences for interfaces with organic semiconductor molecules, which further alter the 

conduction band physics of the ZnO thin film. 

 This chapter is organized as follows. In Section 7.2, I describe the experimental details. 

In Section 7.3, I provide a description of the electronic structure of the C60/ZnO interface as a 

function of Ar+ sputtering conditions, based on work performed by my collaborators Leah Kelly 

and Philip Schulz [59]. In Section 7.4, I discuss the x-ray absorption results for the various 
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surface preparations of the ZnO thin film and the subsequent effects of C60 adsorption. In Section 

7.5, I analyze the resonant photoemission spectra via the core-hole clock method to study the 

ultrafast charge carrier physics. In Section 7.6, I bring together the results from near-edge x-ray 

absorption fine structure (NEXAFS), core-hole clock spectroscopy (CHC), and the work of 

Schulz et al. in order to provide a comprehensive picture of the interfacial interactions. In 

Section 7.7, I conclude by summarizing the implications of these results. 

 

7.2 │ Experimental 

 To modify the surface electronic structure of the ZnO samples, the samples were 

prepared according to different protocols, which are described as follows. As a control, some 

samples were not subjected to any Ar+ sputtering; these samples are referred to as unsputtered. A 

second set of samples was cleaned via mild sputtering at ion energies of 500 eV, with typical 

sample currents of about 0.4 µA/cm2. These samples are referred to as light-sputtered. Finally, 

the last set of samples was subjected to Ar+ energies of 1 keV, typically yielding sample currents 

of 10 µA/cm2. These samples are referred to as hard-sputtered, and were also used for the 

experiments presented in Chapter 6. Both types of sputter treatment lasted for 45 minutes, and 

both yielded surfaces with no detectable carbon contamination in XPS. 

 The procedures for deposition of C60 and the collection of NEXAFS and resonant 

photoemission (RPES) are the same as those presented in Chapter 6. The NEXAFS spectra were 

calibrated (x-axis) and normalized (y-axis) at the peak intensity following background 

subtraction. 
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7.3 │ The C60/ZnO interface 

 Carrying out a systematic characterization of the C60/ZnO interface, Schulz et al. 

demonstrated that the interfacial electronic coupling was dictated by defects within the ZnO thin 

film [59]. This is supported by previous work that established that native ZnO defects change not 

only the Fermi level position, but also the chemical reactivity of the surface [102,167,197], and 

fits well with the observations made in Chapters 3 and 4 regarding the importance of gap states 

in SnS2.  

 Critically, Schulz et al. were able to tailor the density and composition of ZnO surface 

defects through simple Ar+ sputtering, the procedures for which are described in Section 7.2. A 

summary of the salient results is illustrated in Figure 7-1. As-received or unsputtered ZnO 

samples display the lowest workfunction, about 3.7(1) eV, and the conduction band onset is quite 

close to the Fermi energy. Light-sputtered ZnO thin films also show strong n-doping, as the 

conduction band onset is still only 0.3(1) eV above the Fermi energy. However, the 

workfunction for these samples is approximately 4.0(1) eV. Hard-sputtered samples show 

significant changes to the surface electronic structure. The workfunction increases to 4.5(1) eV, 

and the Fermi energy shifts into the bandgap, increasing the separation between Fermi energy 

and the conduction band to 0.5(1) eV. 
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Figure 7-1: Energy level diagram for the bare ZnO surface and 1 monolayer equivalent (MLE) C60 as a 

function of surface pretreatment. Values for workfunction (WF), electron affinity (EA) and ionization 

energy (IE) were measured by ultraviolet photoemission spectroscopy (UPS) and inverse photoemission 

spectroscopy (IPES) [59]. 

 

 

 The unsputtered and light-sputtered ZnO thin films are thus characterized by shallow 

donor defects that lie high in the bandgap, pushing the Fermi energy close to the conduction 

band. As a result, ground-state charge transfer to the C60 lowest unoccupied molecular orbital 

(LUMO) can take place, with each C60 molecule accepting approximately 0.25 e- on average for 

the light-sputtered surface [59]. Thus, the interfacial electronic coupling is dominated by the 

hybridization between the C60 LUMO and the ZnO gap states. In contrast, hard sputtering 

produces a ZnO surface that is characterized primarily by deeper donors. Since the energetic 

separation between the Fermi energy and the C60 LUMO increases, little charge transfer or 

hybridization is observed, as also verified by DFT [59,102]. Instead, the LUMO is energetically 

resonant with the ZnO conduction band. 
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 To summarize, the defect structure of the ZnO substrate directly controls the energy level 

alignment at the hybrid interface, predominantly via an interfacial ground state charge transfer 

and hybridization mechanism. As will be seen in the following sections, the alterations in defect 

structure have a profound influence on the charge carrier dynamics at the ZnO surface. 

According to the core-hole clock (CHC) results presented here, the gap states explored by Schulz 

et al. significantly alter the delocalization dynamics of both the bare ZnO surface and the hybrid 

C60/ZnO interface.  

 

7.4 │ NEXAFS measurements of conduction band structure 

 As in Chapter 6, NEXAFS provides an initial evaluation of the conduction band 

electronic structure, which will later be amplified by CHC analysis. Nominally, both NEXAFS 

and IPES measure the conduction band density of states (DOS), albeit in different charge states. 

The absolute energy calibration for NEXAFS is less precise than that of IPES, such that the 

small shifts in the conduction band onset for different ZnO samples, observed by Schulz et al., 

are not resolvable. 

 Small but systematic changes to the conduction band DOS as a result of surface treatment 

are visible despite the expected large width of the spectral features [183,184]. Figure 7-2 

compares the normalized NEXAFS traces for all three surface preparations methods of bare 

ZnO. In the conduction band onset region from photon energies of 530 to 532 eV, the traces 

overlap very closely. This indicates that the DOS near the conduction band minimum is only 

slightly affected by Ar+ sputtering. Higher in the conduction band, the DOS begin to diverge. 

Light-sputtered and hard-sputtered ZnO thin films display the same general shape, with small 

differences in intensity. The unsputtered ZnO has a much more rounded absorption edge, which 

is likely attributable to the presence of surface species such as e.g. hydroxide groups. The 
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localized electron densities associated with these surface species alter the electronic structure of 

the ZnO surface. This changes the photoemission yield from the ZnO surface, perturbing the 

shape of the onset of continuum excitation as measured by total electron yield (TEY) [199,200]. 

Overall, the conduction band of ZnO is somewhat affected near Evac by Ar+ sputtering, but the 

electronic structure seems largely unaltered, especially in the transport region near EF. 

 

Figure 7-2: O K-edge NEXAFS spectra of bare ZnO in the near-edge region as a function of different 

Ar+ sputtering conditions. 

 

 

 In contrast, adsorption of C60 on the differently prepared ZnO surfaces results in 

dramatically different conduction band DOS, shown in Figure 7-3. Unlike the bare ZnO surfaces, 

the NEXAFS traces have different curvature and onset for each of the three C60/ZnO samples. 

Most notably, there is a significant shift of several hundred meV between light-sputtered and 
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hard-sputtered ZnO across the entire conduction band region. The onset energy for the 

unsputtered sample is now lower than the other two samples. In total, hybrid interface formation 

reveals fundamental differences in the electronic structure of the differently prepared ZnO 

surfaces, despite only small differences in the NEXAFS prior to C60 deposition. 

 

Figure 7-3: O K-edge NEXAFS spectra of ZnO with 1 MLE C60 in the near-edge region as a function of 

different Ar+ sputtering conditions for the ZnO surface. 

 

 

 To examine the specific effects of C60 deposition, in Figure 7-4 I plot the NEXAFS 

spectral differences induced by the adsorption of C60 for each surface preparation of ZnO. For 

the unsputtered sample, small yet systematic increases are observed across the conduction band. 

Hard-sputtered ZnO also shows a consistent increase in conduction band DOS for a range of 

photon energies, as was observed in Chapter 6. Light-sputtered ZnO behaves quite differently, 
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with the measured DOS decreasing across the conduction band. The NEXAFS spectra thus 

reveal broad changes in the x-ray absorption signal and hence DOS that vary significantly 

between ZnO surfaces. These differences cannot be eliminated by any intensity normalization 

scheme, indicating that they correspond to real changes to either the conduction band DOS or the 

x-ray absorption cross-section. 

 

Figure 7-4: Difference between O K-edge NEXAFS spectra before and after deposition of 1 MLE C60. 

Intensity scale is the same as the original NEXAFS spectra. Positive features correspond to an increase in 

conduction band DOS induced by hybrid interface formation. Difference spectra were smoothed by 

averaging of adjacent points for clarity. 

 

 

 For the light-sputtered sample, the decrease in measured conduction band DOS includes 

an increase of ~120 meV in the conduction band onset energy, as measured by a linear fit to the 

x-ray absorption edge. It is important to note that the lack of accurate absolute energy calibration 

of the x-ray monochromator means that such shifts in the conduction band onset are measured 



165 

 

relative to the most intense NEXAFS feature, which is derived from hybridized Zn 4p and 4d 

states and located above the vacuum level [180]. These results are thus not sensitive to a rigid 

shift of the entire conduction band such as would arise from miscalibration of the x-ray 

monochromator, but instead sensitively reveal changes to the ZnO electronic structure in specific 

regions of the band structure. Light-sputtered ZnO shows a significant decrease of DOS in the 

conduction band region upon hybrid interface formation that is partially induced by a shift in the 

onset of x-ray absorption. This perturbation of the conduction band is likely induced by 

withdrawal of electron density from ZnO dopants by the C60 LUMO [59]. As a result of this 

charge transfer, an interfacial electric field is created and the near-surface region of the light-

sputtered ZnO is dedoped of shallow donors. This alters the measured conduction band energy 

by changing the electronic environment. Specifically, since the core electron is promoted to a 

delocalized conduction band level, the core hole is screened by mobile charge carriers within the 

ZnO. Interfacial charge transfer results in weaker screening, changing the energy of the final 

state and shifting the x-ray absorption edge.  Additionally, the CHC results indicate that C60 

induces faster electron delocalization in the conduction band, so the NEXAFS signal is also 

attenuated by decreased wavefunction overlap between the localized O 1s initial state and the 

delocalized conduction band final state. 

 The NEXAFS difference spectra for the unsputtered ZnO shows a different spectral 

structure, which is most likely due from a combination of two different phenomena: changes in 

core-hole screening and x-ray excitation cross-section. Linear least-squares fits to the x-ray 

absorption edge before and after hybrid interface formation reveal a decrease of 110 meV in the 

conduction band onset energy. This contrasts directly with the NEXAFS results for the light-

sputtered ZnO, where an increase of 120 meV was attributed to poorer screening of the O 1s 
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core-hole. Hybrid interface formation with the unsputtered ZnO surface thus leads to stronger 

screening. This matches well with the CHC results discussed below, which indicate much fast 

electron delocalization in the near-interface region of unsputtered ZnO. The faster electron 

delocalization enables better screening of the core-hole, decreasing the onset energy for x-ray 

absorption and yielding a measured increase in conduction band DOS. Convoluted with this is 

the effect of decreased wavefunction overlap between the O 1s core level and the conduction 

band state, which attenuates the x-ray absorption signal. To summarize for unsputtered ZnO, 

screening effects induced a negative shift in the conduction band onset energy, which manifests 

in the difference spectra as a broad positive feature, the wings of which are seen as the positive 

features at photon energies of 531 and 534 eV in Figure 7-4. Simultaneously, a loss of NEXAFS 

signal due to decreased wavefunction overlap leads to the dip centered at a photon energy of 

532.5 eV. 

 Hard-sputtered ZnO shows an increase in DOS upon hybrid interface formation. In 

Chapter 6, CHC analysis revealed strong localization of conduction band electrons at the 

interface of C60 and hard-sputtered ZnO. The increase in NEXAFS signal can thus be attributed 

to a combination of i) increased conduction band DOS due to the creation of localized levels and 

ii) improved wavefunction overlap between the O 1s core orbital and the more localized 

conduction band states accessed by x-ray absorption. 

 Based on the NEXAFS results presented here, it is clear that the defect population of ZnO 

plays a critical role in establishing the electronic structure of the hybrid interface, supporting the 

results of Schulz et al [59]. To explore the interfacial interactions in more detail, I will next turn 

to a discussion of the CHC results. 
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7.5 │ CHC analysis of charge carrier physics 

 In the following subsections, I discuss the resonant photoemission results for the different 

surfaces of thin-film ZnO. CHC analysis reveals that the surface preparation significantly alters 

the charge carrier delocalization times, both at the bare ZnO surface and near the C60/ZnO 

interface. In order to establish some context for the subsequent discussion, Table 7-1 provides a 

summary of the calculated residence times for ZnO conduction band electrons as a function of 

Ar+ sputtering conditions. The full experimental spectra are then discussed in more detail. 

Table 7-1: Summary of delocalization (residence) times for ZnO conduction band electrons as a function 

of surface treatment. The residence time is calculated in comparison to the O 1s core-hole lifetime of 3.6 

fs [66], and represents site-to-site charge transfer time within the conduction band of ZnO. Error bars 

were calculated based on the standard deviation of the measured resonant intensity. 

 Bare ZnO 1 MLE C60/ZnO 

Unsputtered 𝟐. 𝟗 ± 𝟏 fs 0.27−0.2
+0.3 fs 

Light-sputtered 0.63 ± 0.3 fs 0.32−0.2
+0.3 fs 

Hard-sputtered 0.40−0.2
+0.3 fs 𝟐𝟗−𝟏𝟓

+𝟏𝟎𝟎 fs 

 

7.5.1 │ Hard-sputtered ZnO 

 The ultrafast charge carrier behavior of the hard-sputtered ZnO was discussed in detail in 

Chapter 6. For ease of reference, the resonant photoemission spectra are included here in Figure 

7-5. To summarize briefly, the bare hard-sputtered ZnO shows ultrafast delocalization in the 

conduction band region, consistent with previous reports of 400 as charge carrier lifetimes [172]. 

Deposition of C60 results in dramatic resonant enhancement of participator decay, consistent with 

charge residence times of approximately 29−15
+100 fs according to core-hole clock analysis. This 

indicates that the excited core electrons remain localized in the vicinity of the core-hole for a 

significantly longer period than the core-hole lifetime, as a result of strong electronic coupling 

across the hybrid interface. 
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Figure 7-5: 2D plots of the O K-edge resonant photoemission spectra for the valence band region of (A) 

bare hard-sputtered ZnO and (C) 1 MLE C60 on hard-sputtered ZnO. The resonance enhancement for 

each photon energy, measured by the Zn 3d peak area (dashed line), is plotted for (B) bare ZnO and (D) 1 

MLE C60/ZnO. Deposition of C60 induces strong resonant enhancement in the conduction band region 

(530 to 534 eV), indicating localization of the excited core electron. 
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7.5.2 │ Unsputtered ZnO 

 Unsputtered ZnO displays completely opposite behavior in comparison to the hard-

sputtered sample, as seen in Figure 7-6. For this untreated sample, the bare ZnO surface exhibits 

enhanced participator decay in the conduction band region. Excited electrons in the near-surface 

region of bare ZnO thus remain localized in the vicinity of the core-hole. The delocalization rate 

of these charge carriers can be estimated using the same core-hole clock approach discussed in 

Chapter 6, where charge delocalization and core-hole decay are represented by competing single 

exponential processes. This approach yields a calculated residence time of 2.9 ± 1 fs for the 

conduction band electrons in bare unsputtered ZnO. The untreated ZnO surface is thus 

characterized by relatively low surface charge mobilities in comparison to hard-sputtered 

samples. 

 Hybrid interface formation via adsorption of C60 strongly suppresses the surface-species-

induced charge traps and permits ultrafast delocalization at the unsputtered ZnO interface. The 

extremely weak resonant enhancement corresponds with a minimum residence time of only 

270−200
+300 as. Interfacial interactions with C60 thus result in the enhancement of charge carrier 

transport by approximately an order of magnitude. This contrasts strongly with the results 

obtained for hard-sputtered ZnO, where adsorption of C60 leads to dramatically slower charge 

delocalization. It is clear that interactions across the hybrid interface are critically important in 

both cases, but the nature of these interactions is fundamentally altered by the surface 

preparation of ZnO. There is thus a clear link between the surface structure and electronic 

properties of ZnO, in agreement with the results of Schulz et al. This link will be discussed in 

more detail in Section 7.6. 
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Figure 7-6: 2D plots of the O K-edge resonant photoemission spectra for the valence band region of (A) 

bare unsputtered ZnO and (C) 1 MLE C60 on unsputtered ZnO. The resonance enhancement for each 

photon energy, measured by the Zn 3d peak area (dashed line), is plotted for (B) bare ZnO and (D) 1 

MLE C60/ZnO. Bare ZnO shows moderate resonant enhancement in the conduction band region (530 to 

534 eV), indicating localization of the excited core electron, while deposition of C60 promotes ultrafast 

electron delocalization. 
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7.5.1 │ Light-sputtered ZnO 

 The RPES results for light-sputtered ZnO, shown in Figure 7-7, also reveal significant 

differences in charge carrier behavior. For both the bare surface and C60/ZnO interface, very little 

resonant enhancement is observed. The excited core electrons thus delocalize on a significantly 

faster timescale than the O 1s core-hole lifetime, regardless of the presence or absence of C60. 

The minimum residence times are estimated to be 630 ± 300 as for bare ZnO, and 320−200
+300 as for 

the hybrid interface. In comparison to the other surface treatments, the effect of hybrid interface 

formation thus appears to be relatively weak for light-sputtered ZnO. Comparing to the other 

systems, the bare light-sputtered and hard-sputtered surfaces yield similar results, while the 

charge carrier behavior near the hybrid interface is qualitatively comparable for light-sputtered 

and unsputtered ZnO, as can be seen in Table 7-1. It is therefore apparent that differences in 

surface preparation yield profound changes to the ultrafast charge carrier physics for both 

inorganic semiconductor surfaces and hybrid semiconductor interfaces. In the following section, 

I combine these CHC results with the observations from NEXAFS and the work of Schulz et al. 

to achieve an improved understanding of the hybrid C60/ZnO interface.  
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Figure 7-7: 2D plots of the O K-edge resonant photoemission spectra for the valence band region of (A) 

bare light-sputtered ZnO and (C) 1 MLE C60 on light-sputtered ZnO. The resonance enhancement for 

each photon energy, measured by the Zn 3d peak area (dashed line), is plotted for (B) bare ZnO and (D) 1 

MLE C60/ZnO. Both bare ZnO and C60/ZnO show little resonant enhancement in the conduction band 

region (530 to 534 eV), indicating delocalization of the excited core electron. 
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7.6 │ Discussion of ZnO electronic structure 

 With an initial understanding of the resonant photoemission results established, I now 

discuss their significance for the electronic structure of ZnO in more detail. The calculated 

residence times in Table 7-1 follow systematic trends as a function of Ar+ energy for both the 

bare ZnO surface and the hybrid C60/ZnO interface. For bare ZnO, the residence times decrease 

from unsputtered to light-sputtered to hard-sputtered. More intense Ar+ sputtering thus results in 

improved charge transport for ZnO, at least within the regime studied here. At the C60/ZnO 

interface, the exact opposite behavior is observed. The unsputtered surface yields the fastest 

electron delocalization near the C60 interface, and harder Ar+ sputtering results in charge carrier 

localization. To explore these results in more detail, in Subsection 7.6.1, I discuss the evolution 

of the bare ZnO surface structure that is induced by Ar+ sputtering. In the next subsection, I 

cover the resultant changes in interfacial interactions between ZnO and C60 as a function of Ar+ 

sputtering conditions. I then discuss the correlations with and implications for device-scale 

charge transport in Subsection 7.6.3. 

 

7.6.1 │ Bare ZnO surface 

 For the bare ZnO samples, significant localization of conduction band electrons was 

observed only for the unsputtered sample, where a residence time of ~2.9 fs was observed by 

CHC. Since the unsputtered ZnO surface was not cleaned following introduction to the ultrahigh 

vacuum (UHV) system, its reactivity leads to significant populations of hydroxyls and other 

passivating groups at the surface [199]. The local structural disorder associated with these 

surface groups promote localization of conduction band electrons in the near-surface region, 

disrupting ultrafast delocalization. These results thus strongly correlate with the observations of 
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Sakamaki et al., where disorder-induced carrier localization was induced by increasing Al 

concentration in aluminum-doped zinc oxide (AZO) [172]. The presence of these surface 

contaminants is also the most probable source of the altered shape of the NEXAFS continuum 

excitation onset, seen in Figure 7-2. 

 For the light-sputtered and hard-sputtered bare ZnO surface, the CHC analysis reveals 

ultrafast delocalization, with charge carrier residence times of 630 and 400 as, respectively. Ar+ 

sputtering thus removes the surface groups responsible for charge carrier localization at the 

unsputtered ZnO surface, enabling the ultrafast delocalization expected from the large bandwidth 

of the ZnO conduction band [180]. According to the results of Schulz et al., Ar+ bombardment 

also introduces deep donor states, likely due to the formation of oxygen vacancies [59]. 

However, the similarity of the NEXAFS spectra for all three bare ZnO surfaces, shown in Figure 

7-2, indicates that these new defect sites have little impact on the conduction band DOS in the 

absence of interfacial interactions. 

 To briefly summarize, the disordered nature of the unsputtered bare ZnO surface leads to 

significant charge carrier localization. Ar+ sputtering removes the relevant surface species, 

resulting in improved delocalization of conduction band electrons. The simultaneous creation of 

deep donor states does not significantly affect the conduction band physics of the bare ZnO 

surface. 

 

7.6.2 │ C60/ZnO hybrid interface 

 At the hybrid C60/ZnO interface, the interfacial energy level alignment is determined by 

the ZnO surface preparation, as seen in Figure 7-1. The resultant differences in energy level 
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alignment and interfacial interactions lead to altered charge carrier behavior in the near-interface 

region of ZnO. 

 For the unsputtered surface, adsorption of C60 substantially reduces the charge carrier 

residence time, which decreases from 2.9 ± 1 fs for the bare surface to 0.27−0.2
+0.3 fs near the hybrid 

interface. The workfunction of the unsputtered sample is also observed to increase, as seen in 

Figure 7-1, consistent with ground-state charge transfer from ZnO to the adsorbed C60. I propose 

that this charge transfer results from the interactions between C60 molecules and the surface 

hydroxides and other adsorbates that are responsible for charge trapping at the bare surface. By 

accepting electron density from these surface states, the hybrid interface reduces the perturbative 

effect of the contaminant surface species on the ZnO conduction band, enabling ultrafast 

delocalization. This is consistent with the NEXAFS measurements, which indicate that the shift 

in conduction band onset induced by changes in screening is accompanied by a decrease in 

conduction band DOS, as would be expected for poorer wavefunction overlap between the O 1s 

core hole and the more delocalized conduction band level. 

 The CHC results for light-sputtered ZnO show that charge carrier behavior in the ZnO 

conduction band is not significantly affected by hybrid interface formation, inducing only a small 

decrease in resonant photoemission intensity. Under the model employed for CHC analysis, this 

corresponds to a decrease in the charge carrier residence time. However, the electronic coupling 

between ZnO and C60 also results in a significant decrease in measured conduction band DOS, as 

seen from the NEXAFS difference spectra in Figure 7-4. This loss of DOS would decrease the 

cross-section for x-ray absorption, resulting in fewer photoexcited states that can undergo 

participator decay and thus lowering the resonant photoemission signal [67,68]. Since the 

resonant photoemission intensity decreases only slightly for the light-sputtered ZnO, this 
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attenuation of participator decay is at least partially due to the decreased conduction band DOS. 

Regardless, it is clear that the conduction band of light-sputtered ZnO is not significantly 

perturbed by hybrid interface formation.  

 Although the charge carrier physics within the ZnO conduction band are largely 

unaffected, there are still significant interactions between light-sputtered ZnO and the adsorbed 

C60. Specifically, ground-state interfacial charge transfer is observed from ZnO [59], similar to 

that detected at the unsputtered interface. On the light-sputtered surface however, the surface 

adsorbate layer has been removed, and the C60 molecules now interact with shallow donor states 

in the near surface region of ZnO [59]. The resultant changes in electronic screening in the near-

surface region increase the onset energy of the conduction band minimum in the NEXAFS 

spectra, yielding the apparent decrease in DOS across the conduction band region. The electronic 

interactions and charge-transfer between C60 and shallow donors in ZnO thus strongly influence 

the interfacial energy level alignment, but do not greatly perturb charge carrier behavior within 

ZnO conduction band. 

 In contrast, the hybrid interface between C60 and hard-sputtered ZnO is dominated by 

strong charge traps, which increase the charge carrier residence time by nearly two orders of 

magnitude. The high-energy Ar+ sputtering thus creates a new population of defects in the near-

surface region of ZnO, as evidenced by the movement of the Fermi energy farther down in the 

bandgap. The C60 LUMO is no longer pinned to the Fermi energy, and sits about 0.5 eV above 

the ZnO conduction band edge. This also increases the measured bandgap of C60 by about 0.5 

eV, and is thus suggestive of electronic interaction with localized states in the ZnO conduction 

band. The strong interfacial interactions disrupt charge carrier movement in the ZnO conduction 

band, fundamentally altering its electronic character. Interestingly, the observed strong mixing of 
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the ZnO conduction band and C60 LUMOs is decoupled from hybridization of any occupied 

levels; no ground-state interfacial charge transfer is experimentally observed or predicted by 

DFT [59,102]. The electronic interactions at this hybrid interface are thus not well described by 

theories that inextricably associate electronic coupling and charge transfer. A proper description 

may require the development of novel conceptual frameworks to describe the interactions of 

localized states with delocalized bands in the presence of weak screening. Critically, it is clear 

that this strong interfacial coupling is linked to the energy level alignment at the hybrid C60/ZnO 

interface, which is directly determined by the defect structure of the ZnO substrate. The 

significant changes in measured conduction band DOS and ultrafast charge carrier behavior are 

thus controlled by the defect population within ZnO, which is tuned by the surface preparation. 

 In summary, interface formation between unsputtered ZnO and C60 yields significantly 

enhanced delocalization of charge carriers, decreasing the electron residence time by an order of 

magnitude. The hybrid interface between light-sputtered ZnO and C60 does not substantially alter 

the ZnO charge carrier behavior, while the hybrid interface with hard-sputtered ZnO is 

characterized by strong electronic coupling and the formation of localized trap states in the ZnO 

conduction band manifold. The results discussed in this chapter demonstrate that the 

fundamental nature of electronic interactions at the hybrid interface is altered by the surface 

preparation of the inorganic semiconductor. Changes to the physical structure of ZnO result in 

altered electronic structure, which in turn leads to complex changes in interfacial interactions. 

The precise relationship among these factors is not yet fully understood, requiring more 

definitive studies on the exact nature of the relevant ZnO gap states. It is clear however that such 

gap states are critical in describing the electronic structure and dynamics of the C60/ZnO 
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interface. As I show in the following section, these gap state-induced interfacial interactions also 

control charge transport on the device scale. 

 

7.6.3 │ Implications for interfacial charge transport 

 To further explore the hybrid interface, Schulz et al. employed a mercury electrode 

charge transport set-up to measure current density through a simple bilayer device of C60/ZnO, as 

shown in Figure 7-8. Their primary conclusion was that the interface between hard-sputtered 

ZnO and C60 was characterized by a contact barrier due to the energetic difference between the 

C60 LUMO and the ZnO conduction band minimum. Interestingly, the trends in CHC-estimated 

delocalization rates at the C60/ZnO interface match the measured current densities very well, as 

shown in Figure 7-9. For the unsputtered ZnO/C60 bilayer, the current density at ±1·106 V/cm2 is 

about 200 μA/cm2, while the measured electron delocalization time in the near interface region 

of unsputtered ZnO is ~0.27 fs. Ar+ sputtering attenuates the current density and increases charge 

carrier delocalization times, such that the hard-sputtered surface treatment yields current 

densities of ~1 μA/cm2 and delocalization times of 𝟐𝟗−𝟏𝟓
+𝟏𝟎𝟎 fs. The device-level charge carrier 

flux is thus inversely correlated with the ultrafast delocalization dynamics in the near-interface 

region of ZnO. This suggests that charge transport out of the perturbed interfacial region of 

inorganic semiconductors may be the rate-limiting step within hybrid optoelectronic devices, 

playing a critical role in determining the net efficiency of charge extraction/injection at hybrid 

contacts. This is in marked contrast to some descriptions of the hybrid interface, where the low 

charge carrier mobilities in the organic phase are assumed to limit the charge transport 

performance [201–203], and expands upon other studies that have focused on energy level 

alignment and charge transfer across the interface [204,205]. In the case of C60 on ZnO, it is 
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clear that the rate-limiting step in these simple devices cannot be transport through the bulk 

organic film. The film structure of the 50 nm C60 layer is not expected to change significantly 

based on the ZnO surface preparation. The rate-limiting step must therefore occur in the near-

interface region, which is primarily influenced by the sputtering treatment. The correlation 

between electron delocalization time and current density offers a compelling explanation for the 

dramatic changes in charge transport characteristics that are controlled by the defect population 

of ZnO. Critically, Figure 7-9 clearly shows that the measured delocalization times for electrons 

near the bare ZnO surface are not correlated with the measured current densities. This confirms 

the strongly perturbative effect of hybrid interface formation and reiterates the necessity of such 

interfacial studies. It is thus critical to incorporate a fundamental understanding of interfacial 

interactions when characterizing hybrid semiconductor devices, as measurements of material 

properties in isolation fail to capture the relevant physics. 

 

Figure 7-8: j-V curves from mercury probe measurements of 50 nm C60 films grown on thin-film 

ZnO [59]. 
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Figure 7-9: Comparison of CHC electron delocalization (residence) times in the conduction band of ZnO 

near the interface with C60 and current densities across a bilayer C60/ZnO device measured via mercury 

electrode at ±1·106 V/cm2 [59]. 

 

 

7.7 │ Conclusions 

 This chapter expanded on the work presented in Chapter 6 by examining the effect of 

surface preparation on the ultrafast charge carrier behavior in ZnO. The delocalization dynamics 

of conduction band electrons and their interactions with adsorbed C60 were found to be heavily 

dependent on the method of surface preparation. Since Ar+ sputtering has been demonstrated to 

directly control the gap state population within ZnO [59], it is clear that the substrate gap states 

play a critical role in controlling charge carrier behavior at hybrid semiconductor interfaces. 

 Importantly, the measured delocalization rates for the ZnO conduction band electrons 

showed a strong correlation with the measured current density across the interface. In a simple 

bilayer device of C60/ZnO, the rate-limiting step thus appears to be charge transport in the near-
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interface region of ZnO. This is in stark contrast to the fact that rate of electron transport is much 

higher within bulk ZnO than bulk C60 [206,207]. These studies thus shed new light on the charge 

transport bottlenecks in organic optoelectronics. I emphasize again that these interactions are 

determined by the gap state population within ZnO, which influences the interfacial energy level 

alignment as well as the charge carrier dynamics near and across the hybrid interface. 

 Throughout this dissertation, the substrate gap states have been demonstrated to be a 

critical component in the character of hybrid semiconductor interfaces. In the following chapter, 

I conclude my discussion of research on substrate gap states by describing a means of direct 

spectroscopic characterization of gap states in ZnO. This expands on all the previously presented 

work by enabling the straightforward interrogation of electronically active defect states within an 

inorganic semiconductor. 
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Chapter 8 │ Spectroscopic Detection of Defects in ZnO 

8.1 │ Introduction 

 Throughout this dissertation, inorganic semiconductor gap states have been shown to 

influence hybrid interfacial energy level alignment, induce time-dependent changes to the 

electronic structure, and alter ultrafast charge carrier behavior. Even though the electronic effects 

are significant, the population of gap states is quite small. Only the indirect effects of these gap 

states have thus been observable. As an example, the band bending effects at the organic/SnS2 

interface were attributed to SnS2 gap states with an estimated surface density of 4·1011
 cm-2. This 

corresponds to a mole fraction of only 0.01% in the surface layer of the SnS2 crystal. Such a 

small density of states is difficult to detect in most photoemission spectroscopies, even though 

the resultant band bending is clear. In ultraviolet photoemission spectroscopy (UPS) in 

particular, the presence of satellite peaks due to HeIβ and HeIγ radiation can easily mask any gap 

states present. No direct observation of gap states has been achieved in any of the experiments 

described in this dissertation so far, including  UPS, x-ray photoemission spectroscopy (XPS), 

and resonant photoemission spectroscopy (RPES). The Ueno group has achieved some success 

in spectroscopically measuring gap states in organic thin films with metastable atom emission 

spectroscopy (MAES) [25,208], but this requires specialized equipment [209]. Thus far, this 

success has also been limited to the sensitive characterization of tail states that are derived from 

the highest occupied molecular orbital (HOMO). 

 I present here a novel method to spectroscopically characterize gap states via two-photon 

photoemission spectroscopy (TPPE), the development of which was led by Leah Kelly. I 

demonstrate the utility of this technique on highly-conductive thin-film ZnO, characterizing the 

interaction of a ZnO gap state with C60 as well as its temperature-dependent behavior. 
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Importantly, the observed gap state is energetically well separated from the ZnO valence band 

and is thus a true gap state, rather than an defect-induced tail. This chapter is organized as 

follows. In Section 8.2, I provide an outline of experimental methods. In Section 8.3, I present 

the spectroscopic characterization of a gap state at the ZnO surface. In Section 8.4, I discuss the 

interactions of the gap state with adsorbed C60. In Section 8.5, I explore the thermodynamic 

character of the gap state by examining the spectral response to thermal annealing. In Section 

8.6, I discuss the identity of the ZnO gap state through comparison to computational results. In 

Section 8.7, I conclude by discussing the implications of these experiments regarding the novel 

use of TPPE and the electronic character of the ZnO surface.  

 

8.2 │ Experimental approach 

 Although TPPE spectroscopy is not traditionally used as a highly sensitive spectroscopic 

probe, there are two factors that enable its utilization for the detection of semiconductor gap 

states. First, the laser light source is monochromatic, eliminating satellite peaks and providing a 

near-zero background in the bandgap. Second, the Ti-sapphire laser source is highly tunable, 

allowing gapless tunability of photon energies for the frequency doubled or tripled output from 

2.6 to >5.0 eV. This enables the use of low photon energies, which eliminates photoemission 

from the bulk bands of a sample. Specifically, when the combined energy of two photons is less 

than the ionization energy of the sample, two-photon photoemission from the valence band is 

impossible. The only photoelectrons collected at such excitation energies will thus originate 

within the bandgap of the material. In summary, the use of TPPE spectroscopy provides a 

minimal measurement background, against which even scarce gap states may be detected. 

 ZnO was chosen for several reasons. First, the defect concentration in thin-film ZnO 

samples is known to be significant [59,181], providing a reasonable population of gap states to 
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detect. Second, previous experiments provide insight into the interfacial interactions of the ZnO 

gap states with organic adsorbates [58,59,102], which informs on the ZnO defect population. 

Finally, a significant amount of computational work has been performed by our collaborators on 

defect populations in ZnO [163], potentially enabling identification of any experimentally 

observed gap states. 

 The ZnO samples studied here were prepared according to the experimental protocols 

detailed in previous chapters. Briefly, a 20 nm thick ZnO film was prepared by plasma-enhanced 

atomic layer deposition (peALD). After introduction into the ultrahigh vacuum (UHV) system, 

the ZnO samples were Ar+ sputtered at 500 eV ion energy and 0.4 μA/cm2 sample current for 

approximately 45 minutes. Thus, the ZnO samples discussed here correspond to the light-

sputtered samples discussed in Chapter 7. Deposition of C60 was carried out according to the 

protocols described in Chapters 6 and 7. 

 Two-photon photoemission spectroscopy (TPPE) was performed using the frequency-

doubled output of a 15 W pumped Ti:sapphire oscillator (80 MHz repetition rate, ~100 fs pulse 

duration) as the excitation light source.  Following dispersion compensation in a prism pair, the 

pulse train was introduced into the UHV chamber through a fused silica viewport, incident on the 

sample in p-polarization and at an angle of 53° with respect to the surface normal.  Pulse energy 

was attenuated by a neutral density filter to around 250 pJ/pulse.  No evidence of surface 

photovoltage effects or photodamage were observed.  All TPPE spectra were collected at room 

temperature and the photoelectron kinetic energies were referenced to the Fermi energy of the 

analyzer, calibrated via clean Au foil. The photoemission take-off angle was at surface normal 

and the analyzer pass energy was 5 eV. To aid in the collection of slow photoelectrons, a -3 V 

sample bias was applied. The polycrystalline and granular nature of the ZnO films, shown in 
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Figure 8-1, results in the measurement of electronic structure averaged over all possible electron 

momenta. 

 

 

 

 

 

Figure 8-1: Scanning tunneling microscopy images of the peALD ZnO surface. Scale bars are 10 nm. 

The granular and polycrystalline nature of the ZnO surface is clearly visible, with an average grain 

diameter of ~5 nm and apparent height of 1-2 nm. Images were collected in constant-current mode with a 

sample bias of -1.0 V and a tunneling current setpoint of 0.42 nA. 

 

8.3 │ Photoemission spectroscopy of a ZnO gap state 

 Ultraviolet photoemission spectroscopy (UPS) was used as an initial probe of the ZnO 

electronic structure. As seen in Figure 8-2(A), the valence band spectrum is dominated by the 

strong Zn 3d and O 2p peaks at approximately -11 and -5 eV binding energy (BE), matching the 

results from resonant photoemission in Chapters 6 and 7. The valence band onset is at -3.5(1) eV 

BE, as measured by the x-intercept of a linear fit to the valence band edge. This is in good 

agreement with the strongly n-type character of the peALD films [59]. A significant density of 

tail states is also clearly visible, as shown in Figure 8-2(B). Part of this DOS can be attributed to 
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satellite peaks from HeIβ, which has a maximum intensity of 2% of the HeIα line under the 

experimental conditions. The expected contribution from satellite peaks is thus given as the solid 

gray curve in Figure 8-2(B). Clearly, satellite peaks cannot fully account for the observed DOS, 

and appreciable tailing into the bandgap occurs for these ZnO films, extending ~1.5 eV into the 

apparent bandgap.  

 

 

Figure 8-2: UP spectra of thin-film peALD ZnO for the (A) valence band region and (B) magnified 

valence band edge and bandgap. Blue dotted line is a linear least-squares fit to the valence band edge. 

Solid gray curve indicates the estimated contribution from HeIβ satellite radiation to the valence band tail. 

  

 

 This density of tail states is typically associated with gap states that are energetically deep 

within the bandgap. Pristine single-crystal ZnO surfaces do not show significant band 
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tailing [210]. Additionally, the workfunction for such single-crystal ZnO is around 4.5 eV [210], 

while the light-sputtered ZnO thin films presented in this chapter have workfunctions of 3.7(1) 

eV. This is most likely due to a combination of shallow donor defects that move the Fermi 

energy high within the bandgap and surface species such as zinc vacancies that lower the 

energetic barrier to vacuum. The thin-film ZnO surface thus hosts significant populations of deep 

gap states, shallow donors, and surface species. This is entirely consistent with the strongly n-

type and polycrystalline nature of the ZnO surface, and agrees well with other reports on ALD 

ZnO films [181] and the current understanding of native dopants in ZnO [167,211,212]. 

Critically, no features directly attributable to any of these gap states can be detected in the UP 

spectra, although the valence band tailing is an indirect indication . Aside from the valence band 

tailing and satellite peaks, the ZnO thin film presents a clean bandgap in UPS. 

 The apparently empty bandgap was probed via TPPE at low photon energies. Figure 8-

3(A) shows the TPPE spectrum for a photon energy of 3.02 eV. This spectrum is dominated by 

inelastically scattered electrons, but a small feature is clearly visibly around -0.37(3) eV initial 

state energy. Since the ionization energy of the ZnO surface is 7.2 eV, the combined two-photon 

energ of 6.04 eV is insufficient to cause photoemission from the ZnO valence band. The 

observed peak must therefore originate from within the bandgap of ZnO. This is easily 

confirmed by comparing the observed initial state energy with the measured UP spectrum, as 

shown in Figure 8-3(B). The TPPE-observed state appears at a binding energy where no UPS 

signal was detectable, indicating that this is a newly discovered feature that corresponds to a ZnO 

gap state. 
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Figure 8-3: (A) TPPE spectrum of thin-film ZnO with a photon energy of 3.02 eV. The red solid curve is 

a Guassian fit to the feature around -0.37(3) eV after removal of the exponential background from 

inelastically scattered electrons. (B) Comparion of TPPE-measured peak to UP spectrum of the ZnO 

valence band. The feature clearly falls within the ZnO bandgap where no DOS was detectable with UPS. 

 

 

 The character of this ZnO gap state can be probed further by varying the excitation 

photon energy. As discussed in Chapter 2, the dependence of final state energy on the photon 

energy is determined by whether the feature corresponds to an occupied or unoccupied level. For 

these experiments, the photon energy was varied from 2.76 to 3.35 eV, as shown in Figure 8-

4(A). The gap state is clearly visibly for all photon energies used. Since this gap state is 

energetically well separated from the valence band, the onset of photoemission from the valence 

band at higher photon energies does not affect the measurement of the gap state. Figure 8-4(B) 

plots the peak center of a Gaussian fit as a function of the photon energy. A linear least-squares 

fit to this plot yields a slope of 2.03(5), confirming that the gap state is occupied, as is expected 

due to its position below the Fermi energy. 
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Figure 8-4: (A) TPPE spectra plotted on the final state energy axis for a range of photon energies. 

Spectra are offset for clarity. (B) Plot of gap state peak position (final state energy), measured as the 

center of a Gaussian fit, as a function of photon energy. The slope of ~2.0 indicates that the gap state is 

occupied. 

 

 

 To summarize, TPPE enables detection of an electronic state within the bandgap of thin-

film ZnO, even though this state is not visible in UPS. Wavelength-dependent TPPE confirms 

that this state is occupied, and its energetic position near the Fermi edge indicates that it is a 

shallow donor. TPPE thus represents a viable and attractive technique for the direct 

spectroscopic detection of gap states within semiconductor samples. Taking advantage of this 

novel application of TPPE, in the following sections I further explore the nature of the observed 

ZnO gap state. 

 

8.4 │ Gap state interfacial interactions 

 As a probe for the interfacial interactions of the ZnO gap state, C60 was adsorbed on the 

ZnO surface. As shown in Figure 8-5, deposition of only 0.5 monolayer equivalent (MLE) 

results in a dramatic quenching of the gap state. The workfunction also increases by 0.5(1) eV. 

This strongly suggests that the electron density in the gap state is donated to the adsorbed 
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C60 [59,102]. Indeed, the difference between the TPPE spectra for bare ZnO and 0.5 MLE 

C60/ZnO matches closely with the Gaussian fit of the ZnO gap state, suggesting complete 

withdrawal of electron density from the ZnO gap state. Such strong interfacial interactions are 

consistent with the results discussed in Chapters 6 and 7, and agree well with previous 

characterizations of the C60/ZnO interface [59]. 

 
Figure 8-5: Normalized TPPE spectrum of thin-film ZnO with a photon energy of 3.02 eV, before and 

after adsorption of C60. In the lower panel, the gray curve is the calculated difference spectrum between 

bare ZnO and 0.5 MLE C60/ZnO, and the red solid curve is the Gaussian fit to the ZnO gap state; these 

two traces are not normalized. 

 

 

 These results confirm the shallow donor character of the ZnO gap state. This novel 

application of TPPE thus provides direct spectroscopic confirmation regarding the electronic 

activity of substrate gap states, which directly determines the interfacial electronic structure. 
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Interestingly, the interface state that results from charge transfer into C60 is observable only in 

UPS [59], while the gap state on the bare surface is visible only in TPPE. This indicates that 

photoionization cross-sections play a significant role in the successful detection of scarce states. 

 

8.5 │ Effect of thermal annealing 

 Further insight into the properties of the ZnO gap state is obtained by examining the 

spectral response to thermal annealing. The ZnO films studied here are only ~20 nm thick. High 

annealing temperatures (>500°C), common for single-crystal ZnO, might thus lead to diffusion 

of In atoms from the underlying IZO layer and evaporation of ZnO [213]. Annealing was 

restricted to temperatures where no evidence of In diffusion was observable by XPS. Despite the 

mild conditions, annealing at 130 °C for 1 hour induces dramatic changes in the electronic 

properties of ZnO, revealed in both TPPE and UP spectra. This is in agreement with structural 

changes in ZnO thin films that have been observed by AFM for annealing temperatures as low as 

140°C [214]. 

 Figure 8-6 shows the effect of annealing on the ZnO gap state, as measured by TPPE. 

Even at the low temperatures employed here, the gap state is completely quenched by thermal 

annealing. This strongly suggests that this gap state is kinetically trapped in a metastable state, 

either as a result of the peALD growth process or the Ar+ sputtering surface preparation. The 

elevated temperature permits reorganization of the ZnO surface, and the system moves toward 

thermodynamic equilibrium. As a result, the ZnO defects that are visible in TPPE are eliminated. 
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Figure 8-6: TPPE spectra of bare thin-film ZnO, before and after thermal annealing at 130 °C. Annealing 

results in complete loss of gap state signal. 

 

 

 Although the TPPE spectra indicate the complete destruction of the gap state during 

thermal annealing, the possibility must also be considered that the character of the defect was 

altered sufficiently to prevent its detection, such as occurred with the formation of a hybrid state 

at the C60/ZnO interface [59]. However, the UP spectra indicate that the shallow donor state is 

indeed eliminated. As seen in Figure 8-7(A), mild thermal annealing also leads to a significant 

workfunction increase of ~0.5 eV, and a shift in the valence band onset of ~0.4 eV. At the 

C60/ZnO interface, a similar workfunction increase was attributed to interfacial charge transfer. 

No such charge transfer mechanism is possible here. The spectral shifts must instead be due to a 

shift in the Fermi energy within the ZnO bandgap. This is induced by the elimination of shallow 

donors in the surface region of ZnO, including the gap state observed in TPPE. Since this defect 

quenching is limited to the surface region, this also leads to significant band bending in the ZnO 

thin film, which may further impact charge transport dynamics. 
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Figure 8-7: UP spectra of bare thin-film ZnO before and after thermal annealing at 130°C. (A) Secondary 

electron cutoff and valence band region on binding energy scale. Annealing induces a significant shift of 

workfunction and valence band position. (B) Valence band region spectra shifted for overlap of the 

valence band maximum (VBM) energy, demonstrating increased tailing for the annealed ZnO film. 

 

 Intriguingly, thermal annealing also increases the DOS in the valence band tail, as shown 

in Figure 8-7(B), where the UP spectra before and after annealing have been calibrated to the 

valence band edge. This indicates that the population of deep-lying gap states has increased 

during thermal annealing. There is thus a correlation between the loss of shallow donor states 

and the creation of deep gap states, suggesting that the annihilation mechanism for the shallow 

donors likely leads to the formation of new ZnO gap states with different electronic properties. 

These considerations will be addressed further in the following section. 

  Overall, it is clear that thermal annealing of ZnO thin films leads to dramatic changes in 

surface electronic structure, even at relatively low temperatures. The TPPE-observed shallow 

donor state is completely quenched, and the population of deep gap states increases. In addition 

to demonstrating the utility of photoemission spectroscopy for monitoring gap states, these 
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results also shed light on the complex electronic structure of thin-film ZnO. The shallow donor 

states that yield strongly n-type ZnO are clearly only metastable, and are removed with a 

relatively modest activation energy of less than 40 meV. In the following section, I discuss 

recent theoretical work on defects within ZnO in order to evaluate potential identities for the 

shallow gap state and possible mechanisms for defect elimination. 

 

8.6 │ Comparison to computational results 

 To gain insight into the microscopic origin of the ZnO gap state observed in TPPE, I 

compare the experimental results presented above with recent theoretical work by Li et al [163]. 

This in-depth computational study used density functional theory (DFT) to explore the effect of 

various surface defects on the electronic structure of ZnO. The present experimental results most 

consistently point to oxygen vacancies (OV) in the vicinity of surface hydroxides as the source of 

the TPPE-observed gap state. DFT calculations of these OV complexes yield predicted binding 

energies that are very close to the experimentally observed value, and a plausible mechanism for 

defect quenching can be proposed based on filling of the lattice vacancy. In the following 

paragraphs, I develop the arguments for the identification of the defect as OV complexes. 

 ZnO is inherently n-type, and remains so even when extrinsically doped in an attempt to 

produce p-type conductivity [215]. I thus eliminate non-native defects as likely sources for the 

observed gap state. Common atmospheric adsorbates such as e.g. carbonyl or NO groups can 

also be dismissed, as the Ar+ sputtering treatment does not leave any detectable carbon or 

nitrogen contamination in XPS. Plausible options for the gap state are thus restricted to oxygen 

vacancies (OV), zinc interstitials (Zni), zinc vacancies (ZnV), interstitial hydrogen atoms (H), 

surface hydroxide groups (-OH), or some combination of the above. These five defects have 
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been investigated by a variety of experimental and theoretical techniques [211,212,216–224], 

demonstrating their potential relevance to the experimental results discussed here. 

 ZnV can be immediately eliminated as a plausible candidate since it is known to be a deep 

acceptor [163]. The TPPE-observed gap state is energetically quite close to the Fermi energy and 

conduction band, and is clearly a shallow donor. 

 H and –OH groups are also not sufficient to explain the experimental observations. These 

species are present in the surrounding environment even under ultrahigh vacuum (UHV) 

conditions. However, following gap state quenching by thermal annealing, the electronic 

structure of the thin-film ZnO remains stable in UHV for more than 72 hours. Since the ZnO 

surface is reactive, adsorption of water, -OH, and H is expected to occur over this timescale. The 

fact that this adsorption does not detectably affect the electronic structure of the ZnO surface 

indicates that these groups are not solely responsible for the observed gap state. 

 This leaves Zni and OV as the remaining candidates. This is somewhat surprising, as both 

of these defects are predicted to have high formation energies in the near-surface region. It is 

thus not necessarily expected for the ZnO surface to host a large population of these defects. 

However, the peALD growth process and subsequent Ar+ sputtering are both capable of 

providing an appreciable amount of excess energy. One of these process therefore likely provides 

sufficient formation energy to create significant populations of at least one of these defects. 

Additionally, the fact that mild thermal annealing quenches the defect suggests that the defect is 

only metastable, requiring little activation energy to move towards thermodynamic equilibrium. 

This is also consistent with the nonequilibrium nature of the growth and surface preparation 

procedures. 
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 Of these two defects, OV better explain the experimental results. According to the DFT 

calculations of Li et al, OV in the near-surface region of ZnO electronically interact with –OH 

adsorbates, yielding occupied levels at binding energies of -0.09 and -0.35 eV [163]. This fits 

well with the TPPE-observed energy of the gap state, which is centered around -0.37(3) eV BE 

and extends very nearly to the Fermi energy. Additionally, such an OV/–OH complex yields a 

plausible mechanism for defect annihilation. The hydroxide group is in close proximity to the 

OV. As a result, mild thermal annealing may be able to induce the fusion of these two defects, 

with the hydroxide oxygen occupying the empty lattice site. The shallow donor sites are thus 

annihilated, dedoping the ZnO surface region and changing the Fermi energy, consistent with 

experimental results. This mechanism necessitates minimal atomic rearrangement, consistent 

with the low annealing temperatures employed. 

 The OV/–OH complex is also consistent with the results discussed in Chapter 7. The 

hard-sputtered samples are also observed to lose the shallow donor states present in the light-

sputtered ZnO. This can easily be explained by the sputtering-induced removal of the surface 

hydroxide species, destroying the defect complex that gives rise to the shallow donor states. In 

both of these cases, the elimination of the OV/–OH in the near-surface region also leaves 

uncomplexed OV slightly below the surface region that act as deeper donors, moving the Fermi 

energy deeper in the bandgap. 

 In contrast, Zni are predicted to occur at lower BE than were experimentally 

measured [163], giving poor agreement between theory and experiment. The mechanism for Zni 

elimination by higher energy Ar+ sputtering is also not apparent, as surface sputtering is known 

to preferentially remove oxygen. More intense sputtering conditions would thus seem likely to 
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lead to an enrichment of Zni rather than a depletion. It is therefore improbable that the TPPE-

observed gap state corresponds to Zni. 

 Our results thus point to OV/–OH electronic complexes in the near-surface region of ZnO 

as the most probable identity of the gap state that is observed via our novel application of TPPE. 

This defect complex yields good agreement between theory and experiment, and offers plausible 

mechanisms for the formation and annihilation of the ZnO gap state. 

  

8.7 │ Conclusions 

 In this chapter, I have described a novel application of TPPE whereby semiconductor gap 

states can be directly detected and characterized. This method was employed to study a shallow 

donor state in ZnO, yielding information regarding its interfacial interactions and thermodynamic 

stability. By careful comparison to theoretical results, the identity of this defect state was 

determined to most likely be a complex of OV and surface hydroxides. 

 This novel spectroscopic application is thus useful for the characterization of gap states in 

a variety of semiconductor materials. Its success rests on the spectroscopic isolation of the 

semiconductor bandgap through the use of low, tunable photon energies. The only sample 

requirements are photostability and sufficient conductivity to prevent charging. 

 The specific experiments presented here also amplify the results discussed in Chapters 6 

and 7 by directly interrogating the shallow donor state of thin-film ZnO. The strong interaction 

between this gap state and adsorbed C60 molecules agrees well with the resonant photoemission 

results for light-sputtered ZnO samples, while the annealing studies and comparison with 

theoretical results provide a convincing explanation for the defect structure responsible for the 

shallow gap state. Since the presence or absence of this gap state was observed to exert a 
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profound influence on the interfacial charge carrier physics of ZnO, these experiments shed 

valuable light on the complex electronic properties of thin-film ZnO. 

 The importance of inorganic semiconductor gap states has been demonstrated throughout 

the previous five chapters of this dissertation. These electronically active sites play a critical role 

in determining the electronic properties of the semiconductor surface as well as its interfacial 

interactions with organic semiconductors. In the following chapter, I discuss the potential 

commercial implications of this improved understanding of substrate gap states before offering 

some overall conclusions in Chapter 10. 
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Chapter 9 │ Business Aspects and Implications 

9.1 │ Introduction 

 As has been seen in previous chapters, my research has focused primarily on 

understanding the processes that establish the electronic structure at hybrid semiconductor 

interfaces. One of my overarching goals has been to enable rational design of organic 

photovoltaic cells (OPVs), a particular type of solar cell that generates electricity by using 

organic molecules as the active material. In general, solar cells represent an abundant source of 

clean and renewable power, with an average of 1.74x1017 Watts of solar radiation striking the 

earth at any moment. As a result, a great deal of research has gone into designing, improving, 

and understanding the functionality of solar cells. This research has produced a wide variety of 

technology platforms, ranging from simple selenium-based solar cells that were developed in the 

1800s [227], to sophisticated multi-junction concentrator cells that approach 50% power 

conversion efficiency [228]. However, regardless of the specific technical details, a 

commercially viable technology platform must ultimately provide low-cost electricity on a 

competitive basis with carbon-based power sources such as coal, gas, and oil. A realistic and 

accurate understanding of the business implications of solar cell-related research is therefore not 

only useful in evaluating the marketability of a particular technology, it is also crucial in 

directing research that has the best chance of competing in an open market. 

 The effect of this principle has been clearly seen in recent years. For quite some time, 

silicon-based solar cells were the only commercially viable options for significant solar power 

generation. However, with further research, a number of other options became available that 

seemed competitive with the Si cells. As a result, companies invested heavily in different solar 

cell technologies. On the surface, this made a great deal of sense. Si-based cells were expensive 
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to produce, as the crystalline silicon active material had to be grown and purified very 

carefully [229]. At one time, it seemed certain that new solar cell architectures would easily 

outcompete Si-based cells on a cost basis. Unfortunately for some, the price of the silicon solar 

cell modules dropped dramatically due to a combination of improved engineering controls, 

efficiencies of scale, and government incentive programs. Ultimately, many newer technologies 

were unable to remain competitive, and almost a hundred companies in the USA and EU have 

gone bankrupt or stopped working on solar cells in the last 6 years [230]. 

 However, scientists have continued to search for better solar cell technologies that can 

provide low-cost electricity. As the science underlying solar cell design has advanced, the 

technological landscape has grown more and more dynamic, making the business implications of 

basic solar cell research even more difficult to predict. As an example, perovskite solar cells 

were first demonstrated in 2009, and had a 3.8% power conversion efficiency [231]. Since then, 

tremendous advances in the perovskite technology have already produced a certified 20.1% 

efficient solar cell [232], a growth in efficiency unmatched by any other PV technology. The 

rapid takeoff in this technology can be partially attributed to the low manufacturing and startup 

costs associated with the relatively simple perovskite chemistry, but is also a general indicator 

for potentially rapid and unexpected market changes resulting from scientific research. These 

swift changes to the business aspects of solar cell research make it difficult to predict the 

commercial consequences of basic scientific research, but also offer promise regarding the 

impact of that basic research.  

 Further complicating the prediction of my research’s business implications is the 

tremendous variety of non-scientific factors that influence the success of any particular 

incarnation of solar cell technology. However, at a basic level, it is the power conversion 
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efficiency of a solar cell that is a common factor in determining the cost of electricity produced 

by any type of solar cell. Since the “fuel” consumed by solar cells is free, the cost of solar-

produced electricity is simply the cost of the solar cell module divided by the amount of 

electricity produced. Because a more efficient solar cell produces more electricity, the cost of 

that electricity is reduced. Therefore, high-efficiency solar cells are extremely desirable from a 

commercial point of view. To achieve high power conversion efficiencies, it is necessary to 

control interfacial interactions within the devices, tuning the electronic properties where two 

dissimilar materials are joined together. This is a universal problem that applies to all types of 

solar cells, from crystalline Si to organic molecules to perovskites [20,233,234], and it has been 

relevant ever since the invention of the gold-plated selenium solar cell over 130 years ago. As 

written by Michael Grätzel, inventor of the dye-sensitized solar cell, “mastering the interface is 

the first challenge for future development of molecular photovoltaics” [235]. Even in the 

ubiquitous silicon solar cells, the Si surface must be passivated by creation of an interface in 

order to prevent efficiency-draining recombination [233]. Therefore, an atomistic level 

understanding of how electronically active materials interact, such as that proposed in this 

dissertation, is valuable in designing almost any type of solar cell, as well as other organic 

electronics. This remains true even when immediate business implications may seem somewhat 

sparse. 

 With these caveats established, I will nevertheless attempt to describe the potential 

business implications of my research. After a brief summary of my research, I will provide a 

general description of how a basic understanding of interfacial interactions enable technological 

improvement by removing some of the guesswork from device design. I will then discuss two 

short-term business implications: the use of ZnO in solar cells, and the applicability of SnS2 as a 
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research tool for studying electronic interactions. I will end by discussing how my research 

affects two longer-term commercial applications for SnS2: atomically thin solar cells and 

nanoscale electronics. 

 

9.2 │ Research summary 

 In brief, my research has focused on the electronic interactions at the interfaces between 

organic semiconductors, consisting of small molecules, and inorganic semiconductors, 

comprised of large crystals. These two types of materials have very different electronic 

properties, so their union can result in unusual behaviors that are not well understood. By 

characterizing and quantifying the electronic properties of the interface, I have built up a picture 

of the phenomena that occur within real devices, but are difficult to measure directly. 

 For much of my research, I used tin disulfide (SnS2) as a model inorganic semiconductor. 

SnS2 is part of a larger class of compounds known as metal dichalcogenides. These materials 

grow in two-dimensional sheets that are only three atoms thick, and bulk crystals consist of a 

large number of flat sheets that are stacked on top of each other, as illustrated in Figure 9-1. 

These layers interact only weakly with each other. As a result, the surface of these crystals is 

atomically flat and chemically inert. This permits the growth of well-ordered molecular films by 

eliminating much of the structural disorder at the surface, making it ideal for studying the 

fundamental interactions that occur at semiconductor interfaces. 
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Figure 9-1: Crystal structure of tin disulfide (SnS2), illustrating three vertically stacked layers of 

extended two-dimensional sheets. Dark gray spheres represent tin atoms, and yellow spheres represent 

sulfur. 

 

 

 To study these electronic interactions, I directly compared SnS2 with highly ordered 

pyrolytic graphite (HOPG), which also grows in flat sheets but is a semimetallic conductor. By 

depositing a model organic molecule on both of these surfaces, I was able to create interfaces 

that were structurally almost identical, but have very different electronic properties. When 

compared to the semimetallic surface of HOPG, the semiconducting surface of SnS2 interacted 

more strongly with the deposited molecules, causing electrons to be transferred across the 

interface and shifting the energy levels of the CuPc molecules and SnS2 crystal. After careful 

analysis, I concluded that these interactions are caused by the presence of electronic states that 

are created by defects in the SnS2 crystals where S atoms are missing. These sulfur vacancies 

create electronic states where ideal SnS2 normally has none. These unexpected defect states 

interact electronically with the CuPc molecules and are thus responsible for the electronic nature 

of the hybrid interface. 

 Further exploring the nature and properties of these SnS2 defect states, I demonstrated 

that thin films of vanadyl naphthalocyanine (VONc) deposited on SnS2 are vulnerable to slow 
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changes when exposed to ultraviolet light. With further investigation, I demonstrated this 

property holds true for a variety of molecules, with the critical factor being that the molecules 

can interact with the defect states in SnS2, but not the normal energy bands. This further 

demonstrated the importance of these hidden states within inorganic semiconductors for 

controlling energy level alignment in organic solar cells. 

 I augmented these energy level alignment studies by using angle-resolved photoemission 

spectroscopy to map the electronic band structure of SnS2, probing both the valence and 

conduction bands. Although most of the energy levels observed matched well with theoretical 

predictions, some spectral features did not correspond to any known energy levels of SnS2 

crystals. These results thus indicate the presence of both 0D and 1D deviations from perfect 

crystal, matching well with the previously observed importance of gap states. 

 In addition to studying SnS2, I also performed experiments on zinc oxide (ZnO), an 

inorganic semiconductor that is electrically conductive, optically transparent, and easily 

manufactured. These properties its common use in a wide variety of devices that harness or 

measure the properties of light, including organic photovoltaic cells (OPVs), optical sensors, and 

light-emitting diodes. In my research, I measured the ultrafast movement of electrons within 

ZnO films, studying its ability to transport charges. I then looked at what happens when organic 

semiconductor molecules are deposited on ZnO films. Because the molecules interact 

electronically with the ZnO, they change the movement of the electrons, slowing them down by 

a factor of at least 100. As discussed in Chapter 6, these results actually fit quite well with some 

observations of how ZnO performs in different electronic devices. Additionally, as shown in 

Chapter 7, the nature of the electronic interactions changes significantly depending on how the 

ZnO surface is prepared. Overall, my research clearly demonstrates that electronic interactions 
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between organic and inorganic semiconductors can have a profound and complex influence on 

the movement of charges near the interface, with important consequences for the wide variety of 

devices that utilize such interfaces. 

 In collaboration with Leah Kelly, I also utilized two-photon photoemission (TPPE) to 

directly study dopant states within ZnO. These states, which are scarce enough to escape 

detection by most methods, are nevertheless directly responsible for many of the electronic 

properties of ZnO. However, because they are so difficult to measure, their exact nature is not 

well understood. 

 

9.3 │ Optimizing the process of device design 

 To begin in general terms, the overarching business implication of my research is to 

reduce the cost of research-and-development for novel technologies that incorporate hybrid 

organic/inorganic interfaces by streamlining the commonly employed method of trial-and-error. 

By providing an understanding of the basic principles that govern the behavior of charges at 

common semiconductor interfaces, optimal device designs can be predicted, instead of found 

only after extensive experimentation. 

 As a primitive illustration of this approach, I model the design of an optimum organic 

photovoltaic cell as a series of simple choices. In order to fabricate a typical organic solar cell, 

shown in Figure 9-2, there are numerous parameters that must be established. In this case, I 

consider fourteen: (1) identity of the metal contact, (2) identity of the first charge selective 

interlayer, (3) thickness of the first charge selective interlayer, (4) deposition method for the first 

charge selective interlayer, (5) identity of the organic donor material,  (6) identity of the organic 

acceptor material, (7) % of each material in the active layer, (8) thickness of the active layer, (9) 



206 

 

deposition method for the active layer, (10) identity of the second charge selective interlayer, 

(11) thickness of the second charge selective interlayer, (12) deposition method for the second 

charge selective interlayer, (13) identity of the transparent contact, and (14) preparation method 

of the transparent contact. Although this is by no means an exhaustive list, it serves to illustrate 

the complexity inherent in designing an efficient organic electronic device. Next, I make the 

simplifying assumption that there are five possible choices for each parameter, although in 

reality there is usually an entire continuum to sample from. This yields 514 (= 6,103,515,625) 

possible device designs. If we rely on our established knowledge of the interface between the 

inorganic interlayers and the organic active materials, let us assume that we reduce the number of 

options from five to two for the identities and deposition methods of the inorganic charge 

selective interlayers. This yields 510×24 (= 156,250,000) possible device designs: a reduction by 

a factor of 40. In other words, we have reduced the number of devices that must be tested by 

97.5%, which would yield a tremendous savings in the cost of research and development. 
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Figure 9-2: Schematic illustration of a typical organic photovoltaic cell (OPV) 

 

 

 Admittedly, this specific example is somewhat arbitrary, but it illustrates the difficulty in 

optimizing a large number of parameters by trial-and-error, as well as the inherent benefits in 

reducing the number of parameters that must be optimized. By asking the right questions, it is 

possible (although difficult) to arrive at a basic understanding of the scientific problem, which 

will then serve to streamline and guide the development of products based on those principles. 

This has been my primary goal in studying hybrid organic/inorganic interfaces: discerning the 

electronic properties of inorganic semiconductor surfaces that are most relevant in establishing 

the electronic structure at a device-relevant interface. The preceding chapters of this dissertation 

have presented a general understanding of hybrid semiconductor interfaces, focusing heavily on 
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understanding the role of electronically active defects within the inorganic semiconductor. This 

general understanding of interfacial phenomena, in combination with the body of other scientific 

work, will likely produce the most profound business implications as new technology platforms 

continue to be developed. In the following sections, I will also discuss how my research can 

provide insight into some more specific business-relevant examples. 

 

9.4 │ ZnO as an OPV interlayer 

 Organic photovoltaic cells (OPVs), at the most basic level, require only three distinct 

layers: two conducting electrodes and an organic semiconductor active phase [51]. However, the 

performance of these devices can be dramatically improved by inserting additional layers into 

the device architecture [236–238], as illustrated in Figure 9-2 above. These interlayers can 

provide a number of advantages, such as improved electrical contacts, high electrical 

conductivities, better wettability by the organic active phase, and selectivity of charge carrier 

harvesting [239]. 

 Achieving selective charge carrier harvesting is particularly important for the design of 

efficient organic photovoltaic cells. The active organic layer in most OPVs is composed of a 

blended mixture of two different organic semiconductors. This improves power conversion 

efficiency by maximizing the interfacial surface area, which is where charge creation occurs. 

Following charge creation, one organic semiconductor transports positive charges to an 

electrode, while the other one transports the negatively charged electrons. Since both organic 

semiconductor phases touch both electrodes, the electrical charges can flow in either direction, 

attenuating the generated power and greatly diminishing the efficiency. To counteract this, 

charge selective interlayers are inserted between the electrodes and the organic active layer. 
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These interlayers only accept one type of charge, so the electrical current can only flow in one 

direction, thereby improving the power conversion efficiency. These charge selective interlayers 

are often described as a semipermeable membrane that allows one type of charge to pass while 

blocking transport of the opposite charge [240]. 

 Although there are multiple materials that can be used as charge selective interlayers, 

ZnO in particular has been demonstrated to serve as a good electron collector [239]. Its 

electronic structure favors selectivity of electron transfer across the interface, and its high 

electron mobility enables rapid transport of the selected electrons to the electrode [241–244]. 

ZnO is also amenable to a variety of processing conditions, and the properties of this inorganic 

semiconductor can be widely tuned, as has been seen in Chapter 7. There are a number of 

different models that can be used to predict the desired properties of the ZnO interlayer and the 

effect on OPV efficiency [245–247]. These models therefore enable at least partial optimization 

of the OPV architecture without the costly repetitions of a trial-and-error approach. 

 However, these models do not fully account for the presence of states within the bandgap 

of ZnO. Not only do these states have an effect on the electronic properties of the entire ZnO 

layer, but they also have different electronic structures that can profoundly alter the performance 

of the charge selective interlayer [239,248–250]. Control over the population of ZnO gap states 

is therefore essential for creating efficient (and therefore cost-effective) OPVs [251,252]. For 

example, an appreciable concentration of defects must be present in order to provide good 

electrical conductivity in the ZnO layer. However, high concentrations of gap states create states 

that can trap electrical charges and neutralize them, lowering the efficiency of the 

OPV [243,253,254]. Furthermore, different defect and gap states have different effects on the 
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electronic characteristics [29,31,59,163], so device optimization requires simultaneous control of 

many different gap states. 

 To briefly summarize, a commercially successful OPV must operate at a high power 

conversion efficiency. A key part of enhancing efficiency is the use of charge selective 

interlayers, such as ZnO. Although it is known that states within the ZnO bandgap play a critical 

role in determining the performance of the interlayer, a predictive understanding of ZnO gap 

states has not yet been established. However, the research presented in this dissertation provides 

several key insights into the electronic structure of ZnO that would be useful in the 

commercialization of OPV technology. First, the use of core-hole clock spectroscopy (Chapters 6 

and 7) to study the conduction band physics of ZnO provided an understanding of how charges 

move within ZnO. Second, the first TPPE study of thin-film ZnO enabled the direct detection 

and analysis of gap states within ZnO. Since these gap states are directly responsible for the 

electronic properties of the ZnO, experimental access to these states is potentially very useful for 

optimizing device performance. Finally, the combination of these studies with other research 

carried out by my collaborator Leah Kelly yielded a description of the defects intrinsic to 

ZnO [59]. This fundamental description of ZnO opens up the possibility of using extrinsic 

defects to tune the interfacial energy level alignment within OPVs, ultimately enabling 

significant gains in power conversion efficiency. 

 

9.5 │ SnS2 as a model semiconductor surface 

 As was discussed in Section 9.3, the optimization of organic electronic technologies 

requires the exploration of a dauntingly large parameter space. To cope with this challenge, 

scientists and engineers have attempted to simplify the problem by focusing on the key 
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parameter of power conversion efficiency. However, a fixation on this device parameter can 

often cause the abandonment of promising new materials simply because they don’t perform at a 

high level with a few simple rounds of optimization [255]. Jackson et al. have recently argued 

that what is needed in the field of OPV research are more systematic studies of organic 

semiconductor materials, where the effects of organic film morphology and microstructure can 

be quantified separately from the inherent electronic properties and resultant energy level 

alignment [255]. 

 The development of a commercially successful OPV technology will therefore require 

intensive optimization and analysis of many different candidate materials. To perform such an 

optimization procedure on a variety of organic molecules under a variety of processing 

conditions requires a stable, well-understood, electronically relevant substrate on which to grow 

the organic thin films. Ideally, the substrate should also be chemically simple, in order to 

minimize the possibility of the surface reactivity dominating the interfacial electronic structure. 

SnS2 (along with the other metal dichalcogenides) thus represents an ideal candidate for organic 

molecule optimization. As a van der Waals surface, it is atomically flat and chemically 

inert  [53], so undesired perturbations to the organic thin film from the surface are minimized. 

SnS2 is quite stable as well, and can be immersed in solution for extended periods of time under 

intense illumination without degrading [127], so it is likely compatible with a wide variety of 

processing conditions. Finally, the relatively simple nature of the surface, which tends to remain 

clean and free of surface species even when exposed to atmospheric conditions, means that there 

are fewer variables to control while preparing organic thin films. Other inorganic 

semiconductors, such as ZnO, have none of these advantages. 
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 However, my research has shown that the SnS2 surface is not completely inert; rather 

there are electronically active states within the bandgap that play a role in the interfacial energy 

level alignment. By providing a description of these states, their interactions with different 

molecules, and their behavior over time [28], my research enables the use of SnS2 as a model 

substrate with a full understanding of its electronic properties. Along these lines, the Parkinson 

research group has already had some success in using SnS2 as a model semiconductor substrate 

for studying dye sensitization [138,256]. Even though the atomically flat van der Waals surface 

present a very different morphology than the nanotextured TiO2 that is typically employed in 

dye-sensitized solar cells, it retains the fundamental electronic properties of an inorganic 

semiconductor, and thus provides a valuable model system. It is quite likely that SnS2 would be 

similarly useful as a model inorganic semiconductor substrate for the commercial development 

of new organic optoelectronics. 

 

9.6 │ Nanoscale electronics with SnS2 

 The two business implication discussed in Sections 9.4 and 9.5 could be realized in the 

near future, as there are no substantial technical challenges that inhibit their implementation. 

However, my research also has relevance to some longer-term commercial applications, 

especially for SnS2. These examples, discussed here and in Section 9.7, have been shown to be 

scientifically feasible, but significant engineering challenges must be overcome in order to 

manifest these ideas. Even so, my research has the potential to provide important scientific 

insights once these ideas begin to be developed. 

 The utilization of metal dichalcogenides in the fabrication of nanoscale electronics has 

been a popular research topic in recent years, for understandable reasons. The electronics 
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industry is constantly engineering its fabrication technology to produce smaller and smaller 

components, as this enables a greater density of computing power and thus higher performance 

computers. In the race to create nano-sized circuitry, the metal dichalcogenides seem very 

appealing, since they are inherently atomically thin. This reduced dimensionality would greatly 

facilitate the commercialization of nanoscale electronics. Although graphene is also of interest 

for these application, its lack of a finite bandgap renders it unsuitable for use in certain circuit 

components such as diodes and transistors. 

 SnS2 has been successfully incorporated into laboratory-produced nanoscale electronics 

by several research groups [257,258], including the assembly of a simple logic circuit [259]. My 

research has included a collaboration on the complete characterization of mono- and few-layer 

SnS2 [141], which would be extremely valuable for the development of any nanoelectronics that 

incorporate SnS2. Additionally, we were able to fabricate nanoscale field-effect transistors and 

photodetectors based on 2D SnS2 sheets, demonstrating excellent contacts and higher charge 

mobilities than have been previously reported [141]. 

 However, these nanoscale transistors exhibited significant charge carrier trapping, which 

degraded the performance of the fabricated devices. My research on bulk SnS2 crystals has 

indicated that these traps are likely due to gap states induced by intrinsic defects [28]. Since 

these states would need to be carefully controlled in any commercial nanoscale electronics 

application, my research has implications for any potential utilization of SnS2 in particular and 

metal dichalcogenides in general for nanoscale circuit components. 

 

 

 



214 

 

9.7 │ Atomically thin solar cells 

 Section 9.6 discussed the applicability of my research to the commercialization of 

nanoscale electronics, the dimensions of which are in the nanometer regime. However, metal 

dichalcogenides such as SnS2 also have the potential to be useful for macro-sized technology 

platforms where only a single dimension is in the nanometer regime. Specifically, it has recently 

been proposed that monolayer MoS2 could be used as the active material in several types of 

novel solar cells that are only 1 nm thick [125,260]. Fontana et al. demonstrated a photovoltaic 

response for monolayer MoS2 suspended between two metal contacts [260], and Bernardi has 

recently calculated that a single layer of MoS2 could be stacked on monolayer graphene to create 

a Schottky-type solar cell, or combined with monolayer WS2 to fabricate an excitonic solar 

cell [125]. The keys to these proposed solar cell architectures are the high carrier mobilities and 

absorptivities of these 2D materials [125,261]. The mechanical and chemical stability of layered 

materials is also a critical factor in enabling the preparation of such thin layers of material. 

 These proposed cells would be hundreds of times thinner than many current OPVs, and 

hundreds of thousands times thinner than the commonly used Si solar cells. Although these cells 

would provide only a small amount of power, their incredible thinness means that they could be 

incorporated into a wide variety of products, such as windows and protective coatings, providing 

constant electrical power. Since they would use extremely little material, their cost would likely 

be low, enabling their inclusion in a variety of platforms for a relatively modest cost in terms of 

materials. Additional costs for manufacturing and processing would likely be significant, but 

these could be minimized through mass production and streamlined engineering. 

 The fundamental principles of these ultrathin solar cells seem sound, and the engineering 

hurdles that would be associated with manufacturing such devices continue to be addressed. 
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Multiple groups have demonstrated the ability to create stacked monolayers of 2D materials, 

either by direct chemical growth [262,263], or by mechanical manipulation [264]. Indeed, the 

predicted exciton separation at a metal dichalcogenide interface mentioned above has already 

been experimentally demonstrated [264]. However, the commercialization of an atomically thin 

solar cell would require careful optimization of and control over the electronic properties of the 

metal dichalcogenides. As also discussed in Section 9.6, my research has demonstrated that these 

layered semiconductor materials can exhibit subtle effects that are difficult to detect and analyze 

experimentally, but can have a strong influence on the electronic structure of the material [28]. 

Therefore, a complete understanding of the 2D semiconductor’s electronic structure, such as that 

enabled by my research, would be critical in improving the performance of an atomically thin 

solar cell. 

 

9.8 │ Conclusions 

 In summary, the research presented in this dissertation has a range of potential business 

implications, primarily centered on the field of organic photovoltaic cells (OPVs). The general 

understanding of hybrid organic/inorganic semiconductor interfaces is perhaps the most 

important contribution, as this will enable more effective and efficient design of many different 

types of organic electronics technologies. More specifically, my study of the electronic structure 

of SnS2 facilitates its use as a model inorganic semiconductor, which would be valuable in the 

optimization of organic semiconductor materials. My research has also aided in understanding 

the electronic properties of ZnO, which is commonly used within OPVs. Additionally, the 

insights provided by my experiments on SnS2 will likely aid in the development of nanoscale 

electronics and atomically thin solar cells, two promising technologies that are just beginning to 
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be developed at the laboratory scale. Overall, hybrid semiconductor interfaces show a great deal 

of commercial promise, and it will interesting to observe the future applications that are built on 

current basic research. 
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Chapter 10 │ Conclusions 

 The experimental studies presented in this dissertation have been aimed at improving the 

current understanding of hybrid organic/inorganic semiconductor interfaces. The marked 

dissimilarities between these two classes of semiconductors reveal complex electronic behavior 

that has thus far been poorly understood. My focus has thus been on elucidating the role of 

defects in the inorganic semiconductor substrate, which lead to the creation of electronic states 

within the bandgap and unexpected interactions at the interface. I have done this indirectly by 

studying the effect of these defects on the energy level alignment and charge carrier dynamics at 

hybrid interfaces, and I have also worked on new methodologies with two-photon photoemission 

to directly probe gap states in ZnO. By highlighting the importance of these previously neglected 

energy levels, I have demonstrated that a proper and predictive understanding of the hybrid 

semiconductor interface must explicitly include electronically active defects within the inorganic 

semiconductor. 

 In Chapter 3, I began my experimental investigation of hybrid interfaces by comparing 

the energy level alignment of copper phthalocyanine (CuPc) on tin disulfide (SnS2), an inorganic 

semiconductor, and highly ordered pyrolytic graphite (HOPG), a semimetal. Both of these 

substrates are atomically flat van der Waals surfaces with no dangling chemical bonds, yielding a 

similar CuPc film structure on both surfaces. However, strong interactions between CuPc and 

SnS2 led to interfacial charge transfer and band bending, while the CuPc/HOPG interface showed 

no signs of electronic interaction. I demonstrated that the organic/SnS2 interactions involved 

localized, electronically active states within the SnS2 bandgap. These states play a key role in 

establishing interfacial electronic structure, and their importance at even the highly ordered and 
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inert SnS2 surface indicates that they are likely to be ubiquitous for inorganic semiconductor 

surfaces. 

 In Chapter 4, I expanded upon this initial characterization of substrate gap states by 

studying the dynamic evolution of the energy level alignment at organic/SnS2 interfaces under 

ultraviolet (UV) illumination. As in Chapter 3, adsorbed molecules were observed to 

electronically couple to states within the SnS2 bandgap, forming surface-confined states that 

were electronically isolated from the bulk SnS2 bands. As a result, UV illumination resulted in 

very long-lived charge trapping at the hybrid interface, perturbing the interfacial energy level 

alignment for at least several days. No such perturbation was observed for molecules whose 

highest occupied molecular orbital overlapped with the SnS2 valence band. By carefully 

analyzing the indirect effects of the electronic interactions between organic molecules and SnS2 

defects, I highlighted the unexpected effects that can be induced by the presence of scarce gap 

states, such as the formation of deep traps. 

 In Chapter 5, I took a step back from hybrid interfaces in order to more completely 

characterize the electronic structure of the SnS2 surface. My motivation here was to provide a 

solid experimental foundation for future work involving ultrafast dynamics and nanoscale device 

fabrication. I mapped the SnS2 valence band structure using angle-resolved ultraviolet 

photoemission spectroscopy (ARUPS) and the conduction band structure using angle-resolved 

two-photon photoemission (AR-TPPE). Careful comparison with density functional theory 

(DFT) calculations revealed that some experimentally observed features did not correspond to 

any energy levels of perfect SnS2 crystals. The behavior of these spectral peaks indicated that 

they most likely arise from both point and line crystal defects. The presence of these defect states 
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agrees very well with the results presented in Chapters 3 and 4, and is further supported by my 

experimental results from scanning probe microscopies and nanoscale transistor behavior. 

 In Chapter 6, I described a novel application of core-hole clock spectroscopy (CHC), 

which enabled me to characterize the perturbative effect of hybrid interface formation on the 

ultrafast charge carrier physics within the inorganic semiconductor zinc oxide (ZnO). Electrons 

in the conduction band of bare ZnO were observed to delocalize within 400 attoseconds, but 

adsorption of the prototypical acceptor C60 resulted in dramatic localization, trapping the 

conduction band electrons in the near-interface region for nearly 30 femtoseconds. In addition to 

providing a new method for probing interfacial charge carrier behavior, these results also 

demonstrated that hybrid interfaces can host very strong electronic coupling, fundamentally 

altering the electronic properties of the semiconductor substrate. 

 Recent experimental work by my collaborators Leah Kelly and Philip Schulz 

demonstrated that the preparation of the ZnO surface by Ar+ sputtering alters the near-surface 

defect population, which in turn controls the surface electronic structure and interfacial 

interactions. Building on their work, in Chapter 7 I explored the effect of this surface treatment 

on the ultrafast charge carrier physics, using the CHC method described in Chapter 6. Different 

surface preparations significantly changed charge carrier physics near the bare ZnO surface, and 

fundamentally altered the effect of hybrid interface formation. Remarkably, the ultrafast electron 

delocalization times near the C60/ZnO interface correlated strongly with measured current 

densities for a simple bilayer C60/ZnO device. This suggests that the rate limiting step in charge 

transport for hybrid interfaces is actually electron motion in the perturbed near-interface region 

of the inorganic semiconductor and provides new insight into the atomistic mechanisms limiting 

the efficiency of next-generation optoelectronic devices. 
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 In Chapter 8, I presented the results of a collaborative study, led by Leah Kelly, where we 

used low photon energy TPPE to directly detect a shallow donor gap state within thin-film ZnO. 

This new experimental technique eliminated photoemission from the bulk ZnO bands, enabling 

sensitive analysis of the gap state feature. In agreement with previous experimental results, the 

gap state was observed to donate electron density to adsorbed C60 molecules. The defects 

associated with this gap state were also quenched by mild thermal annealing. The direct 

spectroscopic probe thus provided valuable insight into the properties of the ZnO shallow donor, 

offering an atomistic picture of the changes induced by hybrid interface formation and surface 

annealing. 

 

10.1 │ Future Directions 

 For SnS2, the research presented here has described its electronic structure and interfacial 

interactions, providing a foundation for future research to access ultrafast dynamics. Although 

gap and defect states are clearly significant, the inertness of the SnS2 surface still makes it an 

attractive model system for fundamental studies of inorganic semiconductors. The 

characterization of the surface electronic structure presented in this dissertation should enable 

higher-level studies of interfacial electronic structure. Experiments are already in progress to 

apply the core-hole clock method described in Chapters 6 and 7 to the SnS2 surface and its 

interactions with Cs adsorbates in order to elucidate the fundamental physics of charge transfer 

interactions. The demonstrated stability of the SnS2 surface under high-intensity laser 

illumination also makes it a promising candidate for time-resolved two-photon photoemission, 

which will enable quantification of ultrafast interfacial charge transfer rates between SnS2 and 

molecular semiconductors. Measurements of these ultrafast processes will provide valuable 
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insight into the behavior of SnS2 and other transition metal dichalcogenides within next-

generation technologies, such as atomically thin solar cells, nanoscale transistors, and 

photocatalysts. The layered crystal structure also provides a means to study effects of reduced 

dimensionality and quantum confinement by using mono- or few-layer SnS2 crystals as substrate 

or interlayer materials. 

 This dissertation also described novel methods to characterize the electronic structure and 

dynamics of inorganic semiconductors, which were employed to study ZnO. Future research will 

likely focus on strengthening the connection between fundamental measurements, such as energy 

level alignment and charge carrier delocalization times, and device-level properties, such as 

current density. Although this connection can be difficult to establish, atomistic insight into the 

device-level properties of organic electronics can enable rational engineering and optimization of 

hybrid semiconductor interfaces. As was demonstrated in Chapter 7, relatively small changes in 

sample preparation can lead to dramatic alterations of interfacial properties, which can be 

strongly correlated with device-scale behavior. Fundamental physical insight provided by new 

experiments can help uncover the driving forces for efficient device operation. The elemental 

specificity of the CHC method enables its application to a wide variety of experimental systems 

where an atomistic description of ultrafast charge carrier physics can shed valuable light. 
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[215] Ü. Özgür, Y. I. Alivov, C. Liu, A. Teke, M. A. Reshchikov, S. Doğan, V. Avrutin, S.-J. Cho, and 
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