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Abstract 

Additive manufacturing processes such as laser powder bed fusion produce material by 

localized melting of a powder feedstock layer by layer. The small melt pools and high energy 

density generate very different microstructures in nickel superalloys when compared to more 

traditional cast or wrought processing, including features such as cellular structures and epitaxial 

grain growth. The features of these microstructures vary depending on local thermal history, 

alloy chemistry, and processing parameters. There is a need to develop a systematic 

understanding of the influence the local thermal conditions during solidification have on the 

resulting microstructure. Such understanding will be useful in predicting and ultimately avoiding 

microstructural defects such as undesirable phases or non-optimal grain structures. In this work, 

in-situ Longwave Infrared imaging of a laser powder bed fusion process is used to characterize 

the local thermal conditions throughout additively manufactured builds for alloy IN718 and 

Haynes 282 processed using systematically varied process parameters. This information is then 

correlated to observations of the microstructural features of these alloys in the as-built condition. 

This correlation analysis shows clear influence of the local thermal conditions during 

solidification on the dimensions of the dendritic microstructures formed during the build process 

for IN718 and Haynes 282. These dendritic structures arise due to segregation of elements such 

as niobium during solidification, an observation which can be predicted using a Scheil modeling 

approach. 
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1 Introduction 

1.1 Background 

Nickel-based superalloys are known for maintaining strength, toughness, fatigue 

performance and resistance to corrosion and oxidation at elevated temperature and pressure. 

These properties make nickel-based superalloys key materials in turbine engines for aircraft and 

power generation. Some components of gas turbines require complex geometries for which 

nickel-based superalloys can be difficult to machine and fabricate. Additive manufacturing 

(AM), a method that builds parts in layer-wise process, enables the production of parts with 

complex geometries where traditional manufacturing methods have limited ability. Thus, AM, 

especially Laser Powder Bed Fusion (LPBF), has found a growing number of applications in 

fabricating intricate part geometries with hard-to-machine metals used in aviation and aerospace 

[1], [2]. In an LPBF system, as the focused laser beam scans each layer of powder, it melts the 

powder into the shape of the cross section of the part to form the designed 3D model. However, 

this building process generates microstructures with features including cellular structures and 

epitaxial grain growth which are very different from those formed in traditional processes such 

as forging and casting. The processing parameters, local thermal history and alloy chemistry all 

contribute to the features of these microstructures. Moreover, microstructures are closely related 

to mechanical performance such as tensile strength, fatigue life and creep strength. The 

microstructures of the nickel-based superalloy, Haynes 282, manufactured by wrought, Laser 

Powder Bed Fusion and Laser Wire Directed Energy Deposition (LW-DED) are shown in Figure 

1, Figure 2 and Figure 3. 
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Figure 1. Equiaxed grains in wrought Haynes 282. 

 

 
Figure 2. LPBF Haynes 282 with as-printed melt pools and cellular dendritic structures. 
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(a)                  

 

Figure 3. Haynes 282 built by laser wire direct energy deposition. (a) A backscatter electron 
image shows the equiaxed grains and epitaxial grains in the stacked layers. The change in grain 

morphology indicated the variation of cooling rates. (b) The cellular dendrites grow across two 

layers. (c) The cellular dendrites transfer to equiaxed dendrites in two adjacent layers. 

The deposition of layers in LPBF involves highly localized laser energy input, high laser 

scanning velocity and short interaction time with the melt pool. These conditions result in large 

thermal gradients and high cooling rates during solidification and thus cause directional grain 
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growth accompanied by columnar dendritic microstructures, micro-segregation and precipitation 

of metastable phases [3ï5]. The cellular dendritic microstructures of AM fabricated parts are 

shown in Figure 2 and Figure 3. 

Currently in the available literature and among users of AM of nickel superalloys, there is 

limited comprehension of the correlation between interactions of processing parameters and 

thermal history, and the influence of the local thermal conditions during solidification on the 

resulting microstructures. My work aims to address the knowledge gap in the microstructures in 

LPBF fabricated nickel superalloys by combining processing monitoring, microstructural 

analysis and CALPHAD modeling. I will develop a more comprehensive knowledge and 

description of the process-structure relationships of LPBF superalloys, which could be used to 

predict and optimize the as-built microstructure. This will provide users of these materials with 

the ability to better control microstructures in heat treated and finished components and obtain 

more consistent mechanical behavior of components in service across a wide range of 

applications. 

1.2 Research plan 

In this work, I will use a designed experiment with intentional variation of energy density 

by varying laser power and laser scan speed, but in contrast to most prior studies that have taken 

this approach I will allow for relatively modest variation in process parameters such that the 

majority of the material studied will be free from defects such as cracks and porosity and our 

analysis will focus on the variation in microstructure seen in as-built materials that would be 

generally deemed of high quality by end users. 

The local thermal conditions during the LPBF building process of nickel-based 

superalloys, IN718 and Haynes 282, are recorded using an in-situ process monitoring system for 
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different parts built using varying process parameters. In particular, I will use longwave infrared 

(LWIR) data to construct the time-temperature history at locations throughout a designed 

experiment and correlate these histories with features of solidification structures such as dendrite 

spacing that are determined by cooling rates during the solidification process. The monitoring 

data is correlated to the microstructural features of these alloys in the as-built condition, 

characterized by electron microscopy and optical microscopy. This information is then compared 

to computational modeling of the segregation and dendrite structures formed during the 

solidification which are generated by Pandat, a CALPHAD software. This together moves 

towards developing a deeper systematic understanding of the interplay between local thermal 

condition variation during solidification and the resulting microstructure. This will allow for 

better process designs to mitigate not only macroscopic defects such as porosity and cracks but 

also microstructural defects such as undesirable phases or non-optimal grain structures.  

The chart of the research plan is illustrated in Figure 4. 
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Figure 4. Chart of the research plan. 
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2 Literature Review 

2.1 Nickel-based superalloys 

2.1.1 Composition  

Superalloys were initially developed for high temperature applications in aerospace and 

aviation. These alloys are defined as ñsuperò due to their abilities to maintain mechanical 

strength, resistance to corrosion and resistance to thermal creep deformation at temperature 

greater than 0.6 of the melting point Ὕ φ, [7]. Superalloys are based on iron, nickel and cobalt 

which have shown a high tolerance for alloying elements without any phase instability. They are 

widely used in extreme environments such as in turbine engines, fossil fuel and nuclear power 

generation, and chemical processing plants [8]. Nickel-based superalloys are widely used in parts 

of turbine engines such as blades and disks for high-temperature or high-pressure use. 

Pure nickel forms face-centered cubic (FCC) matrix ‎ phase. Alloying additions are 

chosen to improve the performance of nickel-based superalloys for specific purposes. Each of 

these alloying elements plays an important role in forming different phases, and microstructures 

and affecting the mechanical properties of the superalloys. The first class of elements comprises 

cobalt, iron, chromium, molybdenum, rhenium and tungsten which have similar atomic radii to 

nickel. They have an affinity for the austenitic ‎ phase and tend to stabilize it by preferentially 

partitioning into it. The atoms of these elements incorporated into the ‎ matrix can distort the 

lattice and lead to solid solution strengthening [6]. The second group of elements includes 

aluminum, titanium, niobium, and tantalum. They have larger atomic radii and promote the 

creation of hardening precipitates such as the ‎ᴂ phase .É!Ìȟ4Áȟ4É and the ‎ᴂᴂ phase .É.Â. 

Minor elements such as boron, carbon, zirconium and Hafnium make up a third class of 

elements. They exhibit a tendency to form borides and carbides towards the grain boundaries of 
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‎ phase due to their atomic sizes significantly different from nickel. Chromium, molybdenum, 

tungsten, niobium, tantalum and titanium are carbide formers. Chromium and molybdenum 

promote the formation of borides. Chromium and aluminum can promote oxidation resistance. 

Other elements such as lanthanum, thorium and yttrium are added to improve hot corrosion 

resistance [6], [8], [9ï11]. Table 1 lists the alloying elements in nickel-based superalloys and 

their effects. 

Table 1 Effects of alloying elements in nickel-based superalloys 

  Al B C Co Cr Fe Hf Mo Nb O Re Ta Ti W Zr 

Solution 

strengthening 
      

ƻ ƻ ƻ 

  

ƻ 

    

ƻ ƻ   ƻ   

‎ǋ former ƻ               ƻ     ƻ ƻ     

‎ǋǋ former                 ƻ             

Carbide 

former 
        

ƻ 
  

ƻ ƻ ƻ 
    

ƻ ƻ ƻ 
  

Grain 

boundary 

strengthener   

ƻ ƻ 

      

ƻ     

        

  ƻ 

Oxidation 

resistance 
ƻ 

      

ƻ 

                    

 

2.1.2 Strengthening mechanism 

The macroscopic plastic deformation of metals is caused by the motion of a large number 

of dislocations. Therefore, mechanical strength can be enhanced by restricting or prohibiting 

dislocation motion. The principle strengthening mechanisms in nickel-based superalloys are 

solid solution strengthening, precipitation strengthening (also known as precipitation hardening, 

age hardening, and particle hardening) and grain size strengthening (also known as Hall-Petch 

strengthening).  
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Solid solution strengthening arises from alloying additions of atoms as cobalt, iron, 

chromium and molybdenum embedding in and distorting the ‎ matrix. The distortion in the ‎ 

matrix can strengthen the alloys by restricting the movement of dislocations as shown in Figure 

5.  

 

Figure 5. Solid solution strengthening 

Precipitation strengthening works by the formation of small particles of secondary phases 

which are also known as precipitates. These precipitates act as obstacles to dislocation movement 

within the crystal lattice, impeding the motion of dislocations and thus strengthening the alloys. 

The size, distribution, and density of these precipitates are critical factors that affect the final 

mechanical properties of the material. 

Grain size strengthening is also known as Hall-Patch strengthening. The grain boundaries 

act as a barrier to dislocation motion in two aspects. First, the grain boundary of two grains with 

different orientations could force the dislocations to change the direction of motion when moving 

from one grain to the other, with some directions experiencing a lower effective stress in the 

direction of dislocation motion. Second the dislocations will meet at a discontinuity of slip 

planes at the grain boundary region. A fine-grained material which has more total grain boundary 
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area usually exhibits greater hardness and strength compared to a coarse-grained material. The 

grain size and grain orientation can be changed by post heat treatment process [12]. 

2.1.3 Phases and microstructure 

Generally, the precipitated phases in nickel-based superalloys may include phases such as 

‎ᴂ, ‎ᴂᴂ, carbide, boride, –, ‏, ‘, „ and Laves. The principal phases for precipitation strengthening 

are ‎ᴂ and ‎ᴂᴂ. Topologically close-packed (TCP) phases such as ‘, „ and Laves are incoherent 

with ‎ phase matrix so that they are often detrimental and undesired in nickel-based superalloys 

[10], [13ï15]. The phases in nickel-based superalloy are summarized as follows [1], [9], [16], 

[17]. 

♬ phase 

This phase composes the background matrix of nickel-based superalloy. The continuous matrix is 

a solid solution austenitic phase with an FCC structure in which the other phases reside. It could 

provide solid solution strengthening by incorporating elements such as cobalt, iron, chromium, 

molybdenum, rhenium and tungsten.  

♬ᴂ phase 

It is the principal strengthening phase in many nickel-based superalloys.  ‎ᴂ phase has face-

centered cubic (FCC) ordered L12 structure. The composition of this intermetallic phase is 

.É!Ìȟ4É with Ni atoms at the cube faces and either Al or Ti atoms at the cube corners. It is 

coherent with the FCC ‎ matrix with a lattice parameter that varies by around 0.5%. Therefore, it 

has a relatively high stability. This phase often has shapes varying from spherical to cubic which 

depends on the  ‎Ⱦ‎ᴂ mismatch. The crystal structure of  ‎ᴂ phase and SEM micrographs of ‎ᴂ in 

alloy Rene 65 are shown in Figure 6.  
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♬ᴂᴂ phase 

‎ᴂᴂ phase has the composition of .É.Â. Its crystal structure is body-centered tetragonal (BCT) 

ordered D022 as shown in Figure 7. ‎ᴂᴂ is the principal strengthening phase in the alloy IN718. 

The ‎ᴂᴂ precipitates are usually disc-like particles with an average diameter around 60 nm that 

form on the {100} planes. ‎ᴂᴂ is a meta-stable phase. It could transform to ‏ phase .É.Â which 

is incoherent with ‎ in the temperature range 650ϲC to 980ϲC. 
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(a)  

(b)  

(c)  

Figure 6. (a) Face-centered cubic (FCC) ordered L12 structure for ‎ᴂ phase .É!Ìȟ4É. (b) 
Primary and (c) Secondary ‎ᴂ in subsolvus heat treated wrought Rene 65. The bright particles on 

grain boundaries in (b) are borides.  
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Figure 7. Unit cell of ‎ᴂᴂ phase, body-centered tetragonal (BCT) ordered D022 structure. 

Carbides 

Carbides exist in nickel-based superalloy as -#, -#, - #, -# type. -# carbides are called 

primary carbides and have FCC structures. -# and - # form by the decomposition of MC 

accompanied with formation of ‎ᴂ. The carbides are present at the intragranular sites and grain 

boundaries with random cubic, globular, blocky or script morphology. Although carbides are 

usually considered deleterious, they are used to inhibit grain boundary motion and hence 

stabilize the structure of the material against deformation at high temperatures.  

♯ phase 

This phase is formed by the decomposition of ‎ᴂᴂ exposed at high temperature. This needle-like 

phase forms by cellular reaction at low aging temperatures and by intragranular precipitation at 

high aging temperatures. Sometimes it is intentionally formed in small amounts for grain 

boundary refinement. 
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Ⱨ, Ɑ and Laves phase 

These three phases are topologically close packed (TCP) phase precipitates and are undesirable 

in superalloys. ‘ phase is rhombohedral. „ phase is tetragonal. Laves phase is hexagonal. They 

are brittle and will reduce the ductility and deplete the ‎ matrix of elements that aid in solid 

solution strengthening. 

2.1.4 Processing of nickel-based superalloys 

Nickel-based superalloys are available in both cast and wrought forms which involve the 

ingot metallurgy process. For those alloys having poor forgeability and segregation issues in the 

ingot metallurgy process, powder metallurgy is another choice. 

The ingot metallurgy process encompasses the thermal-mechanical working of materials 

generated through vacuum induction melting, electro-slag remelting, and vacuum arc remelting. 

Billets produced using this method are typically known as cast-and-wrought products. The steps 

of ingot metallurgy process are illustrated in Figure 8 [6]. 

The development of vacuum melting technology facilitated the incorporation of elevated 

levels of precipitation-hardening elements such as aluminum and titanium. However, As the 

strength of these materials continued to rise, their hot workability and forgeability declined. 

Simultaneously, complex alloying in heavily alloyed grades such as Rene 95 and RR1000, 

results in increased segregation during melting [2], [6]. In these cases, powder metallurgy is 

preferred. Powder metallurgy also involves utilizing vacuum induction melting (VIM) as a 

preliminary step, followed by subsequent remelting and the application of inert gas plasma 

atomization to yield powder. The powder metallurgy method for conventional alloys provides the 

advantage of producing uniform, finely grained billets or preforms from highly alloyed nickel-

base materials which conventional ingot metallurgy processes typically cannot compete with [9]. 

The process of powder metallurgy is shown in Figure 9 [6]. 
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Additive manufacturing (AM) is a new processing method for Nickel-based superalloys 

arising in the last few decades. It utilizes heat sources such as laser, electron beam or wire arc to 

join materials such as powder or wire layer by layer to make the desired object. AM has good 

flexibility in making complex engineering components. More details of additive manufacturing 

will be discussed in the following sections in this thesis. 

 
Figure 8. Ingot metallurgy process. Picture is from reference [6]. 
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(a)  

 
(b) 

(c)  

Figure 9. (a) Metal powder production process. Picture from reference [6]. (b) Gas atomization. 

Picture from reference [9] (c) Water atomization. Picture from reference [18]. 

2.2 Additive manufacturing 
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Additive manufacturing (AM), more commonly known as 3D printing, is a technique 

developed in the last few decades. By ASTMôs definition, additive manufacturing is ña process 

of joining materials to make objects from 3D model data, usually layer upon layer, as opposed to 

subtractive manufacturing methodologiesò [2]. Different from the conventional subtractive 

processes that cut parts from a bulk material, additive manufacturing builds objects by adding 

material layer by layer, incrementally. The high flexibility of this technique allows the building 

of complex geometries and structures which are hard or even impossible to create by 

conventional manufacturing methods. In addition to fabricating complex geometries, AM 

provides the opportunity to repair and maintain expensive parts, manufacture in remote locations, 

and fabricate net shape parts on demand [19], [20]. Due to these advantages, metal components 

built by AM have been applied to various industries such as automotive, aerospace and 

biomedical. The microstructures and mechanical properties of the additively manufactured metal 

parts have shown a high dependency on the as-printed features including gain morphology and 

size, dendrite arm spacing, phases, surface roughness, porosity, residual stress, etc. The as-

printed conditions are closely related to the manufacturing parameters during additive 

manufacturing such as laser power, the laser spot size, laser scanning speed, hatch spacing or 

overlap between tracks, layer thickness, contour parameters and so on [1]. 

The AM process begins with the creation of a 3D digital model of the desired object 

using computer-aided design (CAD) software. Then this digital model is sliced into thin 

horizontal cross-sectional layers. In the next step, the sliced file is imported to the 3D printer to 

print the designed part. After printing, the part may be subjected to some post processing as 

needed. For example, if support structures were used during printing, they need to be removed, 

typically through mechanical or chemical methods. Some parts may undergo additional 
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machining, grinding, or polishing to achieve the desired surface finish. Some parts may need 

heat treatments to relieve residual stresses and improve material properties. 

2.2.1 Metal additive manufacturing technologies 

Metal additive manufacturing systems can be classified in terms of the material feed 

stock and energy source. The feed stock could be metal powder or wire. Common energy sources 

are laser, electron beam or electrical arc. There are two main families of metal AM process: 

powder bed fusion process and directed energy deposition process. For the powder bed fusion 

processes, a powder bed system is utilized. For directed energy deposition process, a powder 

feed system or a wire feed system is used [1], [21]. In different AM systems, the material 

deposition rate, the as-built microstructures and the need for post processing may vary depending 

on the energy source and feed stock. Table 2 lists various metal AM technologies. 

Table 2 Metal additive manufacturing technologies 

  Powder bed fusion  Directed energy deposition  

  Powder bed system Powder feed system Wire feed system  

Laser 
Laser powder bed fusion 

(LPBF) 
Laser directed energy 

deposition (L-DED) 
Laser wire directed energy 

deposition (LW-DED)  

Electron 

beam 
Electron beam melting 

(EBM) 
x 

Electron beam directed 

energy deposition (EB-

DED)/Sciaky 

In the powder bed fusion process, a thin layer of powder is distributed to the substrate. 

Then the powder is selectively melted by the programmed energy source and solidified rapidly to 

form the designed shape. The powder bed system with a laser as the energy source is called laser 

powder bed fusion (LPBF). It is also known as selective laser melting (SLM) and direct metal 
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laser sintering (DMLS) [1], [5,22,23]. The powder bed system with an electron beam is called 

electron beam powder bed fusion (EPBF) or electron beam melting (EBM) [22], [24]. 

In the directed energy deposition process, the base material is locally deposited by 

introducing either powder or feeding wire feedstock directly into the heating region of an energy 

source. In a powder fed system with laser, the powder can be blown from a set of nozzles using 

protective inert gas and simultaneously coaxially fed to the focus area of a laser which deposits 

the molten metal on to a pre-existing substrate. The technology is called laser directed energy 

deposition (L-DED), direct laser deposition (DLD), laser metal deposition (LMD) or laser 

engineered net shaping (LENS) [25ï28]. An electron beam cannot be used as the energy source 

for a powder fed system because the electron beam must work in a vacuum environment, but the 

powder must be fed with inert gas. In a wire feed system, the energy source could be either laser, 

electron beam or electrical arc. The systems can be called laser wire directed energy deposition 

(LW-DED), electron beam direct energy deposition (EB-DED)/Sciaky and wire arc additive 

manufacturing (WAAM) [11], [29], [30]. 

Figure 10 illustrates how the powder bed system, powder fed system and wire fed system 

work. The pictures are from reference [21]. Figure 10 (a) shows a powder bed system with laser. 

A powder bed is created by spreading powder across the build platform. The laser is programmed 

to deliver energy to the surface of the bed, melting or sintering the powder into the desired shape. 

This process is repeated layer by layer as the powder bed goes down and the powder reservoir 

goes up to achieve the bottom-up fabrication. Figure 10 (b) illustrates the structure of a power 

fed system. Powder is delivered at a constant rate by the deposition head with carrier gas. A laser 

is used to melt a monolayer or more of the powder into the shape desired. This process is 

repeated to create a three-dimensional component. There are two types of this system; the work 
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piece is fixed, and deposition head moves; or the deposition head is fixed, and the work piece is 

moved. The schematic of a wire fed system is illustrated in Figure 10 (c). The process introduces 

metal wire into a molten pool which is created using a focused electron beam in a high vacuum 

environment. The electron beam couples effectively with any electrically conductive material. 

(a)  

(b)  
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(c)  

Figure 10. Metal additive manufacturing systems. (a) Powder bed system. (b) Powder fed 
system. (c) Wire feed system. Images from reference [21]. 

  

Other novel metal AM processes include cold spray, binder jet and friction stir welding. 

Cold spray technologies utilize kinetic energy of the powder as the energy source. The powder 

particles are accelerated within a high-speed gas stream and adhere to a substrate through plastic 

deformation, resulting in the formation of a deposit. The residual stresses in cold spray deposits 

predominantly result from collisions [31]. The binder jet process involves mixing a polymer 

binder with metal powder, and the binder is selectively solidified to conform to the desired part 

shape. Subsequently, the binder is removed through a burnout process, and the metal part is 

sintered to achieve its final density. Since the binder-based process avoids melting, it works well 

with unweldable metals. The friction stir additive manufacturing derives from solid state welding 

processes. Some other metal AM processes have not been fully studied and explored such as 

physical/chemical vapor deposition (PVD/CVD), sheet lamination, selective electrodeposition 

and direct ink writing [31]. 

2.2.2 Challenges and limitations of metal AM 

While additive manufacturing has many advantages such as the capability of making 

complex geometries with near-net-shape, the need of little tooling or subsequent machining, 
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minimal material waste and quick and cost-effective production of prototypes, there are obvious 

disadvantages. For example, the material deposition rate is slow, so the production efficiency is 

lower than conventional manufacturing methods. Poor surface finish and dimensional accuracy 

are also common concerns for metal AM. The AM process has local heating and cooling rates 

much higher than conventional casting or forging processes. The high heating/cooling rate will 

lead to previously unobserved microstructures evolving under non-equilibrium conditions with 

significant anisotropy and heterogeneity. The severe thermal gradients of the AM process result 

in the generation of potentially significant residual stresses and distortion. Incorrect process 

parameters or complex geometric and thermal conditions give rise to porosity, unmelted powder 

and lack of fusion [19]. All these characteristics may have a significant influence on the 

mechanical properties of additively manufactured components. For example, studies have shown 

that the fatigue resistance of additive manufactured components is highly related to defects, grain 

size and crystallographic texture caused by the layer-wise building process [20], [23],  [32ï34]. 

The challenges of metal AM will be discussed in the following sections based on several 

considerations including metal AM systems, AM materials, process control, microstructures and 

post processing. 

AM materials processability and development 

The essentiality of metal additive manufacturing is just a micro-welding process [27]. 

The similarity of these two processes enables us to investigate and analyze additive 

manufacturing (AM) using techniques borrowed from the field of welding. The knowledge 

gained from welding experiences can provide valuable insights into which alloys are likely to 

perform effectively or encounter challenges in additive manufacturing (AM) processes. Many of 

the defects observed during an AM process have previously been encountered in welding. 
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Material selection for AM can be informed by the weldability of the materials. In nickel 

superalloys, the weldability of materials is highly correlated to the content of aluminum and 

titanium, which are important components in the  ‎ᴂ phase. Although Al and Ti are intentionally 

added to superalloys to form precipitation hardening phase ‎ᴂ, it is believed that high volume of 

‎ᴂ increases the probability of cracking during post-weld heat treatment, a phenomenon known as 

ñstrain-age crackingò [35]. Figure 11 provides the weldability of some superalloys versus the 

content of aluminum and titanium in the alloys. 

 
Figure 11. The weldability of some superalloys depends on the concentration of aluminum and 
titanium. Picture is from [36]. 

While some materials with good balance of ‎ᴂ strengthening and strain-age cracking have 

found applications in additive manufacturing, there still remains a significant demand for the 

development of new materials. This entails gaining a deeper understanding of the relationships 
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between processing, structure, and properties of materials already in use. Additionally, there is a 

growing need to establish testing protocols and qualification methods to broaden the spectrum of 

available materials. 

Process control and microstructure 

Widespread application of AM components in a variety of industries is increasingly in 

demand, and improving the performance and optimizing the build process of AM parts is 

necessary to drive adoption of AM. Although various AM technologies such as powder bed 

fusion and direct energy deposition exhibit distinct differences, they share certain common 

materials processing challenges. Multiple factors of processing including energy source power, 

scan strategy, process temperature, feedstock quality, layer thickness, build chamber atmosphere 

and various other input parameters are related to the porosity, microstructures, residual stress, 

delamination and cracking [31].  

The laser/electron beam power and beam size determine the build resolution and 

dimensions of the melt pools. The scan strategy including scanning speed, scanning patterns, 

hatch spacing and contours has important effects on the surface roughness, thermal history and 

residual stress [11] of AM parts. The metal powder is usually produced by gas-atomized or 

water-atomized methods. The powder quality such as particle size, shape, surface morphology 

and composition determine flowability (how well a powder flows) and apparent density (how 

well a powder packs) of powder. Finer powder can be used in circumstances which require a 

finer layer such as LPBF. Better flowability will make the coating of powder layers in powder 

bed systems and powder feed in directed energy deposition system easier [31], [37]. 

There are demands for techniques to facilitate real-time monitoring and closed-loop 

feedback within the manufacturing process to enhance consistency, repeatability, and uniformity 
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among various metal AM methods. Process monitoring and sensing tools can provide 

nondestructive evaluation capabilities and in-progress location-specific anomalies detection. To 

better understand the AM process and the interaction of energy source and materials during the 

build process, in-situ monitoring, feed-back control and computational modeling of the AM 

process are needed.  

Gaining a comprehensive understanding of processing defects and their origins can 

enhance process reliability and the overall quality of fabricated components. Additionally, those 

as-build features have influences on mechanical properties such as tensile strength, fatigue life 

and creep resistance of AM parts. More studies are needed to establish the processing-

microstructure-performance relationship. 

Post processing 

Once a part has been manufactured, the trapped powder, support structures, and substrate 

material need to be removed. The as-printed surface may be polished or machined as needed. 

Thermal post-processing for as-built AM parts includes stress relief, solution treatment and 

aging. Hot isostatic pressing (HIP) is applied sometimes to close internal pores and cracks in AM 

parts. Those thermal process can lead to recrystallization and strengthen the parts. However, 

because the AM as-built parts have different microstructures from the as-cast or as-forged alloys, 

the heat treatment temperature range for the AM part may need adjusted [38], [39]. Heat 

treatment process requirements are unique to the particular alloy of interest, and these will be 

discussed later in the context of the alloys examined in this work. 

2.2.3 Laser powder bed fusion (LPBF) process 

The process of interest for this work is Laser Powder Bed Fusion (LPBF). LPBF is one of 

the most common forms of metal AM with a large variety of materials utilized such as aluminum 
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alloys, steel alloys, nickel superalloys, titanium alloys and so on. In the LPBF process, the 

working space is divided into a powder supply system and a build platform. The schematic of the 

LPBF system is illustrated in Figure 12 [31].  To build one layer, a recoater blade is used to 

distribute a thin layer of powder across the build platform. The powder layer is selectively 

melted to match the cross-section geometry at the layer height by a pre-programmed scanning 

laser which has deep enough fusion penetration depth to metallurgically integrate it with the 

layer beneath. After one layer is completed, the powder bed is lowered by the specified layer 

thickness and the powder supply system is elevated. A new layer of powder will be evenly spread 

and deposited on the previous layer following the same manner. The complete part is constructed 

through the progressive melting of one layer upon another. In this repeated meting process, each 

layer of metal powder is subjected to a melt-solidify-remelt process. This unique process leads to 

a fish-scale like melt pool structure. Additionally, the thermal conditions of this process lead to 

cellular dendritic solidification structures and epitaxial columnar grain morphology. 
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Figure 12. Schematic of a Laser powder bed fusion (LPBF) system. Picture is from [31]. 

2.2.4 Processing parameters in LPBF 

Some studies have shown that the various processing parameters in power bed fusion 

systems may have significant influence on the micro- and macro-structures and mechanical 

properties of additively manufactured components [40], but a comprehensive understanding and 

predictive model of these effects is not yet well developed [40], [41ï43]. For example, Dehoff et 

al. [44] customized the local grain morphology of IN718 by using a combination of raster and 

spot melting scan patterns in Electron beam melting (EBM) system. Beevers et al. [34] 

investigated how process parameters and potential imperfections impact the fatigue properties of 

AlSi10Mg produced using LPBF. They observed that the change of build direction, platform 
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temperature, powder layer thickness, surface finish, and heat treatment influence the defect 

population characteristics which determines the fatigue life of AlSi10Mg. 

The common process parameters are listed in Table 3. 

Table 3 Process parameters in LPBF 

Process parameters 

Laser Scan Feed stock Other 

Laser power Scan speed Layer thickness Build orientation 

Laser beam spot 

size Hatch spacing  Build chamber 

atmosphere  

  Scan strategy   

  Contour     

 

Laser power, p in W 

The two most commonly used lasers in LPBF have been the neodymium-doped yttrium 

aluminum garnet (Nd: YAG) with wavelength ‗ ρȢπφɛm and carbon dioxide (#/) industrial 

lasers with wavelength ‗ ρπȢφɛm. In recent years, ytterbium (Yb) doped fiber lasers with 

wavelength ‗ ρȢπχɛm have emerged as substitutes for Nd: YAG lasers in laser-based AM 

processing [41]. Yb-fiber lasers have wider beam profiles which enable more uniform scan 

tracks with minimal porosity. Additionally, Yb-fiber and Nd: YAG lasers can operate at lower 

scanning speeds compared to #/ lasers due to reduced interaction between the laser and powder 

which allows for the thicker layer melting [45]. However, the light stability and linearity of Yb-

fiber lasers are limited by optical fiber constraints [41], [46]. The common laser power used in 

LPBF is from 20W to 1KW [42]. 

Laser beam spot size, d in ɛm 
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The laser beam spot is assumed circular, and the spot size is the diameter of the laser 

beam incident on the powder. The spot size of LPBF is in the range of 50ɛm  180ɛm [42]. The 

spot size of the laser is an important factor which determines the dimensions of the melt pool. A 

schematic of the laser beam and melt pool is demonstrated in Figure 13 below. 

The parameters related to scan are demonstrated in Figure 14. 

 

 

Figure 13. Laser beam and melt pool. 
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Figure 14. Process parameters related to scan in LPBF. 

Scan speed, v in mm/s 

Laser scan speed in LPBF can be up to 15m/s [42]. A high laser scanning speed leads to shorter 

laser-powder interaction time. With a given laser power, low scanning speed means depositing 

more energy into the powder bed.  

Scan strategy 

Scan strategy is the path that the laser source follows across a layer of powder. Scanning 

directions and the arrangement of the scan sequence determine the scan patterns which affect the 

scanning time and cooling time of the layers. Sometimes, an area is not scanned in a single 

pattern. The area can be divided into several tiles, and in each tile the scan pattern rotates and 

changes orientation. This strategy is called island scanning. Studies have shown that utilizing an 

island scanning approach with a pattern rotation resulted in more uniform grain structures, 

reduced metallurgical texture and less residual stress [31]. It is believed that scan strategies 
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involving fewer repetitions tend to produce lower levels of residual strains, which, in turn, lead 

to reduced deflection in the built structures  [11]. In the LPBF process, the scan pattern may 

rotate layer by layer to reduce the scanning repetitions. Example scan strategies are shown in 

Figure 15. 

Hatch spacing, h in in ɛm 

Hatch spacing is the distance between the center of two laser tracks as the laser rasters across a 

region of the powder bed during the build process. If the laser spot size, d, is larger than the 

hatching spacing, h, there will be an overlap between the two laser tracks. This overlap is defined 

as hatch overlap, d/h. Insufficient overlapping will cause lack of fusion on the edge of melt 

pools. 

Contour 

Contour is the laser scanning along the outer profile of an object as illustrated in Figure 15 (c). 

Contour scanning is used to reduce surface roughness by locally remelting the outside of the 

component and eliminating roughness that may be introduced by the presence of start and stop 

points of adjacent laser tracks during the printing of the component.  
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Figure 15. Scan strategies in LPBF. (a) and (b) Two scan strategies with different scan 
directions. (c) Contour scanning on the profile of a square area. (d) Island scanning in a square 

area. In each island, the scanning pattern rotate 90Á. (e) In LPBF, the scanning pattern on every 

new stacking layer rotates to reduce the repetitions and even out the surface. Images reproduced 

from references [23], [31], [41] 

Powder layer thickness, ■ in ɛm 

Powder layer thickness in LPBF is in the range of 20ɛm  ρππɛm [42]. The lowest thickness is 

limited by the powder size. The powder used in LPBF is gas atomized powder with a typical size 

distribution from 15ɛm to 45ɛm which indicates the powder layer cannot thinner than 15ɛm. The 

powder layer thickness determines the material deposition efficiency and the LPBF build 
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efficiency. However, there is always a trade-off between the build efficiency and build quality. A 

thin powder layer thickness is favorable for the success of LPBF. As layer thickness increases a 

growth of the number of defects such as pores and lack of fusion are observed. This can be 

explained by the reduced volumetric energy input results from the larger layer thickness. This 

can lead to a lack of uniformity and smaller molten pool depth during deposition [47ï49].  

Build orientation 

The build orientation of AM parts may greatly affect defect directionalities (for example, the 

aspect ratio of defects). In general, specimens built horizontally have higher tensile strength, 

fatigue resistance, and elongation to failure than the specimens built vertically and diagonally 

(45Á to the build plate) [20], [50ï52]. Other studies report that for a specimen oriented at an 

incline, the lower surface (facing downward toward the build-plate) has a higher surface 

roughness relative to the upper (upward facing side) [20], [53]. Higher surface roughness of the 

lower surface is attributed to the more direct contact of this face with the powder bed during 

manufacture and giving rise to melt pool thermal/fluidic edge effects [20]. 

Inter-layer time intervals  

The inter-layer time interval is an indirect factor of processing which is related to scan speed, 

scan pattern and printing area on each layer. By varying the number of samples on a build plate, 

one can achieve different scanning times for the laser to complete each layer [54], [55]. Different 

inter-layer time intervals result in distinct thermal histories. Samples with longer interlayer time 

intervals obtain a finer microstructure due to higher cooling rates along each layer. Additionally, 

the laser penetration depth diminishes for longer inter-layer time intervals, due to colder initial 

layer temperatures. This lower laser penetration depth results in the interface with the previously 

deposited layers developing lack of fusion defects, where the layers could not become 
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sufficiently molten to achieve effective metallurgical bonding. This process leaves un-melted 

regions between layers. Thus, the porosity is higher in the samples with longer interlayer times 

than in those with shorter interlayer times. As a result, the elongation to failure of the specimens 

built with longer interlayer times is lower [54], [56].  

Build chamber atmosphere  

Argon (Ar) and nitrogen (.) are used in LPBF as shielding gas. The initial purpose for inert gas 

in LPBF is to protect the meatal form oxidation and to remove the ejected powders. A side-

benefit of inert gas flow is to remove process by-products such as spatter, condensate, and 

welding fumes from the path of the laser [41]. Masmoudi et al. [57] investigated the interaction 

of laser, material and atmosphere in the LPBF process with argon. They reported that employing 

a high-pressure environment can help reduce convective movements within the atmosphere and 

lower the vaporization rate of the material.  

2.2.5 Porosity in LPBF 

The laser power and scan speed are often discussed together because they are both 

important components for volumetric energy density (VED) [11], [58]. The volumetric energy 

density is defined as  

 ὠὉὈ
ὴ
ὺϽὬϽὰ  (1) 

The variables are as defined before, p is laser power in W, v is scan speed in mm/s, h is hatch 

spacing in in ɛm, and ὰ is layer thickness in ɛm. The volumetric energy density is typically given 

in units of J/mm3.  

 Porosity is a common defect in AM parts. Its formation is closely correlated to the 

volumetric energy density. When the input energy is insufficient for full melting, for example, 

lower laser power or very fast scanning, lack-of-fusion may occur. A low laser power or high 
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scanning speed results in a smaller molten pool during the fusion process. When this small melt 

pool fails to overlap between adjacent melt pools or underlying layers, it leads to the formation 

of irregular voids. Lack-of-fusion areas can be recognized by the presence of un-melted powder 

particles within or near to pores. The lack-of-fusion pores tend to be irregular in shape and can 

vary in size. Tang et al. [58] discussed correlation of the lack-of-fusion porosity and various 

process parameters. They developed an analytical model to estimate the lack-of-fusion porosity 

based on melt pool cross-sectional dimension, hatch distance and layer thickness. This model 

could rapidly predict the effects of changes in processing parameters such as beam power and 

scan speed, hatch spacing and layer thickness on part porosity. Figure 16 shows the lack-of-

fusion pores in alloy IN718 built by LPBF. Figure 16 (a) shows the non-spherical pores at melt 

pool corner and edge indicate lack-of-fusion. Figure 16 (b) shows unmolten powder close to the 

lack-of-fusion pore with cracks around it. 
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(b) 

Figure 16. Lack of fusion porosity in LPBF made nickel alloys. (a) Large irregular voids in 

LPBF fabricated CM247LC at low energy density fabricating condition [43]. (b) IN-738 LC 

processed with power 295W, scanning speed 2250mm/s and hatching distance of 0.11mm [59]. 

If the applied energy density is too high, pores induced by keyholing which are also 

known as vapor depressions would form. The depth of the molten pool is usually regulated by 

the conduction of heat in the solid material beneath. However, as the input energy density 

increases to a very high level, the laser melting process can shift from conduction mode to 

ñkeyhole-modeò. In ñkeyhole-modeò, the depth of the molten pool is determined by the metal 

evaporation behavior so that the depth is significantly greater than those seen in the conduction 

mode [60]. The metal vapors form bubbles due to the liquid surface tension. As the liquid cools 

down and solidifies, the metal vaper bubbles are trapped in the melt pool. Therefore, the keyhole 

induced pores are often spherical. Figure 17 shows the keyhole induced pores in alloy IN718 

built by LPBF. 



51 

 

  

Figure 17. LPBF. NiTi alloy single-track laser scan experiments showing keyholing [61].  

Many studies have shown that the conduction mode with shallow melt pool transferred to 

the keyhole mode with deep melt pool at high energy densities. Verhaeghe et al. [62] presented a 

model to study the evaporation of Ti-6Al-4V in LPBF. They observed metal evaporation at 

energy density inputs they designed. King et al [60] investigated the keyhole-mode laser melting 

of 316L stainless steel in an LPBF setting. Through single-track experiments, they identified the 

threshold for keyhole mode melting is determined by the normalized enthalpy which can be used 

to combine the effects of power, speed, and beam size.  

However, Cunningham et al. [63] reported that vapor depressions are present in almost all 

energy density input used in laser melted Ti-6Al-4V.  They used high resolution ultrahigh-speed 

synchrotron x-ray to observe the evolution of the melt pool and keyhole in Ti-6Al-4V with both 

stationary laser beam and scanning beam modes. In the stationary laser beam mode, the power is 

varied. In the scanning beam mode, the laser power and scan speed are varied. They observed 

five regimes of melt pool evolution with stationary beam: (i) melting, (ii) vapor depression 

formation and growth, (iii) vapor depression instability, (iv) keyhole formation and growth, and 

(v) melt pool shape change. Their study provided evidence that all combinations of power and 

speed in their experiment exhibited a substantial keyhole, and these keyholes exhibit consistent 
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variations in size and shape. This finding challenges the widely held notion that the shift from 

conduction to keyhole mode occurs at the same point where porosity and high-aspect-ratio melt 

pools emerge. They found that the spherical pores in the unstable keyhole zone which is 

characterized by high power and low velocity region in the power-speed (p-v) space might be 

associated with keyholes that have excessively high aspect ratios. In their studies, they also 

concluded that there is a well-defined threshold from conduction mode to keyhole based on laser 

power density, and the transition follows the sequence of vaporization, depression of the liquid 

surface, instability, and then deep keyhole formation. 

Another phenomenon related to laser and scan speed is balling. The first type of balling is 

attributed to low laser power. This type is distinguished by the presence of significantly enlarged 

spheres with an interrupted dendritic structure within the surface layer. In contrast, a high scan 

speed leads to the second type of balling, characterized by the formation of numerous 

micrometer-scale (10ɛm) spheres on the surface. By increasing the input energy density which 

could be conducted by increasing laser power, lowering scan speed, or reducing powder layer 

thickness, the balling phenomena can be mitigated [64], [65]. The lack-of-fusion, keyhole and 

balling are illustrated in the p-v space in Figure 18. 
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Figure 18. A sketch of laser power and scan speed map showing windows corresponding to 

regimes.  

The optimization of processing parameters is necessary to avoid the aforementioned 

defects in LPBF. Zhang et al. [61] developed a framework for establishing the processing 

parameters window of a specific alloy intended for use as a potential feedstock in AM. Their 

framework combines various elements, including design of experiments, physics-based 

simulations, uncertainty analysis, and fabrication and characterization to determine the good 

window of processing parameter window that result in near full-density, defect-free parts. 

2.2.6 Solidification microstructure in LPBF  

During fabrication, AM parts experience a complex process involving repeated melting 

and rapid solidification. In those process, the morphology of the solidification structure depends 

primarily on solidification parameters, the temperature gradient (Ὃ) and the solidification growth 

rate (Ὑ). The solidification map depending on Ὃ [ÁC/mm] and Ὑ [mm/s] is shown in Figure 19. 

Due to repetitive laser melting and scanning, the G and R in LPBF building fall into a region in 

which cellular dendritic structures would form. The dimensions of the cellular dendritic 

structures are directly related to the cooling rate which is defined as Ὃ Ὑ with units ÁC/s, while 
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the cooling rate can be controlled by varying the processing parameters such as laser power and 

scan speed [40], [66]. Studies have shown that the dendrite arm spacing (DAS) would increase as 

the cooling rates decrease which indicates an increase in energy density input [11], [67].  

 

Figure 19. Solidification map depending on temperature gradient (Ὃ) and the solidification 

growth rate (Ὑ). Image reproduced from reference [66]. 
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Solidification of alloys with planar interface 

The solidification process of alloys depends on intricate interactions involving 

temperature gradients, cooling rates, and solidification rates. This problem can be analyzed using 

a simplified model as in Figure 20. In this model [68], [69], the liquid alloy is in a long bar 

mold, the heat is only removed from the left end of the mold so that the heat flow is linear and 

from right to left. Therefore, solidification will start at the left end of the liquid. Consider the 

alloy solidifies with a planar solid/liquid interface moving along the bar. Assume the alloy 

solidifies in the condition that there is no diffusion in the solid and only diffusional mixing in the 

liquid (no convection in liquid).  

 
Figure 20. Unidirectional solidification of an alloy in a bar mold. Heat is removed from the left 

end of the mold. Heat flow is linear and from right to left. 

This alloy is illustrated by phase diagram Figure 21 (a). Assume equilibrium can be attained at 

the solid/liquid interface, define the equilibrium partition ratio Ὧ as Eq. (2) 

 Ὧ   (2) 

ὅ and ὅ are equilibrium compositions of solute in solid and liquid at a given temperature [68]. 

As shown in Figure 21 (a), Ὧ is a constant and independent of temperature. The alloy starts to 

solidify at temperature Ὕ with initial solute composition ὅ in liquid. The first small volume of 

solid forms at Ὕ is of solute composition Ὧὅ. Since the solute rejected from solid to liquid is 
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transported only by diffusion, the solute in the front of solid rapidly increases until reaches ὅ. 

This is known as initial transient as shown in Figure 21 (b)-(d) [68], [70].  

If the alloy is sufficiently long, a steady state is attained as described in Figure 21 (b) and 

(c). At the steady state, the composition of the solid is ὅ. The composition in the liquid at the 

interface must be ὅȾὯ required by the equilibrium at the interface. The solute concentration 

profile in the boundary layer in liquid in the steady state region is given by 

 ὅ ὅ ρ Ὡὼὴ
Ⱦ

  (3) 

where Ὀ is diffusion coefficient of solute in the liquid and Ὑ is the movement rate of solid/liquid 

interface which is also known as solidification rate or growth rate [70], [69]. The Eq. (3) and 

Figure 21 (b) show that the solute composition decreases exponentially from ὅȾὯ at the 

interface to ὅ sufficiently far from the interface. The characteristic width of the concentration 

profile is ὈȾὙ.             

Final transient forms when the solid/liquid interface is within ὈȾὙ of the end of the bar. 

The composition of solute ramps up rapidly from ὅ to ὅ leading to the formation of eutectic. 
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Figure 21. Planar front solidification of an alloy. (a) Phase diagram of the solidified alloy. (b) 

Solute concentration adjacent to the planar solid/liquid interface. (c) Steady state solidification at 

temperature between Ὕ and Ὕ. (d) Composition profile of the fully solidified alloy bar showing 

initial transient, steady state and final transient. Pictures reproduced from reference [70]. 

Cellular and dendritic solidification  

The solidification with growth of a planar front has been discussed in the last section. 

However, cellular and dendritic solidification is more commonly found in alloy parts built by 

LPBF. In alloys, one type of driving force leading to the break of planar front into dendrites is 

constitutional supercooling. The formation of constitutional supercooling is shown in Figure 22.  
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Figure 22. (a) Phase diagram of the alloy. (b) Solute concentration profile across the solid/liquid 

interface in a steady state solidification. (c) Liquid temperature in front of the interface. The 

equilibrium liquidus temperature T liquidus is marked as the red line. The actual temperature of 

liquid follows line T actual. It is below the critical gradient, thus the constitutional supercooling 

forms. Pictures reproduced from reference [70]. 

First, consider a planar interface in the steady state solidification. The solute-enriched 

boundary layer in front of the interface has composition ὅȾὯ at the interface and ὅ apart from 

the interface, as depicted in Figure 22 (b). As the solute concentration varies, the corresponding 

equilibrium liquidus temperature along the solidification front can be plotted referencing the 

phase diagram in Figure 22 (a). The equilibrium liquidus temperature is given by the red curve 

in Figure 22. The actual temperature of the alloy, at the interface, must be Ὕ required by the 

equilibrium. However, the actual temperature profile of the alloy could be any line either above 

or below the liquidus temperature. If every point ahead of the interface is at a temperature above 
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the liquidus, in other words, the temperature gradient Ὃ ЎὝȾЎὼ ahead of the interface is 

steeper than the critical gradient, solidification with a stable plane front will remain. If the liquid 

in front of the interface is at temperature below the equilibrium liquidus temperature, as shown 

by the line ñT actualò in Figure 22, the liquid is supercooled. Since supercooling arises from the 

change in composition, it is called constitutional supercooling, which is different from thermal 

supercooling caused by temperature [68ï70].  

A region of constitutional supercooling in the liquid is necessary for the formation of 

stable protrusions on a planar interface. Once any tiny protrusion forms on the interface, it will 

be in the liquid below the liquidus temperature so that it will keep protruding into the liquid. The 

protrusions will eventually develop into long cells, also known as primary dendrites. The tips of 

the cells grow into the hottest liquid and contain the least solute. However, the cell walls are rich 

in solute rejected laterally from the solidifying liquid therefore solidify at the lowest temperature. 

The liquid in inter-cellular regions may reach the eutectic composition and will form a second 

phase in cell walls when it solidifies. This nonuniform solute distribution within the cellular 

structure which is on a scale smaller than the crystal size is called micro-segregation. The 

temperature and solute distribution at the cellular solidification regions are shown in Figure 23. 

The lateral solute distribution from point ὃ, at the cell core, to point ὃᴂ, between the cell walls 

can be described by Scheil model as shown in Figure 23 (b). In the Scheil model, the 

assumptions ñno diffusion in solid, and perfect mixing in liquidò are made. The Scheil equation 

gives the composition in solid as Eq. (4) 

 ὅ Ὧὅ ρ Ὢ   (4) 
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in which Ὧ is the volume fraction of solid [68ï70]. In Figure 23 (b), the concentration profile 

that changes slowly within the cell and increases rapidly to the eutectic composition ὅ at inter-

cellular region is consistent with the Scheil equation. 

 

 

 

Figure 23. The temperature and solute distribution at the cellular solidification regions. (a) The 

temperature at the dendrite roots is Ὕ, the eutectic temperature, and increases along the cell 
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growth direction. The solute concentration drops from the cell root to cell tip as along the arrow 

direction. (b) The lateral solute distribution along line  ὃὃᴂ follows Sheil equation. 

The stability of cellular microstructures depends on temperature gradients and growth 

rate. At sufficiently low temperature gradients or high growth rates, the cells, or primary arms of 

solid, are observed to develop secondary arms or even tertiary arms. Relationships between 

dendrite arm spacing and thermal variables is given by Eq. (5) 

 Ὠ ὦὋὙ   (5) 

Ὃ is the thermal gradient, Ὑ is the solidification rate as mentioned before, ὦ is a constant. The 

exponent ὲ is generally very close to  for primary spacings and in the range of  to  for 

secondary spacings [68].  

Modeling of solidification structures in AM 

Although the essentials of AM process make the grains prone to grow into columnar 

dendrites, the transition of columnar to fine equiaxed grains is found at the top of each layer in 

some experiments. In the publications of Bermingham et al. [71] and Prasad et al. [72], the 

mechanisms of nucleation and grain growth in AM process have been studied by modeling the 

microstructures formed during solidification. Their research concluded that the growth of 

equiaxed grains requires: a low temperature gradient G, a high cooling rate and an alloy 

containing grain refining solute and potent nucleant particles. These conclusions are in 

accordance with what is demonstrated in the experiments. For instance, Zhang et al. [73] 

reported the columnar to equiaxed transition (CET) at the top of each layer where the 

temperature gradient is low and the cooling rate is high during laser melting deposition (LMD) 

of Ti-2Al- 7Mo alloy. Hadadzadeh et al. [74] reported that the CET in cylindrical samples of 

AlSi10Mg alloy produced by direct metal laser sintering (another name for LPBF) is dependent 
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on the build direction. Bermingham et al. [75] reported a mix of columnar and equiaxed grains in 

titanium alloys containing La2O3 particles fabricated by a wire arc AM process.  

While these models describe the mechanisms that drive grain structure formation, so far 

there is limited work available on modeling the formation of solidification structures such as 

cellular dendrites in LPBF manufactured nickel superalloys. In our work, we will use Pandat 

software to model the dendrite structure in LPBF process. 

2.2.7 Process monitoring in LPBF 

The development of in-situ process monitoring and control will remarkably improve the 

robustness of the AM process and the quality of additively manufactured parts. The basic idea of 

in-situ monitoring in the LPBF process is to collect the information of ñprocess signaturesò 

associated with the melt pool and surrounding heat affected zone (HAZ). Process signatures can 

include electromagnetic signatures such as plasma emission/absorption, reflected/scattered light, 

and radiated light [28]. Prior research has also examined acoustic signatures, and the frequency 

response of acoustic signals has shown correlations with several weld quality metrics and 

process phenomena, such as keyhole formation, plasma formation, and crack propagation [28], 

[76]. Due to practical system integration limitations, there has been limited research on the 

adoption of acoustic monitoring in LPBF system. The electromagnetic signals can be used to 

determine the melt pool geometry, temperature, cooling rate and thermal history in the HAZ. 

Many in-process monitoring systems based on electromagnetic sensing have been developed for 

LPBF. The electromagnetic sensors could include photodiodes [77], [78], pyrometry [78], and 

visible light or infrared cameras [79]. In the work of Berumen et al. [77], a high-speed camera 

and a photodiode has been utilized to measure the dimensions of the melt pool and mean 

radiation emitted.  With this method, only the active area in LPBF is monitored. Single channel 

detectors such as photodiodes and pyrometers have small field of view but high sensitivity, fast 
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data collection speed and low cost [28]. The cameras using CCD or COMS detectors, either 

visible or IR, enable spatial resolution of imaging and thus allow the mapping of the build area in 

LPBF. However, the cameras have slower response time than single-channel detectors and post 

processing of data is a great challenge [28], [77]. 

2.3 Alloy IN 718  

IN718 is a precipitation hardening alloy; its excellent mechanical properties benefit from the 

precipitate phase ‎ (.É.Â) [80ï82]. It was introduced by Huntington Alloy Products Division 

of INCO in early 1959 with the name Inconel 718, primarily motivated by the need for a 

superalloy with resistance to strain age cracking [82], [83]. IN718 has been used in components 

such as casing, shafts, disks and compressor blades and vanes of jet engines due to its excellent 

strength, creep resistance and stability at elevated temperatures. However, IN718 cannot hold its 

strength in an environment above 650ÁC because the metastable strengthening phase ‎ will 

transform to detrimental ‏ phase at 650ÁC. Both wrought and cast alloy IN 718 have been 

developed [84ï87]. The composition of IN 718 alloy powder used for this study is shown in 

Table 4.  

Table 4 Composition of IN718 powder 

Element Al  C Co Cr Fe Mo N Nb Ni O S Si Ti 

wt.%  0.44 0.03 0.03 19.23 18.04 3.06 0.01 5.12 52.85 0.02 0.002 0.02 0.94 

 

2.3.1 Heat treatment 

The mechanical properties of as-forged and as-cast alloys can be improved by heat treatment 

because the metallurgical reactions and the distribution of precipitates in ‎ matrix strongly 

depend on the temperature of the heat treatment. The heat treatment processes for wrought IN 

718 are listed below. 
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AMS 5662 [88] and AMS 5663 [89]: 

¶ Solution treatment: 941Ḑ1010Ñ14ÁC for 1h (except not exceeding 1016ÁC), followed by 

air cooling or faster cooling. 

¶ Aging treatment: 718Ḑ760Ñ8ÁC for 8h, furnace cool to 621Ñ8ÁC, hold at 621Ḑ649Ñ8ÁC 

for total precipitation time of 18h, followed by air cooling or faster cooling. 

AMS 5664 [90]: 

¶ Solution treatment: 106614ÁC (except not below 1038ÁC) for 1Ḑ2h, followed by air 

cooling or faster cooling. 

¶ Aging treatment: 7608ÁC for 100.5h, furnace cool to 6498ÁC, hold at 649ÁC for 

total precipitation time of 20h, followed by air cooling or faster cooling. 

The heat treatment processes for cast IN718 is 

AMS 5383 [91]: 

¶ Homogenization treatment: 109314ÁC for 1Ḑ2h, followed by air cooling or faster 

cooling. 

¶ Solution treatment: 954Ḑ98214ÁC for not less than 1h, followed by air cooling or faster 

cooling. 

¶ Aging treatment: 7188ÁC for 80.5h, furnace cool to 6218ÁC, hold at 621ÁC for total 

precipitation time of 18h, followed by air cooling or faster cooling. 

2.3.2 Wrought and cast IN 718 

In alloy IN718, the main strengthening phase ‎ would form in the aging treatment 

process.  Other phases such as ‎ᴂ, carbides, ‏ and Laves could also form during heat treatment. 

Furrer, et al. predicted the evolution of ‎ᴂ, ‎ and ‏ versus temperature in IN 718 [92]. Carbides 

and ‏ phases were observed in forged IN 718 before aging, the ‎ particles were observed after 
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two-step aging with 718ÁC for 8h and 621ÁC for another 8h [93]. Chamanfar [85] et al. studied 

the grain size and phases of forged IN718 disks undergoing solution heat treatment at 954ÁC for 

1h followed by double aging at 718ÁC for 8 h and 621ÁC for 8h. Their studies showed that the 

applied heat treatment resulted in grain refinement. In the as-forged disk, the volume fraction of 

‎ at the center of the disk was the highest compared to mid-radius and edge, while the volume 

fraction of ‎ increased continuously from the center to the edge. After heat treatment, ‏, ‎ and 

.Â# were found. The ‎ particles were too small to measure the size. The volume fraction of ‏ 

phase after heat treatment increased in all three investigated locations of the disk. In ÔÈÅ ×ork of 

Shih-Hsien Chang [94], cast IN718 alloy after hot isostatic pressing (HIP) treatment at 1180C̄, 

175MPa, and 4h showed uniform grain sizes and improvement in the porosity-segregated 

structure. The elemental segregation and formation of undesirable phases, such as laves and ‏ 

precipitations were found in the solution and aging treated specimens. However, through optimal 

HIP treatment ‏ phases were found to gradually dissolve and more .Â# and ‎ precipitations 

were found on the grain boundary and matrix. In the work of Sukhdeep and Andersson [83], the 

amount of segregation in as-cast condition was also observed to lowered after HIP treatment. 

2.3.3 Additively manufactured IN 718 

IN 718 has very good weldability and is friendly to many AM processes such as laser 

powder bed fusion (LPBF), electron powder bed fusion (EPBF) and laser directed energy 

deposition (L-DED) [1], [24], [27]. 

The deposition of layers in LPBF involves highly localized laser energy input, high laser 

scanning velocity and short interaction time with the melt pool. These conditions result in large 

thermal gradients and high cooling rates during the solidification and thus cause directional grain 

growth accompanied by micro-segregation and precipitation of metastable Laves phase. Studies 
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on IN718 fabricated by LPBF have shown epitaxial columnar dendrites approximately along the 

build direction [5], [3], [4]. 

Lenart and Eshraghi developed a model to predict the columnar-to equiaxed transition (CET) in 

directional solidification of Inconel 718 using a combined phase field-lattice Boltzmann model 

(PF-LBM) and studied the effect of temperature gradient and solidification rate on the resulting 

microstructure [95].  In the as-built material, carbides and Laves precipitates were found in the 

interdendritic spaces with segregation of niobium, titanium and molybdenum [3], [96ï98], the 

presence of ‎ was indicated by XRD in [99]. After heat treatment, partial recrystallization and 

homogenization may occur depending on the temperature, ‎, ‎ and ‏ precipitates were found 

at the grain boundaries [96], [100].  

Some studies have reported the correlation of AM fabrication methods, heat treatment, 

formation of Laves phase and tensile strength in IN718. Zhang et al. compared the Laves phase 

in Inconel 718 fabricated by selective laser melting (SLM) to that fabricated by laser directed 

energy deposition (L-DED). They reported that although higher cooling rates in SLM lead to 

weaker segregation, the volume fraction of Laves phase in SLM was the highest compared with 

the cast and L-DED due to the lower Nb concentration of Laves phase and less Nb-rich region 

[101]. Liu et al. [102] introduced a novel post heat treatment with respect to ‏ phase for Inconel 

718 fabricated by L-DED. The heat treatment included ‏ aging treated at 890ÁC for 12h and 

followed by solution treated at 1020ÁC, then followed by double-stage aging treatment (DA 

treatment) which included aging at 720ÁC for 8h then aging at 620ÁC for 8h. They found that the 

precipitation of ‏ phase after ‏ aging treatment could promote the dissolution of Laves phase. 

The Laves phase volume fraction after ‏ aging and solution treatment was less than the volume 

fraction in the as-deposited sample and when the sample was subjected only to solution 
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treatment. The tensile strength of ‏ aging + ‏ solution + double aging treated samples was 

improved compared with the direct solution + double aging treated samples. In the work of 

Trosch et al., the mechanical properties of IN718 can be improved by optimization of ‏ phase 

distribution and anisotropy. Their study showed that parts produced by SLM with optimization of 

proper ‏ phase distribution could have equivalent mechanical properties compared with forged 

and cast material [103]. 

2.4 Alloy Haynes 282 

The upcoming generation of aero engines is facing increased environmental demands that 

necessitate higher service temperatures. As mentioned in the last section, when temperatures 

surpass 650ÁC, the commonly used Alloy 718 is no longer a viable choice due to the phase 

transformation of ‎ to ‏ at 650ÁC. In this case, alloy Haynes 282 is a candidate for applications 

above 650ÁC.  Haynes 282 is strengthened by the ‎ phase and the addition of Mo as the solid 

solution element [104ï106]. The composition of Haynes 282 alloy powder used for this study is 

shown in Table 5. 

Table 5 Composition of Haynes 282 powder 

Element Al  B C Co Cr Fe Mo N Nb Ni O Si Ti 

wt.% 1.51 0.004 0.05 10.20 19.46 0.08 8.36 0.007 0.01 Balance 0.02 0.04 2.10 

 

Haynes 282 was designed by Haynes International in 2005 as a cast and wrought alloy 

for high temperature applications in structural components of both aero and land-based gas 

turbine engines [107ï109]. It has excellent creep strength, thermal stability, and fabricability 

[108], [110], [111]. While the ‎ phase provides precipitation hardening, one significant 

consequence of ‎ during the fabrication of components is the occurrence of strain-age cracking. 

This issue is particularly problematic for certain "weldable" alloys strengthened by ‎. Strain-age 
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cracking typically happens during the initial post-weld heat treatment, often a solution annealing, 

of a welded component. This type of cracking is closely linked to residual stresses within the 

material, which result from the solidification shrinkage and the simultaneous formation of ‎ 

during the heat treatment process. Consequently, alloys with faster ɔ' precipitation kinetics are 

more prone to experiencing this type of cracking. The susceptibility of alloys to strain-age 

cracking is strongly dependent on the amount of ‎ forming elements, such as Al and Ti  [107]. 

The susceptibility to strain-age cracking of alloys imposes constraints on the thickness of 

components that can be manufactured using those alloys. For instance, the high ‎ alloys such as 

Waspaloy and Rene41 are typically confined to sheet gauges due to the risk of strain-age 

cracking. However, the ‎ volume in Haynes 282 alloy was fine-tuned to attain an optimal 

balance between strength and fabricability. Therefore, Haynes 282 allows the welding and 

fabrication of thicker plates, thinner plates and sheet products [107], [108]. 

2.4.1 Heat treatment 

The typical solution treatment temperature for wrought Haynes 282 is from 1107ÁC to 

1149ÁC (2025ÁF to 2100ÁF) [107], [108], [111]. After solution annealing, the alloy is 

homogenized, soft and ready for forming. A two-step aging treatment is required to strengthen 

the alloy. The standard two-step treatment includes heating at 1010ÁC (1850ÁF) for 2h, air cool 

(AC) followed by 788ÁC (1450ÁF) for 8 hours, air cool [108], [112]. The temperature of first step 

aging is above the ‎ᴂ solvus temperature of 997ÁC (1827ÁF) which is aimed for the formation of 

secondary - # carbides predominantly at the grain boundary. The application of this first step 

does not lead to strengthening. It has been found to lead to improvements in both creep strength 

and high-temperature ductility. The second step of aging is aimed for the formation of 

precipitation strengthening phase ‎ᴂ. In the as-heat treated condition, the ɔ' is roughly spherical 

and very fine in size [107]. 
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In various AM alloys, fully recrystallized microstructures tend to form when the 

temperature is very close to the ‎ᴂ solvus temperature. However, this behavior differs in the case 

of Haynes 282. In Haynes 282, the ‎ᴂ solvus temperature was determined to be around 1000ÁC, 

while this temperature is significantly lower than the recrystallization temperatures, which range 

from 1240ÁC to 1250ÁC [39]. Christofidou et al. [39] explored several solution heat treatment 

temperatures. They observed that the solution temperature of 1150ÁC was not high enough to 

induce recrystallization. Recrystallization was observed to reach full completion at a minimum 

temperature of 1240ÁC, but this required a 2-hour exposure time. To reduce the time needed, a 1-

hour exposure at 1250ÁC also worked for recrystallization.  

2.4.2 Wrought  and cast Haynes 282 

Polkowska et al. [113] investigated the microstructure and hardness evolution of a 

commercial Haynes 282 alloy sheet during multi-variant aging heat treatment. They extended the 

temperatures of the standard two-stage aging treatment (1010ÁC/2h + 780ÁC/8h) to 900-

1100ÁC/2h and 680-880ÁC /8 h ranges. After the first stage of aging (1010ÁC/2h), discrete Cr-

rich - # carbide precipitates were identified at the grain boundaries, a limited presence of 

intragranular and intergranular Mo-enriched -# carbides were detected and no presence of ‎ᴂ 

was found. During the second phase of the standard aging treatment (780ÁC/8h), extremely fine 

‎ᴂ formed and the secondary - #carbides along grain boundaries coarsened. Furthermore, 

some effects of a reaction occurring at the interface between the primary MC carbides and the 

surrounding solid solution were observed which led to the formation of a Mo-enriched -# 

carbides as interfacial products. The reactions of phases during heat treatments are illustrated in 

the following equations (6)-(9) [113], 

 ὓὅ ‎O ὓ ὅ ‎ᴂ  (6) 

 4Éȟ-Ï# .Éȟ#Òȟ!Ìȟ4ÉO #Ò-Ï# .É4Éȟ!Ì  (7) 
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 ὓὅ ‎O ὓὅ ‎ᴂ  (8) 

 4Éȟ-Ï# .Éȟ#Òȟ!Ìȟ4ÉO -Ï.Éȟ#Ï# .É4Éȟ!Ì  (9) 

They summarized that using the standard (1010ÁC /2h) or higher temperature could cause 

thermal destabilization of the ‎ᴂ  particles and the carbides that contribute to strengthening. 

Utilizing a reduced temperature for the second-stage aging (780ÁC /8h) resulted in the 

precipitation of extremely fine ‎ᴂ particles, which contributed to an increase in the hardness. 

Although Haynes 282 was initially designed in wrought form, its microstructures and 

properties were also studied in cast form. Matysiak et al. studied the as-cast microstructure of 

vacuum induction melting and investment casting of Haynes 282 thin-walled components [114]. 

They found cast parts of Haynes 282 possessing complex dendritic microstructure and identified 

phases such as ‎ matrix, ‎ᴂ, primary carbides -# in the form of 4É-Ï#Ò#, -. primary nitrides 

in the form of 4É., „, carbosulphide -3# phase in the form of 4É-Ï3#, and a lamellar 

constituent consisting of molybdenum and chromium rich secondary carbide phase. Yang [109] 

investigated the microstructure of sand cast Haynes 282 alloy in as-cast and long-term heat-

treated condition. The phases observed in as-cast Haynes 282 including  ‎, ‎ᴂ, blocky grain 

boundary Ti/Mo-rich -# carbides, Ti-rich -. nitrides, - # and ‘ phase with a rhombohedral 

structure. The heat treatment in this study included two-stage solution treatment at 1100ÁC/12h + 

1150ÁC/6h with water quenching, two-stage aging treatment at 1010ÁC/5h + 788ÁC/8 hours, (FA) 

treatment and isothermal aging at 788ÁC for various durations (up to 10,000h). After the two-

stage solution treatment, all phases except -# carbides and -. nitrides were dissolved which 

resulted in low hardness. After two-stage solution and two-stage aging treatment, ‘ phases were 

dissolved and precipitated as -#. The grain boundaries were covered by discrete - # and 
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-# precipitates whose morphology kept stable during isothermal aging. The needle shape ‘ 

phases were not found at grain boundaries after 10,000h aging at 788ÁC. 

2.4.3 Additively manufactured Haynes 282 

Studies on LPBF of Haynes 282 are limited. In the available research, carbides rich in 

titanium and molybdenum and low volume fraction of ‎ precipitates [115] were found in the 

interdendritic regions of the as-printed Haynes 282 [104], [110], [39], [115]. Ghiaasiaan et al. 

[115], Christofidou et al. [39], Deshpande et al. [110] have reported the evolution of the size of 

‎ particles under solution and aging heat treatment. The transformation of primary -# carbides 

(TiC or MoC) to -# and - # carbides under heat treatment were also reported in [39], [104], 

[110], [115]. 

2.5 Observations of solidification structures of AM nickel-based 

superalloys- Rene 65, IN625, CM247LC, IN738 

Similar solidification structures have been found in some nickel-based superalloys whose 

chemistry components are similar to IN718 and Haynes 282. For example, Wessman et al. [116] 

studied the microstructure of Rene 65, a ‎ᴂ strengthened alloy, processed by LPBF. Cellular 

dendritic structures rich in ‎ᴂ forming elements were found in the as-built material. The 

microstructures developed in heat treatment at temperatures below and above ‎ᴂ solvus were 

examined. The subsolvus grains still showed some elongation (aspect ratio about 1.5) in the build 

direction. The supersolvus grains were close to equiaxed. Both heat treated microstructures 

showed a multimodal distribution of ‎ᴂ precipitates, and the supersolvus material had a generally 

finer distribution. IN625 in an alloy suitable for nuclear reactors and oceanographic equipment, 

structures in thermal power plants, and components in aeroengines [11]. IN625 is a solid solution 

strengthened alloy. The as-built LPBF IN625 consists of cellular dendrites and elongated grains 

in the build direction [117]. Amato observed columnar arrays of fine ɔ¡¡ nanoparticles along the 
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boundaries of the melt pool [22]. CM247LC is a nickel-based superalloy considered hard to weld 

due to the high Ti and Al content and is susceptible to strain-age cracking. Boswell et al. 

observed ‎ cellular dendrites and micro-cracking in LPBF fabricated CM247LC [118]. After heat 

treatment above 750ÁC up to 975ÁC, precipitation of intra-cellular ‎ᴂ, ‎ films at cell and grain 

boundaries and M23C6 carbides at grain boundaries were observed. Alloy IN738LC is used in gas 

turbine blades and vanes applications. It has poor weldability and is susceptible to hot cracking 

as well. In the study of IN738LC by Rickenbacher et al. [119], dendrite structures with no 

distinct ‎ precipitates were found in the as-built condition. A uni-mondal ‎ distribution was 

developed after solution and aging heat treatment. When hot isostatic pressing (HIP) was applied 

before solution and aging heat treatment, bi-modal ‎ distribution with fine secondary ‎ 

between coarser ‎ precipitates were observed. Microcracks formed during LPBF process can be 

reduced by HIP.  
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3 Experimental methods 

3.1 Sample preparation 

All parts in this study were built with gas atomized powder with a standard 15-45mm size 

distribution. The IN718 samples were built using a custom designed and fabricated laser powder 

bed fusion test bed by Open Additive. This machine has a build volume of 150mm by 150mm by 

150mm, delivering the 1070nm fiber laser light via a SCANLAB varioSCAN and intelliSCAN 

which enables coaxial melt pool thermal imaging. Each IN718 sample is 10mm tallïthe bottom 

7mm is inverted pyramid shaped, and the top 3mm is square cuboid shaped with 10 Ĭ 10mm 

square cross-section. The Haynes 282 sample is also built with the 7mm sacrificial inverted 

pyramid base, but the top is 10 Ĭ 10 × 5mm square cuboid. The samples were built according to 

an orthogonal 8 level, 2-factor design of experiments layout with varied laser power and laser 

scanning velocity. All samples were built with 30Õm build layers using a 70Õm hatch spacing 

within a 5mm tile size in a hatch strip approach. The 7mm tall, inverted pyramid structured base 

of each sample was built with a common parameter using a 175W laser power and 1100mm/s 

scan speed to reduce the effects of proximity to the build plate heat sink in the samples. The top 

square cuboid portion of each sample was built with varying processing condition in the 

experiment by varying laser power and scan speed across the experimental layout. The sample 

cubes and layout of the samples is illustrated in Figure 24, samples with varied parameters are 

assigned ID from 11 to 88.  



74 

 

(a)                                                                                                                                         

(b)  

(c)   

Figure 24. (a) IN718 and Haynes 282 sample cubes. (b) 3D view of the build layout. (c) Top 
view of the build layout with the samples assigned ID. 
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3.2 Process Monitoring Methods 

In this work, in-situ process monitoring data streams were used to describe the local 

thermal history and its effect on microstructure formation in LPBF builds of IN718. In particular, 

the longwave infrared (LWIR) data is used to construct the time-temperature history at locations 

throughout the designed experiment and correlated these histories with features of solidification 

structures such as dendrite spacing that were determined by cooling rates during the 

solidification process. In this study I used a designed experiment with intentional variation of 

energy density, but in contrast to most prior studies that have taken this approach, the variation in 

process parameters were relatively modest such that the majority of the material studied was free 

from defects such as cracks and porosity and our analysis focused on the variation in 

microstructure seen in as-built materials that would be generally deemed of high quality by end 

users. 

The machine used to create the metallurgical samples was equipped with Open Additiveôs 

AMSENSE sensing and analytics platform outfitted with both commercially available and R&D 

sensors. The Longwave IR, thermal tomography, spatter, recoat imaging, galvo position data, and 

coaxial melt pool thermal imaging were recorded for each build.  

Recoat imaging took an image before and after recoat using a standard silicon-based 

CMOS sensor. White light LEDs were used for illumination and the optical filtration was just to 

prevent the passage of laser light. These images reveal insights into the quality of the recoat 

process including short feeds, damaged recoater blades, part peel up, or other process anomalies 

that can disturb the layer of powder. Thermal tomography sensor is also a silicon-based CMOS 

camera that images the entire powder bed while being filtered to being sensitive only in the near-

IR (NIR) with a long integration time of 250ms and a frame rate of 4fps. Individual images were 
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stitched together to create a composite image on a layer-wise basis. Thermal tomography is 

sensitive to many process anomalies such as spatter events, uneven gas flow, and part warping 

among many others. The spatter camera is also a silicon CMOS filtered for the same band in the 

NIR but has a shorter integration time and operates at 150fps. Typical exposure times are on the 

order of 500ɛs but for extremely bright materials such as tungsten can be as low as 25Õs. A GPU 

accelerated analytic worked to detect the presence of slow-moving hot objects, referred to as 

ówelded spatterô that tended to get incorporated into the resultant microstructure and given their 

mass much larger than individual powder particles result in lack-of-fusion (LOF). Other 

metadata from the images was also measured and logged in an HDF5 file for post process 

analysis as desired.  

Longwave IR imaging is a valuable tool for measuring the temporal dynamics of the solid 

state cooling in the LPBF process. By its nature, LWIR imaging is done off-axis typically 

viewing the process through a germanium window. The Optris PI640 is a VGA resolution 

microbolometer that can run at 32Hz, is sensitive from 7 to 13ɛm, and has four temperature 

ranges that will measure as low as -20 - 1500 ÁC. The temperatures returned from this camera 

are useful for relative temperature change, but absolute temperatures can vary by 50ÁC or more 

due to changes or ambiguity in the materialôs emissivity. For the builds, the camera was run at 

full resolution at 32Hz in the 150 - 900ÁC range for its full duration. The field of view captured 

the whole build area allowing different parts to be segmented from the data set.  

Coaxial melt pool thermal imaging was accomplished using a NIR filtered CMOS camera 

that has been blackbody calibrated to return temperature measurements. It was windowed down 

to run between 1000Hz and 1500 Hz depending on application and for these builds was set to 

1000 Hz. The camera was situated so that it imaged down the beamline and before the scanner 
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such that the field of view of the camera was always centered on the melt pool. To enable 

registration of the images to their location on the build an FPGA was developed that records the 

commanded scanner position and is written to disk in a CSV file. Using the time stamps of the 

galvo positions and the melt pool images enabled registration of one to the other facilitating 

more detailed analysis. The pictures of the Laser Powder Bed Fusion system and the long wave 

IR sensor are demonstrated in Figure 25. 

 
(a) 
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(b)  

(c)  

Figure 25. (a) Open Additive LPBF build system. The LWIR sensor is on the top of the build 

space. (b) The LWIR sensor. (c) The view of the LWIR sensor in the build space. The field of 

view of the LWIR sensor covered the powder build platform in the LPBF build system. 

The data from these sensing systems was captured using the AMSENSE platform for 

further analysis after the builds. This data was saved to a portable hard drive and sent with the 

completed builds to the University of Arizona for extraction of metallurgically relevant 
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information from the process monitoring data streams. For the purposes of this study the focus 

was on the thermal history data obtained from the LWIR sensor data streams.  

3.3 Metallurgical analysis 

The samples were removed from the build plate and cut along center xz cross section by 

a wire EDM machine. The sectioned samples were mounted in phenolic resin by compression 

mounting process. Samples for microstructure analysis were prepared using metallographic 

methods including successive grinding using 240, 320, 400, 600, 800 and 1200 grit silicon 

carbide papers. Final polishing was performed progressively with 9 micron diamond slurry, 1 

micron diamond slurry and 0.05 micron alumina abrasive paste. The porosity in the as-polished 

center xïz cross section of the square cuboid was examined by KEYENCE VHX-700 optical 

microscope. The center xïz plane 

 of the square cuboid in each sample was photographed at 100 magnification in the tile 

images. The series of tile images were stitched together to compose the full view of 10mm Ĭ 3 

mm or 10mm Ĭ 5mm of IN718 or Haynes cuboid. IN718 and Haynes 282 samples were 

electrolytically etched in 10% phosphoric acid solution at 2.5V and 20% phosphoric acid 

solution at 5V. A TESCAN MIRA3 Scanning Electron Microscope (SEM) with Schottky field 

emission gun (FEG) was used to characterize the microstructures including epitaxial grains, 

cellular dendrite spacing, and micro-segregation. The EDS (Energy Dispersive Spectroscopy) 

and EBSD (Electron Backscatter Diffraction) were collected by Oxford Instrument Ultim Max 

65 EDS detector and Symmetry S2 EBSD detector respectively. The EDS and EBSD data were 

processed and analyzed by software AZtec 6.0 SP1 and AZtecCrystal 2.2. 

3.4 Image Analysis Methods 
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The porosity was measured by the thresholding function of the Keyence optical 

microscope software based on the contrast difference between the holes and surrounding the 

surface. The measurement of the dendrite spacing was performed on the SEM micrographs of the 

xïz cross sections at 10,000x magnification using the image analysis software ImageJ. In every 

10,000x SEM image taken at a measurement site, a cluster of cellular dendrites growing over a 

couple of melt pools along z axis (build direction) was targeted. The dendrite spacing in the 

measurement site was calculated by averaging the width of each cluster by number of dendrites 

within the cluster. The dendrite spacing of a sample was calculated by averaging dendrite spacing 

in all measurement sites. About 10 sites were randomly taken in every sample. The exact number 

of sites depended on the contrast of the etched surface. 
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4 Microstructure in IN718 

4.1 As-built microstructure 

4.1.1 Porosity 

The porosity of IN718 samples 11, 22, 33, 44, 55, 66, 77 and 88 are measured to evaluate 

the defect density of samples across the broadest range of energy densities in the experimental 

matrix. The examined area of each sample in the center xïz plane is 10 Ĭ 3 mm. The optical 

microscope images of samples 11, 44 and 88 are listed in Figure 26 (a), (b) and (c) and the 

porosity of samples is shown in Figure 26 (d). Sample 11 built with parameter 125W laser 

power and 1300 mm/s scan speed has the lowest energy density input. The formation of holes in 

it could be attributed to the lack of fusion while printing. The irregular shape of holes shown in 

Figure 26 (a) also indicates the lack of fusion. Sample 88 is built with 300 W and 600 mm/s. It 

has the highest energy density input among the samples. The formation of holes in this sample 

are more spherical in nature and likely due to keyhole formation at higher energy density. The 

enlarged images of holes in sample 11 and 88 are shown in Figure 27. The remaining samples 

evaluated in the test matrix having intermediate energy densities show few defects, with low 

percentages of porosity attributed only to relatively small spherical gas pores likely due to 

entrapped gas from the use of gas atomized powder. Samples from 22-77 are all greater than 

99.9% dense and would generally be considered ñgoodò material in a most applications.  
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Figure 26. (a), (b) and (c) Optical microscope images of IN718 samples 11, 44 and 88, holes are 
filled by red color. (d) IN718 porosity of IN718 diagonal samples. 
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Figure 27. (a) and (b) Irregular shape lack-of-fusion pores in IN718 sample 11. In (b), an 

unmolten powder and cracks were found near the pore. (c) and (d) Spherical holes in IN718 

sample 88 caused by keyhole effect. 
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Figure 28. (a) and (b) Optical micrographs of etched as-build samples showing melt pools. (c) 

and (d) SEM micrographs showing details of melt pools, elongated grains and cellular dendritic 

structure. 
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Figure 29. (a) Dark field and (b) bright field optical micrographs of laser scanning track in x-y 

plane. (c) and (d) SEM micrographs of grains and cross section of cellular dendrites. Images 

were from IN718 sample 14.  

4.1.2 Primary dendrite arm spacing  

The as-built IN718 samples are electrolytically etched using 10% phosphoric acid solution at 

2.5V. Figure 28 shows the as-built microstructures by LPBF. Figure 28 (a) and (b) are optical 

microscope images of melt pools. Figure 28 (c) and (d) are SEM secondary electron images 

showing enlarged details of melt pools, elongated grains and cellular dendritic structure. The 

epitaxial grain structure is found in all the IN718 diagonal samples. Figure 29 shows the x-y 

plane (transverse to the build direction) of the as-built sample 14. Figure 29 (a) and (b) are 

optical microscope images showing the laser scanning track. Figure 29 (c) and (d) shows the 

grains and the cross section of cellular dendrites within grains. 
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 As mentioned before, the dendrite arm spacing is measured by averaging the width of a 

cluster of dendrites over the number of dendrites within the cluster. The method of measurement 

is illustrated in Figure 30. 

(a)  

(b)  

Figure 30. Primary dendrite arm spacing measurement. (a) A cluster of dendrites was found in 

IN718 sample 77 with 29.533um in width containing 42 dendrites. The average dendrite arm 

spacing for this site is 703nm. About ten sites like this were picked in each sample. The dendrite 

spacing of a sample was calculated by averaging dendrite spacing in all measurement sites. (b) 

An enlarged view of a cellular dendrite and the primary dendrite arm spacing. 
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Figure 31 (a) and (b) show the clusters of cellular dendrites along build direction found 

in the samples. The dendrite arm spacing of 11, 22, 33, 44, 55, 66, 77 and 88 are measured and 

given in Figure 31 (c). The dendrite spacing increases from sample 11 to sample 88 as expected 

due to the increasing volumetric energy density input. There is a fluctuation in the increasing 

trend on sample 33. That could be caused by the noise in randomly picked measurement sites or 

the changing length of scanning vectors.  The higher energy input leads to a higher thermal 

gradient and longer cooling time which allows more time for dendrite growth and micro-

segregation. 
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(a) 

 
Figure 31. (a) Cellular dendrites along z direction found in IN718 samples 11, 22, 44, 77 and 88. 
Images were taken by SEM at 10k magnification. (b) An SEM image of a long range of dendrites 

over a couple of melt pools in sample 88. (c) Average primary dendrite arm spacing of the 

diagonal samples. The error bars represent the standard deviation which indicates the dendrite 

spacing fluctuation between the measurement sites in each sample. 

4.1.3 Local thermal history data collection and processing 

Longwave IR imaging data was collected throughout the build and analyzed first at layers 

of interest and then locations of interest for extracting local thermal history data. Figure 32 

shows an adjusted and color-scaled LWIR image. It is important to note that the temperatures 

captured by the LWIR camera undergo spatial and temporal averaging. Therefore, the local 

thermal history recorded by the camera is not absolute but rather relative. Hence, though the 
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complete melting of IN718 takes place at a temperature range of 1370ï1430ÁC in the LPBF 

process, the maximum temperature visible in the color-scaled image of Figure 32 is 430ÁC.  

 
Figure 32. Sample color-scaled LWIR image. 

Layer-wise local thermal history is obtained by collecting the calibrated temperature 

values from all the LWIR images captured during the printing of a single layer. A composite 

image of this layer data as shown in Figure 33 can show the relative distribution of data such as 

peak temperature throughout the layer.  
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Figure 33. Composite image of a build layer using LWIR images.  

Figure 34 (a) shows a sample local thermal history of a pixel point for the time of printing one 

layer of the build. In this work, our primary focus is on the cooling profile starting from the 

highest peak temperature and until the temperature reaches a steady ambient temperature which 

was around 225ÁC for the experiments conducted in this study. A pixel-level cooling profile is 

illustrated in Figure 34 (b). The spatial and temporal averaging of the data represents the 

dissipation of the heat away from the melt pool region following solidification rather than the 

temperature profile of the melt pool itself, but assuming the material cools according to a typical 

exponential cooling rate the cooling profile can be backward extrapolated to obtain a profile 

starting from the melting temperature of the build material in the LPBF process. In doing so, the 
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measured pixel-level cooling profile is used to estimate the temperature decay model for a 

specific pixel. 

 
Figure 34. Sample layer-based local thermal history. (a) thermal history at a pixel point for the 

time of printing one layer; (b) corresponding cooling profile starting from the highest peak 

temperature. Note: The asterisk (*) symbol indicates the time when the temperature reaches 

steady ambient temperature starting from the highest peak temperature. 

The cooling data is best approximated by the second-order exponential (Ὁὼὴς) decay 

function as the form of Eq. (10)  

 Ὢ ὸ ὥ Ὡ ὧ Ὡ   (10) 

since it can closely model the physics of cooling in the LPBF process with the superposition of 

its two components. In the LPBF process, after the laser passes by a point and melting happens, 

the material temperature starts cooling exponentially towards the ambient temperature at a rapid 

decay rate ï this effect is captured by the first component of the Ὢ ὸ. However, this decay in 

temperature changes its rate after a short period of time thanks to heat conduction from the 

neighboring laser-traversed points ï this effect is captured by the second component of the 

Ὢ ὸ. Figure 35 (a) shows the Ὁὼὴς curve fitting to the cooling profile shown in Figure 34 

(b) along with the two components of the fitted curve. The Ὁὼὴς fitted curve in Figure 35 (a) is 

Eq. (11), 
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 Ὢ ὸ ςςρȢυ Ὡ Ȣ ςςυȢρ Å Ȣ   (11) 

and the Ὑ-value of the fit is 0.9962. Using the fitted second-order exponential model, the local 

cooling profile can be backward extrapolated to the melting point of the build material in the 

LPBF process. Figure 35 (b) illustrates the extrapolation of the Ὁὼὴς fitted curve shown in 

Figure 35 (a) up to 1500ÁC. 

 
Figure 35. (a) Second-order exponential (Ὁὼὴς) fitted curve to the cooling profile and its two 
components; (b) extrapolation of the 2nd order exponential (Ὁὼὴς) fitted curve up to 1500ÁC. 

 
Figure 36. Cooling profiles at the centroid of the IN718 samples 11, 22, 44, 77 and 88. 

Figure 36 shows the cooling profiles at a selected pixel point in the IN718 samples 11, 

22, 44, 77, and 88 where differences in cooling rate and cooling time are clearly visible. The 

selected points are located at the centroid of the top square cuboid portion of the samples. Recall 
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that the samples are 10mm tall ï the bottom 7mm is inverted pyramid shaped, and the top 3mm 

is square cuboid shaped with 10 Ĭ 10 mm square cross-section. Therefore, the selected points are 

located at a height of 8.5mm (7mm + 3/2mm) and at the center of the 10 Ĭ 10mm square cross-

section of the square cuboid. Note that the thermal history and cooling profile presented in 

Figure 34 and Figure 35 correspond to the selected point in Sample 88.  

The differences in the local thermal history can then be correlated to the microstructural 

features such as dendrite arm spacing of the samples under investigation. In Figure 36, as the 

input power density increases from sample 11 to 88, the cooling time increases and the cooling 

rate slows down. This trend is consistent with the increase in dendrite cell spacing according to 

the increase in power density, as shown in Figure 31, across the entire range of the experiment 

except for sample 88. There is an observed deviation from the trend of increasing cooling time 

with increasing power density for the highest power density sample 88. In Figure 36 the cooling 

time is less for sample 88 than for sample 77, despite a higher power density parameter used for 

sample 88. While the exact cause of this deviation is not yet clear, analysis of alternate locations 

in samples 77 and 88 shows significant variability in cooling time for sample 88 relative to other 

samples. This suggests that at very high power densities that result in the generation of 

significant keyhole porosity defects, which are shown in Figure 26 (c) for sample 88, there may 

be phenomena such as vaporization and condensation in turbulent melt pools that cause 

additional complexities in the thermal history of the material. Ongoing work will utilize 

additional in-situ process monitoring methods to better understand this. 

4.1.4  Chemical segregation 

These dendritic structures are formed during solidification due to the preferential 

segregation of elements such as niobium to the liquid phase. This segregation can be predicted 

using CALPHAD simulation tools such as Pandat. Utilizing a Scheil model in the Pandat 
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software (PanPhaseDiagram module), the solidification segregation predictions are shown in 

Figure 37. As IN718 solidifies, elements such as chromium and iron are expected to 

preferentially incorporate in the solid dendrite cores, while elements such as niobium, 

molybdenum, titanium and aluminum are pushed into the interdendritic regions where they form 

the dendrite cell boundaries upon complete solidification.  

EDS maps of IN718 sample 88 in x-z plane (parallel to build direction) are shown in 

Figure 38. Niobium and titanium are found rich in the interdendritic regions as the CALPHAD 

model predicts. Figure 39 shows the EDS line scan data on another site of the same sample. The 

titanium peak indicates a Ti-rich particle on the cell wall, presumably a titanium containing 

carbide or carbonitride. This variation in thermal history and dendritic structure leads to 

variations in the spatial distribution of elements that are important in the formation of phases in 

these alloys, for example the segregation of niobium in IN718 can lead to regions of Laves phase 

formation during subsequent heat treatments, as will be shown in the following section. 
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Figure 37. Scheil model elemental segregation results for IN718 solidification 

 

 
Figure 38. EDS maps of IN718 sample 88. (a) Secondary electron image at 50kx. (b)-(e) EDS 

signal of Nb, C, Ti and Ni. 
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Figure 39. EDS line scan data of IN718 sample 88. The Ti peak indicates a Ti-rich particle on 

the cell wall, presumably a Ti containing carbide or carbonitride. 

The EDS maps in x-y plane (parallel to build direction) were also taken.  The element 

distribution in the x-y cross section of cellular dendrites is shown in Figure 40. EDS line scan 

data on another site is shown in Figure 41. The EDS results show the interdendritic area is rich 

in niobium, molybdenum and carbon, while strong titanium signal is not observed in the 

interdendritic regions as in Figure 38 and Figure 39. That is probably due to the tiny dimension 

of the dendrites and the limit of the EDS detector. 
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Figure 40. x-y plane EDS maps of IN718 sample 14. 




































































































